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Summary 

Amorphous metals, commonly referred to as “metallic glasses”, are a relatively new class 

of materials. In contrast to ordinary metallic materials, which have a crystalline structure 

consisting of a highly-ordered arrangement of atoms, metallic glasses are non-crystalline 

and exhibit a disordered atomic-scale structure without long-range order. They can among 

other techniques be produced by rapid cooling from the liquid state and thus be frozen as 

vitreous solids. Due to their lack of crystalline defects such as grain boundaries and 

dislocations, metallic glasses generally exhibit extraordinary mechanical properties such as 

high strength and elastic strain limit, as well as good fracture toughness or corrosion 

resistance. Unfortunately, they intrinsically suffer from highly localised and hence limited 

plastic deformation prior to catastrophic failure. So far, this brittle behaviour has limited the 

possible structural applications of this class of materials. The primary aim of this thesis 

project was to investigate the mechanical properties and relate them to different amorphous 

states. Specifically, the project aimed to provide a fundamental understanding of the 

micromechanisms of (inhomogeneous) deformation of bulk metallic glasses (BMGs). 

Detailed mechanical investigations on Zr-based BMGs (mainly Zr52.5Ti5Cu17.9Ni14.6Al10, 

i.e. Vit105) were performed by means of uniaxial compression tests at various temperatures 

and strain rates. Serrated flow, which is commonly observed at room temperature, 

disappears below a critical temperature and above a critical strain rate, respectively, in 

accordance with a change in the strain rate sensitivity from negative to positive values. 

These observations, together with an increase in the magnitude of stress drops with 

increasing strain and their decrease with increasing strain rate, indicate phenomenologically 

close similarities to the dynamic strain aging effect or Portevin-LeChâtelier mechanism 

known for certain crystalline metals. 

The results suggest a micromechanical deformation mechanism based on two processes: 

shear displacement through the formation and operation of shear transformation zones 

(STZs), and diffusive relaxation of the distorted structure. The latter vanishes below a 

critical temperature (or above a critical strain rate), resulting in the measured change in the 

strain-rate sensitivity and the disappearance of serrated flow. The crucial factor determining 

serrated flow in BMGs is the ratio between the cooperative shearing of STZs and the rate of 

adjacent diffusive relaxation processes. 
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Based on the phenomenological observations and derived kinetic parameters, such as 

activated shear deformation volumes and energies, a thermally-activated constitutive 

deformation model for metallic glasses was developed. Since shear band formation is 

related to a stress-driven structural disordering process, the temporal evolution of the 

deformation (and consequently also the strain rate sensitivity) is quantitatively assessed by 

introducing a structural state variable into the classical, thermally-activated shear rate 

equations. The structural state variable accounts for the degree of structural relaxation after 

a shear event and hence governs the temperature and strain-rate dependence of the 

inhomogeneous deformation characteristics of BMGs. That means it reflects a strain-, 

strain-rate and temperature-dependent energetic quantity for the appearance and 

disappearance of serrated flow. 

Additionally, the thesis describes detailed micro-pillar compression experiments and 

instrumented indentation tests carried out on a Zr-based BMG in different structural states 

(as-cast, structurally-relaxed and shot-peened). In the range of the tested sample dimensions 

(300 nm–3 µm) the microcompression tests show a yield strength and deformation mode 

that is independent of sample size, surface-area-to-volume ratio and material condition. 

However, hardness and shear band morphology around indents changes depending on the 

structural state of the BMG. The differing behaviour can be rationalised in terms of free-

volume-dependent pressure sensitivity, quantified by the constraint factor (i.e. hardness-to-

yield strength ratio) and the intersection angle of shear bands emanating at the edge of 

conical indents. While structural relaxation generates enhanced pressure sensitivity 

compared to the as-cast state, pre-deformation by means of shot-peening results in a 

pressure-insensitive deformation response in the BMG. The microscopic origin of this 

behaviour is the ease of STZ activation, which requires local dilatation and is hence 

promoted in less dense glassy structures. Similarly, enhanced pressure sensitivity with 

decreasing temperature is observed, in conjunction with a decrease in the determined STZ 

volume. 

 vii 



 

Zusammenfassung 

Amorphe Metalle, üblicherweise auch als “metallische Gläser” bezeichnet, sind eine 

relative neue Klasse von Werkstoffen. Im Gegensatz zu herkömmlichen metallischen 

Materialien, die eine kristalline Struktur mit regelmässiger Anordnung der Atome 

aufweisen, sind metallische Gläser nicht kristallin und besitzen eine ungeordnete atomare 

Struktur ohne langreichweitige Ordnung. Sie lassen sich unter anderem durch rasches 

Abschrecken aus der flüssigen Phase herstellen, wobei die Schmelze glasartig erstarrt. 

Durch das Fehlen von Kristallbaufehlern (z.B. Krongrenzen und Versetzungen) haben 

metallische Gläser meist sehr gute mechanische Eigenschaften, wie hohe Festigkeit, 

elastische Dehngrenze, Bruchzähigkeit und Korrosionsbeständigkeit. Leider haben 

metallische Gläser aber die Tendenz zu einer starken Lokalisierung der Verformung in 

dünnen Scherbändern, was üblicherweise zu einer geringen Bruchverformung führt. Bis 

anhin hat diese fehlende Duktilität mögliche strukturelle Anwendungen von metallischen 

Gläsern stark eingeschränkt. Das Hauptziel dieser Arbeit war die Untersuchung der 

mechanischen Eigenschaften und deren Beeinflussung durch verschiedene 

Materialzustände. Ein besonderes Augenmerk der Arbeit lag auf der Verbesserung des 

Verständnisses der (inhomogenen) Verformungsmechanismen in metallischen Gläsern. 

Die mechanischen Eigenschaften von Zr-basierten metallischen Massivgläsern 

(hauptsächlich Zr52.5Ti5Cu17.9Ni14.6Al10, d.h. Vit105) wurden mittels einachsigen 

Druckversuchen bei verschiedenen Temperaturen und angelegten Dehnraten untersucht. 

Die inhomogene Verformung zeigt sich bei Raumtemperatur üblicherweise durch 

sägezahnartige Sprünge in der Spannungs-Dehnungs-Kurve. Diese Instabilitäten 

verschwinden jedoch unterhalb einer kritischen Temperatur bzw. oberhalb einer kritischen 

Dehnrate, in Übereinstimmung mit einem Wechsel der Dehnratenabhängigkeit von 

negativen zu positiven Werten. Zusätzlich konnte gezeigt werden, dass die Grösse der 

Spannungsabfälle mit zunehmender Dehnung und abnehmender Dehnrate zunehmen. 

Interessanterweise zeigt dieses Deformationsverhalten grosse Ähnlichkeiten mit der 

dynamischen Reckalterung und dem Portevin-LeChâtelier-Effekt, die unter gewissen 

Voraussetzungen in kristallinen Metallen auftreten können. 

Die erhaltenen Resultate deuten auf einen zweistufigen Deformationsmechanismus hin: 

Scherung durch die Aktivierung von „Scher-Transformationszonen“ (STZ) und diffusive 
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Relaxationsvorgänge der verformten Struktur. Letztere finden unterhalb einer kritischen 

Temperatur (oder oberhalb einer kritischen Dehnrate) nicht mehr genügend schnell statt, 

was zu der gemessenen Änderung der Dehnratenabhängigkeit und dem Verschwinden der 

sägezahnartigen Sprünge im Spannungs-Dehnungs-Diagramm führt. Der ausschlaggebende 

Faktor für das Auftreten der Spannungsinstabilitäten in metallischen Massivgläsern ist das 

Verhältnis von Scherrate, gegeben durch das Zusammenwirken von vielen STZ, und 

Geschwindigkeit der anschliessenden diffusiven Relaxationssvorgänge. 

Anhand der gemachten Beobachtungen und abgeleiteten kinetischen Parametern, wie 

Aktivierungsenergien und -volumina, wurde ein thermisch aktiviertes Verformungsmodell 

für metallische Gläser entwickelt. Die durch die Bildung von Scherbändern eingebrachte 

strukturelle Unordnung und die zeitliche Entwicklung der Verformung werden dabei 

quantitativ durch eine Struktur-Zustandsvariable bestimmt. Sie berücksichtigt das Ausmass 

der strukturellen Relaxation nach einem Schervorgang und bestimmt so die Temperatur- 

und Dehnratenabhängigkeit des inhomogenen Verformungsverhaltens von metallischen 

Massivgläsern, d.h. sie widerspiegelt eine dehnungs-, dehnraten- und temperaturabhängige 

Energie für das Auftreten von instabilem Fliessen. 

Des Weiteren wurden einachsige Druckversuche auf Mikrosäulen und Eindrücktests auf 

Zr-basierten metallischen Massivgläsern in verschiedenen Zuständen (im Gusszustand, 

relaxiert und kugelgestrahlt) durchgeführt. Für Säulen mit einem Durchmesser zwischen 

300 nm und 3 µm ist die Fliessgrenze unabhängig von Probengrösse, Oberfläche-zu-

Volumen-Verhältnis und Materialzustand. Die Härte und Scherbandmorphologie hingegen 

ändern sich mit dem strukturellen Zustand des Glases. Das unterschiedliche Verhalten lässt 

sich mit einer vom freien Volumen abhängigen Druckempfindlichkeit erklären, die sich 

durch den plastischen Zwängungsfaktor (d.h. Verhältnis von Härte zu Fliessspannung) oder 

den Schnittwinkel von Scherbändern um einen konischen Eindruck quantitativ bestimmen 

lässt. Im Vergleich zum Gusszustand führt strukturelle Relaxation zu einer erhöhten 

Druckempfindlichkeit, während Kugelstrahlen zu einer Druckunempfindlichkeit führt. Die 

Ursache für das unterschiedliche Verhalten hängt davon ab, wie leicht STZ aktiviert 

werden können. Da STZ lokal eine gewisse Aufweitung der Struktur benötigen, werden sie 

bevorzugt in weniger dichtgepackten Glasstrukturen aktiviert. Eine erhöhte 

Druckempfindlichkeit, in Verbindung mit einer Abnahme des ermittelten Volumens von 

STZ, wird auch mit abnehmender Temperatur beobachtet. 
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1 General introduction 

Metallic glasses are a relatively young class of materials. Their amorphous structure gives 

rise to exciting mechanical behaviour and other interesting microstructure-property 

relationships. This chapter gives a general introduction to metallic glasses and their 

development over the five decades since their discovery, and briefly outlines their unique 

mechanical properties with particular emphasis on microstructural aspects and potential 

applications. 
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Chapter 1 

1.1 Metallic glasses 

“What, they are not transparent?” This is often the surprised reaction of people outside the 

“metallic glass community” when they hear about metallic glasses for the first time. The 

reason for this mistaken idea is that the expression “glass” is commonly used as a synonym 

for “window glass”, whose main applications derive from its transparency. Generally, 

however, a glass is defined as a non-crystalline, amorphous1 solid in which the atoms are 

arranged randomly with no topological long-range order. Or in the words of M.L. Falk: “To 

a large extent, a glass is defined by what it is not: a well-ordered crystal” [1]. Per definition, 

it is manufactured by undercooling a liquid to temperatures below its glass transition 

temperature, Tg, where it solidifies without crystallisation. Therefore it can be regarded as a 

“frozen liquid”, in which the structure of the liquid is preserved. While a glass is always 

amorphous, not all amorphous solids are glasses, i.e. an amorphous solid really refers to a 

wider spectrum of materials than just glasses. However, in this thesis the terms “glassy” 

and “amorphous” will be used interchangeably. In contrast to liquids, which can be 

regarded as fluid, solidified liquids show higher resistance to shear stresses, i.e. display a 

higher viscosity. Therefore Tg is often arbitrarily defined as the temperature at which 

viscosity exceeds a certain value (e.g. ~1013 Pa s for metallic glasses). 

Making amorphous solids is not new: many common materials, including oxide glasses 

(such as ordinary window glass) and various polymers, are amorphous and have been 

produced for centuries. Metallic alloys, however, are not usually amorphous. The reasons 

for this are the non-directional nature of their metallic bonds and their “spherical” building-

blocks (i.e., atoms), which contrast with those of e.g. silicon oxide glasses, whose building-

blocks are larger SiO2 tetrahedrons with directional covalent bonds. Consequently, the 

fabrication of metallic glasses requires either very high cooling rates or sluggish 

crystallisation kinetics. Additionally, possible heterogeneous nucleation sites must be 

avoided, which generally involves the use of high-purity elements and vacuum processing 

techniques, making the fabrication processes rather cost-intensive. 

An amorphous metallic solid can basically be produced either by vapour-, chemical- or 

electro-deposition techniques [2,3,4,5], mechanical amorphisation (e.g. milling or severe 

plastic deformation) or rapid quenching from the liquid phase (e.g. [6,7] and references 

                                                 
1 from Greek ‘ámorphos’, meaning without shape, i.e. shapeless/formless 
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General introduction 

therein). However, today the most common way to fabricate larger quantities of metallic 

amorphous alloys is the rapid quenching route. Here, depending on the glass-forming 

ability of the alloy, various techniques such as splat quenching (very high cooling rates), 

melt spinning (high cooling rates) or copper-mould casting techniques (moderate to low 

cooling rates) may be used [8]. In metallic glasses produced by melt processing, the glass-

forming ability of an alloy is generally described by either the critical cooling rate or the 

critical casting thickness. The critical cooling rate is the cooling rate which is necessary to 

bypass crystallisation, whereas the critical casting thickness is the maximum thickness of 

the minimum dimension that an alloy can be cast to without crystallising. The amorphous 

phase possesses a higher intrinsic energy than the crystalline phase, which generally 

represents the thermodynamic equilibrium state of the system (Fig. 1.1). Therefore, metallic 

glasses are considered to be metastable. As discussed in further detail in Section 1.3, alloys 

displaying good glass-forming ability typically have a small energy difference between the 

amorphous and crystalline solid phases, leading to a smaller driving force for 

crystallisation. Further, good glass-formers generally have high melt viscosities, which 

hinder diffusion of atoms and thus slow down crystallisation [9,10]. 

 

 

Fig. 1.1: Schematic diagram of the free enthalpy (i.e. “potential energy landscape”) of unrelaxed 
(unstable) and relaxed (metastable) glass, and a crystalline (stable) phase. 
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Chapter 1 

1.2 Discovery and development of bulk metallic glasses 

The first successful preparation of an amorphous metallic alloy was reported in 1960 [11]. 

The glassy alloy was obtained by rapid quenching of the low-melting eutectic in the binary 

Au–Si system at a cooling rate on the order of 106 K/s. Its stability, however, was rather 

poor; and it crystallised at room temperature within a few hours. In the following years, 

rapid solidification techniques for the production of amorphous wires and ribbons were 

much improved. The early metallic glasses, however, had inferior glass-forming ability and 

required cooling rates on the order of 105–106 K/s, which limited their critical casting 

thickness to a few tens of microns. At the same time the first specific efforts were made to 

slow down crystallisation kinetics by exploring new alloy compositions, with consequent 

increases in the critical casting thickness. This led to the discovery of novel amorphous 

alloys such as ternary Pd-, Au- or La-based alloys [12,13,14], and in the early 1990s 

resulted in the development of bulk metallic glasses2 (BMGs), e.g. in the form of a quinary 

Zr-based alloy (Zr41.2Ti13.8Cu12.5Ni10Be22.5) [15] or La- and Mg-based multicomponent 

alloys [16]. An important success in this context was also the development of fluxing 

techniques (for Pd-based glasses), which help to inhibit crystallisation by eliminating 

heterogeneous nucleation sites [17]. 

The significant improvement of glass-forming ability stimulated intense global research 

activity, not only in terms of further alloy development, but also regarding systematic 

characterisation of the properties of bulk metallic glasses. 

Nowadays, a wide variety of bulk metallic glass-forming alloys are known which can be 

classified as either nonferrous alloy systems (among which the most important are based on 

zirconium, copper, titanium, magnesium, aluminium, palladium or platinum) or ferrous 

alloy systems (iron-, nickel- and cobalt-based systems). A detailed overview of existing 

bulk glassy alloy systems can, for example, be found in Refs. [18,19] (an overview of 

BMGs with critical size ≥ 10 mm is given in Ref. [20]). They always consist of two or more 

components. Good glass-forming alloys (cf. Table 1.1) have critical cooling rates on the 

order of 1–10 K/s (or even below, e.g. [21]), which allows them to be fabricated under inert 

atmosphere by means of conventional copper-casting methods (e.g. drop casting, 

suction/squeeze casting, injection moulding, etc.) from the liquid state. 

 
                                                 
2 Here “bulk” is arbitrarily defined as having a critical casting thickness in the millimeter range. 
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Table 1.1: Critical casting thickness (tc) and critical cooling rate (Rc) for particular bulk metallic 
glasses [22] 

Alloy system tc (mm) Rc (K/s) 

Fe–(Al,Ga)–(P,C,B,Si) ~3 ~400 

Fe–(Co,Ni)–(Zr,Hf,Nb)–B ~6 ~200 

Ti–Ni–Cu–Sn ~6 ~200 

Mg–Al–(Cu,Ni) ~10 ~200 

Zr–Ti–Al–(Cu,Ni) ~30 1–5 

Zr–Ti–Al–(Cu,Ni)-Be ~30 1–5 

Pd–Cu–Ni–P ~75 ~0.1 

 

 

 

1.3 Glass-forming ability of metallic glasses 

Generally, a glass has such low crystal nucleation rates and growth kinetics that the liquid 

can be undercooled far below its melting point and glass transition is reached before 

crystallisation starts. This, of course, ideally also implies the absence of any impurities (e.g. 

oxides or high-melting intermetallic phases) in the melt which might act as nucleation sites 

upon cooling. A common way of visualising crystallisation behaviour is the so-called time-

temperature-transformation (TTT) diagram. Fig. 1.2 gives an example of a TTT diagram 

for a Zr52.5Ti5Cu17.9Ni14.6Al10 BMG, where the onset times for isothermal crystallisation are 

plotted as a function of temperature. The typical “C-shape” or “nose” originates from the 

competition between the increasing driving force for crystallisation and the slowing down 

of the kinetics of the atomic movements with increasing undercooling, i.e. decreasing 

temperature. Note that the TTT diagram is only valid for isothermal transformations and is 

in principle not adaptable to dynamic or continuous processes, such as rapid cooling. In this 

case, a continuous-cooling transformation diagram would be necessary, which 

experimentally, however, is much more difficult to measure. Nonetheless, the TTT diagram 

gives a rough estimate of the processing time available  for the fabrication of an amorphous 

solid. 
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Chapter 1 

A simple approximation relating the critical cooling rate Rc and the critical casting 

thickness tc was provided by Lin and Johnson [23]: By making a few assumptions regarding 

the thermal conductivity and heat capacity of the alloy one obtains 

 2
c

c )]cm([
10)K/s(

t
R ≈ . (1.1) 

A melt-spun ribbon with a thickness of 30 µm is therefore cooled at a rate of 

approximately 106 K/s. On the other hand, an alloy with a critical cooling rate Rc
 = 10 K/s 

can be produced with a dimension of 1 cm. 

 

 

Fig. 1.2: Time-temperature-transformation (TTT) diagram for Zr52.5Ti5Cu17.9Ni14.6Al10 (Vit105) with 
different oxygen contents in atomic ppm (adapted from Ref. [24]). Obviously, an increased oxygen 
content leads to a drastic reduction of the crystallisation time and consequently a higher critical 
cooling rate. 

 

If we refer to classical nucleation theory, several guidelines can be deduced for 

predicting the glass-forming ability of a liquid. When a liquid is cooled below its melting 

temperature the free energy difference slsl GGG −=∆ −  between liquid ( ) and crystal 

phase ( ) provides a driving force for crystal nucleation. At the same time, the formation 

of a liquid-solid interface creates an energy barrier that has to be overcome to form a 

nucleus of critical size. The growth of such a nucleus, on the other hand, requires atomic 

lG

sG
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General introduction 

rearrangements in the liquid, which are hindered increasingly the higher the viscosity, 

( )Tη , of the liquid is. The nucleation rate, , per unit volume is then determined as the 

product of these thermodynamic and kinetic factors [10,19] as 

vI

 ( ) ⎟⎟
⎠

⎞
⎜⎜
⎝

⎛ ∆
−=

Tk
G

Tη
AI

B

*
v

v exp , (1.2) 

where  is a constant and is the Boltzmann constant;  is the activation energy that 

has to be overcome for the formation of a stable nucleus and can (for a spherical nucleus) 

be expressed as ∆G

vA Bk *G∆

* = 16πσ3 / 3(∆Gl-s)2, where σ is the interfacial energy between the 

nucleus and the liquid phase. Based on an analysis of the temperature dependence of 

Eq. 1.2, as early as the 1960s Turnbull [25] suggested a useful rule of thumb for predicting 

glass-forming ability which states that the homogeneous nucleation rate in the undercooled 

liquid is negligibly small if the reduced glass transition temperature (i.e. ratio of glass 

transition temperature, Tg, to melting point, Tm) Trg
 ≥ 2/3. In consequence, alloy 

compositions lying close to deep eutectics typically exhibit better glass-forming ability. 

This criterion has recently been extended by proposing a parameter that depends on Trg and 

the fragility index m [26]. The concept builds on the observation that good glass-forming 

alloys generally show strong liquid behaviour with high viscosity (i.e. low m), while 

marginal glass-formers are more fragile liquids (i.e. have high m) [27]. Besides Trg, other 

criteria characterising glass-forming ability have been proposed over the last few years, 

such as the supercooled liquid region  ∆Tx (= Tx
 – Tg), which is equal to the difference 

between the onset temperature of crystallisation, Tx, and the glass transition temperature 

[28], or γ = Tx/(Tg + Tm) [29]. Other criteria that are not based on the characteristic 

temperatures for glass formation have also been proposed, such as the correlation between 

volumetric change and glass-forming ability [30], or, for binary alloys, a combined 

parameter based on topological instability and the average electronegativity difference of 

the constituent elements [31]. 

Inoue summarised the results of glass-forming in multicomponent alloys and proposed 

three empirical criteria for stabilising the supercooled liquid state and good glass-forming 

ability [18,22]: (1) the use of multicomponent alloys of three or more elements increases 

the complexity and size of the crystal unit cell and lowers the energetic advantage of 

forming an ordered structure; (2) an atomic radius mismatch larger than 12 % increases the 

packing density and impedes crystallisation; and (3) negative heats of mixing among the 
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main elements decrease the atomic diffusivity and hence increase the equilibrium melt 

viscosity. Exceptions are a few binary (e.g. CuZr, CuHf, PdSi, CaAl) and Pd-based alloys 

which do not satisfy the three empirical rules, pointing to the complexity of glass-forming 

and its underlying mechanism(s). The empirical criteria were expanded by the “confusion” 

principle [32] or the role of “frustration” [33]. These concepts state that the more diverse 

the atomic species, the less likely the system will be to find a crystal structure that is able to 

incorporate the various elements. The crystal structure is “confused” or “frustrated” by 

chemical disorder, resulting in a deeper, more complex eutectic structure. 

Despite these empirical rules for good glass-forming ability, the fundamental aspects 

influencing glass-forming ability have not yet been completely revealed. Consequently, the 

alloy development of multicomponent BMGs has mainly involved trial and error, which is 

obviously a very tedious and costly approach. There exist only a few recent exceptions 

where the number of required samples has been systematically reduced, e.g. by tracing 

liquidus lines via differential scanning calorimetry to the eutectic [34], by tracing the 

composition of maximal casting thickness by systematically examining a few consecutive 

compositional planes (i.e. varying the ratio of two constituent elements while keeping the 

ratio of the others constant) [35], or by applying an (idealised) binary eutectic cluster model 

[36]. However, these approaches are often limited to specific alloy systems or involve other 

strict restrictions. Therefore, establishing general strategies in multi-dimensional 

composition space to locate the best glass-forming composition remains an ongoing task. 

An alternative approach to reducing the labour-intensive alloy development endeavour is to 

use ultrahigh gravitational acceleration processing, which due to effective separation of 

solid and liquid phases allows the straightforward identification of deep eutectics in 

multicomponent alloys when applied during the cooling of compositionally off-eutectic 

melts [37,38]. 
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1.4 Microstructural aspects of metallic glasses 

Microstructure determines the properties of materials. A fundamental understanding of the 

microstructure and the availability of basic structural models is therefore highly desirable 

for any class of materials. In oxide glasses covalent angle constraints helped to establish 

structural models (e.g. Ref. [39]), but the situation in metallic glasses is more complicated 

due to the non-directional nature of metallic bonds and gets even more complex when the 

dynamics of metallic glass structures (such as diffusion, relaxation or deformation) are 

considered. 

Metallic glasses are non-crystalline solids without long-range order of their constituent 

atoms. Interestingly, density measurements show that the difference between a metallic 

glass and its corresponding fully-crystallised state is only in the range of 0.3–1.0 % [22,40]. 

At first sight, the constituent atoms of a metallic glass can be considered randomly 

arranged, but at the same time homogeneously distributed on a macroscopic level. Early 

models of metallic glass structures were described as a high degree of dense random 

packing of hard spheres with equal [41] and unequal sizes [42]. The atomic arrangement 

was considered from a purely geometrical perspective, simply using ratios of atomic radii. 

These models, however, suffered from the conflict between efficient packing and 

randomness, since the densest packing of atoms can be achieved only with well-developed 

order (i.e. crystalline structure) and the models failed to explain the observation that most 

stable metallic glasses have three or more constituents. Further, they were unable to provide 

insight into the short- and medium-range order (SRO and MRO3, respectively) that 

develops to a certain extent upon cooling as the atoms seek energetically-favourable 

positions. SRO typically develops over a few coordination shells (< 0.5 nm), beyond which 

MRO may extend up to 1–2 nm [43]. 

Nonetheless, it seems that efficient packing is an important principle in the description 

of metallic glass structures, and it recently inspired the development of the efficient cluster 

packing (EPC) model [44]. A knowledge of SRO is not enough to determine the overall 

structure of metallic glasses, and thus dense atomic-scale packing has to be extended 

beyond the SRO to the macroscopic scale. The local structural elements consist of 

efficiently packed solute-centred atomic clusters. An extended structure (i.e., MRO) is then 

                                                 
3 SRO and MRO comprise all kinds of inherent local structures/clusters in the glassy matrix, including 
quenched-in crystalline phases whose formation was not fully suppressed during solidification. 
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produced by idealising these clusters as spheres and efficiently packing these sphere-like 

clusters in a face-centred cubic (fcc) or hexagonal closed packed (hcp) configuration to fill 

space. Internal strains and packing frustration, however, impede the regular arrangement of 

the clusters on a long-range scale and the disordered structure of metallic glasses is retained 

beyond a few cluster diameters on the nanoscale. Although structure can be rationalised, 

the EPC model does not directly account for chemical contributions, internal strains and 

structural relaxation processes to the stability of the glass. Subsequent experimental and 

atomistic simulation studies suggested icosahedral packing of the clusters [45]. While these 

models give very helpful insights into the static structures of metallic glasses and it is 

expected that it is short- and medium-range order which mainly control their properties, a 

description of structural dynamics is much more complicated because various types of 

atomic motion (plastic deformation and diffusion) and thermal history have to be included. 

Since it is not easy to characterise the three-dimensional structure and its dynamics 

straightforwardly, phenomenological concepts are often used to describe atomic transport 

and deformation in metallic glasses. One of the most frequently used concepts here is free-

volume model [46,47]. Regardless of the packing model, the total volume of a metallic 

glass can be divided into a certain volume fraction occupied by dense atomic clusters and 

the space remaining in between, where the local density is slightly reduced due to packing 

frustrations. This additional volume in excess of an ideally packed reference amorphous 

state is often referred to as “free volume”. Any site in the structure at which the amount of 

free volume is increased represents a particular site with enhanced atomic mobility. As will 

be shown in Section 2.4, the free volume has been shown to be very useful as a 

(semiquantitative) intrinsic state variable that triggers plastic deformation, and 

consequently for describing the mechanical properties of metallic glasses. Contrasting with 

this description is Egami’s theory of local topological fluctuations based on atomic level 

stresses [48,49], where structural dynamics (e.g. diffusion or shear deformation) are viewed 

as bond-exchange processes. 

An alternative description of the structure of metallic glasses was brought forward by 

Bakai [50], who used a polycluster model which consists of polyatomic chemically ordered 

non-crystalline nanoclusters separated by disordered intercluster boundaries. Plastic 

deformation, for example, is then described by moving dislocation-like defects along the 

intercluster boundaries. Based on neutron scattering measurements and Reverse Monte 

Carlo simulations, Fan et al. proposed a similar model [51 and references therein]. Their 
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atomistic structure model essentially contains three parts: tight-bond (bcc- or icosahedral-

like) clusters, free-volume regions between the clusters, and loosely-bonded 

interconnecting zones. According to this model the stability of BMGs lies in the formation 

and impingement of stable clusters of low internal energy, and crystallisation is hindered by 

the tight intracluster bonds which would need to be broken prior to forming long-range 

ordered structures. The weakly-bond free-volume zones provide room for cooperative 

sliding and rotation of the clusters under an applied force, resulting in shear-band formation 

and plastic deformation of BMGs. 

At present, it is difficult to judge which of the various existing models is closest to 

reality. The real atomic structure of metallic glasses remains unsolved, and extensive 

research is currently attempting to reveal and describe the structure of metallic glasses, 

understand the glass transition and characterise the various structure-property relationships. 

 

 

 

1.5 Mechanical properties of bulk metallic glasses 

The absence of long-range order, crystal defects and grain boundaries in metallic glasses 

makes their mechanical properties and behaviour fundamentally different from those of 

crystalline alloys. In the absence of the well-defined dislocation defects ubiquitous in 

crystalline alloys, metallic glasses consequently exhibit room-temperature strength much 

closer to the theoretical strength of the material and significantly higher elastic strain limit 

than their crystalline counterparts. 

The average specific strength of metallic glasses is about 340 MPa/(g/cm3) and hence 

more than twice as high as that of their crystalline counterparts, which display 

~150 MPa/(g/cm3) [52]. As shown in Fig. 1.3, the highest fracture strengths can be found in 

Fe- and Co-based BMGs, where even values above 5 GPa have been reported (see e.g. 

[53]).  

The Hookean elastic strain, elε , of roughly 2 % that a metallic glass can support in 

tension, compression or bending is approximately four times higher than that of a 
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corresponding crystalline alloy of similar density, resulting in a storage density of elastic 

energy  ca. 10–20 times higher, since . elE 2
elel ~ εE

 

 

Fig. 1.3: Relationship between fracture strength and Young’s modulus for a variety of bulk metallic 
glasses. The data for several commercialised crystalline alloys are indicated for comparison (from 
Ref. [54]). 

 

Due to their high yield strength and hardness metallic glasses have promising 

tribological and wear-resistant properties, which in special cases can be even superior to 

those of conventional crystalline alloys (for a detailed review see e.g. [55] and references 

therein). In contrast to those of crystalline alloys, which depend strongly on their 

microstructure, the mechanical properties of amorphous metals are well correlated with 

each other. For example, fracture stress, σf, and yield stress show a strong linear 

dependency on Young’s modulus (see Fig. 1.3) and shear modulus [56], respectively. 

Similarly, in metallic glasses there exists an approximately linear relationship between 

hardness, H, and Young’s modulus due to the fact that ≈fσH  2.8–3.2 [ ]. 57

Further, the glass transition temperature often provides a suitable basis for normalising 

various properties when comparing different glassy alloys, such as shown in Fig. 1.4 using 

the example of fracture strength. 
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Fig. 1.4: Relationship between room-temperature fracture strength (σf), and the ratio ∆Tg
 = Tg

 – T0 
(where Tg is the glass transition temperature and T0 is taken as room temperature) to molar volume 
(V) for a variety of bulk metallic glasses (from Ref. [58]). 

 

The Achilles’ heel of BMGs at room temperature is their limited plastic deformation 

prior to catastrophic failure. Especially if tested under unconfined tensile conditions, they 

usually fail with little (i.e. almost zero) macroscopic plastic deformation. Their stress-strain 

curves resemble those of conventional brittle materials, such as ceramics and oxide glasses, 

and so BMGs are often referred to as “brittle”, or at least “macroscopically brittle”. The 

cause of this limited macroscopic plasticity in BMGs is the absence of grain structure and 

an extreme localisation of plastic flow into narrow shear bands that initiate strain-softening. 

Deformation strains inside the shear bands, however, can range from 100–1000 %, showing 

that BMGs are not intrinsically brittle and do posses inherent mechanisms for plastic flow 

on a microscopic scale. 

There is considerable difference (and also scattering) of the reported compressive 

plasticity of (monolithic) BMGs, ranging from very limited (< 1 %) to large plastic strains 

(>> 20 %) [59]. The origin of this difference in behaviour is not fully understood. Purely 

geometrical reasons (e.g. specimen misalignment [60] and low aspect ratio [61]) or 

mechanical interlocking of cracks [62] are among the many explanations for enhanced 

plasticity of (monolithic) BMGs to be found in literature. Other prominent examples are the 

presence of chemical inhomogeneities [63], structural ordering on the scale of 1–2 nm (e.g. 
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nanocrystallisation [64] during deformation), the presence of nanocrystals [65] or 

quenched-in icosahedral nuclei [66] in the amorphous matrix, amorphous (nanoscale) phase 

separation [67,68], and excessive free-volume content [69]. Basically, they all lead to the 

formation of multiple shear bands and/or their deflection/intersection, resulting in the 

higher plastic strain to failure measured. Similarly, it was shown that even small changes in 

the chemical composition of an alloy can generate significant increases/decreases in the 

compressive plasticity [59]. A possible explanation for this behaviour was proposed in Ref. 

[70] for CuZr-based BMGs, where a correlation between the measured plastic strain and the 

activation energy for crystallisation was found. The mechanical properties of many BMGs 

are also highly sensitive to variations in oxygen content. The presence of low oxygen traces 

during the synthesis of Zr-based BMGs, for example, causes an embrittlement of the 

material [71] and a drastic reduction in its fracture toughness [72]. 

At present it seems that intrinsic relationships exist between the plasticity of BMGs and 

their Poisson’s ratio (ν), and between fracture energy/toughness and shear-to-bulk modulus 

ratio (G/B) [73]. The idea emerged from the observation that a monolithic 

Pt57.5Cu14.7Ni5.3P22.5 BMG displaying a high Poisson’s ratio (ν = 0.42) shows up to 20 % 

plasticity under compression [74]. For a Poisson’s ratio larger than ~0.32 (or, equivalently 

G/B < 0.40) shear-band tips tend to extend rather than induce crack initiation, allowing the 

formation of multiple shear bands and generating higher plasticity and toughness. The 

correlation applies equally to as-cast metallic glasses of different compositions [73] and for 

the embrittlement of glasses upon annealing [75]. There is also significant evidence that the 

plastic zone size ahead of a crack can be estimated as 
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where KI is the fracture toughness [76]. The high (yield) strength, σy, of metallic glasses 

makes the process zone small (between e.g. ~0.1 µm for Mg-based BMGs and ~100 µm for 

Zr-based BMGs, see Fig. 1.5), suggesting that macroscopically brittle fracture is to be 

expected in specimens that exceed this size. However, it may be possible to overcome this 

limitation, for example by increasing the process zone size (via the fabrication of composite 

materials) or by effectively decreasing the sample dimensions below the limiting size (see 

also Section 2.3.3 for further details). 
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Fig. 1.5: Correlation between fracture toughness, yield strength and plastic zone size for a variety of 
bulk metallic glasses (from Ref. [76]). 

 

 

 

1.6 Application potential 

The lack of room-temperature plasticity in BMGs obviously limits industrial and structural 

applications, where reliability is crucial. Nevertheless, their unique properties make them 

attractive for many potential applications where very specific functionalities are required 

and/or components are small. For recent reviews of (potential) applications of metallic 

glasses and further references about the examples given in the following see Refs. 

[8,77,78]. 

Metallic glasses display very soft magnetic properties (i.e. high permeability and low 

coercivity) due to their lack of magnetocrystalline anisotropy and grain boundaries (i.e. 

domain pinning). In addition, the magnetic properties of metallic glasses can be tailored by 

inducing nanocrystallisation and adjusting the grain size. This led to the first large-scale 

application of Fe-based ribbons as low-loss magnetic cores in transformers, magnetic read-

heads or as components in electronic article surveillance systems. 
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Due to their excellent mechanical properties BMGs have also found application in 

sports equipment, where they were first exploited commercially in golf club heads, then 

parts of tennis rackets, baseball bats, skis and bicycles. Their ability to store high densities 

of elastic energy turns metallic glass into the “premier” spring material. A newly developed 

application utilising their efficient energy transfer characteristics is the use of BMG spheres 

for shot-peening purposes. The high elastic strain limit of metallic glasses led to the 

development of coriolis mass flowmeters, pressure sensors and strain gauges with 

properties superior to conventional crystalline parts. The generally good hardness and 

peculiar tribological properties of metallic glasses make them attractive as coating 

materials. And indeed, there have been efforts to fabricate amorphous coatings, for example 

by low-temperature spraying or radio-frequency magneton sputtering. Another area of 

commercial interest is the field of biocompatible BMGs suitable for medical components 

such as implants and surgical instruments. The self-sharpening effect known in metallic 

glasses has already led to their first medical application as surgical scalpel blades. 

A big advantage in fabricating amorphous metallic components is that metallic glasses 

can be processed in the supercooled liquid region above the glass transition temperature 

and below the onset temperature of crystallisation. This superplastic forming involves 

heating the material and forming it under an applied pressure, similar to the processing of 

thermoplastics. Conventional net-shape manufacturing processes, such as die/injection 

casting or blow moulding, can be applied. The cast glassy alloys exhibit a high surface 

quality and maintain dimensional accuracy due to their lack of crystallisation shrinkage. 

This has led to the market introduction of structural parts, such as casings for electronic 

components, cell phone hinges, and (by using precious BMGs) jewellery and watch 

applications. BMGs’ superplastic net-shape forming makes them attractive for 

microstructure fabrication (e.g. microgears) and applications for microelectromechanical 

systems (MEMS). Additionally, the recent development of nano- and microscale process 

techniques using focused ion beam, electron beam and LIGA (i.e. X-ray lithography, 

electroforming, and plastic moulding) processes has increased the importance of materials 

with homogeneous structures on the nanometre scale, and consequently created a new field 

for potential applications of BMGs and nanocrystalline alloys. 

More critical than the limited plasticity at room temperature, which to some extent 

hampers their structural application, the production costs of BMGs are generally much 

higher than those of conventional crystalline alloys. This is because their fabrication often 
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requires high-purity elements and expensive vacuum-processing techniques. Therefore, the 

most prominent future applications of BMGs might be microcomponents produced in large 

quantities; products with high added value, such as medical devices, luxury goods and 

leisure equipment; or those with very specific functionality. 

 

 

 

1.7 Outline of the thesis 

After the general overview of metallic glasses with an emphasis on glass-forming ability, 

microstructure and mechanical properties presented in this chapter, the thesis is structured 

as follows. Chapter 2 describes the deformation characteristics and the existing deformation 

models of metallic glasses, and Chapter 3 defines the aims of the thesis. Chapter 4 

summarises the experimental investigations into the temperature dependence and strain-rate 

effects (i.e. strain-rate sensitivity) of inhomogeneous flow in Zr-based BMGs, and presents 

high-resolution SEM observations of shear surfaces. Based on these experimental findings, 

additional kinetic parameters of flow are deduced in Chapter 5 and a constitutive model for 

(inhomogeneous) deformation in metallic glasses is developed and its implications and 

validation discussed. In Chapter 6 the influence of sample size and varying free-volume 

content on the deformation behaviour are addressed by means of microcompression and 

instrumented indentation tests, and discussed with regard to the pressure sensitivity of 

metallic glasses. Chapter 7 concludes the study, with a general summary of the thesis and 

an outlook for possible future work. 
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2 Deformation of metallic glasses 

When a solid is plastically deformed, it can exhibit either homogeneous or inhomogeneous 

deformation. While during homogeneous deformation plastic strain is uniformly distributed 

throughout the specimen, during inhomogeneous deformation plastic strain is localised and 

confined in thin regions called shear bands. This strain localisation phenomenon is 

observed not only in metallic glasses but also in a wide variety of material systems, such as 

polymers, fine-grained alloys, foams, granular media and colloids. 

In this chapter the most prominent phenomenological influences of temperature and 

strain rate on the (homogeneous and inhomogeneous) deformation behaviour of metallic 

glasses are summarised. Emphasis is placed on strain localisation and shear-band 

characteristics which limit plasticity at low temperatures, and on strategies for improving 

plasticity through suitable microstructural design or geometrical adjustment (e.g. “sample 

size effects”). Finally, the last section gives an overview of existing deformation models 

and their recent refinement. It also provides a basis for the discussion and constitutive 

modelling of our results in Chapters 4 and 5. 
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2.1 Introduction 

Based on phenomenological observation of the deformation behaviour of metallic glasses, 

as early as 1977 Spaepen constructed a “deformation (mechanism) map” classifying 

deformation behaviour as a function of temperature and stress state (Fig. 2.1). Basically, 

there exist two modes of deformation: homogeneous flow at high temperature and low 

stress, where each volume element undergoes the same strain; and inhomogeneous flow at 

low temperature and high stress, where strain is concentrated in a few thin shear bands. The 

map loses its proper significance at temperatures above the crystallisation temperature (Tx), 

where crystallisation processes strongly influence the deformation behaviour. 

 

 

Fig. 2.1: Characteristic deformation map for metallic glasses. Plotted is the shear stress normalised 

by the shear modulus as a function of temperature. The solid lines indicate constant strain rates 

(reproduced from [1]). 
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Above the liquidus temperature (Tliq) metallic glasses have viscosities on the order of 

η
 
≈

 
1 Pa s and behave like Newtonian liquids. The viscosity increases drastically with 

cooling of the liquid and by definition reaches a value of η
 
≈

 
10

13
 Pa s at the glass transition 

temperature (Tg). In the temperature region between Tx and Tg (“undercooled liquid 

region”) deformation is strongly dependent on th applied strain rate, as shown in Fig. 2.1. 

 

 

 

2.2 Homogeneous deformation 

Homogeneous deformation of metallic glasses usually takes place at high temperatures 

close to the glass transition temperature or above the latter in the undercooled liquid region. 

In this temperature range, metallic glasses are extremely ductile and a considerable degree 

of plastic deformation in tension and compression can be achieved. As shown in Fig. 2.2, 

the deformation behaviour is very sensitive to temperature and imposed strain rate. At a 

given strain rate an increase in the temperature leads to a transition from inhomogeneous 

flow (shear localisation) to homogeneous flow (non-Newtonian or Newtonian). The 

transition from inhomogeneous to homogeneous deformation is also characterised by a 

sharp change in the temperature dependence of the peak stress. While its temperature 

dependence in the inhomogeneous flow regime is only small, the peak stress drastically 

decreases in the homogeneous flow regime with increasing temperature, as shown in 

Fig. 2.2 for two different strain rates. As shown in Ref. [2] the transition from 

inhomogeneous to homogeneous flow approximately follows 

 
T

T )(
ln

µ
γ ∝& , (2.1) 

where γ&  is the shear strain rate, )(Tµ  is the temperature-dependent shear modulus and T 

the testing temperature. 
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Fig. 2.2: Transition between homogeneous (non-Newtonian or Newtonian) and inhomogeneous 

flow (shear localisation) for amorphous Zr41.2Ti13.8Cu12.5Ni10Be22.5 (Vitreloy 1) at temperatures 

around Tg ≅ 625K. The symbols indicate measured peak stresses for various temperatures at strain 

rates of 10
-4

 s
-1

 (circles) and 10
-1

 s
-1

 (squares). Data is taken from [3]. 

 

At low strain rates the homogeneous flow can be characterised as Newtonian. The 

viscosity depends solely on temperature and scales with the ratio between shear stress and 

strain rate, i.e. γτη &= . At higher strain rates and/or lower temperatures deformation 

becomes non-Newtonian and viscosity strongly depends on both temperature and strain 

rate. From a microscopic point of view it is not fully clear what causes the transition from 

Newtonian to non-Newtonian flow in metallic glasses. While some studies associate the 

non-Newtonian behaviour with the concurrent crystallisation of the amorphous structure 

during deformation [4], others suggest that the non-Newtonian behaviour is associated with 

the existence of a transient stress-strain phenomenon (“stress overshoot”, Fig. 2.3) [5], 

which cannot be explained by a change in sample shape, such as necking, because it is 

observed under tensile and compressive loading. The softening of metallic glasses (steady-

state viscosity) following the stress overshoot can be attributed to a transformation of the 

glass from its original structure to a dynamically different structure of higher atomic 

mobility and lower viscosity. The dynamic structure is determined by defect creation (i.e. 

stress-driven disordering) and annihilation (i.e. structural relaxation) in competition, and 

hence deformation history plays an important role. The observed stress overshoot increases 

with decreasing temperature, increasing strain rate and increasing fraction of stress 
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relaxation [5]. It is worth noting that both structural relaxation and defect creation are 

kinetic processes which are temperature- and strain-rate-dependent. Therefore it is not 

surprising to find both Newtonian and non-Newtonian flows in the same materials but at 

different temperature and strain rate regimes. 
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Fig. 2.3: Uniaxial compression test on Zr52.5Ti5Cu17.9Ni14.6Al10 (Vit105) at T
 
=

 
350°C

 ≅ 
0.93

 
Tg and 

an initial strain rate of 10
-4

 s
-1

 revealing a stress overshoot phenomenon. 

 

Generally, both peak and steady-state flow stress in the homogeneous deformation 

regime show a positive strain-rate sensitivity,  

 0
ln

ln
>

∂

∂
=

ε

σ

&
m , (2.2) 

i.e. an increase in the imposed strain rate leads to an increase in the stress. The strain-rate 

sensitivity (m) for Newtonian flow is m
 
≈

 
1, which allows very large (tensile) deformation 

on the order of several thousand percent (“superplastic deformation”) [6]. The transition to 

non-Newtonian flow generates a deviation from the linearity in the strain rate–stress 

relation and a decrease of the value of m to values far smaller than one. 

The significant drop in flow stress and viscosity and the large plastic strains that can be 

achieved at temperatures above the glass transition temperature offer the possibility of 

superplastic forming of many BMGs via conventional net-shape manufacturing processes. 
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This, of course, requires that the BMGs possess adequate thermal stability against 

crystallisation. 

 

 

 

2.3 Inhomogeneous deformation 

2.3.1 Deformation characteristics 

At temperatures significantly lower than Tg plastic deformation is spatially and temporally 

inhomogeneous and carried by highly localised, narrow shear bands, limiting macroscopic 

plasticity. Particularly in tension, plastic deformation is often so low that only a single 

dominant shear band develops, which instantly leads to fracture of the specimen. However, 

extensive shear banding can be observed in compression, bending or indentation tests. 

Here, as shown in Fig. 2.4, the shear bands can easily be observed because of the associated 

formation of sharp surface steps. 

 

 

 

Fig. 2.4: Shear band and surface step formation after bending [7] (left) and cube-corner indentation 

test (right) in Zr-based BMGs. 
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The spatially and temporally inhomogeneous deformation is characterised by the 

activation and propagation of individual shear bands. The work softening associated with 

shear localisation is expected to make the propagation stress of a shear band less than the 

stress required to initiate it. This gives rise to serrated flow, which manifests itself as small 

displacement bursts or stress drops during plastic deformation in a (macroscopic) stress-

strain curve, as shown in Fig. 2.5. The magnitude of the stress drop during compression, 

however, also depends on the stiffness of the testing machine in the displacement control 

loading mode [8]. The appearance of new surface steps (shear bands) has recently been 

correlated with displacement bursts (“pop-ins”) in the load displacement curve during 

nanoindentation testing [9,10].  
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Fig. 2.5: (a) Magnified view of a stress-strain compression test (performed at an initial strain rate of 

10
-3

 s
-1

) and (b) instrumented indentation test (using a cube-corner tip and a loading rate of 

1.67 mN/s) on amorphous Zr52.5Ti5Cu17.9Ni14.6Al10 (Vit105) at room temperature showing serrated 

flow and “pop-ins”, respectively. 

 

The inhomogeneous deformation behaviour of BMGs is strongly influenced by the 

imposed strain rate. As shown in Fig. 2.6, mechanical tests at room temperature have 

shown a slight decrease in fracture strength with increasing strain rate (negative strain-rate 

dependence) [11,12,13,14,15,16,17], in agreement with the results presented in this thesis. 

Insensitivity to the strain rate [3,18,19,20] and, at high strain rate, contrasting behaviour 

(positive strain-rate dependence) have also recently been observed [21,22], however, as 

also shown in Fig. 2.6. It should be noted that in all these studies the strain rate-sensitivity 

was determined via fracture/yield strength measured on different samples, where due to 



Chapter 2 

28 

scattering the data is only vague, and not by more accurate strain rate change tests. In 

addition, the strain rate’s influence on plastic strain to failure is also controversial: both an 

enhancement [23] and a reduction [14] upon an increase in the strain rate have been 

reported. However, there is strong experimental evidence that the temporal intervals and the 

load variations in the flow serrations and “pop-ins” diminish with increasing compressive 

strain rate [14,22,24,25,26,27] and nanoindentation load rate [2,9,10,28,29]. Strain rate also 

exerts a significant influence on the formation of shear bands in BMGs. Jiang et al. [24-27] 

recently reported that the number of shear bands in a Zr-based BMG observed ex-situ on 

uniaxially compressed specimens decreases with increasing strain rate. This trend contrasts 

with previous indentation studies which indicate that higher strain rates promote more shear 

bands [9,29,30,31]. Based on the observations of diminishing “pop-ins” at increasing strain 

rate Schuh et al. [2,29] proposed a “homogeneous II” regime in the deformation map of 

BMGs, where the deformation rate exceeds the characteristic rate of shear-band nucleation. 

Consequently, the simultaneous operation of multiple shear bands (i.e. homogenisation in 

time) leads to macroscopically more homogeneous flow (disappearance of “pop-ins”). 

These nanoindentation experiments led to the development of a thermo-viscoplastic model 

which describes the dependency of an increasing shear-band density on increasing strain 

rate [32]. Here it is, however, important to highlight the differences between uniaxial 

compression and nanoindentation tests: the deformation in nanoindentation is complex due 

to the fact that the strain gradient constantly changes during penetration, so that re-

activation of the same shear band is for geometrical reasons less likely than in uniaxial 

compression. Thus an increase in shear-band density with increasing strain rate is not 

expected in uniaxial compression tests. Despite this discrepancy the various studies agree 

on an apparent homogenisation in time at higher strain rates. Similarly, it has been shown 

that a decrease in testing temperature leads to a decrease in the magnitude of stress drops 

and the associated time intervals between two serrations [8,26,33], and at the same time to 

an increase in strength (without loss of ductility) [34,35], in agreement with the results 

shown in Chapter 4. 
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Fig. 2.6: Fracture strength as a function of strain rate in various BMGs: 

�,� Zr41.25Ti13.75Cu12.5Ni10Be22.5 [3,17,18,19,], �  Zr57Ti5Cu20Ni8Al10 [12], � Zr59Cu20Al10Ni8Ti3 

[20], � Zr65Al10Ni10Cu15 [12], �  Dy3Al2 [23], �,� Pd40Ni40P20 [14,15], � Ti45Zr16Ni9Cu10Be20 

[22], and � Nd60Fe20Co10Al10 [21]. Filled and unfilled symbols indicate compression and tension 

tests, respectively. 

 

Inhomogeneous flow in metallic glasses also depends on the applied stress state, which 

can affect the formation and propagation of shear bands and cracks, respectively. For 

example, the fracture toughness of a Zr-based BMG is about 4 times lower in mode I 

deformation (crack opening) than in mode II (shearing) [36]. Many studies have also shown 

asymmetric behaviour in uniaxial tension and compression. The shear and fracture planes 

are often seen at 50–60° to the loading axis in tension and at 40–45° to the loading axis in 

compression [20,37]. This yield asymmetry reveals the importance of normal or hydrostatic 

stress components in the deformation process (i.e. pressure sensitivity), which can be 

incorporated via e.g. the Mohr-Coulomb criterion [38]. The physical origin of this 

asymmetry lies in the principle of “atomic friction” and the flow stress is assumed to be 

influenced by the local normal stress: τ =
 
k0

 ± ασn, where τ  is the shear stress at yielding, 

k0 is a constant and α is the effective coefficient of friction that quantifies the strength of 

the stress component normal to the shear plane (σn). The plus sign applies for compression 

and the minus for tension. 
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As shown in Fig. 2.7, the fracture surfaces of metallic glasses typically show vein 

patterns arising from viscous flow at the moment of failure due to the sudden relief of stress 

energy and its (partial) conversion into heat. The presence of re-solidified droplets on 

fracture surfaces indicate that even (local) melting of the material may take place. The vein 

morphology resembles the features that are formed when two rigid surfaces which are held 

together by a viscous film (e.g. oil or grease) are separated. This observation prompted the 

suggestion [39] that fracture in metallic glasses can be rationalised in terms of the Taylor 

instability [40], which is associated with the moving boundary between two immiscible 

fluids: a fluid meniscus that propagates in the direction of its convex curvature tends to 

break up into a series of fingers which penetrate the fluid meniscus. Thus, the vein 

morphology observed in metallic glasses is thought to be generated as the viscous material 

between the fingers necks down to failure. 

 

 

Fig. 2.7: Scanning electron micrograph of a compressive fracture surface of a 

Zr52.5Ti5Cu17.9Ni14.6Al10 BMG showing characteristic “vein pattern” (left) and re-solidified droplets 

(right) arising from viscous flow at the moment of failure. 

 

 

2.3.2 Shear-band characteristics 

At high stresses and/or low temperatures deformation is confined to a discrete number of 

narrow shear bands with a characteristic thickness on the order of 10–20 nm [41]. They are 

the result of progressive deformation-induced softening (i.e. “strain-softening”) of the 

material in the band. Extremely high strain up 100 is accommodated in a shear band [42], 
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and the local structure can alter significantly as a result. The structural change is commonly 

assumed to be an increase in the free volume in the glassy structure, associated with a 

dilatation, the lowered density being presumed to lower the stress for maintaining shear on 

the bands. Some dilatation is preserved after shear, such that deformed materials, upon 

reloading, tend to shear on existing bands. Preferential etching at shear bands also provides 

evidence of a structural change. It has been known for some time that shear bands in BMGs 

are susceptible to preferential etching [43], indicating a structural change in the deformed 

material such as an increased free-volume content and/or chemical reordering. Over the last 

few years new insights into this structural evolution during shear banding have underlined 

the importance of the formation and coalescence of free volume. Higher free-volume 

contents have been suggested after deformation, for example by positron annihilation 

spectroscopy (PAS) [44,45,46] where longer lifetimes were measured, and X-ray 

diffraction (XRD) and differential scanning calorimetry (DSC), where larger interatomic 

volumes and relaxation enthalpies were determined [47,48]. The PAS investigations also 

indicate that the content of certain alloying elements around free-volume sites is 

significantly enhanced at the expense of the other, remaining constituents of the BMG. The 

coalescence and spontaneous formation of nanometer-scale voids during deformation has 

also been experimentally observed [49] via high-resolution transmission electron 

microscopy, and confirmed according to thermodynamic considerations [50]. Depending on 

the stress state and composition of the metallic glass, even nanocrystallisation in shear 

bands has been seen in aluminium-based amorphous alloys [51,52] and in Cu50Zr50 BMG 

[53], and explained by dynamic flow dilatation and the attendant enhancement in atomic 

diffusional mobility [52]. 

Shear banding is not unique to metallic glasses, but is also observed in various materials 

classes, such as polymers, fine-grained alloys, foams, colloids and granular media. The 

creation of excess free volume in metallic glasses is very similar to that in granular 

materials (e.g. sand), in which the shear deformation of dense, randomly close-packed 

grains requires (local) dilatation and leads to the formation of voids within the shear bands 

[54]. A direct consequence of this dilatation can for example be observed when a person 

walks on a wet beach: the water disappears underneath the foot because of the shear-

induced dilatation of the sand grains [55]. In addition, a wide variety of experimental 

studies on granular materials have shown that strain is localised in shear bands that are 6–

20 mean particles wide (see e.g. [56] and references therein). Therefore it can be wondered 
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whether a similar relationship is present in metallic glasses. Here, the shear-band thickness 

(10–20 nm) is typically about 10 times the size of the medium-range ordered clusters (1–

2 nm). 

The localised deformation within shear bands (i.e. local release of stress) in metallic 

glasses is accompanied by emission of an acoustic signal. Acoustic emission (AE) 

measurements, therefore, provide an opportunity to acquire real-time information about 

shear-band formation and propagation (see e.g. Ref. [57]). 

Finally, significant attention has been paid to how adiabatic heating contributes to the 

viscosity decrease in shear bands (e.g. [58,59,60,61,62]). In-situ thermographic 

investigations by means of (high-speed) infrared cameras during mechanical testing showed 

a temperature rise associated with shear banding. The spatial localisation and the short time 

intervals of heat generation, however, make quantification difficult and the estimated 

temperature rises in shear bands range from ~0.1 to a few thousand Kelvin (see e.g. 

references in [62]). By applying a fusible coating it has recently been shown that the heat 

content in shear bands corresponds to a maximum temperature rise of several thousand 

Kelvin [62]. Since the observed shear-band thicknesses are less than can be explained by 

thermal diffusion lengths, however, the authors concluded that the temperature rises are a 

consequence of shear-band localisation or frictional effects and not their origin. This 

observation is corroborated by adiabatic estimates of the time (∆t) elapsed during the 

unloading segment of a single stress drop: by balancing the heat generated through plastic 

deformation and the heat lost due to thermal conduction the thickness of an adiabatic shear 

band, SBδ , can be estimated as [59] 

 
SBSB

SB
SB

γ

T

&βτ

λ
δ = , (2.3) 

where λ is the thermal conductivity, and SBT , SBτ , and SBγ&  are the temperature, the shear 

stress and the shear strain rate, respectively, within the shear band. β ≈
 
0.9 is the fraction of 

plastic work converted to heat. With t∆∆= SBSB γγ& , where SBγ  is the shear strain in the 

shear band, Eq. 2.3 can be rewritten as 

 
λ

γβτδ ∆
=∆ SB

2

SB
SB tT . (2.4) 
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Using characteristic values of SBδ =
 
20 nm [41], SBτ =

 
1 GPa, λ =

 
15 W/mK (at Tg [63]) 

for Zr-based BMGs, and estimated shear strains in the shear band of 100–1000, one obtains 

tT ∆SB  =
 
2.4

 × 
10

-6 
–

 
2.4

 × 
10

-5
 Ks, and consequently time periods in the range of 

nanoseconds (i.e. ∆t =
 
4

 
–

 
36 ns) to reach temperatures close to Tg. This is substantially 

shorter than time periods of shear-band propagation measured in quasi-static compression 

tests that typically are on the order of milliseconds [58,59,64] (in agreement with our 

results). These results demonstrate that although fully adiabatic heating conditions might 

not be fulfilled, thermal conduction has a significant effect on temperature in shear bands 

and high temperatures (even above Tg) may result from very localised deformation, 

especially at the moment of fracture. 

 

 

2.3.3 Approaches for improving plasticity at low homologous temperature 

Shear localisation at low temperatures (e.g. room temperature) limits stable plastic flow, 

and the concentration of deformation in shear bands promotes early fracture initiation. 

Therefore, understanding and controlling shear localisation is crucial if BMGs are to be 

deployed as structural parts. Basically there exist two possibilities for improving the 

plasticity: either the development of monolithic metallic glasses with a less severe tendency 

towards shear localisation, or the fabrication of metallic-glass-matrix composites where a 

second phase promotes shear-band initiation/splitting. 

Observation of conventional crystalline alloys has shown that good toughness/plasticity 

is associated with a low resistance to shear deformation (quantified by the shear modulus, 

µ) coupled with a high resistance to dilatation near crack tips (quantified by the bulk 

modulus, B). Similar considerations have led to the conclusion that intrinsically tough 

glasses should have low µ/B [65]. A low value of µ/B (typically <
 
0.40) facilitates the 

distribution of strain on multiple shear bands, giving these glasses the ability to support 

large(r) plastic strains. Using the relationships among the elastic constants, the correlation 

can also be expressed in terms of the Poisson’s ratio, ν, as )1(2)21(3 ννµ +−=B  for 

isotropic systems, indicating that metallic glasses with higher ν  (larger than ~0.32) show 

greater plasticity. And indeed, experimental measurements on various glasses (ranging 

from tough Pt- and Pd-based BMGs to very brittle oxide glasses) [65] and metallic glasses 
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in different annealing states [66] confirm this correlation. However, our preliminary 

investigations on Au49Ag5.5Pd2.3Cu26.9Si16.3 (µ
 
=

 
26.5 GPa, B

 
=

 
132.3 GPa) with a low ratio 

of µ/B
 
=

 
0.20 and a high Poisson’s ratio of ν  = 

0.406 [67] show a “macroscopically brittle” 

behaviour: Compression tests on cylindrical Au-based BMG samples with 2 mm in 

diameter show no or very limited plastic deformation before failure. Detailed investigations 

are currently underway to clarify the reasons for this behaviour [68]. 

Plasticity can, to a certain extent, also be changed by tailoring the amount of free 

volume: experimental investigations on various BMGs showed that an increased free-

volume content (e.g. via high cooling rates [69], elastostatic and plastic pre-compression 

[70,71], high-pressure pre-treatment [72] or cold rolling [73]) has a positive influence on 

the (compressive or bending) plasticity. Sub-Tg annealing, on the other hand, leads to 

embrittlement in metallic glasses, and a virtually complete loss of toughness [74]. 

Similarly, an increased oxygen content can drastically reduce the toughness of many 

BMGs, as shown using the example of Zr-based glasses in Ref. [73]. Further, the 

(compressive) plasticity of metallic glasses can also be enhanced by inducing compressive 

residual stresses on sample surfaces via shot peening [75]. The formation of shear bands in 

the deformed surface layer during shot peening combined with the suppression of cracking 

by the compressive residual stress leads to a more uniform deformation on multiple shear 

bands and therefore greater plasticity. Analogously, it was shown that residual stresses 

introduced due to temperature gradients during casting can increase the toughness of 

metallic glasses [76]. Other approaches use geometrical effects to tailor the stress 

distribution or induce specific stress gradients [77], generating a less harsh tendency 

towards shear localisation. Prominent examples which illustrate these concepts are the use 

of compression samples with low aspect ratio (i.e. height/diameter
 
<

 
1), where a single 

shear band cannot result in failure due to geometrical constraints, producing an enhanced 

apparent plasticity [78]; or reduction of the specimen size (e.g. thin ribbons), showing that 

the spacing of shear bands and offsets scales with sample thickness [7]. Further, it seems 

that there is a sample size effect in the plastic flow of metallic glasses. Experiments on 

small-volume specimens (e.g., the compression/tension of nanopillars [79,80] or 

nanolaminates [81]) showed that shear localisation can be avoided and that homogeneous 

deformation tends to become the dominant mode when the deforming sample volume 

decreases to approach that of a typical shear band. Numerous studies on micrometer-sized 

pillars also showed that, in contrast to macroscopic compression samples with identical 
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composition, no catastrophic failure occurs during inhomogeneous deformation and very 

great apparent plasticity can be achieved. (For further discussion of the effect of sample 

size on plasticity, see Chapter 6). 

An additional influence on plasticity in BMGs also stems from composition. It has been 

shown that slight compositional changes or the minor addition of an additional alloying 

element can result in considerable changes in the deformation behaviour [82,83,84]. A 

promising approach to improving plasticity is the fabrication of BMGs with two glassy 

phases [85]. Often, however, a negative correlation between plasticity and yield strength 

exists: enhanced plasticity can only be achieved at the expense of lowered yield strength 

and vice versa. Nevertheless, it seems that the plasticity of monolithic BMGs can be 

improved by tailoring the microstructure through the appropriate choice of composition and 

thermal processing. 

In metallic-glass-matrix composites (MGMCs) a second phase (i.e. chemical or 

structural inhomogeneity) is deliberately introduced into the amorphous matrix with the 

goal of promoting multiple shear-band initiation and hindering shear-band propagation by 

arrest, deflection and split-up. The second-phase particles in MGMCs are usually more 

ductile than the matrix, which is precisely the opposite of the situation in conventional 

metal-matrix composites, where the introduced particles generally act as strengthening 

phase. MGMCs are split into two categories: foreign-particle-reinforced composites and in-

situ-formed composites. Foreign-particle-reinforced BMGs are reinforced with particles or 

fibres and can be produced either by powder consolidation techniques or by melt 

processing. Prominent examples here are the use of tungsten fibres, ductile crystalline 

particles (W, Ta, Nb and Cu) [86] or soft graphite particles [87]. In the latter case, a 

combination of enhanced plasticity and high yield strength was achieved. As shown in 

Fig. 2.8, preliminary investigations also showed that it is possible to produce fibre-

reinforced BMG composites with rather low fibre content (<
 
5 vol.%) and homogeneous 

distribution via the injection technique [88]. Further work with alternative reinforcement 

materials, however, is necessary to specifically improve the mechanical properties of these 

composites. Positive effects on plasticity can also be expected by introducing (micrometer-

sized) pores [89] and fabricating of foams [90,91]. Here, pores basically act as very soft 

second particles with a shear modulus of zero, and as stress concentrators which force the 

initiation of shear bands, without significantly degrading other mechanical properties. At 

the same time, the interaction of a shear band with pores reduces the stress concentration at 
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the tip of the shear band. However, in the case of a very high volume content of pores (i.e. 

foams) the yield strength is drastically reduced. 

 

 

 

 

 

 

 

 

Fig. 2.8: Cross-sectional scanning electron microscopy (SEM) image (left) and energy dispersive x-

ray (EDX) mapping (right) of a steel-fibre-reinforced Zr-based BMG. The EDX analysis reveals a 

thin Ti- and Al-enriched interface layer between fibre and matrix. The BMG composite was 

produced by infiltration of commercial steel wool with the metallic melt in an injection moulding 

system which allows rapid cooling of the composite to obtain an amorphous matrix. 

 

In-situ formed BMG composites are produced by partial devitrification of the BMG 

upon heating [92] or by adding a substance to the matrix that reacts with one or more of the 

matrix components to form a crystalline phase in the amorphous matrix during processing. 

Obviously, in the latter case the composites can only be produced by melt processing, and 

their microstructure is strongly dependent on the cooling conditions. Generally these 

composites are manufactured by precipitating a ductile dendritic phase from the melt [93]. 

By matching the microstructural length scales (i.e. size, spacing and volume fraction) of the 

dendrites to the characteristic length scales of deformation (e.g. plastic zone size), both 

fracture toughness and tensile ductility (εp
 
≈

 
12%) could be significantly improved in Zr- 

and Ti-based metallic glass composites [94,95]. 

Common for foreign-particle-reinforced and in-situ-formed BMG composites is the 

difficulty of controlling size and (homogeneous) distribution of the second particles in the 

amorphous matrix during processing. For the in-situ-formed composites this implies a very 
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controlled temperature profile during fabrication, whereas for the foreign-particle 

reinforced composites homogeneous mixing is the crucial step. 

 

 

 

2.4 Deformation models 

Establishing models for structure-property relationships is a central task of materials 

science. In metallic glasses, however, just how internal structure influences mechanical 

properties is unclear and a thorough picture of the deformation kinetics is not yet available. 

The lack of long-range order in amorphous alloys makes their plastic deformation 

fundamentally different from that of crystalline solids, where deformation can generally be 

described in terms of the underlying dislocation dynamics. While at low temperatures 

crystal dislocations allow changes in the atomic neighbourhood at low energy and stress, 

the atomic rearrangement in amorphous metals represents a relatively high-energy/stress 

process. Since the discovery of metallic glasses in the 1960s a number of theories to 

describe their deformation behaviour have been developed. This section briefly summarises 

the most prominent deformation models and, at the same time, provides a basis for the 

constitutive modelling of our results in Chapter 5. 

At elevated temperatures (typically in the undercooled liquid region) where 

homogeneous and steady-state Newtonian flow prevails, the viscosity of a metallic glass 

can be described by the Vogel-Fulcher-Tammann (VFT) equation, 

)](exp[ 000 TTTD −= ∗ηη , where T0 is the VFT-temperature (at which η 
→

 
∞), η0 is a 

constant, and D
*
 is called the “strength” parameter of the liquid [96,97]. The change in 

viscosity of a liquid as a function of undercooling can be used to classify different liquids, 

because the temperature dependence varies significantly among the glass-forming liquids. 

A simple graphic visualisation of the differences is the so-called Angell plot, where log(η) 

vs. Tg/T is shown. Liquids that show strong variation above Tg in this plot are called 

“fragile”, while those that do not are called “strong”.  

For the description of the homogeneous deformation at elevated temperatures Khonik 

[98] suggested a directional structural relaxation model that quantitatively explains the 
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homogeneous plastic flow of metallic glasses as a result of thermally activated structural 

relaxation oriented by external stress. The flow behaviour is then determined by the kinetics 

of irreversible structural relaxation during testing following a continuous activation energy 

spectrum, and homogeneous deformation basically takes place if the characteristic 

structural relaxation time is significantly smaller than the characteristic loading time (i.e., 

inverse strain rate). Other models using rate theory and rheological approaches that average 

the operation of many local atomic-scale events (e.g. free-volume and shear transformation 

model) discussed in the following were initially developed to describe the characteristics of 

homogeneous flow. Although they are mainly discussed in the context of inhomogeneous 

deformation, in their generalised form they can naturally also be used to describe 

homogeneous flow. 

While the homogeneous flow of metallic glasses is understood and described relatively 

well, a fundamental description of inhomogeneous flow is so far lacking. 

Phenomenologically, shear-band formation in amorphous alloys is a strain localisation 

phenomenon and can be related to a local change of viscosity in narrow bands near planes 

of maximum shear stress. Many authors have discussed the possibility of adiabatic 

temperature rise during shear-band propagation. However, as discussed in Ref. [62], the 

local heating and the temperature rise, respectively, cannot be the origin of yielding and 

shear localisation, but are most likely the result of intense localised deformation. It seems 

therefore that shear-band initiation is triggered by a thermally-activated and stress-assisted 

process. Apart from the temperature increase during localised shearing, shear dilatation 

models, such as the shear transformation model [99] and the free-volume or diffusive-jump 

like model [1], have found wide acceptance in explaining the drop in viscosity. These 

models share the basic idea that the viscosity of a metallic glass at the atomic scale is 

governed by the presence of particular sites where, under an applied stress and thermal 

activation, the atoms can be rearranged to produce local shear. These shear events require 

local mechanical dilatation and consequently, due to the additional dilatational volume, 

trigger the formation of other local shear processes. It is assumed that the local dilatation is 

not purely elastic such that it would be eliminated immediately, but is (partially) retained in 

the post-activation state (as excess free volume) and might only be eliminated by 

diffusional processes on a longer time scale. The viscosity drop in the shear band is then the 

result of an increased number of such atomic rearrangement sites. 
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Early approaches tried alternatively to explain plasticity in metallic glasses in the 

framework of dislocation theory [100]. Shear is seen as the result of the glide of discrete 

microscopic dislocation lines with local variations in the magnitude and direction of the 

Burgers vector (“Somigliana dislocations”). Resistance to glide results from the work of 

dilatation normal to the glide plane. The description of the energy needed to cause 

dilatation and consequently allow motion of the dislocation over the energy barrier is 

derived by treating the dilatation as point defects. Despite the difference in describing the 

structure and motion of the flow defect, similar thermally-activated rate equations have 

been derived as in the shear transformation and free-volume model. One must be careful, 

however, in drawing analogies with dislocations in crystalline alloys. In particular, 

interactions between dislocations and microstructure do not determine the mechanical 

properties of amorphous alloys in the manner common to crystalline solids. An obvious 

example is that metallic glasses do not strain-harden, even at high shear-band densities. An 

increase in the free-volume content or entropy in BMGs generates a decrease of the 

hardness, whereas an increase of the defect density in crystalline alloys generally increases 

their hardness. This indicates that the description of plastic behaviour of metallic glasses 

based on discrete dislocations may not be appropriate. 

The free-volume model, developed by Cohen and Turnbull [101] and adapted to 

metallic glass deformation by Spaepen [1], considers the “free volume” as a simple state or 

order variable to the deformation of metallic glasses. Here, free volume is defined as the 

atomic volume in excess of an ideally packed reference amorphous state
1
. Statistically, the 

higher the free volume of an atom, the higher the possibility of a diffusive jump-like 

motion. Macroscopic flow then occurs as a result of a number of discrete atomic jumps 

across an activation barrier, ∆G0, as shown in Fig. 2.9. Note that this is modelled as an 

uncooperative process of individual atoms. If no external stress is present the activation 

energy is provided by thermal fluctuations. (Basically this situation is identical to the 

microscopic mechanism of diffusion). Under an applied force the atomic jumps are biased, 

                                                 
1
 It must be noted that although free volume has been shown to be very useful as an intrinsic state variable for 

describing plastic flow, it is not a tangible physical entity that can be determined quantitatively. One can 

measure molar volume and its changes and sense excess volume from positron lifetime in positron 

annihilation measurements, but to quantify the absolute value of free volume one would need an ideal 

reference state with predefined zero free volume (which in experiments cannot usually be achieved). Further, 

free volume does not contain information about (local) topological symmetry and chemical order. The 

enthalpy release during structural relaxation measured in calorimetric scans is often used as an indirect 

measure of the free volume in the metallic glass. The calorimetric enthalpy release, however, is much greater 

than the energy reduction expected from the annihilation of excess free volume. 



Chapter 2 

40 

which results in a net macroscopic deformation. The strain rate is then defined as the 

product of the fraction of such potential jump sites (f) times the number of jumps on each of 

those sites per time interval ( 0ν ) times the strain ( 0ε ) produced at each site 00ενε f=& . The 

structural parameter in the flow equation that governs the viscosity is the average free 

volume. The lowered viscosity in shear bands, however, indicates an increase in free 

volume. Therefore it is proposed that free volume can be created at high stresses by 

squeezing an atom into a neighbouring hole which possesses a volume smaller than the 

hard-sphere volume of the atom itself (Fig. 2.9). Similar to free-volume creation 

(disordering), free volume can also be annihilated (diffusional reordering) by a series of 

atomic jumps. Consequently, plastic flow is modelled based on the competition between 

stress-biased creation and diffusional annihilation of excess free volume via discrete atomic 

jumps. The macroscopic shear strain rate under an applied shear stress τ  can then be 

written as [1] 
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where f is the fraction of shearing volume, ν0 is frequency of atomic vibration, α is a 

geometrical factor of order unity, 
f

υ  is the average free volume per atom, *υ  is the 

effective hard-sphere size of the atoms, ∆G0 is the activation energy, Ω is the atomic 

volume, kB and T are the Boltzmann constant and absolute temperature, respectively. At 

high stresses, where backward atomic jumps are negligible, the hyperbolic function 

becomes exponential. In the case of homogeneous deformation (f
 
=

 
1) and low stresses (i.e. 

TkTk BB 2)2sinh( Ω≈Ω ττ ) Eq. 2.5 recovers the Newtonian viscous behaviour where 

viscosity depends solely on temperature and scales as γτη &= . On the other hand, strain 

localisation can be initiated by introducing small fluctuations in the initial free-volume 

distribution [102], and adopting free volume as an order parameter that can be changed by 

diffusion, annihilation and stress-driven creation [103,104]. 
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Fig. 2.9: Schematic illustration of a thermally-activated and stress-assisted atomic jump from one 

local free energy minima to another by passing an energy barrier ∆G0. The applied shear force, τ, 

results in a biasing of the atomic jumps in the direction of the force, i.e. the free energy G is lowered 

by the work τΩ, where Ω is the atomic volume (full line). If the atom is squeezed in a volume V
 
<

 Ω 

the free energy after the jump is increased by the elastic distortion energy ∆Ge (dotted line). 

Adapted from [1]. 

 

The original work of Argon [99] extended the free-volume model by introducing the 

concept of local shear transformations to the deformation mechanism of metallic glasses. 

Here, plastic strain is produced by local shear transformations (i.e. cooperative movement 

of numerous atoms) nucleated under an applied stress and with the assistance of thermal 

fluctuations in regions around free-volume sites. The kinetics of those shear 

transformations are treated in the common framework of transition state theory [105]. The 

transition from homogeneous to inhomogeneous deformation (localisation as a 

consequence of local strain softening from free-volume accumulation or transformation 

dilatation) is modelled by introducing a perturbation in the local strain rate and the 

consequent growth of this perturbation with applied strain until a new stable redistribution 
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of shear flow is reached between a band (covering a volume fraction f ) and the remaining 

matrix ( f−1 ). The work of Argon was later extended by introducing the concept of “shear 

transformation zones” (STZs) to the deformation mechanism of BMGs [106]. There, a STZ 

is described as a basic shear unit in amorphous metals which consists of a zone with 

slightly lowered density or increased free-volume content. Consequently, this zone 

corresponds to an atomic configuration that is more susceptible to plastic rearrangements 

than the surrounding matrix. It is worth noting that a STZ is not seen as a structural defect 

per se, which for example can be visualised in a transmission electron microscope as a 

dislocation, but is understood rather as a local event defined by its transience. These atomic 

scale STZs (several tens of atoms) deform collectively under an applied shear stress and 

thermal fluctuation to produce macroscopic shear deformation, as shown in Fig. 2.10. 

Topologically, such shear motions require a local increase in free volume (a dilatation) and 

produce an elastic strain field that autocatalytically initiates similar shear transformations in 

neighbouring volume elements and may result in the formation of a macroscopic shear 

band. Molecular dynamics (MD) simulations indicate that STZs typically consist of ~100 

atoms, i.e. have a diameter in the range of 1–2 nm [107,108]. Interestingly, their size 

coincides approximately to the length scale up to which dense structures without 

appreciable translational symmetry can be formed within the scheme of cluster-cluster 

packing, i.e. medium-range order (MRO, cf. Section 1.4). Alternatively to free volume, the 

STZ density and deformation rate was described with an “effective disorder temperature” 

taken as a dynamic state variable [109]. The effective disorder temperature characterises the 

state of configurational disorder of the system and consequently also accounts for the local 

disorder due to plastic deformation. At the same time, this suggests a mechanism for strain 

localisation because a region with higher disorder is more susceptible to flow under an 

applied stress. Seemingly, the effective disorder temperature is related to the free volume (a 

more disordered glass can be obtained by moving the constituent atoms away from their 

equilibrium positions, e.g. by introducing excess free volume) but provides a more 

generalised state variable in plasticity theory. 
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Fig. 2.10: Schematic illustration of a shear transformation zone (STZ) before and after operation 

under an applied shear force. The darker colour indicates which atoms are involved in the inelastic 

rearrangement from one low energy configuration to a second such configuration by passing an 

activated configuration of higher energy and volume. The red dashes visualise the strain at the core 

of the STZ. 

 

Given that a STZ has a volume Ω0 which sustains a shear strain γ0, Argon calculated the 

free energy for the activation (i.e. Helmholtz activation free energy) of a shear 

transformation as [110] 

 0

2

0

0

2

0 )(
)(2

ˆ

)1(9

)1(2

)1(30

57
Ω








+

−

+
+

−

−
=∆ γµ

µγ

τ
β

ν

ν

ν

ν
T

T
G , (2.6) 

where ν is the Poisson ratio, τ̂ is the ideal shear resistance of a STZ, µ(T) is the 

temperature-dependent shear modulus and γ0 is the characteristic strain of a STZ on the 

order of ~0.1. The parameter β describes the ratio of volumetric dilatation to the shear 

strain, and is about equal to unity for metallic glasses. The first and second terms in Eq. 2.6 

represent the increment of elastic shear strain energy and volumetric dilatational energy, 

respectively, and the third term accounts for the interatomic shear resistance. Ascribing 

each net forward STZ operation a characteristic strain γ0, the (steady-state) shear rate yields 
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where α is a numerical factor that incorporates the fraction of deforming material. In the 

STZ framework the activation volume V is the product of the characteristic STZ volume Ω0 

and shear strain γ0, γ0Ω0. Typical values of Ω0, obtained by computer simulations, are in the 

range of ~100 atoms [106,107,108]. At low stresses Eq. 2.7 reduces to a Newtonian flow 

form, at high stresses the bias for forward STZ operation becomes very large and the 

influence of back-transformations can be neglected, i.e. 
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The validity of the STZ theory has recently been demonstrated experimentally via the 

visualisation of structural rearrangements in colloidal glasses in real time under shear [111]. 

The observation showed that STZs are characterised as irreversible transformations with a 

spatial extent of a few particle diameters that can be induced by thermal fluctuations. Note 

however, that the activation volume of about 4 particle sizes determined in Ref. [111] is 

somewhat smaller than activation volumes derived for metallic glasses (~6–8 atoms, e.g. 

[104]). Typical strains of γ0 ~ 0.1 are produced in the centre of a STZ and the resulting 

(long-range) elastic strain field facilitates the formation of new zones in its vicinity. 

Johnson and Samwer merged the STZ theory with the concepts of the potential energy 

landscape
2
 (PEL) and inherent states (e.g. [112]) and proposed a cooperative shearing 

model (CSM) as a simple scaling law to predict the temperature-dependent critical shear 

stress of BMGs [113]. The thermodynamic state variable controlling flow in this concept is 

identified as the isoconfigurational shear modulus µ (i.e. the curvature of the potential 

energy density function). As shown in Fig. 2.11, they observed that the critical shear strain 

(i.e. the ratio between yield stress to shear modulus, γc
 
=

 τc/µ) of metallic glasses at room 

temperature is typically 2.67
 
%, and derived a universal law which shows that the shear 

strength scales with (T/Tg)
2/3

, revealing a universal shear strain limit of γc0
 
=

 
0.036 at 

T
 
=

 
0 K. Following Frenkel’s approach to calculate the theoretical shear strength of a 

                                                 
2
 The potential energy landscape of a glass assigns a potential energy to any possible atomic configuration. 

The energetic landscape comprises a population of inherent states (“basins”) associated with local energy 

minima that are the stable configurational states of the glass. These are separated by saddle points that 

constitute the barriers for changes between different configurations. Transitions within these minima may be 

identified with anelastic reversible excitations (fast β-processes) while inter-basin transitions may be ascribed 

to irreversible STZs (slow α-processes). 
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dislocation-free crystal [114] the total potential energy barrier for an unstressed STZ in 

metallic glasses can be expressed as 0

2

c

2

0 )/8( Ω=∆ ζµγπG , where ζ 
~

 
2–4 is a correction 

factor and Ω0 is the STZ volume [113]. According to the CSM this potential energy barrier 

is biased by an applied shear stress and approaches zero at yielding. Incorporating the 

temperature dependence of the yield stress the energy barrier at finite stress (0
 
<

 τ <
 τc) can 

be written as 

 0

2/3

c

2

c )/1( Ω−≈∆ ζττµγτG , (2.9) 

where µ and cτ  are the shear modulus of the unstressed system and the threshold shear 

stress of the metallic glass at a given temperature. Consequently, the inelastic shear strain 

rate can be expressed as )/exp( B0 TkGτγγ ∆−= && , with a characteristic strain rate 0γ&  that 

depends on an attempt frequency. 

Following the CSM, energetic considerations and molecular dynamics simulation have 

quantitatively evaluated the activation energy barrier and size of STZs [107,108,115]. The 

results suggest that a STZ contains approximately tens to hundreds of atoms, i.e. a spatial 

size of 1-2 nm in diameter, and an activation energy of ~0.3 eV. 

 

µ
 

Fig. 2.11: Experimental shear stress at yielding as a function of shear modulus for various bulk 

metallic glasses at room temperature (taken from Ref. [113]. 
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Finally, it is worth noting that at present it seems that in metallic glasses there is only 

one single mechanism of plastic flow irrespective of the experimental conditions. This 

mechanism (whether one sees it as shear transformation or as diffusive-jump-like 

mechanism) may occur homogeneously throughout the entire volume or may occur 

localised as during shear banding. The different macroscopic responses only arise because 

of different spatial distributions, frequencies, sizes, and temporal evolutions of the “basic” 

flow events. This contrasts with (poly-)crystalline solids, where various distinct 

mechanisms of deformation (e.g. dislocation glide/climb, diffusional creep, or grain-

boundary sliding) are present. In this case, deformation is viewed as a competition of these 

mechanisms, and whichever mechanism is dominant depends on microstructure, 

temperature and stress state. 
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3 Aim of the thesis 

The goal of this thesis project was to deepen the understanding of the inhomogeneous 

deformation characteristics of bulk metallic glasses by deploying compression tests over a 

wide range of temperatures and strain rates. Based on the experimental observations, basic 

parameters of plastic deformation such as activation volume and energy, were deduced, and 

a general constitutive framework describing the deformation kinetics was developed. 

Finally, the issues of possible size effects and the influence of varying free-volume content 

on the deformation behaviour were addressed by means of micropillar compression tests 

and instrumented indentation. 
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3.1 Specific objectives 

3.1.1 Influence of temperature and strain rate on inhomogeneous flow 

Due to the lack of significant plasticity in many bulk metallic glasses at low temperatures 

systematic investigations of their inhomogeneous deformation characteristics are scarce. 

Only the recent development of novel BMGs with increased (compressive) plasticity has 

offered the possibility to carry out such detailed experimental investigations. 

Using the example of “ductile” Zr-based BMGs, we wanted to study in detail the role of 

thermomechanical loading on uniaxial compression deformation behaviour. The main 

objective was to experimentally obtain the stress-strain relationship over a broad range of 

temperatures and strain rates. For this purpose uniaxial compression tests at constant strain 

rates and changing strain rates were performed. The strain rate change tests (i.e. transient 

tests) allow an evaluation of the strain rate sensitivity and provide activation parameters 

(such as activation volumes and energies) so far not accessible for inhomogeneous flow. 

The aim was also, by means of e.g. high-resolution scanning electron microscopy (SEM) 

observations on shear surfaces, to elaborate a fundamental understanding of structural 

change during deformation and its influence on shear band formation/propagation. 

 

 

3.1.2 Constitutive modelling of deformation behaviour 

In addition to the phenomenological description of the relationship between microstructure 

and mechanical properties, the investigations also aimed to develop a constitutive physical 

model of the deformation of BMGs. Besides being of scientific interest, understanding how 

atomic-scale mechanisms of deformation lead to shear localisation may also pave the way 

for the design of new alloys with less tendency towards shear localisation and therefore 

with enhanced plasticity. 

Based on our experimental findings, and adapting certain concepts used to describe the 

inhomogeneous deformation behaviour of crystalline solids showing dynamic strain aging, 

a constitutive framework was developed. The implications of the model were discussed and 

cross-checked via measurements of the temperature- and strain-rate-dependent shear band 

densitiy and comparison with recent findings in literature. 
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3.1.3 Deformation size effects and influence of free volume on plasticity 

In macroscopic samples it is commonly observed that during inhomogeneous BMG 

deformation different length scales exist or develop, such as shear offsets on the sample 

surface (typically hundreds of nanometers to micrometers), shear band spacing (on the 

order of micrometers) and shear band thickness (~10–20 nm). Consequently, the question 

emerged of possible size effects in the deformation behaviour of metallic glasses when 

sample dimensions are decreased down to these length scales. It is also known that the 

structural state of a metallic glass can significantly influence its mechanical properties. A 

prominent example here is the embrittlement (i.e., loss of toughness) of metallic glasses 

with time/annealing. Less, however, is known about the influence of the material conditions 

(e.g. variation of free volume content) on the atomic-scale mechanisms of deformation. 

We chose to address these questions by performing in-situ SEM compression tests on 

micropillars of different sizes, geometries and free volume contents. Complementary 

instrumented indentation tests on the material in its different conditions might reveal further 

information, such as pressure sensitivity, and thus shed further light on the underlying 

processes governing plastic deformation in metallic glasses. 
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4 Temperature and strain-rate effects on the 
inhomogeneous flow behaviour 

This chapter summarises the experimental investigations of this study, with a focus on the 

mechanical characterisation via temperature and strain-rate-change tests performed on 

various Zr-based bulk metallic glasses. The investigations show that serrated flow 

disappears below a critical temperature and above a critical strain rate, in accordance with a 

change in the strain-rate sensitivity from negative to positive values. Possible 

micromechanical reasons for this behaviour are discussed. 

The results presented provide a basis for the constitutive modelling of the deformation 

behaviour in Chapter 5. Some of the findings presented in this chapter have, in slightly 

modified versions, been published separately in various journals1. 

                                                 
1  1)  F.H. Dalla Torre, A. Dubach, M.E. Siegrist, J.F. Löffler, Applied Physics Letters 89 (2006) 091918. 
 2)  A. Dubach, F. H. Dalla Torre, J.F. Löffler, Philosophical Magazine Letters 87 (2007) 695. 
 3)  F.H. Dalla Torre, A. Dubach, A. Nelson, J.F. Löffler, Materials Transactions 48 (2007) 1774. 
 4)  F.H. Dalla Torre, A. Dubach, J. Schällibaum, J.F. Löffler, Acta Materialia 56 (2008) 4635. 
 5)  A. Dubach, F.H. Dalla Torre, J.F. Löffler, Acta Materialia 57 (2009) 881. 
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4.1 Introduction 

Ever since their development the mechanical properties of metallic glasses have attracted 

great scientific interest. Their frequent lack of plasticity at temperatures substantially below 

Tg, however, has prevented systematic experimental investigations into their 

inhomogeneous flow behaviour and the precise effects of temperature and strain rate. 

Consequently, mechanical examinations have concentrated mainly on homogeneous 

deformation at elevated temperatures (i.e., the supercooled liquid regime) or constraint 

geometries, such as during instrumented indentation tests. Only with the discovery of 

monolithic BMGs, which reveal a certain (compressive) plasticity or malleability, have 

detailed investigations of the deformation kinetics become possible. At present there is a 

general consensus that the basic unit process underlying deformation must be a local 

rearrangement of atoms that can accommodate shear strain. Following the seminal work of 

Argon [1], these local rearrangements are generally referred to as “shear transformations” 

or “shear transformation zones” (STZs) [2]. Important insights into the deformation 

behaviour of metallic glasses have also been gleaned from recent computer simulations, 

where parameters such as activation energy and volume of a STZ or strain-rate sensitivity 

(SRS) have been derived [3,4,5,6,7]. Generally, the SRS characterises the kinetically-driven 

response of the stress (σ ) for a material at a given strain (ε ) upon a change in the applied 

strain rate ε& . It can be quantified by the strain-rate sensitivity parameter, m, by 

 
εε

σ
⎟
⎠
⎞

⎜
⎝
⎛
∂
∂

=
&ln

lnm . (4.1) 

Materials exhibiting values of m close to zero are not rate-sensitive (this is e.g. typical for 

athermal deformation mechanisms such as twinning in crystalline materials), while a value 

of unity corresponds to perfect Newtonian flow where the stress is directly proportional to 

the strain rate (i.e. purely thermally activated). 

Despite these recent developments a detailed microscopic, kinetic and thermodynamic 

interpretation of the shear process is still lacking, and none of the existing constitutive 

equations for inhomogeneous plastic flow addresses the serrated flow as a kinetic 

phenomenon sufficiently well. 
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So far only a few literature reports have paid attention to the surface morphology of 

shear planes in bulk amorphous metals [8,9]. This is mainly because of the generally small 

amount of plastic strain occurring before failure, which would otherwise result in large 

enough shear offsets and thus allow more detailed microscopic examination. The 

observation of the surface morphology of shear planes, however, provides information 

important for the description of possible deformation mechanisms in metallic glasses. 

Fracture surfaces of metallic glasses, on the other hand, are well known and described by 

their typical river, vein or other flow patterns [10,11]. These flow features suggest that 

temperatures well above the glass transition temperature are reached at the moment of 

fracture. Since their first observation, several thermographic experiments have supported 

the idea of these high-temperature bursts at fracture [12,13,14,15]. Some ambiguity with 

respect to adiabatic heating and the amount of temperature rise associated with shearing 

before fracture, however, remains, and has stimulated recent debate as to whether the 

temperature might be high enough to instigate a localised drop in viscosity and thus 

promote easy glide along this softened shear zone [16,17,18,19]. 

 

 

 

4.2 Material & methods 

4.2.1 Material 

The bulk metallic glass commonly referred to as Vit105 (Zr52.5Ti5Cu17.9Ni14.6Al10, 

composition given in atomic percent2) serves as “model material” for the investigations in 

this project. The reason for studying this material is because extensive research has been 

performed on Vit105 and many of its physical, thermodynamical and mechanical properties 

are readily available in literature (cf. Table 4.1). Further, it does not contain any toxic or 

hazardous elements, such as beryllium, and it is reasonably straightforward in its 

production, which is not the case for other alloys (e.g. Pd-based BMGs, which require 

fluxing). 

 

                                                 
2 All the chemical compositions mentioned in this work are indicated in atomic percent. 
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Table 4.1: Selected properties of Vit105 from literature [20,21,22]. 

Critical cooling rate (Ks-1) ~10 

Tg (K) at heating rate 40 K/min 675 

Supercooled liquid region (K) 52 

Reduced glass transition temperature (Tg/Tm) 0.63 

Density (g/cm3) 6.73 

Young’s modulus (GPa) 88.6 

Shear modulus (GPa) 32.3 

Bulk modulus (GPa) 114.1 

Poisson’s ratio 0.37 

Vicker’s hardness (HV0.2) 579 

 

Complementary tests were also performed on Cu50Zr50 and Zr57.9Cu22Fe8All2Pd0.1 

BMGs. Prealloys of the compositions mentioned were prepared by arc melting the pure 

elements in a Zr-gettered high-purity argon atmosphere (99.9999 % purity) in an 18-litre 

Bühler arc melter equipped with an LSG400 power supply (Edmund Bühler GmbH, 

Tübingen, Germany). To guarantee homogeneity the prealloys were re-melted several 

times. The purity of the elements used ranged from 99.9 % to 99.999 % (see Table 4.2). 

They were cleaned with ethanol in an ultrasonic cleaning unit before use. 

 

Table 4.2: Purity, form and supplier of elements used. 

Element Purity Form Supplier 

Zr 99.9 % crystal bar MMA 

Ti 99.995 % pellets Cerac 

Cu 99.998 % VP rod* Praxair MRC 

Ni 99.99 % VP rod* Praxair MRC 

Al 99.999 % pellets Cerac 

Fe 99.97 % pieces Alfa Aesar 

Pd 99.95 % bar UBS 

 * vacuum-processed, low oxygen content (< 10 ppm) 
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From the prealloys smaller cylindrical rods were suction-cast in a Bühler MAM-1 

system (200 mbar argon atmosphere) into a copper mould with a length of ~30 mm and a 

diameter of 3 mm (and 2 mm for the Cu50Zr50 samples), as shown in Fig. 4.1. Compression 

test specimens with a length-to-diameter ratio of 5/3 = 1.7 were cut from these rods and 

subsequently polished to ensure parallelism with the loading plates during compression 

testing. 

 

 

Fig. 4.1: Suction-cast Vit105 rod and corresponding copper mould. 

 

 

4.2.2 Experimental characterisation 

By default, the amorphous structure of the specimens was confirmed by X-ray diffraction 

(XRD) using a PANalytical X’pert diffractometer using Cu–Kα radiation, and by 

differential scanning calorimetry (DSC) using a Seteram Labsys DSC (at a heating rate of 

20°C/min). Complementarily, the microstructure of selected, polished cross-sections was 

qualitatively analysed by optical microscopy to check the presence of large impurities and 

crystallites. Both shear-band appearance and shear surfaces of deformed specimens 

(fractured and unfractured) were investigated by means of scanning electron microscopy 

(SEM) using a LEO 1530 equipped with a field-emission gun. 
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The microstructure of some samples was investigated by transmission electron 

microscopy (TEM). The experiments were performed with a Philips CM20 microscope 

operating at 200 kV. TEM samples were prepared by mechanical dimpling for ~30 min 

followed by ion milling with a 3 keV argon beam. 

Oxygen content was analysed by hot-extraction using a LECO TC-436 with high-purity 

Ni as the bath metal. The equipment was calibrated for oxygen using a zirconium standard 

(LECO 1280 ppm oxygen, where ppm values refer to mass parts). 

The elastic modulus was measured at 10 Hz by dynamic mechanical analysis (DMA) 

with a Mettler DMA Messmodul apparatus in a temperature range from 130 to 360 K at a 

heating rate of 1 K/min. Constant cross-head displacement tests and strain-rate-change tests 

in compression were performed on a screw-driven four-column Schenck Trebel machine 

(equipped with a 100 kN load cell) over a temperature range of 77 to 673 K, where strain 

and strain rate were measured from the crosshead displacement and speed, respectively. In 

order to ensure confidence in the measured crosshead displacement, a clip gauge was 

additionally mounted on the pistons directly above and below the specimens. Various 

crosshead velocities ranging from 0.01 to 60 mm/min were applied, resulting in initial 

strain rates of 3.3 × 10-5 to 0.2 s-1. The samples were cooled to the desired temperature of 

between 77 K (liquid nitrogen) and room temperature (RT) by immersing them in various 

cooling mixtures with ethanol and liquid nitrogen or dry ice (CO2) during testing. Some 

recent tests were also performed in an EC2043 climate chamber with a CU2007 control unit 

by Severn Thermal Solutions Ltd, Bristol, UK. Temperature was measured using a 

thermocouple mounted on the disc piston next to the specimen, and held constant at ± 2 K 

during testing. The cyclic strain-rate-change tests were performed by alternating the 

crosshead speed between two distinct values (generating corresponding strain rates 1ε&  and 

2ε& , respectively). A ratio of 12 /εε &&  = 10 and 12 /εε &&  = 2 was chosen for temperatures below 

600 K and above 600 K, respectively. To clearly differentiate the stress drops from the 

background noise of the load cell (with a resolution of ~2–3 MPa) a value of 5 MPa was 

chosen as the lower limit of the serration amplitude. Acquisition rates from 20 to 300 Hz 

were used to provide information on the duration of the shear events. 

Finally, shear-band appearances and densities on the surfaces of samples deformed to a 

plastic strain of ~1 % at different temperatures and strain rates were characterised by optical 
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microscopy. The shear offsets were quantified using a non-contact scanning laser 

profilometer (UBM telefocus measurement system). 

 

 

 

4.3 Results 

4.3.1 Microstructural and thermophysical properties of Vit105 

Figure 4.1 shows an example of an as-cast Vit105 rod with a diameter of 3 mm. Generally, 

the as-cast samples exhibit very good and shiny surface quality, and the optical microscopy 

investigations on polished cross-sections reveal no impurities or crystallites, suggesting a 

macroscopically homogeneous, amorphous sample structure, as also confirmed by TEM 

observations (Fig. 4.2a). Partially crystalline specimens, such as those shown on the 

example of failed cast plates in Fig. 4.2b, are not generally observed under proper standard 

casting conditions. 

 

Fig. 4.2: (a) Bright field TEM image with selected area diffraction pattern of an as-cast Vit105 
sample; and (b) optical microscopy image (using a polariser) of a polished cross-sections of a failed 
cast Vit105 plate, revealing the presence of crystallites, i.e. dendrites, of ~20 µm in diameter. The 
cross-section was etched in a solution of 45 % H2O, 45 % HNO3 (65 %), 10 % HF (40 %) for 30 s. 
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Further analysis by means of XRD and DSC confirmed the amorphous structure of the 

suction-cast cylindrical Vit105 specimens and correspondingly the reproducibility of the 

process. As shown in Fig. 4.3a, a typical XRD scan of an as-cast Vit105 specimen reveals 

no distinct (crystalline) peaks but only characteristic amorphous “humps” with the main 

one at 2θ ≈ 37.5°. As shown in Fig. 4.3b, DSC scans at a heating rate of 20°C/min reveal a 

glass transition temperature Tg of 400°C, an onset temperature of crystallisation Tx,onset of 

458°C and a crystallisation enthalpy of 61 J/g. These results are similar to values in 

literature, e.g. Ref. [21]. The measured oxygen content of the as-cast cylindrical rods 

typically lies in the range of 190 ± 20 ppm. 
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Fig. 4.3: Characteristic (a) XRD and (b) DSC scan of as-cast Vit105. 

 

 

4.3.2 Deformation behaviour at room temperature 

Figure 4.4 shows characteristic stress-strain curves for Vit105 tested under compressive and 

tensile loading at constant strain rates. The yield or fracture stress at the elastic strain limit 

of 0.02 are 1890 MPa (compression) and 1780 MPa (tension), revealing a slight strength 

asymmetry which also manifests itself in the different fracture angles of ~42° 

(compression) and ~55° (tension), indicating Mohr-Coulomb failure criterion, τ = k0
 – ασn, 

where τ is the effective shear stress, k0 is a constant and α is a system-specific coefficient 

that controls the strength of the normal stress σn [23]. (Note that in crystalline alloys mainly 

pressure-insensitive criteria such as the Tresca or the von Mises yield criterion are applied, 
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i.e. α = 0.) While under tensile conditions fracture occurs without any significant plastic 

deformation, several percent of deformation are achieved under compressive loading. This 

is surprising because the vast majority of monolithic BMGs shows no significant 

compression plasticity under comparable test conditions. 

 

0.00 0.02 0.04 0.06 0.08
0

500

1000

1500

2000

En
g.

 s
tre

ss
 (M

Pa
)

Eng. strain

(a)

0.00 0.02 0.04 0.06 0.08
0

500

1000

1500

2000 (b)

E
ng

. s
tre

ss
 (M

P
a)

Eng. strain

Fig. 4.4: Characteristic (a) compressive and (b) tensile stress-strain curves for Vit105 specimens 
tested at room temperature and a strain rate of 10-3 s-1; the insets show the fractured specimens with 
fracture angles of ~42° (compression) and ~55° (tension). 

 

In addition, under confined loading conditions (i.e. aspect ratio < 1) high compressive 

plastic strains can be achieved. As shown in Fig. 4.5, the initial thickness of 1 mm of an as-

cast Vit105 specimen can be reduced by 80 % by rolling, without catastrophic failure. 

(Rolling was performed at room temperature on a Duo-Walzwerk EW105/106 by Bühler, 

Germany in multiple cycles, while thickness was reduced by ~1.5 % in each cycle.) This 

shows that depending on the loading conditions BMGs can be plastically deformed to an 

extremely large extent. Such behaviour, for example, is relevant for potential industrial 

applications of BMGs. 
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Fig. 4.5: Rolled Vit105 sample with a thickness reduction from 1 mm to 0.2 mm. 

 

Plastic deformation at room temperature is inhomogeneous and localised in narrow 

shear bands. The activation and propagation of individual shear bands gives rise to serrated 

flow behaviour (Fig. 4.4) which manifests itself as stress drops and small displacement 

bursts during plastic deformation at constant crosshead speed. Zooming in on the serrations 

it becomes obvious that after a successful shear event stress builds up again elastically until 

the next shear event takes place, leading to a stress drop and corresponding plastic strain. 

Generally, an increase in the stress drops with increasing strain is observed. The average 

magnitude increases approximately linearly with increasing strain, as shown in Fig. 4.6a. A 

steady occurrence of smaller stress drops along with increasing strain is commonly 

observed up to intermediate strain levels. 

As shown in Fig. 4.6b, tests on numerous monolithic samples reveal a decrease in the 

amplitude of the stress drops per average shear event with increasing strain rate. The same 

trend was observed previously in nanoindentation and compression tests on BMGs, e.g. in 

Refs. [24,25,26,]. The time needed for a stress drop occurrence increases with increasing 

stress drops from 10–40 ms at low stress drops (5–10 MPa) to ~100 ms at the highest stress 

drops (~40 MPa). Along with a decrease in the average stress drop per shear event, an 

increase in the average strain produced by a single shear event has been observed with 

increasing strain rate such that they balance each other out. This results in a roughly 

constant product of stress times strain per shear event. 
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Fig. 4.6: (a) Stress drops as a function of strain tested on a single Vit105 specimen at a strain rate of 
10−3 s−1 (the inset shows the corresponding stress-strain curve with the time scale for the duration of 
the test). (b) Mean stress drop per shear event versus strain rate for a series of Vit105 samples. 

 

Figure 4.7a shows a stress-strain curve from a Vit105 specimen, where the strain rate 

was cycled between 3.7 × 10-3 s-1 and 3.3 × 10-4 s-1, starting with the higher strain rate and 

achieving 2.5 cycles. The flow stresses reach slightly higher values at the lower strain rate, 

indicating a small but negative strain-rate sensitivity. Systematic investigations at different 

strain rates showed that the strain-rate sensitivity is negative over the whole range of tested 

strain rates. The strain-rate sensitivities determined are shown in Fig. 4.7b, plotted as a 

function of the mean strain rate (which is the average of the two strain rates applied during 

the strain-rate-change tests). Due to small changes in stress upon changes in strain rate 

compared to the significantly higher stress drops (at constant deformation speed), the 

estimation of the strain-rate sensitivity is obscured, resulting in relatively large error bars. 
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Fig. 4.7: (a) Characteristic compressive stress-strain curve for a Vit105 specimen tested at 
oscillating strain rates of 3.7 × 10-3 s-1 and 3.3 × 10-4 s-1; the red lines indicate the average 
(maximum) flow stress. (b) Room-temperature strain-rate sensitivity as a function of the applied 
mean strain rate. 

 

 

4.3.3 Deformation behaviour as a function of temperature and strain rate 

Figure 4.8a shows the stress-strain behaviour of two Vit105 specimens tested at room 

temperature and 77 K at a strain rate of 10-4 s-1. The samples exhibit nearly elastic-perfectly 

plastic behaviour, and show high strains to failure of 7 % and 11 %, respectively. The 

samples are X-ray amorphous, but as reported in Refs. [27,28] their (relatively) high strain 

to failure may be ascribed to the presence of a small volume fraction of nanocrystals 

homogeneously distributed in the amorphous matrix (see also Section 4.5). Nevertheless, 

further experimental investigations are necessary to clarify the exact reasons for the 

compressive plasticity obtained. Statistically, greater strains to failure are measured at 

lower temperatures. The flow stress at 77 K is about 320 MPa higher than at room 

temperature, in rough accordance with the increase in the elastic modulus. Fig. 4.8b shows 

the temperature dependence of the elastic modulus (E’) measured by DMA and the flow 

stress. The elastic modulus decreases linearly with increasing temperature, whereas the 

flow stress decreases with increasing temperature following a power law with a temperature 

exponent less than unity. The data may be fitted by a T2/3-law, as derived in Ref. [29]. 

However, as discussed in Section 5.3.1, a refined analysis of the temperature dependence of 

the flow stress over a larger temperature range reveals a deviation from this T2/3 law. 
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Fig. 4.8: (a) Characteristic stress-strain curve of Vit105 tested at RT (T = 300 K) and liquid nitrogen 
temperature (T = 77 K) at a strain rate of 10-4 s-1. (b) Elastic modulus E’ (measured by DMA) and 
compressive flow stress (at a strain rate of 3.33 × 10-4 s-1) of Vit105 as functions of temperature. The 
elastic modulus decreases linearly with temperature while the flow stress appears to follow a T2/3-
dependence (dashed lines). 

 

Plastic flow at room temperature proceeds in a jerky way, as reflected in the serrated 

flow curves in Figs. 4.6a and 4.8a (see Section 4.4.2 for further details on the 

micromechanical origins of serrated flow). In contrast to room temperature measurements, 

no serrated flow is present at 77 K and the stress-strain curve becomes smooth. At the same 

time, statistically larger plastic strains to failure are measured in the non-serrated flow 

regime at low temperatures, as shown in more detail in Section 5.3.1. Although the 

deformation at low temperature appears macroscopically to be homogeneous, it is spatially 

inhomogeneous: optical micrographs still reveal the presence of individual shear bands in 

the form of slip steps on the surface of the tested specimens, as shown in Fig. 4.9a. 

Similarly, the fracture surfaces of the specimens tested at 77 K in Fig. 4.9b exhibit typical 

vein patterns with a few liquid droplets which are attributable to the adiabatic heating 

caused by the dissipation of elastic strain energy within the shear band at the moment of 

failure. 
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Fig. 4.9: Shear bands on the surface of a tested sample (left) and SEM image of a fracture surface 
(right) after compression testing at T = 77 K. 

 

Figure 4.10a shows the compressive stress-strain behaviour of two Vit105 specimens 

tested at room temperature and 77 K while alternating the applied strain rate between 

=ε& 7.33 × 10-4 s-1 and =ε& 6.67 × 10-5 s-1. Increasing the strain rate during deformation at 

77 K generates an increase in the flow stress (positive strain-rate sensitivity) which 

contrasts with the behaviour measured at room temperature, where an increase in the strain 

rate produces a decrease in the flow stress (negative strain-rate sensitivity). 

The observed disappearance of serrated flow at low temperatures (cf. Fig. 4.8a) is 

highlighted in Fig. 4.10b: at a temperature of 195 K the deformation behaviour changes 

from serrated to non-serrated flow upon a change in the strain rate. Early work on 

Pd78Cu6Si16 (which has Tg and mechanical properties comparable to those of Vit105) has 

shown a disappearance of serrated flow below a critical temperature of ~200 K [10], which 

is in good agreement with our results. Obviously the appearance/disappearance of serrated 

flow is reversible: at the higher strain rate =1ε& 7.33 × 10-4 s-1 no serrations are present, 

whereas at the lower rate =2ε& 6.67 × 10-5 s-1 serrations are clearly visible. Systematic 

investigations of the transition from discrete to continuous yielding showed that 

temperature and strain rate are interrelated: for each given temperature there exists a critical 

strain rate cε&  at which the transition takes place, or, correspondingly, for each strain rate 

there is a critical temperature Tc at which the transition occurs. 
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Fig. 4.10: Compressive stress-strain curves for Vit105 obtained while alternating the applied strain 
rate between =1 7.33 × 10-4 s-1 s-1 and =2ε& ε& 6.67 × 10-5 s-1 (a) measured at room temperature and 
77 K and (b) at 195 K. 

 

Complementary strain-rate-change tests were also performed at elevated temperatures. 

Fig 4.11 shows the true stress-strain behaviour of three samples tested at different 

temperatures close to Tg and alternating applied strain rates ( =1ε& 1.33 × 10-4 s-1 and 

=2ε& 6.67 × 10-5 s-1). Apparently, no serrations can be identified. In contrast to that at low 

temperatures, the plastic deformation here is homogeneous both in space and time and 

significant plastic strains (> 25 %) are achieved without failure. The maximum flow stress 

decreases drastically with an increase in the temperature from 623 K to 673 K. A clear 

stress overshoot at yielding and upon increasing the strain rate (and a stress undershoot 

upon decreasing the strain rate) is visible in the stress-strain curves, characterising a 

transient state where the material adjusts to the new strain-rate condition. Its magnitude, 

however, significantly decreases with increasing temperature, as similarly observed in Ref. 

[30]. The steady-state flow stress is higher at higher strain rate, i.e. it displays a positive 

strain-rate sensitivity. 
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Fig. 4.11: Strain-rate-change tests between =1ε& 1.33 × 10-4 s-1 and =2ε& 6.67 × 10-5 s-1 and in the 
homogeneous deformation regime at elevated temperatures, starting with the higher strain rate. A 
clear stress overshoot/undershoot is visible at 623 K and 648 K after an increase/decrease in the 
strain rate. 

 

 

 

4.4 Discussion 

4.4.1 Temperature and strain-rate dependence of serrated flow and strain-rate 
sensitivity 

The results of the systematic investigation of the transition from discrete to continuous 

yielding are summarised in Fig. 4.12 for temperatures between 77 K and 380 K and strain 

rates between 3.3 × 10-5 s-1 and 0.2 s-1 in an Arrhenius plot. The boundary between 

appearance and disappearance of serrated flow is plotted by fitting the critical strain rate cε&  

for the transition from serrated to non-serrated flow according to 

 ⎟⎟
⎠

⎞
⎜⎜
⎝

⎛
−=

Tk
QA
B

c expε& , (4.2) 
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where A is a constant and Q is the apparent activation energy, determined to be Q = 0.37 eV 

(see dashed line in Fig. 4.12). It should be noted that this schematically-drawn line reflects 

a physical change in the deformation behaviour as a function of the different testing 

conditions: in one case (T > Tc, ε&  < 
cε& ) it is characterised by a strongly non-uniform shear 

deformation (serrated flow), whereas in the other case (T < Tc, ε&  > 
cε& ) a temporally 

uniform flow behaviour prevails. The boundary represents the lower energy limit for the 

onset of serrated flow, which is governed by a diffusional relaxation process where the 

strain rate matches the rate of diffusional relaxation (explained in detail in Chapter 5). In 

this respect, at the boundary the free energy for STZ activation ∆G changes as a function of 

temperature. 
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Fig. 4.12: Arrhenius plot illustrating the appearance and disappearance of serrated flow in Vit105. 
The dashed line, describing the transition from serrated to non-serrated flow, is a fit according to 
Eq. 4.2. 

 

It should be noted that the magnitude of the stress drops depends on various parameters. 

On the one hand, it is dominated by the material’s instability mechanism, which here 

depends on microstructure, binding energy, elastic constants and Tg, i.e. material-dependent 

parameters. On the other, external parameters such as machine stiffness, compliance of the 
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load cell, sample geometry and possible sample imperfections may interfere with the slope 

of the transition from serrated to non-serrated flow. However, it is reasonable to assume 

that the instability mechanism remains the same for the transition, i.e. the change of the 

viscosity within the shear band remains approximately constant when changing temperature 

and strain rate in a reversible manner. In literature only a few data exists regarding the 

temperature-dependent inhomogeneous flow behaviour of BMGs. (Some work on this topic 

was done already in the 1970s and 1980s by Pampillo and Chen or Masumoto, Maddin and 

co-workers, e.g. [10,11].) Compression and bending experiments conducted by Kimura and 

Masumoto on an amorphous Pd78Cu6Si16 sample (which has Tg and elastic moduli 

comparable to the material we use) revealed an activation energy for the transition of 

0.35 eV [31,32], in close agreement with our value. Tearing experiments on amorphous 

Fe8Ni70Si10B12 and Co78Si10B12 ribbons revealed activation energies for the transition of 

0.46 eV and 0.48 eV, respectively [33]. However, no further interpretation of the 

determined activation energies was given in these early studies. Finally, the activation 

energy of STZs in simulations were recently determined to be 0.34 eV [4] and 0.31 eV [7] 

for a CuTi and a NiZr model glass, respectively. These values are close to the activation 

energy for the transition from serrated to non-serrated flow, Q = 0.37 eV, obtained from the 

fit in Fig. 4.12. Therefore, it might be speculated if the experimentally determined 

activation energy Q for the transition, which is characterized by the absence and presence 

of structural relaxation, reflects the activation energy of STZ operation in this respect? 

As shown in the following, a change in the strain-rate dependence of the stress (strain-

rate sensitivity) accompanies the change from serrated to non-serrated flow. The strain-rate-

change tests enable us to determine the macroscopic strain-rate sensitivity. In this context a 

distinction can be made between the instantaneous and the asymptotic SRS (see Fig. 4.13 

for (a) positive and (b) negative SRS). The instantaneous SRS ( ) of the flow stress, 

which is an intrinsically positive parameter of a viscoelastic solid (Maxwell body), 

describes the instantaneous change in the flow stress (

im

iσ ) upon a change of the strain rate 

(ε& ) and is in infinitesimal notation defined as [34,35] 

 
εε

σ
⎟
⎠
⎞

⎜
⎝
⎛
∂
∂

=
&ln

ln i
im . (4.3) 

In contrast, the asymptotic SRS ( ) characterises the steady-state change after a 

(possibly existing) transient of the flow stress according to  

∞m
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εε
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⎞

⎜
⎝
⎛
∂
∂

=
&ln

ln s
im , (4.4) 

where sσ  is the flow stress levelled-off at the steady-state value after a characteristic time-

lag  [35]. φt

 

 

 

Fig. 4.13: Schematic illustration of the stress response to a strain-rate change ( 21 εε && < ) in the case of 

(a) a positive asymptotic SRS ( ) and (b) a negative asymptotic SRS ( m ), modified after 
Refs. [34,37]. 

0>m 0<∞ ∞
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It should be noted that the concepts used here to derive macroscopic values for the 

strain-rate sensitivity are taken from constitutive laws commonly applied to homogeneous 

deformation. Nonetheless, this concept has shown its usefulness in describing deformation 

kinetics in crystalline metals deforming inhomogeneously, e.g. via the dynamic strain aging 

(DSA) mechanism [35,36,37]. Facing the difficulty of measuring the effective strain rate 

within a shear band during deformation on a microscopic level, our model has some 

limitations. A straightforward way of dealing with this issue is to introduce a fraction of 

shearing volume in the macroscopic shear strain rate, as did e.g. Argon [38]. In the non-

serrated flow regime at low temperatures a rough estimation of the effective shear strain 

rate in the shear band during uniaxial compression can be made based on geometrical 

considerations, i.e. 

 
θ

εγ
cos

0

nh
l&

& = , (4.5) 

where ε&  is the applied (uniaxial) strain rate, l0 is the initial height of the specimen, n is the 

number of simultaneously active shear bands, h is the thickness of a shear band and θ is the 

angle between shear band and loading axis. Assuming that only one shear band is active 

(i.e. n = 1) and using l0
 = 5 mm, h = 20 nm and θ = 45° yields . This 

estimation points out that even if several shear bands operate simultaneously the local shear 

strain rate is orders of magnitude higher than the global, applied strain rate. In the serrated 

flow regime even higher local shear strain rates can be expected due to the strong temporal 

localisation of the shear banding events. 

εγ && 5105.3 ×≈

Figure 4.14 summarises the asymptotic SRS as a function of the testing temperature for 

different mean strain rates, 2/)( 21mean εεε &&& += . Due to the completely brittle behaviour of 

the specimens between 400 K and 600 K the SRS in this temperature range could not be 

determined by strain-rate-change tests. The asymptotic SRS is negative when serrated flow 

prevails and positive when serrations are absent. Three different temperature regimes can 

be distinguished. (I) At very low temperatures (below ~200 K for our tested strain-rate 

range) the SRS is positive and deformation proceeds in a smooth manner (i.e. with no 

serrations). The presence of shear bands on the deformed specimens, however, indicates 

that deformation is still inhomogeneous in space. (II) In the intermediate temperature range 

(200–380 K) the SRS is negative and deformation proceeds by shear banding in a jerky 
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manner. (III) At elevated temperatures the SRS is again positive and deformation is 

homogeneous in space and time. 
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Fig. 4.14: Asymptotic strain-rate sensitivity of Vit105 as a function of temperature and mean strain 
rate. 

 

The change in the SRS from positive (T < 195 K) to negative values (T > 195 K) 

indicates a change in the micromechanism of flow, despite the fact that deformation still 

proceeds by shear banding. It also provides evidence that the disappearance of serrations at 

low temperatures or high strain rates is a true material response and does not result from 

instrumental artefacts (i.e. lack of resolution). As pointed out in Ref. [39], other 

instrumental effects arising from the lateral and longitudinal constraints of tested samples 

may play a role in the arrest of shear bands. When a sample is deformed along a shear band 

the lateral movement of the two half-parts may be hindered by the friction between sample 

top/bottom surfaces and the compression pistons so that further slip along the shear band 

would not be possible. However, because of the narrowness of the shear band (~10–20 nm) 

the lateral movement is generally very small and it is questionable whether the lateral 

constraint effect is significant for the shear-band arrest. Further, large plastic deformation is 

achieved in specific metallic glasses only. At exactly the same compression conditions, the 

vast majority of monolithic BMGs do not show significant compressive plasticity, which 
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suggests that the shear-band arrest is most likely an intrinsic material property of “ductile” 

(or malleable) metallic glasses (which may to a certain extent contain structural 

inhomogeneities). 

Systematic mechanical investigation of other BMGs (Zr57.9Cu22Fe8All2Pd0.1 and 

Cu50Zr50) confirmed the phenomenological observation made regarding Vit105 (e.g., the 

increase in the magnitude of the stress drops with increasing strain and decreasing strain 

rate) and the correlation between the disappearance/appearance of serrated flow and the 

change in the strain-rate sensitivity (see Table 4.3). Similar to Vit105, the transition from 

serrated to non-serrated flow for these alloys takes place at a critical temperature of around 

Tc
 ≈ 200 K (for a strain rate of 10-4 s-1), as also reported earlier for a Pd-based BMG [31,40]. 

This analogy is not surprising because all these glass-forming alloys possess comparable 

elastic constants and glass transition temperatures of  around 675 K. However, recent 

results by Huang et al. [41] on a Ti40Zr25Ni3Cu12Be20 BMG with a lower Tg of about 590 K 

(but with comparable Young’s modulus, E = 89 GPa) showed that the disappearance of 

serrated flow for a strain rate of 4 × 10-4 s-1 takes places at a temperature below 193 K. 

Further, the serrated flow characteristics are strongly dependent on the chemical 

composition of the metallic glass. For example, the serrations of Cu50Zr50 BMG are less 

pronounced than for Vit105, and different metallic glasses exhibit at room temperature 

different critical strain rates, where serrations cease (e.g. as shown in nanoindentation 

experiments [25]). This compositional dependence illustrates the importance of local 

atomic rearrangements in shear bands and may be taken into account by scaling to the 

homologous temperature, resulting in a generalised deformation map, as in Ref. [26]. 

 

Table 4.3: Strain-rate sensitivity values of different BMGs measured at various temperatures at a 
mean strain rate of 2 × 10-3 s-1. 

BMG composition Strain-rate sensitivity 

 T = 300 K T = 195 K T = 153 K T = 77 K 

Zr52.5Ti5Cu17.9Ni14.6Al10 -0.001 ± 0.001 0.0003 ± 0.001 0.0030 ± 0.0005 0.0055 ± 0.0005 

Zr57.9Cu22Fe8All2Pd0.1 -0.002 ± 0.0002 n.m. n.m. 0.0035 ± 0.0005 

Cu50Zr50 -0.001 ± 0.0002 0.000 ± 0.001 0.001 ± 0.001 0.004 ± 0.001 

The errors result from variations of the measured values. The abbreviation n.m. stands for “not measured”. 
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Finally, it should be noted that the mechanical behaviour of the Cu50Zr50 alloy is greatly 

affected by the fraction of (nano-)crystals embedded in the amorphous matrix. It is known 

that bulk Cu50Zr50 samples with diameters of 1–2 mm consist of an amorphous matrix 

containing fine crystalline particles with a size of about 5 nm [27]. This inhomogeneity in 

the microstructure reflects their sensitivity to the glass-forming ability, critical casting 

thickness and processing history of the binary alloy. Our investigations show that 

completely X-ray-amorphous samples show a sharp elastic/plastic transition, no strain 

hardening (i.e. elastic-perfectly plastic behaviour) and clear serrations. On the other hand, 

samples with a higher fraction of crystallites, which appear as small peaks overlaying the 

amorphous hump in the XRD spectra, show a lower yield point, significant strain hardening 

and no or very limited serrated flow. In this respect, only Cu50Zr50 samples which showed 

compressive behaviour similar to the former were considered for the analysis of strain-rate 

sensitivity. 

 

 

4.4.2 Micromechanical origins of serrated flow and negative SRS 

The micromechanical source of our phenomenological observations may be regarded as a 

local diffusive type of atomic rearrangement during a successful shear event. The 

inhomogeneous deformation in metallic glasses is localised in “flow defects” or “shear 

transformation zones” comprising small groups of atoms which generate a local 

rearrangement of the surrounding atomic structure and trigger the formation of macroscopic 

planar shear bands. For these shear events to be irreversible (plastic deformation) there 

must be a change in displacement of at least a few atomic neighbours at the core of the 

STZ, which corresponds to a local shear strain on the order of unity. (Note that the 

characteristic, global strain of a STZ is assumed to be ~0.1.) The percolation of such 

activated STZs, occurring within a narrow time span of a few milliseconds, is assumed to 

lead to the formation of shear bands which are macroscopically detected as stress drops 

(serrations) in a stress-strain curve. Such shear processes induce volume dilatations (e.g. 

increased free-volume content [42] generates local “softening” in shear bands [43,44,45]) 

and are believed to locally destroy the short-range order of the BMG, which makes them 

susceptible to preferential etching [10]. 
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Assuming that the basic deformation mechanism of shear banding at room temperature 

is comparable to that at lower temperatures, the disappearance of serrated flow, the change 

in the SRS value and the change in its temperature dependence can be explained by 

incorporating a thermally-activated relaxation process in the cooperative shearing of STZs. 

At sufficiently high temperatures (e.g. room temperature) and low strain rates, where 

serrated flow prevails, atoms located in a STZ and adjacent areas which have undergone 

stress-driven atomic shearing and were moved away from their original positions can now 

structurally relax towards a lower state of energy via collective, diffusive processes. This 

generates a higher resistance to shear banding and thus higher stress amplitude (stress drop 

∆σ). An increase in the strain rate leaves less time for structural relaxation processes, 

leading to a decrease in ∆σ. Above Tc (or, respectively, below cε& ) the diffusive relaxation 

processes keep up with the shear transformations and deformation becomes serrated. This 

structural relaxation may counteract the increase in free volume during a shear event, such 

that the net free volume in the shear band after relaxation is lower than at the moment of 

shearing. This higher atomic density in turn causes a strengthening of the shear band, which 

is experimentally observed by higher yield strength for lower strain rates (or greater 

relaxation times). This results in a deformation regime with a negative SRS. The extent of 

structural relaxation, however, is limited by the time span between two local, adjacent STZ 

operations and the temperature. Below a critical temperature Tc (or above cε& ) the atomic 

mobility is not sufficient to rearrange or relax the configuration of the STZ after a 

successful shear event and deformation becomes macroscopically smooth. In this case, an 

increase in the strain rate generates an increase in the yield strength and therefore a positive 

SRS. Thus, in contrast to the explanation for the disappearance of pop-ins at high 

indentation rates given in Ref. [26] we believe that the absence of serrated flow is caused 

by the inability of a shear band to structurally relax rather than by the simultaneous 

operation of many shear bands. 
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4.5 SEM analysis of shear surfaces 

Figure 4.15a shows a stress-strain curve and the corresponding deformed 

Zr57.9Cu22Fe8Al12Pd0.1 specimen. It was compressed without fracture to more than 20 %. 

The change in the slope of the engineering stress-strain curve is associated with the 

geometrical changes in the cross-sectional area during shearing. Due to the frictional forces 

between the sample and the compression plates, cohesion of the sample is additionally 

supported once its top part makes contact with the lower compression plate (i.e. constraint 

plasticity). At this moment the stress increases again and fracture of the sample becomes 

less critical due to the continuously decreasing aspect ratio (i.e. length/diameter) of the 

specimen. The peculiarly high plastic strain (of ~15 %) in the unconstrained part may be 

attributed to the pre-existence of nano-sized crystals dispersed in the amorphous matrix 

which have been nucleated during solidification (Fig. 4.15b). The positive influence of 

nano-sized crystals embedded in an amorphous matrix on the plastic strain has been 

reported previously by various authors [46,47]. 
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Fig. 4.15: (Left) Stress-strain curve of a Zr57.9Cu22Fe8Al12Pd0.1 sample deformed at room 
temperature and at an initial strain rate of 10-4 s-1. Note that the stress-strain curve above a strain of 
~15 % looses its proper physical significance due highly constraint conditions and frictional forces 
between sample and loading plats. The inset shows the corresponding specimen after deformation; 
the vector arrows indicate the shear direction, while the single arrow indicates the shear surface 
examined by SEM. (Right) Bright-field TEM image with selected area diffraction (SAD) pattern 
indicating the presence of nano-sized crystals embedded in the amorphous matrix. The second ring 
in the SAD pattern, indicated by the arrows, confirms the crystallinity of the darker nano-sized 
contrasts shown in the bright-field image. 
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The left side of Fig. 4.16 shows the linear shear striations that cover 90 % of the totally 

sheared and revealed shear surface. These shear striations bear similarities in appearance to 

those known in ductile shear zones of rock-forming minerals (mylonites), which form as a 

consequence of shear softening towards a semi-fluid state that allows for quasi-viscous 

flow [48,49]. The big arrows in the figures indicate the direction of shear on the surface 

made by the top part of the compression specimen. Detailed examination of the major 

shear-band plane indicates that it is laterally separated into many smaller shear surfaces. 

They are separated by vertical steps facing the opposite direction of the shear, i.e. they form 

a gentle ascending staircase structure. The exact mechanism of heir formation is not clear, 

however, the same orientation of topological shear steps has recently been observed on the 

shear surface of a Pd-based BMG which was deformed during micropillar compression 

experiments [50]. Closer inspection of these shear step surfaces indicates that the majority 

shows a brittle fracture mechanism where a high density of shear bands or microcracks 

intersect, being roughly 100 nm or less apart. On the surfaces of the shear steps only a few 

areas indicate a viscous fracture type, where onsets/nucleations of vein patterns are visible 

(smaller arrows in Fig. 4.16 left). Interestingly, these vein patterns occur at the foot of the 

steps, where shearing along the lower plane is assumed to be more pronounced. Some areas 

indicate a very narrow separation of shear steps. This indicates that the major shear plane, 

or more generally speaking a macroscopically visible major shear band of a deformed 

sample, is not sheared solely on one plane, but is sheared along a whole shear zone 

consisting of many parallel spaced, smaller shear planes. The spacing of these smaller shear 

planes can be as close as several tens of nanometres, which is of the same order of 

magnitude as the nano-sized crystals embedded in the amorphous matrix shown in 

Fig. 4.15. It is not clear from this observation whether the magnitude of the shear-band 

spacing is dictated by the nano-sized crystals; this might, however, explain the increased 

plasticity in the sample [46,47]. 
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Fig. 4.16: SEM images of the shear surface of the sample shown in Fig. 4.14. (Left) Shear striations 
indicating the direction of shear (big arrow) together with shear step surfaces oriented 
perpendicularly to the shear plane. The close-up (b) of one of the shear step surfaces (see square in 
(a)) shows a brittle fracture mechanism with microcracks and a ductile fracture mechanism 
indicated by the vein pattern (see arrows in (b)). The spacing of single shear planes can be as 
narrow as tens to a few hundreds of nanometres (c). (Right) The small arrows in (a) indicate the 
intersection of the major shear plane with a minor one; the large arrow indicates the direction of 
shear of the major shear plane. The vein pattern observed on the triangular feature is of shallow 
depth and reveals a more brittle mode lying underneath (b), closeup shown in (c). 

 

The right-hand image in Fig. 4.16 shows a set of SEM pictures taken from another shear 

step on the shear plane, which (compared to the shear steps shown on the left) does not 
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have a 90° orientation but stands at a greater angle to the shear plane surface in front of it. 

The triangular feature highlighted by a square and shown in greater detail in (b) and (c) is 

to a large extent covered with vein patterns otherwise seen only on fracture surfaces. Closer 

inspection of these vein patterns, however, indicates an important contrast to the fracture 

surfaces of metallic glasses. Here the vein pattern is very thin and reveals a dense network 

of shear bands or microcracks underneath, which suggests localised brittle behaviour 

superimposed by a viscous mechanism. Fractured surfaces, in contrast, are smooth 

throughout their entire visible depth of a few micrometers (see Fig. 2.7 or Fig. 4.9). 

Moreover, the veins seem to be localised by shear bands, acting either as the source of these 

viscous flow patterns or as a barrier. 

Only a few areas on the shear surface were found which exhibit vein patterns and shear 

striations near each other and have the same planar orientation (Fig. 4.17). This 

resemblance between the patterns suggests that the thermal histories of both structures are 

similar. Thus the shear striations can be explained as smeared-out, viscous-like features, 

which compared to the vein patterns have experienced a more intensive compressive shear 

stress component before being exposed to the surface. Note that similar features are also 

generated in tribological wear resistance tests performed on BMGs [51]. 

 

Fig. 4.17: (Left) Area showing viscous flow features in the near neighbourhood of shear striations, 
which have the same shear plane surface as in Fig. 4.15. (Right) Signature of discrete shear slip 
events on the shear surface oriented perpendicular to the shear direction (arrow). These slip marks 
are proof of the reactivation of a pre-existing shear band. The distances of the slip marks have the 
same dimension as the displacement measured from a stress drop in the deformation curve. 
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In order to evaluate whether the stress drops microscopically observed on stress-strain 

curves (see Fig. 4.15) represent single shear events on an existing shear band, or rather a 

sum of instantaneously released, newly nucleated shear bands, the shear surface was closely 

inspected. As shown in Fig. 4.17, slight but distinct slips perpendicular to the shear 

striations on the shear surface (direction of shear indicated by the arrow) are present, 

suggesting that they arise from temporally separated reactivation of the same shear band by 

single shear off-sets or events. Here we refer to single shear events as the stress drops 

recordable during compression testing. Measuring the distance between these marks reveals 

values of 200 nm–2 µm, which are of the same order of magnitude as the shear 

displacements measured from stress-strain curves. This observation confirms that spatially 

and temporally the stress drops can be taken as single shear events occurring along one 

single shear band. To the knowledge of the author such a correlation between the details of 

a stress-strain diagram and microscopic shear slips seen on shear surfaces of metallic 

glasses has not been previously observed. 

The observed stress drops and their increase in magnitude with strain (see Fig. 4.6 a) 

can therefore be approximately associated with the continuous reactivation of the same 

shear band. (Strictly speaking this assumption is only valid in a small strain interval where 

the stress state remains roughly constant. For geometrical reasons, large deformations lead 

to changes of the stress state and consequently to the activation of new shear bands). The 

energy release (∆E) in a single stress drop can be estimated by  

 ∫ ∆≅∆=∆ FxFdxE
2
1 , (4.6) 

where ∆F is the load drop and x the axial displacement. The conversion from the 

displacement measured parallel to the loading direction to that of a shear plane oriented 

~45° with respect to the compression direction is obtained by simple geometric 

relationships. Consequently, an energy release of ~10-4 J is obtained at the beginning of 

plastic deformation. The steady increase of the stress drop magnitude with increasing 

plastic strain leads to an increase of ∆E to ~10-3 J before fracture. Correcting for machine 

stiffness and the effect of damping on the load cell values, a factor ~2 higher may be 

expected [31]. (Further discussions of the energy release are given later in Chapter 6). At 

the moment of fracture, however, the energy release is about three orders of magnitude 

larger and reaches values close to 1 J. Comparing these values with the appearance of 

fracture surfaces (micrometer-thick river patterns throughout the entire surface) and shear 
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planes (a few areas with much thinner vein pattern) suggests that the heat release during 

fracture is high enough to melt the entire fracture surface, whereas the temperatures during 

shearing before fracture are significantly lower and thus might cause no or far less local 

melting. As shown in Section 2.3.2, fully adiabatic heating conditions may not be fulfilled 

during shearing, but other non-adiabatic effects, such as friction and its release via stress 

drops, causing an energy burst, may be responsible for local temperature increases and 

consequently for the observed viscous structures on shear surfaces. 

 

 

 

4.6 Conclusions 

Detailed micromechanical investigations of Zr-based BMGs at various temperatures and 

strain rates revealed accurate information on their inhomogeneous flow kinetics. Serrated 

flow in conjunction with a negative strain-rate sensitivity was observed at room 

temperature. The disappearance of serrated flow below a critical temperature and/or above 

a critical strain rate correlates with a transition of the strain-rate sensitivity to positive 

values and exhibits an activation energy of 0.37 eV. These observations, together with an 

increase in stress drops with increasing strain and their decrease with increasing strain rate, 

indicate phenomenologically close similarities with the dynamic strain aging deformation 

mechanism known for crystalline solids, as will be discussed in greater detail in the 

following chapter. The results suggest a micromechanical deformation mechanism based on 

two processes: shear displacement through the formation and operation of STZs, and 

diffusive relaxation processes of the distorted structure. The latter vanishes below a critical 

temperature (or above a critical strain rate), resulting in the change measured in the SRS 

and the disappearance of serrated flow. The crucial factor determining serrated flow in 

BMGs is the ratio between the cooperative shearing of STZs and the rate of adjacent 

diffusive relaxations. 

Detailed high-resolution SEM observations of the shear surface morphology of 

deformed, but unbroken, BMG specimens enabled a thorough interpretation of the 

deformation kinetics and temperature influence during shearing before fracture. Apart from 

closely-spaced shear striations, only a few areas reveal typical vein pattern structures, but 
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less thick than those resulting at the moment of fracture. These observations, combined 

with estimates of the energy release, suggest that the heat release during plastic deformation 

is not sufficient to melt the entire surface. Melting only takes place locally due to friction 

and stress drops causing a local burst in energy release. 
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5 Deformation kinetics and their constitutive 
modelling 

Based on the experimental findings presented in Chapter 4 and additional kinetic 

parameters such as activated shear deformation volumes and energies derived in 

Section 5.2, a thermally-activated constitutive deformation model for metallic glasses was 

developed and is presented in Section 5.31. Despite the absence of dislocation-based 

deformation mechanisms, amorphous metals show close phenomenological similarities to 

the dynamic strain aging effect known for crystalline solids. In this respect the constitutive 

model described below follows certain concepts originally developed in the framework of 

dynamic strain aging. Section 5.4, finally, discusses the implications and experimental 

validation of the newly-developed deformation model. 

                                                 
1  1)  A. Dubach, F. H. Dalla Torre, J.F. Löffler, Philosophical Magazine Letters 87 (2007) 695. 
 2)  A. Dubach, F.H. Dalla Torre, J.F. Löffler, Acta Materialia 57 (2009) 881.  
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5.1 Introduction 

Many early investigations on metallic glasses provided important information for the 

characterisation of inhomogeneous flow behaviour in amorphous metals [1,2,3,4]. One of 

the first experiments to tackle the inhomogeneous flow kinetics in metallic glasses showed 

preferential etching of shear bands in deformed samples and demonstrated that pre-existing 

shear bands are reactivated more easily than new ones are formed – a clear indication of a 

modification of the atomic structure during deformation [2]. In addition, a change in the 

serration amplitude with increasing strain was observed and associated with different stages 

of deformation [1]. The temperature dependence of the appearance and the disappearance 

of serrations observed in a stress-strain diagram were explained with an adiabatic shear 

model proposed by Chen and Leamy [1,5]. In this model a sufficiently high temperature is 

needed for the shear event to initiate a local decrease in viscosity and result in an overall 

drop in the stress, i.e. serrated flow. Today, however, pure adiabatic shear is regarded as 

rather unlikely. 

More recent studies on the plastic deformation behaviour of metallic glasses have 

mainly been performed by nanoindentation, where instabilities and early failure are not as 

critical as in compression or bending [6,7,8,9,10]. These investigations reveal a decrease in 

the serration amplitude (“pop-ins”) with increasing indentation rate. The tests indicate that 

shear-band formation not only causes a sudden decrease in the load, i.e. a local stress drop, 

but actively contributes to plastic deformation by a shear offset of up to several tens of 

nanometres. Based on the observed disappearance of “pop-ins”, which implies a transition 

from discrete to continuous shearing, Schuh et al. [11] proposed a new homogeneous 

deformation regime which is kinetically driven by the superior rate of deformation 

compared to the rate of shear-band nucleation. This simultaneous operation of multiple 

shear bands at higher rates leads to a spatially more homogeneous flow. In contrast to Ref. 

[1] the load drop/displacement burst which occurs during shear-band formation has been 

rationalised by STZs, which percolate to a fast-running shear band once a critical number 

of nuclei have been activated [11]. 

Our work basically builds on the early experiments undertaken in Refs. [1,2,3,4], but it 

also benefits from existing knowledge and theories of dislocation-mediated plasticity in 

crystalline materials (e.g. [12,13,14,15]). As briefly touched upon in Chapter 4, the 
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inhomogeneous deformation behaviour of metallic glasses shows close phenomenological 

similarities to the inhomogeneous deformation characteristics of crystalline solid solution 

metals undergoing strain aging effects (DSA). Note that despite the highly inhomogeneous 

flow associated with DSA, constitutive laws of thermal activation can be used to 

characterise the deformation kinetics. In dislocation theories the shear stress, τ, which arises 

when applying a force on a specimen, is generally regarded as the sum of two sources by 

 ffat eτττ += , (5.1) 

with τat being the athermal long-range internal stress caused by grain boundaries and other 

obstacles and τeff being the effective thermal stress. The thermal stress contribution arises 

when glide dislocations overcome short-range obstacles by a thermal activation process 

involving only a small number of atoms. Although τeff is usually a (small) fraction of τ it 

entirely accounts for the strain-rate and temperature dependency of τ. If ∆G is the free 

activation energy needed to overcome these obstacles, the shear strain rate γ&  can be written 

as 
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where 0γ&  is a characteristic strain rate depending on the attempt frequency of the process. 

The free activation energy is equal to the difference between the total energy barrier ∆G0 

and the work performed by the effective stress τeff on a volume V. In order to gain 

information about the rate-controlling process, ∆G is often not considered, but instead its 

derivate with respect to τeff, i.e. the activation volume V. 

In the framework of shear transformation zone (STZ) mediated deformation in metallic 

glasses similar thermally-activated expressions for the plastic shear rate are widely used. 

Given that a STZ has a volume Ω0, Argon [16,17] calculated the total energy barrier for the 

activation of a shear transformation as 
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where ν is the Poisson’s ratio, τ̂  is the ideal shear resistance of a STZ (i.e. the shear stress 

that has to be overcome without thermal activation at T = 0 K), µ(T) is the temperature-

dependent shear modulus and γ0 is the characteristic strain of a STZ on the order of ~0.1. 
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The parameter β describes the ratio of volumetric dilatation to the shear strain, and is about 

equal to unity for metallic glasses. Based on the work of Eshelby [18] and Argon [16], and 

merging the STZ picture with the concept of potential energy landscapes [19], a 

cooperative shear model was recently developed to describe the plastic yielding in metallic 

glasses as a function of temperature [20]. There the total energy barrier ∆G0 of the 

unstrained system that must be surmounted in order to activate a STZ was given by 

 µζγπ 0
2
c

2
0 )/8( Ω=∆G , (5.4) 

where µ is the shear modulus (of the unstressed material), γc the critical yield strain, Ω0 the 

actual volume of the STZ and ζ a correction factor (≈ 3). This total energy barrier implies 

the material’s dependence on temperature and configurational state via the variables µ and 

Ω0 and scales with the yield stress via τy =γcµ (i.e., Hooke’s law). 

In this respect Eqs. 5.3 and 5.4 allow a description of the total energy barrier (and 

consequentially of the flow stress), but do not account for the flow characteristics after 

yielding (serrated and non-serrated) and the observed negative strain-rate sensitivity, as 

described in Chapter 4. Irrespective of the model chosen, it is expected that the mechanical 

behaviour of BMGs is intrinsically dependant on the actual STZ volume Ω0. Assessment of 

the sizes of STZs is thus of key importance in understanding the plastic deformation of 

BMGs. Recent molecular dynamics (MD) simulations [21,22,23] have quantitatively 

evaluated the number of atoms in a STZ of glassy materials. However, with the single 

exception of Ref. [24], experimental quantitative measurements of STZ volumes at 

temperatures significantly below the glass transition temperature are missing. In this 

chapter a constitutive framework of inhomogeneous flow is developed and kinetic state 

variables, such as activation volume, STZ volume and strain-rate sensitivity, are 

determined. Finally, the implications and validation of the newly-developed model are 

discussed in light of additional experimental findings and data from very recent literature 

reports. 
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5.2 Strain-rate sensitivity and activation volume 

Provided that the strain rate follows an Arrhenius-type law, as given in Eq. 5.2 and also 

assumed by Argon [16], the thermally activated component of plastic deformation is 

generally expressed in terms of the (effective) activation volume  

 
eff

eff )(
τ

τ
∂

∆∂
−=

GV , (5.5) 

where ∆G is the minimum Gibbs free energy that has to be supplied to operate a STZ at a 

given temperature, and τeff is the thermal (or effective stress) component of the applied 

stress τ. It should be noted that in the framework of rate theory the activation volume is a 

measure for overcoming an “obstacle” (i.e., energy barrier) for a certain strain rate and 

time, so that it depends solely on the effective stress. Using the stress change ∆σ upon a 

change of the strain rate ε&  in a strain-rate jump test, an apparent activation volume can be 

calculated according to 

 
σ

εα
∆

∆
=

&ln
Bap TkV , (5.6) 

where α  is a constant accounting for the conversion from shear (τ ) to normal stress (σ ) 

and kB is the Boltzmann constant. For a shear angle of ~42° for Vit105 [25], α = 2.01. The 

apparent activation volume Vap, determined by strain-rate change tests, only coincides with 

the effective activation volume V if the stress dependence of the pre-exponential term 0γ&  in 

Eq. 5.2 is negligible and the applied stress change entirely reflects the change in the 

effective stress effτ  [26] (this is further discussed in Section 5.2.1). Difficulties in 

determining the apparent activation volume arise if there is a transient behaviour of the 

stress subsequent to the strain-rate change (cf. Fig. 4.13). In this case, two apparent 

activation volumes may be computed according to Eq. 5.6 which correspond to the 

instantaneous change in the flow stress (∆σi) and the change in the steady-state stress (∆σs), 

respectively. In this work the apparent activation volume is calculated using ∆σi (i.e. peak 

stress) as it more closely reflects the change in stress as a function of strain rate without 

changing the internal structure, which is a prerequisite for a valid evaluation of Vap [26]. At 

temperatures below 200 K, however, the instantaneous stress change is nearly the same as 

the change in the steady-state stress, and therefore either may be used to calculate the 

apparent activation volume at T < 200 K. 
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The SRS and the apparent activation volume at 77 K are shown in Fig. 5.1 as a function 

of the mean strain rate ( 2/)( 21mean εεε && += ). The SRS at 77 K decreases logarithmically 

with increasing mean strain rate, while the apparent activation volume correspondingly 

increases logarithmically with increasing mean strain rate. The calculated apparent 

activation volumes are on the order of 0.13–0.23 nm3 in the strain-rate range of 5 × 10-5 –
 5 × 10-2 s-1. Assuming a characteristic STZ strain γ0 of ~0.1 yields a characteristic STZ 

volume on the order of 1.3–2.3 nm3, corresponding to about 70–130 atoms, when using an 

average Goldschmidt radius of 0.16 nm. 

 

1E-5 1E-4 1E-3 0.01 0.1

0.004

0.006

0.008

0.010
(a)

S
tra

in
 ra

te
 s

en
si

tiv
ity

Mean strain rate (s-1)

1E-5 1E-4 1E-3 0.01 0.1

0.10

0.15

0.20

0.25

1.0

1.5

2.0

2.5
V

ap
 (1

0-2
7  m

3 )

Mean strain rate (s-1)

(b)

Ω
0 (

nm
3 )

 

Fig. 5.1: (a) Strain-rate sensitivity and (b) apparent activation volume Vap and characteristic STZ 
size Ω0 for Vit105 as functions of mean strain rate at T = 77 K (using γ0

 = 0.1). 

 

Figure 5.2 shows the apparent activation volumes for Vit105 as a function of the testing 

temperature, calculated from strain-rate jump tests with =1ε& 7.33 × 10-4 s-1 and 

=2ε& 6.67 × 10-5 s-1 (the values at temperatures above 600 K are derived from strain-rate 

jump tests with =1ε& 1.33 × 10-4 s-1 and =2ε& 6.67 × 10-5 s-1). In the spatially inhomogeneous 

flow regime below 195 K the activation volume appears to increase exponentially from 

about 0.15 nm3 at 77 K to 3.6 nm3 at the transition temperature of 195 K (corresponding to 

a STZ volume of about 2000 atoms). In the spatially and temporally inhomogeneous flow 

regime (195 K < T < 600 K) an accurate calculation of the activation volume via strain-rate 

change tests is hindered due to either the presence of serrations, which impede accurate 

determination of the instantaneous stress change (resulting in a large error bar at 300 K), or 

the absence of any significant plastic deformation (between 350 K and 600 K). 
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Nonetheless, the results reveal that the relaxation processes present in this deformation 

regime generate a significant increase in the apparent activation volume. Interestingly, the 

activation volumes in the homogeneous flow regime at temperatures above 600 K are again 

on the order of 0.1 nm3, comparable to the value determined at 77 K. The order of 

magnitude of the derived apparent activation volumes indicates clearly that deformation is 

not governed by a single hopping (diffusion) process but by the collective motion of several 

tens/hundreds of atoms as proposed in the framework of the STZ theory [16]. 
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Fig. 5.2: Apparent activation volumes for Vit105 as a function of temperature, calculated from 
strain-rate jump tests with =1 7.33 × 10-4 s-1 and =2ε& ε& =6.67 × 10-5 s-1 (and 1ε&

=

1.33 × 10-4 s-1 and 

2ε& 6.67 × 10-5 s-1 at temperatures above 600 K, respectively). I: spatially inhomogeneous 
deformation (non-serrated) and positive SRS; II: spatially and temporally inhomogeneous flow 
(serrated) and negative SRS; III: homogeneous deformation and positive SRS. 

 

 

 

 

 

 

93 



Chapter 5 

5.2.1 Apparent and effective activation volume 

This sub-section briefly discusses the relationship between effective and apparent activation 

volume and the coherency of our analysis. The quantitative investigation of the 

implications is restricted to our experimental results obtained at liquid nitrogen 

temperatures, because of the extensive amount of data measured at this temperature and the 

relative ease of the analysis due to the absence of serrations and structural relaxation. 

From Eq. 5.2, the free activation energy can be deduced as ( 0B ln )εε &&TkG −=∆ . With 

the general definition of the effective activation volume 
eff

eff )(
τ

τ
∂

∆∂
−=

GV  and the 

conversion from shear to normal stress (i.e. αστ = ) this yields for a given temperature 
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Assuming that an applied stress change entirely reflects the change in the effective stress 

(i.e. 1/ eff =∂∂ σσ ), only the first term of Eq. 5.8 is accessible by strain-rate change tests. 

This term is commonly taken as the apparent activation volume, 
σ

εα
∂

∂
=

&ln
Bap TkV . From 

Eq. 5.7 it also becomes evident that effective and apparent activation volume only coincide 

if the stress dependence of the pre-exponential term 0ε&  is negligible (i.e. 0/ln 0 =∂∂ σε& ). 

By using the definition of the strain-rate sensitivity (m) and σσσ ln∂=∂  one obtains  

 
σ

α
m

TkV B
ap = , (5.8) 

i.e. the apparent activation volume is inversely proportional to the strain-rate sensitivity and 

the (flow) stress. As shown in Fig. 5.3, re-plotting of the liquid-nitrogen temperature data of 

Fig. 5.1 confirms the relationship derived in Eq. 5.8. The obtained slope of the linear fit 

(2.09 × 10-21 Nm) is in excellent agreement with the value of αkBT = 2.13 × 10-21 Nm, 

emphasising the inherent consistency of our analysis, and indicating that an Arrhenius-type 

law of deformation, on which Vap is based, is justified. 
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Fig. 5.3: Apparent activation volumes (Vap) at 77 K as a function of the inverse product of strain-
rate sensitivity (m) times flow stress (σ) for Vit105. The dashed line is a linear fit of the data. 

 

As an alternative to strain-rate change tests the apparent activation volume can also be 

obtained by stress relaxation tests. If the relaxation curves exhibit a logarithmic decrease in 

the stress with time (as in our case it evidently does, as shown in Fig. 5.4) it can be fitted 

according to [27] 
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where Vap is the activation volume and c is a time constant. 

In addition, using the successive relaxation procedure described in Refs. [28,29] the 

apparent activation volume (Vap) and the effective activation volume (V) can be related 

according to Vap
 = ΩV, where Ω is a correction factor, i.e. 
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where n is the number of relaxations, Vap is the activation volume of the first relaxation 

determined according to Eq. 5.9, and iτ∆   is the stress drop of the relaxation number i. 

An example of two series of successive (compression) relaxation tests performed on a 

Vit105 specimen (right after yielding and after ~2 % plastic deformation) at T = 77 K is 

shown in Fig. 5.4. Fitting of the first relaxations of the two series according to Eq. 5.9 

yields Vap
 = 70 Å3 and Vap

 = 121 Å3, respectively. 
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Fig. 5.4: Two successive stress relaxation tests on a Vit105 specimen at liquid-nitrogen temperature 
(loading at a strain rate of 3 × 10-4 s-1) (left) and fitting of the initial 10 seconds of the first relaxation 
according to Eq. 5.9 (right). 

 

The reason for the smaller apparent activation volume at yielding (70 Å3) compared to 

the value of ~120 Å3 during further deformation may be the slight overshoot (i.e. transient 

behaviour due to the formation of incipient shear bands) present at the beginning of the 

plastic deformation, while at higher plastic strains deformation may become easier due to 

(partial) reactivation of existing shear bands. Nevertheless, assuming a mean strain rate 

during stress relaxation in the specimen of tE∆∆≈ σε mean&  ≈ 3.5 × 10-5 s-1 the determined 

value of 70–120 Å3 is in good agreement with the apparent activation volumes obtained 

from strain-rate change tests (cf. Fig. 5.1b) for such low strain rates. Note that this an 

important aspect because during shearing in strain-rate jump tests the shear band is 

activated, while during relaxation this is not necessarily the case. 
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Detailed analysis of the successive relaxation tests in Fig. 5.4 reveals that the correction 

factor (Eq. 5.10) is very close or equal to unity (i.e. Ω = 1.03 and Ω = 1.00, respectively) 

and therefore Vap ≅ V. Conclusively, this indicates that (at least at low temperature) stress 

changes upon strain-rate changes entirely reflect changes in the effective stress, and that the 

pre-exponential term in Eq. 5.2 can be considered as constant, indicative of a stable 

microstructure. 

 

 

5.2.2 Thermal and athermal stress 

In dislocation theories the shear stress necessary to deform a material is usually 

decomposed into a thermal component τeff and an athermal stress τat so that ffat eτττ += . 

The athermal long-range internal stress caused by grain boundaries and other obstacles 

should not depend significantly on temperature, but rather on strain [27]. Although the 

thermal component is usually a small fraction of the shear stress it entirely accounts for the 

strain-rate and temperature dependency of the latter. It arises from glide dislocations 

overcoming short-range obstacles by thermal activation processes involving only a small 

number of atoms. In literature various methods of determining the internal stress exist, such 

as stress-relaxation and stress-reduction experiments, and methods using estimates of the 

temperature dependence of the yield stress or the strain-rate dependence of the flow stress 

(a review of the most common methods can be found in Ref. [30]). 

The situation in metallic glasses has not been so fully characterised and understood. It is 

generally assumed that the basic mechanism of deformation (i.e. STZ activity) is thermally 

activated. Experimental observations on colloidal glasses [31] and simulations on 

amorphous metals [21,23] have shown that highly-localised structural rearrangements can 

be induced by thermal fluctuations and consequently that under the application of shear 

STZs are caused by thermally induced strain fluctuations. The athermal stress component in 

metallic glasses might then be considered as originating from the long-range resistance of 

the microstructure to deformation, e.g. to the formation of shear bands. Experimental 

investigations on BMGs into this issue, however, are scarce, especially in the 

inhomogeneous deformation regime (i.e. at temperatures at or below room temperature). 

Therefore, in order to validate whether the flow stress of metallic glasses is composed of a 

thermal and an athermal component and to get an idea of the magnitude of the latter, stress 
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relaxation tests at different temperatures were performed. For this purpose cylindrical 

Vit105 specimens with diameters of 3 mm and heights of 5 mm were loaded at a constant 

strain rate of 3.3 × 10-4 s-1 until their flow stresses were reached. Deformation was then 

stopped and the stress relaxation measured for about 300 s. Note that the relaxation rate 

typically reached zero before 100 s. Fig. 5.5 summarises the total stress relaxation as a 

function of temperature, corrected for the relaxation of the testing machine. The stress 

relaxation is about 50 MPa at 77 K and decreases with increasing temperature, and at 

~220 K it becomes negligibly small. Note that this is in good agreement with the transition 

temperature from serrated to non-serrated flow (cf. Fig. 4.12). 

 

50 100 150 200 250 300
0

10

20

30

40

50

S
tre

ss
 re

la
xa

tio
n 

(M
P

a)

Temperature (K)  

Fig. 5.5: Stress relaxation as a function of temperature for Vit105. 

 

The results in Fig. 5.5 reveal that (i) the macroscopic flow stress of metallic glasses can 

be regarded as the sum of a thermal and an anthermal component; (ii) the thermal 

component is much smaller than the athermal stress; and (iii) the thermal component 

decreases with increasing temperature and flow becomes apparently athermal at 

temperatures above ~220 K. This apparently athermal behaviour, however, only arises due 

to inadequacies inherent in the test method. As pointed out e.g. in Refs. [32,33] stress 

relaxation tests only reveal accurate estimates of the thermal stress component if the 

microstructure does not change during the experiment. In our case it can be assumed that at 
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temperatures above ~200 K the microstructure evolves with time. This means that structural 

relaxation processes lead to a strengthening of the distorted structure and overlie the stress 

relaxation. Similarly, the structural relaxation leads to a negative asymptotic strain-rate 

sensitivity at temperatures above 200 K, as shown in Chapter 4. 

Nevertheless, the stress relaxation experiments on Vit105 show that the treatment of 

composing the flow stress of an athermal and a thermal component seems justified. 

 

 

 

5.3 Constitutive modelling 

Based on the experimental findings presented in Chapter 4 and the preceding sections, this 

section summarises the similarities between the deformation characteristics of BMGs and 

crystalline alloys undergoing dynamic strain aging (DSA). Additional results on the 

deformation kinetics are presented, and finally a constitutive formalism is developed which 

enables a quantitative description of the (inhomogeneous) deformation characteristics of 

BMGs. 

 

5.3.1 Deformation characteristics and similarities to the DSA effect 

The change in the SRS from positive (T < 195 K) to negative values (T > 195 K) indicates a 

change in the micromechanism of flow, despite the fact that deformation still proceeds by 

shear banding. It also provides evidence that the disappearance of serrations at low 

temperatures or high strain rates is a true material response and does not result from 

instrumental artefacts (i.e. lack of resolution) or simply from the simultaneous activation of 

multiple shear bands. The correlation between the disappearance of serrated flow below a 

critical temperature and a change in the SRS from negative to positive values is also known 

from the dynamic strain aging (DSA) phenomena in crystalline metals, where 

macroscopically the flow instabilities are referred to as the Portevin-Le Châtelier (PLC) 

effect and associated with the formation of PLC- or Lüders bands [34,35,36]. 
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According to the DSA model [34,37,38,39,40] the physical origin of such instabilities is 

in the dynamic interactions between fast-diffusing solute atoms and mobile dislocations. 

While a mobile dislocation is temporally arrested at localised obstacles (particularly forest 

dislocations), solute atoms diffuse along the core of the dislocations such that the obstacle 

strength increases as the waiting time increases, resulting in higher flow stresses at lower 

strain rates (i.e., negative SRS). The competing processes of aging (by solute atom 

diffusion) and thermally-activated unpinning of dislocations from their solutes manifests 

itself in the observable jerky flow behaviour. Typically, crystalline solids exhibiting the 

PLC effect show for the transition from serrated to non-serrated flow an activation energy 

(QDSA) that is less than the activation energy for volume diffusion (QD) of the alloying 

elements (QDSA/QD
 ≈ 0.3–0.7). This discrepancy is explained by a pipe-diffusion process 

along the dislocation cores [41]. A similar trend was observed in the present study for 

Vit105: the activation energy derived for the onset of serrated flow (Q = 0.37 eV) is 

significantly lower than the activation energies for volume diffusion in Zr-based BMGs for 

a variety of the constituent elements (0.8–4.0 eV [42,43]). Note that despite the differences 

in the underlying mechanisms responsible for serrated flow behaviour, the activation 

energy, Q, derived in the present study for a metallic glass, represents a quantity 

comparable to QDSA for crystalline materials. 

Other phenomenological similarities between the deformation behaviour of metallic 

glasses and crystalline materials displaying DSA can also be observed: for example, as 

quantitatively analyzed in Chapter 4, the magnitude of the stress drops and the waiting time 

between two serrations increase with increasing strain and decreasing strain rate, 

respectively. The increase in the stress drop accompanies a slight decrease in the SRS with 

strain at room temperature (see also Fig. 5.10a discussed later). In DSA-deforming alloys 

such behaviour was explained by considering the stress relaxation in the vicinity of a shear 

band [44]. An overview of the manifestations of dynamic strain aging in crystalline alloys 

is shown in Fig. 5.6 for comparison. The loss of ductility that usually accompanies the DSA 

is also observed in amorphous alloys: as shown in Fig. 5.7a, the plastic strain to failure of 

Vit105 is significantly reduced in the deformation regime (II) where serrated flow prevails. 

Additionally, DSA generates an increase in the flow stress, producing a deviation from the 

monotonically decreasing trend of the flow stress with increasing temperature [36,45] 

(“hump” in the temperature-dependence of the flow stress in the negative SRS regime). A 

similar trend is visible in Fig. 5.7b. Note that compared to Fig. 4.8b a larger temperature 
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range with more data points was measured in this series of experiments, revealing a clear 

deviation from the T2/3 law as proposed for BMGs in Ref. [20]. As pointed out in 

Section 5.2.2, structural relaxation processes responsible for this deviation lead to the 

apparent athermal behaviour of Vit105 observed at temperatures between ~200–400°C (i.e. 

temperature-independent normalised stress in Fig. 5.7b). And finally, DSA produces a local 

maximum in the temperature dependence of the apparent activation volume for deformation 

[45], which is similarly observed for Vit105 in Fig. 5.2 (regime II). 

 

 

Fig. 5.6: Overview of dynamic strain aging effects in crystalline alloys. Schematically shown are 
the temperature dependence of the flow stress (σ), the work hardening (θ), the Hall-Petch slope (Kε) 
and the strain-rate sensitivity (γ). The variation of γ with stress and strain at different temperatures, 
and the different types of serrations are also indicated. (Figure taken from [46].) 

 

101 



Chapter 5 

0 100 200 300 400 500 600 700
0

2

4

6

8

10
(a)

 

 

P
la

st
ic

 s
tra

in
 (%

)

Temperature (K)

< 25%
I

II

III

0 100 200 300 400 500 600 700
0.005

0.010

0.015

0.020

0.025
0.0 0.2 0.4 0.6 0.8 1.0

σ/
E

Temperature (K)

II

III

(b)

T/Tg

 

I

Fig. 5.7: (a) Plastic strain to failure and (b) normalised stress (i.e. maximum flow stress or fracture 
stress normalised to Young’s modulus) for Vit105 at a strain rate 410−

1 =ε& s-1 as a function of 
temperature (and normalised temperature, respectively). I: spatially inhomogeneous deformation 
(non-serrated) and positive SRS; II: spatially and temporally inhomogeneous flow (serrated) and 
negative SRS; III: homogeneous deformation and positive SRS. The dashed line in (b) indicates the 
T2/3-dependence of the stress; the solid line is a polynomial least squares fit of the data points. 

 

In spite of the phenomenological analogies and the associated inhomogeneous 

deformation, the DSA model can obviously not be adapted to amorphous metals because it 

relies on dislocation-based mechanisms. Its framework, however, may provide a basis for 

refining the constitutive models of plastic flow in metallic glasses. As pointed out by 

Brechet and Estrin [47], strain-rate softening phenomena in short-range-ordered alloys may 

also occur in the absence of DSA. There, they can arise from the interplay between 

deformation-induced destruction of short-range order and diffusion-controlled re-ordering. 

Similarly, shear processes in BMGs are believed to increase the content of free volume 

[48,49,50] and locally destroy the short-range order within the shear bands, which makes 

them susceptible to preferential etching [2,51,52]. In this respect the disappearance of 

serrated flow and the observed change in the SRS value in BMGs can be explained by 

considering thermally-activated shear processes followed by time- and temperature-

dependent relaxation or re-ordering, whose amount is determined by the time span 

(relaxation time) between two shear events in a shear band and the temperature, i.e. high 

strain rates and low temperatures favour the reactivation of existing shear bands. Similarly, 

the relaxation time or time required to rebuild stress and release it afterwards is lowered at 

high strain rates, and thus results in a smaller energy release during the shear event and 
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therefore a smaller stress drop. In contrast to the reasons proposed in Ref. [6] for the 

disappearance of pop-ins at high indentation rates, we show that the absence of serrated 

flow at high strain rates and/or low temperatures is caused by the inability of the shear band 

to relax (and thus to strengthen fast enough) rather than by the simultaneous activation of 

multiple shear bands. 

 

 

5.3.2 Deformation kinetics, activation volume, and serration characteristics 

While in crystalline solids plastic deformation processes such as dislocation glide/climb, 

diffusional creep and grain-boundary sliding are strongly influenced by the microstructure 

(grain size, dislocation density and impurities), the possibilities for varying the 

microstructure of BMGs are limited. Therefore the basic deformation mechanism can be 

anticipated to be the same for all temperatures and strain rates, namely STZ activity and 

redistribution of free volume [53]. The different macroscopic responses (e.g. anelasticity, 

homogeneous or inhomogeneous deformation and the varying strain-rate dependency of the 

flow stress) only arise because of different spatial distributions and temporal evolutions of 

these flow events. 

At elevated temperatures (T close to Tg), where the characteristic period of structural 

relaxation (e.g., redistribution of free volume) is much shorter than the loading time, plastic 

flow is homogeneous (highly rate- and temperature-sensitive) and characterised by the 

strain accumulation of the stress-biased operations of local STZs [53]. The apparent 

activation volume Vap of Vit105, derived in this study by strain-rate jump tests in the 

homogeneous flow regime, is on the order of ~1 × 10-28 m3 (Fig. 5.2), resulting in a 

characteristic STZ volume of about 60 atoms. The value is in good agreement with other 

experimental measurements and simulations [16,20,22,23,54], where typical values 

between a few and roughly 100 atoms have been reported. The transient regime of stress 

overshoots/undershoots upon increasing/decreasing the strain rate (cf. Fig. 4.11) may be 

taken as an unbalanced condition of free-volume creation and relaxation. Steady-state 

deformation is only achieved after a transient structural evolution when the two rates have 

adapted to each other [53]. 

The apparent activation volume at 77 K (non-serrated regime) is on the same order of 

magnitude (1.5 × 10-28 m3) as that of the homogeneous flow regime (T > 600 K), showing 
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the validity of the above-mentioned assumption that in metallic glasses there is only one 

single plastic flow mechanism (bearing in mind that the calculation of the activation 

volume assumes an exponential dependence of the strain rate on the activation volume 

according to Eq. 5.2. Increasing the temperature from 77 to 195 K (transition temperature 

from non-serrated to serrated flow) generates a significant increase in the apparent 

activation volume to ~4 × 10-27 m3. At the same time the duration of a single serration 

significantly decreases with an increase in the temperature from 195 K to room 

temperature. 

Table 5.1 summarises the characteristics of serrations that appear during deformation at 

different temperatures at strain rates of 10-4 s-1 (samples A and B) and 7 × 10-5 s-1 (sample 

C). While the amplitude of the stress drops decreases with decreasing temperature, both the 

duration and the size of the displacement bursts increase, as is similarly observed for the 

bulk metallic glass Cu50Zr50. It is worth noting that the duration of a shear event at 195 K, 

which for the applied strain rate is very close to the transition temperature from serrated to 

non-serrated flow for both Vit105 and Cu50Zr50, is on the order of 1–2 s and hence much 

longer than at room temperature. (Analogously, the smaller amplitude and longer duration 

of a stress drop at 195 K suggest a higher apparent viscosity during shearing in the shear 

band compared to the situation at room temperature [55].) The observations agree with the 

temperature dependence of the SRS in the temperature range of 195 K to room temperature 

(see Fig. 4.14). After the formation of an embryonic shear band, the negative SRS promotes 

the local strain rate in the fully operating shear band, since less stress is required to deform 

the material with increasing strain rate. This strain-rate softening instability results in a 

shorter shear event (e.g. 0.05–0.1 s at room temperature). Adjacent relaxation processes 

after the shear event then lead to a strengthening of the distorted structure and the material 

is strained elastically until the next shear event (serration) takes place. At temperatures 

below the transition from serrated to non-serrated flow (195 K), where the SRS becomes 

positive, the operation of an emerging shear band is impeded because higher stresses are 

required to deform the material at higher strain rates. Consequently an individual shear 

band evolves more continuously (longer times and smaller strain bursts) and no serrated 

flow is present. Our results also show clearly that a negative SRS is not imperative for the 

presence of shear bands. Shear banding can be regarded as a local strain-softening 

instability (i.e. due to the lack of strain hardening capacity of the material), whereas the 

presence of serrations is due to a strain-rate-softening instability. 
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Table 5.1: Serration characteristics of Vit105 specimens tested at different temperatures (T) at strain 
rates of 10-4 s-1 (samples A and B) and 7 × 10-5 s-1 (sample C). ∆t is the duration, ∆σ is the stress 
drop and ∆s is the displacement burst of a shear-banding event. The data acquisition rate was 20 Hz, 
and ∆s was determined from the crosshead displacement. 

Sample T (K) ∆t (s) ∆σ (MPa) ∆s (µm) 

A RT 0.05–0.1 20–40 0.35 ± 0.17 

B 233 0.15–0.2 20–40 0.60 ± 0.19 

C 195 1–2 10–20 0.71 ± 0.15 

 

 

 

5.3.3 Constitutive model of inhomogeneous deformation 

In the following a quantitative formalism describing the deformation behaviour is 

developed. Generally, the constitutive description relating the flow stress σ to the plastic 

strain ε and strain rate ε&  can be written in its differential form by [56] 

 εεσθσ &lndd/lnd m+= , (5.11) 

where εεσθ &)/( ∂∂= is the strain hardening coefficient and εεσ )ln/ln( &∂∂=m  is the 

strain-rate sensitivity. Eq. 5.11 implies that the flow stress responds instantaneously to 

changes in the strain rate. However, a strain-rate change is generally accompanied by stress 

transients (cf. Fig. 4.13). As discussed in Section 4.4 the instantaneous response of the flow 

stress upon an increase in strain rate is always positive, i.e., the instantaneous SRS mi
 > 0 

[40]. This is followed by an adjustment of the flow stress towards a new steady-state value 

where transients have died out and which is characterised by the asymptotic SRS . The 

transient behaviour can be taken into account by assuming that the flow stress depends on 

an additional variable, 

∞m

φ , describing the state of relaxation (or re-ordering) within the 

deformed material. A change in the order parameter, φ , results in a corresponding change 

in flow stress. However, φ  cannot instantaneously assume its new steady-state value 0φ , 

but relaxes towards it within a characteristic time tφ (see Fig. 4.12). Assuming that there is 

no strain hardening in metallic glasses (i.e. 0=θ ), Eq. 5.12 can therefore be re-written as 

 φσεσ lndlndlnd += &im , (5.12) 

105 



Chapter 5 

where φσlnd  accounts for the transient of the flow stress that results from the relaxation of 

φ . The asymptotic SRS is consequently 
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i.e. the φ -dependence of the flow stress and the strain-rate dependence of φ  determine 

whether the asymptotic SRS is positive or negative, as discussed in Chapter 4 and 

schematically depicted in Fig. 4.13. 

Assuming that shearing in metallic glasses takes place via a thermally-activated 

operation of STZs, this structural relaxation towards 0φ  can equivalently be accounted for 

by incorporating an additional energy term ∆g to the Arrhenius-type law for the plastic 

shear strain rate γ&  (cf. Eq. 5.2) [57,58], so that 
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with 0000 γναγ =& , where α0 is a constant incorporating the fraction of material that is 

available to undergo shear transformation, ν0 is a characteristic attempt frequency and 0γ  is 

the characteristic strain of a STZ. The free activation energy required for a shear 

transformation to occur (∆G) is equal to the difference between the total energy barrier 

(∆G0
 + ∆g) and the work performed by the effective shear stress effτ  on the volume V, as 

shown in Fig. 5.8. In this framework the effective activation volume V is the product of the 

characteristic STZ volume times the shear strain assumed to be generated by one successful 

event, Ω0γ0. The characteristic feature of this model approach is that the total energy barrier 

is considered as a dynamic variable: ∆G0 is the total energy barrier of the unstressed system 

(e.g. Eqs. 5.3 and 5.4), and the internal variable ∆g, which depends on temperature, strain 

and strain rate, accounts for the temporal evolution (structural relaxation) during the 

process of shearing and consequently for the presence/absence of serrations. 

Serrated flow can be correlated with shear offsets of several hundred nanometres, while 

the shear of a single STZ is assumed to be on the order of nanometres. The process 

described here is believed to be a cooperative process where the operation of a single STZ 

creates an avalanche-type effect. The long-range elastic field of each STZ favours the 

activation of a new zone in its vicinity [31]. This finally adds up to (sub-)micrometer large 
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shear offsets and macroscopically results in shear bands with a different structure than the 

bulk. (Analogously, intermittent deformation phenomena such as spatial localisation of 

dislocation flow into slip bands are observed in single-crystal metals. Here for example, 

discontinuities (e.g. strain bursts) in stress-strain curves of single-crystal micropillars and 

resultant surface slip offsets [59] cannot stem from one single dislocation but might be 

perceived as a correlated event such as a collective motion of many dislocations [60]). For 

metallic glasses, at the moment where sufficient energy is provided (e.g. at yielding) 

autocatalytic/cooperative operation of numerous stress-assisted, thermally driven STZs may 

take place. This process results in a stress release, plastic strain and consequently the arrest 

of the shear band. The latter process triggers the annihilation of freshly produced free 

volume2 and therefore causes a time-dependent hardening of the area in the vicinity of the 

shear band. The waiting time between two adjacent serrations causes the distorted structure, 

or macroscopically speaking the shear band, to recover and relax to a lower energy state 

(i.e. higher density due to free-volume annihilation), similar to the description in Refs. 

[61,,]. The rates of these counteracting processes, finally, determine the mechanical 

response of the metallic glass. Fig. 5.8a shows the energy barrier diagram for two 

successive shear events at low temperatures in the absence of relaxation (i.e. smooth 

deformation). It depicts the thermal energy barrier ∆G0 which must be overcome with the 

help of the temperature- and strain-rate-dependent stress part Vτeff and the assistance of 

thermal agitation (grey and hatched areas in Fig. 5.8a). Here τat reflects the athermal stress 

contribution, which is equal to the internal stress. At T = 0 K all the energy would have to 

be provided by the applied stress in order to overcome ∆G0, while at finite temperatures 

                                                 
2 In the framework of the free-volume theory [62], for example, free volume is increased by a shear-stress-
induced disordering process in which atoms squeeze into available free-volume sites and decreased by a 
diffusion-controlled reordering process in which the surrounding atomic cage collapses down on the newly 
open site. For applied shear stresses sufficiently large that the free-volume creation rate is greater than the 
annihilation rate, the net rate of change of the free volume, υf, can be expressed as [63] 
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where υ* is the critical free volume required for an atomic jump, nD is the number of jumps required to 
annihilate υ*, ∆Gm is the activation energy for an atomic jump, τ is the applied shear stress, Ω is the atomic 
volume, f is the jump frequency, αg is a geometrical factor on the order of 1, S is a material constant given by 
(2/3)µ((1+ν)/(1-ν)), ν is Poisson’s ratio, and µ is the shear modulus. 
However, annihilation of free volume is only one manifestation and consequence of structural relaxation. In 
our model relaxation processes are considered to originate from structural ordering (i.e. enhanced local 
topological order and symmetry and local chemical order) as well as from the annihilation of free volume (i.e. 
small reduction in local atomic volume and increase in packing density). 
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thermal agitation contributes to the process. After a shear event has taken place, the 

configuration of the atomic structure in the shear band changes towards a less dense 

structure. This more disordered configuration reflects a structure of elevated potential 

energy and favours the reactivation of the same shear band. At higher applied strain rates 

the frequency of successful STZ activations must be higher and therefore for a given 

temperature the part provided by thermal agitation becomes smaller. This can be achieved 

only at the price of a higher flow stress (i.e. positive SRS). At higher temperatures > 200 K 

where relaxation processes are substantial (i.e. serrated flow) structural relaxation may alter 

the configuration of atoms in the shear band enough that the ground state of the energy 

barrier changes. Compared to the non-relaxed structure this generates a higher free energy 

for STZ activation and hence provokes a further increase in stress followed by stress drops 

(i.e. serrated flow behaviour). As shown in Fig. 5.8b, here an increase in the applied strain 

rate leads to both a decrease in the thermal agitation part and the total energy barrier. As a 

result, the flow stress is lower at higher strain rates (i.e. negative SRS). 

 

 

 

 

Fig. 5.8: Schematic energy barrier diagram for the activation of a STZ in the case of (a) a positive 

asymptotic SRS and (b) a negative asymptotic SRS for two different strain rates III εε && < . 
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Using effat ατσσ +=  (where atσ  is the athermal stress, independent of temperature and 

strain rate) with effτ  from Eq. 5.14 and the activation volume from Eq. 5.6, the asymptotic 

SRS yields 
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The similarity between Eq. 5.13 and Eq. 5.15 reveals that the introduced variable ∆g indeed 

accounts for the state of relaxation and the dependence of the flow stress on the history of 

the plastic strain rate. Obviously the asymptotic SRS becomes negative if 

Tkg Blnd/d −<∆ ε& . 

The deformation process in metallic glasses is basically governed by thermally-

activated shear transformations of atomic clusters (i.e. STZs) [16]. Its macroscopic 

appearance (temporal and spatial behaviour), however, is determined by the ratio between 

the rates of individual shear events and adjacent diffusive rearrangements within the dilated 

structure. The shear-induced disordering of the amorphous structure generates an increase 

in the free energy of the material, as schematically shown in Fig. 5.9. At low temperatures 

structural relaxations after a successful shear event are greatly hindered (i.e. ∆g is 

equal/close to zero and hence the SRS is positive), and following shear transformations are 

favoured in the distorted zone, resulting in the formation of shear bands (since ∆G0 of the 

following shear event is usually slightly reduced). The positive SRS retards the propagation 

of an operating shear band and consequently no abrupt strain bursts are present (non-

serrated flow). At intermediate temperatures structural relaxations can take place, 

generating an increase in the height of the total energy barrier (∆G0
 + ∆g) as shown in 

Fig. 5.9. A successful shear event causes a change in the configurational state within the 

shear band and hence lowers the instantaneous energy barrier for a successive shear event 

and ∆g is reset to zero. Plastic deformation is then governed by the interplay of these 

counteracting effects, which lead macroscopically to serrated flow behaviour. In this 

respect, the transition from serrated to non-serrated flow (see boundary in Fig. 4.12) 

represents the lower energy limit for the onset of serrated flow where strain rate matches 

the rate of time-dependent relaxation. Hence, this transition is characterised by the two 

different states of ∆g (either ∆g > 0 or ∆g → 0) or consequently by a change of ∆G as a 

function of temperature and strain rate. Finally, at elevated temperatures where the 

characteristic rate of structural relaxation is much higher than the deformation rate (i.e. ∆g 
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is independent of ε& ), plastic flow can simply be regarded as structural relaxation governed 

by external stresses. The diffusive arrangements outweigh the free-volume accumulation, 

impede any strain localisations, and homogeneous deformation takes place. 

 

 

Fig. 5.9: Free energy diagram in the course of deformation for a shear event in the absence of 
structural relaxation (high ε&  or low T, dashed line) and in the presence of structural relaxation (low 
ε&

GG ′′∆≥′≥
 or high T, solid line). Note that the energy barrier ∆G0 usually reduces slightly during the course 

of deformation (i.e. ∆ ). 000 G∆

 

 

 

5.4 Implications and experimental validation 

5.4.1 Influence of temperature and strain rate on the strain-rate sensitivity 

Assuming that no geometrical changes in the sample occur (i.e. change in stress gradients), 

a progressive reactivation of an existing shear band is expected. Thus, a continuous 

propagation of microscopic shear events (i.e. STZs) increases the free volume or changes 

the atomic configuration within the shear bands, resulting in a lower-density structure 

compared to the undeformed material. The increase in the stress drop amplitude with 

increasing strain (see Fig. 4.6a) can be rationalised with this explanation. At low enough 

testing temperatures, where no serrations occur, fewer changes in the atomic structure 

within the shear bands can occur in the course of deformation due to reduced atomic 

mobility, i.e. the SRS is positive and remains constant with strain, as shown in Fig. 5.10a 
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for Cu50Zr50 BMG at T = 77 K. At room temperature, however, the SRS decreases slightly 

with strain, due to the fact that relaxation processes can take place more easily with 

proceeding plastic deformation. In Fig. 5.10b the average SRS is plotted as a function of 

temperature for different applied mean strain rates. A clear decrease in the SRS value from 

0.008 at the slowest strain rate to values in the range of 0.002 at the highest strain rate is 

measured at T = 77 K. A similar, but much less pronounced, decrease in m with increasing 

ε&  can also be observed at T = 153 K. At room temperature and 195 K, in contrast, a change 

from negative values of m to slightly positive ones (at the highest strain rate) was measured, 

where the change in sign correlates with the disappearance of serrated flow, similar to the 

observations made on Vit105 (Fig. 4.14). At equal strain rates hardly any difference in m is 

measured for tests performed at 300 K compared to 195 K (∆T ~ 100 K), while a 

significantly larger difference in m is measured if tested at 77 K compared to 153 K 

(∆T ~ 75 K) for the same strain rates. This temperature dependence on the part of m at 

constant ε&  suggests (i) differences in the rate-dependent mechanisms governing shear 

banding at 300 K compared to 77 K, and (ii) a strongly time- and temperature-dependent 

process active at 77 K (in particular at low strain rates where differences are the highest), 

such as a diffusion-dependent mechanism that dominates the kinetic flow behaviour. 
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Fig. 5.10: Strain-rate sensitivity of Cu50Zr50 (a) as a function of strain for 300 K and 77 K measured 
at strain rates alternating between 10-3 and 10-4 s-1, and (b) as a function of different mean strain 
rates applied for temperatures of 300, 195, 153 and 77 K. Note that at higher strain rates (>10-2 s-1) 
data accuracy is lower due to the high speed of testing, which only allows one to two changes in the 
strain rate per test. 
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5.4.2 Shear band density measurements 

A direct consequence of the model developed in Section 5.3.3 is that shear-band density 

should be lower at high strain rates and/or low temperatures because there no or little 

relaxation of the distorted structure in a shear band takes place and consequently the re-

activation of an existing shear band is favoured. Indeed, optical microscopy analysis on the 

surface of compressed specimens (plastic deformation of ~1 %) confirms this. As shown in 

Fig. 5.11, at low temperatures (T = 77 K) only very few shear bands are present. At room 

temperature, however, significantly more shear bands are visible, and the density decreases 

with increasing strain rate. At the same time, analysis of the corresponding stress-strain 

curves indicate that at room temperature 25 ± 1 stress drops per 1 % plastic deformation are 

present, which implies an average displacement burst of 2 µm per serration. Quantitative 

measurements of the surface steps (i.e. shear offsets) on the deformed specimens by 

scanning laser profilometry confirmed the observations made: they revealed a decreasing 

number of shear bands (but with increased average shear offset) with decreasing 

temperature and/or increasing strain rate while the cumulative shear offset after 1 % plastic 

deformation remained roughly constant, irrespective of temperature and/or strain rate. 
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Fig. 5.11: Average number of shear bands measured by optical microscopy on the surface of Vit105 
specimens (3 × 3 × 5 mm) deformed at room temperature and 77 K to a plastic strain of ~1 % at 
different strain rates. (The number is equal to the number of intersections of shear bands with an 
imaginary line in the middle of the surface that is parallel to the loading axis). The four optical 
microscopy images show characteristic shear-band appearances for the lowest and highest strain 
rates for the two temperatures. 

 

Jiang et al. [64,65] observed the same behaviour in compression tests on Vit105 

specimens with low aspect ratios (i.e. height/diameter < 1). Cyclic loading-unloading tests 

at different strain rates and temperatures showed lower flow stresses at high strain rates (i.e. 

a negative strain-rate sensitivity) and a decrease in the shear-band density with increasing 

strain rate and/or decreasing temperature. 
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5.4.3 Comparison with recent data from literature 

Experimental work carried out by other research groups also provides further evidence in 

support of the findings presented in this thesis. Difficulties in comparing certain 

characteristics, however, arise when BMGs with different compositions are compared. A 

possible way to take into account the compositional dependence may be the scaling to the 

homologous temperature. By doing so, the transition from serrated to non-serrated flow for 

Vit105 at a strain rate of 10-4 s-1, for example, takes place at T/Tg
 ≈ 0.29. As mentioned 

briefly in Section 4.4.1 and shown in Fig. 5.12a, recent compression results [66] on a 

Ti40Zr25Ni3Cu12Be20 BMG with comparable Young’s modulus but a lower Tg (≈ 590 K) 

than Vit105 revealed that serrated flow at a strain rate of 4 × 10-4 s-1 disappears somewhere 

in the temperature range below 193 K and above 123 K (which corresponds to a 

homologous temperature of T/Tg
 = 0.21–0.33). Assuming a homologous temperature similar 

to that of Vit105 the transition for the Ti-based BMG can be expected at ~170 K. Similar to 

our observations, a decrease in the temperature leads to an increase in the plastic strain to 

failure (analogous observations were reported in Ref. [67] on a Cu45Zr45Al5Ag5 BMG). As 

shown in Fig. 5.12b the (normalised) strength also reveals a slight deviation from the linear 

temperature dependence in the temperature range where serrated flow prevails (hump 

around 0.7 T/Tg), similar to our observations made for Vit105. A maximum in the 

temperature dependence of the normalised stress around room temperature was also 

observed on La- and Zr-based BMGs [68]. By stopping the shear before fracture with a 

cylindrical stopper around the specimen, repolishing and reloading, the authors showed 

further that there is no change in the shear fracture stress. This observation indicates that 

the softening in the shear band is healed at room temperature by an annealing process or 

that the softening is largely dynamic in nature. 
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Fig. 5.12: (a) Compressive stress-strain curves for different temperatures and (b) the normalised 
temperature (T/Tg)-dependence of the normalised strength (σ/E) for Ti40Zr25Ni3Cu12Be20. The 
dashed red line in (b) is a guideline for the eye revealing the deviation from the linear temperature 
dependence. (Reproduced from [66]). 

 

Systematic investigations at subambient temperatures were also recently reported for a 

Ni60Pd20P17B3 bulk glassy alloy (Tg
 = 605 K) [69]. Compression tests at an initial strain rate 

of 5 × 10-4 s-1 showed an increase in the plastic strain to failure with decreasing temperature 

and a disappearance of serrated flow between 173 K and 223 K (which corresponds to 

T/Tg
 = 0.29–0.37). Interestingly, complementary measurements of the elastic constants 

showed a change in the temperature dependence of the ratio between shear and bulk 

modulus (µ/B) and Poisson’s ratio (ν), respectively, in the same temperature interval. While 

µ/B (and ν) slightly decreased (increased) with decreasing temperature between 380 K and 

~220 K, it significantly increased (decreased) with decreasing temperature below ~220 K. 

This behaviour reflects a hardening of the glassy phase (i.e. an increase in the bonding 

strength of atoms) and consequently explains the increased yield strength at cryogenic 

temperatures. However, the observation contradicts the theory that intrinsically 

ductile/tough BMGs have low µ/B [70,71] and the increased plastic strain at lower 

temperatures cannot be rationalised solely by a low µ/B. 

Nevertheless, all the experimental results indicate that the disappearance of serrated 

flow at low temperatures is universal in metallic glasses. Whether the scaling of the 

transition temperature to the homologous temperature is oversimplified and other 

microstructural aspects have to be considered cannot be answered conclusively at the 

moment due to the lack of accurate measurements on different glass-forming alloys. As 
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pointed out in Ref. [1] the magnitude of the stress drops also depends on the compliance of 

the machine assembly. Therefore, additional caution is advised when comparing transition 

temperatures measured on different testing machines. 

Following the cooperative shearing model of Ref. [20] the STZ volumes (Ω0) of 

different bulk glass-forming alloys were recently investigated by means of rate-jump 

nanoindentation measurements at room temperature [24]. STZ volumes between 2.5 nm3 

and 6.6 nm3 were determined and correlated with the Poisson’s ratio (or ductility) of the 

various BMGs. The results, however, cannot be directly compared with the room-

temperature results presented in this thesis. Due to the constantly changing stress 

gradient/state during indentation, new shear bands are continuously activated and the 

temporal evolution of the structure within a shear band (which in uniaxial compression 

experiments causes a negative SRS) does not show up, and the measured hardness reveals a 

positive strain-rate dependence. Therefore the STZ volumes presented in [24] should 

actually be compared with our values, Ω0
 = 1.5–2.5 nm3, determined in the absence of 

relaxation (i.e. liquid nitrogen temperature), which agrees well and suggests that the 

assumption Vap
 ≈ 0.1 Ω0 made in Section 5.2 is valid. Based on the correlation of STZ 

volume and ductility the authors of Ref. [24] concluded that STZs of large size reinforce 

the shear capability and promote the formation of multiple shear bands, which is consistent 

with our observation (see Figs. 5.2 and 5.11) that more shear bands are present on the 

surface of a specimen deformed at room temperature (large STZ volume) as opposed to 

liquid nitrogen temperature (small STZ volume). As shown in Table 5.1, similar apparent 

activation volumes have recently been obtained by room-temperature nanoindentation 

creep tests or in the supercooled liquid region (i.e. homogeneous flow around Tg) by tensile 

or compression tests on various BMGs, in excellent agreement with the activation volume 

determined in this study for Vit105 at elevated temperatures. 
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Table 5.1: Apparent activation volumes for flow in various BMGs at different temperatures T and 
strain rates ε& , experimentally determined either via n = nanoindentation, c = compression, 
t = tension, or to = torsion tests. 

BMG Tg (K) Test T (K) ε&  (s-1) Vap (Å3) Ref. 

Zr56Ni6.4Cu23.5Al6.2Sn3.9W4 660 n* RT -* 100–200 [72] 

Zr52.5Ti5Cu17.9Ni14.6Al10 
(Vit105) 

625 c RT 6.7×10-5–
7.3×10-4

~3600 This 
study 

Zr41.2Ti13.8Cu12.5Ni10Be22.5 628 c 628–646 2.5×10-4–
2.6×10-3

160 [73] 

Zr52.5Ti2.5Cu22Ni13Al10 659 c 673–403 5×10-4–
2.5×10-3

193–206 [54] 

Zr52.5Ti5Cu17.9Ni14.6Al10 
(Vit105) 

625 c 623–673 6.7×10-5–
1.3×10-4

90–150 This 
study 

Pd80Si20 673 to* 546–572 -* 105 [74] 

Pd40Ni40P20 577 t 556 10-5–10-3 80–180 [75] 

Pd41Ni10Cu29P20 565 c* 550–565 -* 106 [76] 

Cu47.5Zr47.5Al5 702 c 703–733 10-6–10-4 ~160 [77] 

Au49Ag5.5Pd2.3Cu26.9Si16.3 403 n 373–403 7.7×10-2 155 [78] 
* creep test, i.e. strain rate is stress-and time-dependent. 

 

 

5.4.4 Implications on pressure sensitivity 

Because STZ operation requires local dilatation of the surrounding matrix, metallic glasses 

exhibit pressure sensitivity. This manifests itself macroscopically for example in a tension-

compression asymmetry, with higher yield strength and smaller fracture angles in states of 

net compression loading than in tension (e.g. according to the Mohr-Coulomb criterion). 

From the temperature dependence of the apparent activation volume and STZ volume in 

Fig. 5.2 a change of the pressure sensitivity with temperature can be expected: the local 

dilatation around a small STZ (at low temperatures) is larger than for a large STZ (at room 

temperature), suggesting an enhanced pressure sensitivity at low temperatures. As proposed 

in Ref. [79], a very straightforward way to characterise the pressure sensitivity is to 

measure the included angle or intersection angle (α) of mutually emanating shear bands 

that follow an outward logarithmic spiral pattern at the edge of a spherical/conical indent. 

For pressure-insensitive materials the included angle of conjugated shear bands is α = 90° 
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and decreases below 90° for pressure-sensitive materials [80]. As shown in Fig. 5.13, the 

included angles are α = 84° ± 2° and α = 80° ± 2° for indentations at room temperature and 

T = 77 K, respectively, supporting the increased pressure sensitivity and hence the decrease 

in the STZ volume with decreasing temperature. 

 

Fig. 5.13: Optical micrographs showing the intersecting slip lines emanating from the edge of a 
conical indent made at (a) room temperature and (b) liquid nitrogen temperature. The indents were 
made using a diamond cone tip (cone angle 120°, tip radius 0.2 mm) that is normally used for 
Rockwell hardness measurements with an applied load of 980 N 

 

Support for the importance of structural relaxation processes in governing the 

inhomogeneous flow (i.e. shear banding) in amorphous solids proposed in this study also 

emerged from molecular dynamics simulations involving model glasses (e.g. Refs. 

[21,81,82,83]). For example, it was shown that more relaxed glasses (e.g., annealed or more 

gradually quenched ones) exhibit a higher degree of short-range order and consequently an 

increased yield strength. On the other hand, shear localisation is associated with the 

disruption of short-range order due to the extensive deformation inside shear bands (which 

would explain why shear bands are preferentially etched by chemical attack and why 

existing shear bands reactivate upon removal and reapplication of load). Within the 

framework of the potential energy landscape model Jagla [83] showed that when the energy 

landscape of the elemental constituents is kept fixed, the shear events (i.e. STZs) distribute 

uniformly throughout the sample, producing on average a uniform deformation. However, 

when the energy landscape at different spatial positions can be rearranged dynamically to 

account for structural relaxation, the system develops inhomogeneous deformation in the 
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form of shear bands at low shear rates, and stick-slip-like motion at the shear bands for the 

lowest shear rates. This means that the “amount” of strain localisation is a direct 

consequence of the ratio of applied strain rate and relaxation rate: for small shear rates, the 

system has enough time to relax and generate a more stable configuration, producing a 

larger value of stress than obtained at larger shear rates. If some region of the system shears 

more rapidly than another region, stress diminishes in the former and increases in the latter, 

producing the final result that shear is completely halted in some part of the system and 

becomes spatially localised. The elastic compatibility in the system causes the regions 

where shear is accumulated to take the form of narrow shear bands. 

 

 

 

5.5 Conclusions 

In conclusion, we have shown that despite fundamental differences in the underlying 

deformation mechanisms in amorphous and crystalline alloys there exist close 

phenomenological similarities between the inhomogeneous deformation of BMGs and 

crystalline solids (which deform via the DSA mechanism), such as strain-rate-dependent 

serrated flow, negative SRS, loss of ductility, etc. Based on a detailed micromechanical 

analysis of Zr-based BMGs at various temperatures and strain rates, a constitutive kinetic 

model for inhomogeneous flow was developed. Lowering the temperature generates a 

significant extension of the duration of a shear-banding event and at the same time an 

increase in the plastic strain to failure. The disappearance of serrated flow behaviour 

(temporal homogenisation) below a critical temperature (or above a critical strain rate) 

corresponds to a transition of the asymptotic SRS from negative to positive values. Since 

shear-band formation is related to a stress-driven structural disordering process, the 

temporal evolution of the deformation (and consequently also the strain-rate sensitivity) is 

quantitatively assessed by introducing a structural state variable in the classical, thermally-

activated shear rate equations. The structural state variable accounts for the degree of 

structural relaxation after a shear event and hence governs the temperature and strain-rate 

dependence of the inhomogeneous deformation characteristics of BMGs, i.e. it reflects a 

strain-, strain-rate and temperature-dependent energetic quantity for the appearance and 
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disappearance of serrated flow in BMGs. The compositional dependence of serrated flow 

suggests the importance of local diffuse atomic rearrangements within shear bands. Such 

relaxation processes lead to a strengthening of the latter and lower the probability of 

reactivation of the same shear band. Therefore, more shear bands are present at higher 

temperatures and/or lower strain rates. Therefore, in contrast to the reasoning for the 

disappearance of pop-ins at high indentation rates proposed in Ref. [6], we explain the 

absence of serrated flow by the inability of the shear band to relax (and thus to strengthen 

fast enough) rather than by the simultaneous activation of multiple shear bands.  

Preliminary observations of the angles between two different families of shear bands at 

the edge of a conical indent reveal an enhanced pressure sensitivity with decreasing 

temperature, in conjunction with the decrease in the STZ volume. (A detailed discussion of 

pressure sensitivity in BMGs and possible correlations with STZ size is provided in the 

next chapter.) Our results also indicate the importance of the (initial) condition of the 

material (introduced here as short-range order parameter φ ), its influence on the 

deformation characteristics, and the necessity of accurately defining a general reference 

state of metallic glasses, in particular when comparing different alloys or differently 

processed samples. 
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6 Deformation size effects and free-volume-
dependent pressure sensitivity 

This chapter summarises the results of micropillar compression tests1 and investigations on 

the pressure sensitivity2 of a Zr-based BMG with varying free-volume content. In the range 

of the tested sample dimensions the investigations show deformation behaviour that is 

independent of sample size and material condition. Hardness, however, is sensitive to the 

altered material conditions, indicating a change in the pressure sensitivity with free-volume 

content. 

                                                 
1  A. Dubach, R. Raghavan, J.F. Löffler, J. Michler, U. Ramammurty, Scripta Materialia 60 (2009) 567. 
2  A. Dubach, K. Eswar Prasad, R. Raghavan, J.F. Löffler, J. Michler, U. Ramammurty, Journal of Materials 

Research 24 (2009), 2697. 
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6.1 Introduction 

The intrinsic state variable that largely determines plastic deformation and toughness of 

bulk metallic glasses (BMGs) is the free volume [1]. Under the influence of external 

applied stress, regions with high free-volume content accommodate shear strains locally. 

These regions or clusters of atoms are referred to as shear transformation zones (STZs) 

[2,3]. Above the glass transition temperature, Tg, STZs operate everywhere and profusely, 

and hence plastic deformation is homogeneous. At relatively low temperatures and at high 

stresses, STZs coalesce along the maximum shear stress planes, localising flow into narrow 

shear bands. This results in inhomogeneous flow and imparts intrinsic instability to 

plasticity in BMGs. Several factors contribute to the latter: (i) large elastic strain energies 

stored in the material at the point of yield (by virtue of high yield strengths as well as yield 

strains); (ii) strain softening and concomitant localisation of flow into narrow bands; and 

(iii) lack of microstructure, which would otherwise hinder the propagation of shear bands. 

These issues complicate the measurement, and thus the understanding, of the mechanical 

behaviour of metallic glasses. 

The focused ion beam (FIB) milling technique has recently been used in a wide variety 

of materials to micro-machine pillars, ranging in size from sub-microns to several microns, 

and to examine size effects on plasticity. Volkert et al. [4], who conducted such a study on 

sputtered amorphous Pd77Si23 films, showed that below a certain size (~400 nm) room-

temperature plasticity is entirely homogeneous. They argued, by recourse to a Griffith-like 

model, that this transition is due to the lack of a critical driving force (stored elastic strain 

energy) for shear-band formation. Schuster et al. [5] examined the possibility of size-

dependent strength in Pd40Ni40P20 on micro-pillars ranging in size from 2 to 20 µm, and 

concluded that yield strength is insensitive to pillar size. Motivated by this work, we 

examined the influence of free volume on the compressive stress-strain response of micro-

pillars of a Zr-based BMG, with the objective of examining (i) the (possible) transition 

from heterogeneous to homogeneous deformation as the specimen size is decreased and (ii) 

the effect of free volume on such a transition length scale. The results of these 

investigations are presented in Section 6.3. 

Unlike conventional crystalline metallic alloys, whose plastic flow is only sensitive to 

shear, BMGs may also be sensitive to non-deviatoric parts of the stress tensor (e.g. 
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hydrostatic or normal stresses), as for instance shown in [6] and references therein. This 

difference in pressure dependence of flow (i.e. pressure sensitivity) is a simple consequence 

of the various underlying processes which govern plastic deformation. In contrast to 

crystalline metals, where plastic deformation is linked to the generally non-pressure-

dependent motion of dislocations, shear in BMGs is accommodated through local atomic 

arrangements. Both the free-volume model (where deformation proceeds via diffusion-like 

atomic jumps and free-volume creation) and the STZ model (where a local cluster of atoms 

undergoes an elastic strain by crossing an activated configuration of higher energy and 

volume) are dilatational during deformation, so that pressure sensitivity can be expected. In 

addition, metallic glasses show very high macroscopic elastic strain limit of ~2% (as 

opposed to ~0.5% in crystalline metals), such that local dilatation becomes important. A 

direct consequence of this pressure sensitivity in metallic glasses manifests itself as a 

macroscopic yield asymmetry between compression and tension, which might be described 

by a Mohr-Coulomb criterion (cf. Section 4.3.2). Investigations into the pressure sensitivity 

of a Zr-based BMG and its dependence on the structural state of the glass (i.e., different 

free-volume content) are presented in Section 6.4. 

 

 

 

6.2 Experimental 

A 3-mm-thick amorphous Zr41.2Ti13.8Cu12.5Ni10Be22.5 BMG (Vit1, Tg
 ≈ 625 K) plate was 

investigated in three different conditions: as-cast (AC), structurally-relaxed (SR), and shot-

peened (SP). The as-cast BMG was annealed at 563 K for 12 h to induce structural 

relaxation. Structural characterisation by means of DSC and XRD were performed on the 

relaxed material. Results of this and detailed analysis of free-volume reduction upon 

annealing can be found elsewhere [7,8]. Shot-peening was performed on polished surfaces 

of the as-cast BMG as per the AMS-S-13165 standard, using cast steel balls of 280 µm 

mean diameter as a shot-peening material. The deformed layer thickness due to shot-

peening is ~40 µm, whereas the residual compressive stress field is much larger (~150 µm) 

[9]. The surfaces of the bulk specimens were polished to a mirror finish before micro-

pillars with diameters of ~0.3, 1, and 3 µm and aspect ratio (i.e. height/diameter) of 2–2.5 
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were fabricated via focused-ion beam (FIB) technique using a Tescan Lyra instrument. 

First, rough cutting with a high Ga-ion beam current (30 keV and 4 nA) was used to mill a 

trench, leaving an island in the centre. Machining of the final pillar was performed by 

gradually reducing the beam current to 15 pA. The pillars were examined prior to and after 

deformation using a Leo 1530 scanning electron microscope (SEM). They were found to be 

slightly tapered with a convergence angle of between ~2° (larger pillars) and ~4° (0.3 µm 

pillars). 

The micro-pillars were uniaxially compressed either in-situ inside a Zeiss DSM962 

SEM or ex-situ. The ex-situ compression tests were performed on an MTS NanoXP 

indenter at constant loading rates (such that the initial nominal strain rate was in the  

2 × 10-4 – 4 × 10-4 s-1 range) using a diamond flat punch. The in-situ compression 

experiments were performed using two different custom-built instrumented micro-

indentation devices. Compression of the larger pillars was performed at constant 

displacement rates on a microindenter driven by a stack piezo with a built-in displacement 

measurement and equipped with a 0.5 N load cell. A piezo-actuated (stick slip) system 

allows exact positioning of the sample with respect to the flat punch. The 0.3 µm pillars 

were compressed at constant loading rates on a nanoindentation device based on a Hysitron 

PicoIndenter transducer. Further details of these instruments can be found in [10,11]. All 

the in-situ experiments were performed at a constant displacement rate using an initial 

strain rate of 8 × 10-4 s-1. (Note that here the small strain-rate sensitivity of this BMG at 

room temperature was neglected and consequently that the different strain rates used, which 

fall into a relatively narrow range, do not affect the fundamental findings of this work.) The 

SEM images during the experiment were video-recorded (0.1 frames per second) and later 

synchronised with the load-displacement curve. 

Additional hardness measurements of the material in its three conditions was performed 

on polished surfaces using an MTS NanoXP indenter at constant loading rates up to a 

maximum load of 500 mN using cube corner and Berkovich diamond tips. Cross-sections 

of particular indents were fabricated by FIB technique using a Tescan Lyra instrument. 

Post-compressed pillars, shear-band patterns around the indents and cross-sectional profiles 

were finally examined using a Leo 1530 FEG SEM. 
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6.3 Influence of sample size and structural state on micro-

compression behaviour 

6.3.1 Results 

Figure 6.1 shows representative stress-strain responses of the three different-sized micro-

pillars in the as-cast state. Yielding is defined at the stress where the first displacement 

burst is observed (see arrows in Fig. 6.1). The experiments were then stopped manually 

during the second displacement burst and then unloaded. Due to the slightly tapered shape 

of the pillars, engineering flow stresses were calculated using the diameter measured close 

to the top surface (at ~85% of the height of the pillar). The Young’s modulus measured 

here is much lower (~50%) than the value of ~97 GPa reported in literature (e.g. [12]). 

Possible reasons are the taper, misalignment or imperfect contact between top surface and 

tip, and finally the effect of the base compliance (i.e. sink-in of the pillar), which, however, 

can be accounted for by correcting the measured Young’s modulus by a factor of about 

1.25 [13]. 
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Fig. 6.1: Characteristic stress-strain curves for 0.3, 1, and 3 µm as-cast Vit1 pillars tested at constant 
loading rates of 0.05, 0.005, and 0.001 mN/s, respectively (generating initial strain rates of 
approximately 2 × 10-4 – 5 × 10-4 s-1). The insets show the corresponding SEM images of the 
deformed pillars and the arrows indicate the first displacement burst (i.e. yield strain). The curves 
are shifted for better visibility. 
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The in-situ compression tests conducted at constant displacement rate typically show 

serrated stress-strain behaviour (Fig. 6.2). Synchronised SEM imaging allowed correlation 

of new shear-band appearance with the stress drops. Detailed analysis of the SEM images 

show that approximately two mature shear bands are present after a deformation of 12 % 

(bear in mind that only one side of the pillar is visible in the SEM) and that existing shear 

bands are preferentially reactivated (in agreement with [14] and observations made on 

“macroscopic samples” reported in Chapters 4 and 5). This is also supported by the fact that 

significantly more discrete stress drops are recorded than the number of shear bands 

observed after deformation. Therefore some of the stress drops are associated with the rigid 

slip of the top portion of the pillar with respect to the bottom part. Arrest of the shear band 

leads to build-up of load again, followed by another slip. 
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Fig. 6.2: Characteristic stress-strain curve of a 3 µm as-cast Vit1 pillar tested under displacement 
control (1 nm/s) at an initial strain rate of ~2 × 10-4 s-1. The arrows indicate the appearance of a new 
shear band, i.e. the formation of a new shear step on the pillar surface. The inset shows the 
corresponding SEM image of the deformed pillar. (Note that the step-like behaviour in the “elastic” 
part of the loading curve is due to a problem with the used extensometer.) 

 

As shown in Fig. 6.3, SEM images taken after deformation further confirm that plastic 

deformation proceeds via shear banding irrespective of material condition and pillar size 

(cf. also insets to Figs. 6.1 and 6.2). Other than that reported in Ref. [4], no change in the 

deformation mode is observed. Qualitatively, there is also no difference in shear-band 

density between the different conditions. However, it may be speculated that a transition to 
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homogeneous deformation could be observed at even smaller scales, where the sample 

dimensions are on the order of the shear band thickness (~20 nm) and the localisation of a 

shear band becomes extremely difficult. Recent experimental work on nanoscale metallic 

glasses has shown large tensile strains and possible size effects in plasticity, fracture 

behaviour and strength [15,16], and an inverse scaling of plastic strain (εp) to sample size 

(L) in the form of  has been suggested [αε −∝ Lp 17]. 

 

(a) 

(b) 

(c) 

Fig. 6.3: SEM images of post-compressed Vit1 pillars with different diameters for (a) as-cast, (b) 
structurally-relaxed and (c) shot-peened conditions, respectively, revealing the inhomogeneous 
deformation by localised shear bands. 
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Figure 6.4 summarises the yield strengths measured as a function of the pillar diameter 

for the different conditions. (Here, yield strength is taken as the stress value at which the 

first stress drop or displacement burst occurs.) The scatter in the data appears to increase 

with decreasing pillar diameter. No size or condition dependence in strength was noted, 

with the data obtained on as-cast, relaxed, and shot-peened samples falling within a 

~400 MPa scatter band. While the lowest of the yield strengths measured for all diameters 

is approximately equal to the bulk yield strength, the mean compressive yield strength of 

the micro-pillars is slightly higher (~7 %) than that reported for the bulk specimens [12]. A 

similar strength enhancement was reported for Pd-based micro-pillars in Refs. [4,5]. 

Possible reasons for this could be either experimental inaccuracies or intrinsic size scaling 

of strength. Note that the experimental errors increase with decreasing pillar size (which 

may arise e.g. from more difficult alignment of specimen and loading axis, increased taper 

angle or larger deviations in diameter determination in the SEM). For brittle materials, the 

strength variability and size scaling of strength is due to their flaw sensitivity. This is 

rationalised using Weibull statistics. Adapting the concept to BMGs and assuming that 

there is no change in the fundamental deformation mechanism, it has been suggested that 

the difference in strength is associated with the flaw sensitivity [18] or defect population 

that assists shear-band initiation [4,5,19,20]. Therefore the increase in strength with 

decreasing sample size appears to be a result of reduction in the critical flaw population in 

the tested sample volume. An additional influence may also be FIB damage (ion 

implantation) on pillar surfaces. Thickness estimations of the damaged layer on Zr-based 

BMG micro-pillars by Auger electron spectroscopy have revealed a thickness of ~4 nm 

[20], which for a 0.3 µm pillar results in an area contribution of the damaged layer of ~5 %. 

However, identifying the exact reason for the enhanced strength of micro-pillars is beyond 

the scope of this study. 
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Fig. 6.4: Yield strength as a function of the pillar diameter (aspect ration h/d ~ 2) for the differently-
treated Vit1 samples. The solid line shows the estimated minimum stress AdEY /2 ∆=σ  required 
for shear-band formation (for details see text). 

 

6.3.2 Energetic considerations 

Figure 6.5 shows the stress drops, σ∆ , of 1 and 3 µm pillars for the various material 

conditions up to a strain of 12 %. 
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Fig. 6.5: Magnitude of the stress drops for the different pillar sizes as a function of strain during 
compression at constant displacement rate. The dashed lines are the mean values of the 1- and 3 µm 
pillars, respectively. 
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The first stress drop for the samples generally takes place at a strain of ~3.8 %, 

approximately twice that reported for bulk samples. This is because of the lower stiffness 

measured during micropillar compression. As shown by Kimura and Masumoto [21], the 

stress drop amplitude is also influenced by the compliance of the machine-sample 

assembly. Low compliances lead to smaller stress drops than would be observed in 

perfectly rigid machines. In this respect the measured stress drops are understood as the 

lower limit of the effective stress drops occurring in the pillars. The σ∆  measured on the 

3 µm pillars (~300 MPa) are about one third of those measured on the 1 µm pillars 

(~880 MPa), suggesting a constant energy release per shear plane (i.e., energy density). 

Assuming that during a stress drop the whole elastic strain (i.e. elastic strain limit eε ) is 

recovered locally in an operating shear band, the energy release ∆E during a stress drop can 

be written as  

 hdFxE e

2

22
1

2
1 πεσ ⎟

⎠
⎞

⎜
⎝
⎛∆=∆=∆ , (6.1) 

where ∆F is the load drop, x is the displacement, and d and h are the diameter and height of 

the pillar, respectively. With a constant aspect ratio (h = 2d) and the shear plane area 

θπ sin/)2/( 2dA = , where θ  is the angle between shear plane and loading axis, the energy 

release per shear plane is θσε sin/ e dAE ∆=∆ , i.e. dAE σ∆∆ ~/ , as demonstrated 

experimentally for the differently-sized pillars. Using the measured σ∆  (Fig. 6.5) and the 

elastic strain limit eε  = 0.02 yields AE /∆ ≈ 12 J/m2, which is close to the approximated 

value of ~10 J/m2 for a Pd77Si23 BMG [4] estimated from the maximum disordering 

possible in a shear band with a thickness of 10 nm. The value is also in very good 

agreement with the energy release per shear plane in macroscopic specimens (see 

Section 4.5: d = 3mm, ∆E ≈ 10-4 J) which yields AE /∆ ≈ 10 J/m2. 

Following the analysis of the critical condition for shear-band formation proposed by 

Volkert et al. [4], the minimum stress required can be estimated as AdEY /2 ∆=σ , where 

Y is the Young’s modulus (~97 GPa). A plot of the critical stress as a function of the pillar 

diameter (Fig. 6.4) shows that a transition to homogeneous flow is expected at around 

d ≈ 0.62 µm. However, our experimental results clearly show shear-band-mediated flow 

even in 0.3 µm pillars, in contrast to what was observed in Ref. [4]. 
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6.3.3 Discussion 

The observed stress drops (at constant displacement rate) and displacement bursts (at 

constant loading rate) are triggered by the formation and propagation of one (or multiple) 

shear band(s). The constancy of the stress during a displacement burst is a measure of the 

friction between the two shearing parts of the pillar. However, the measurement of the 

deformation behaviour (e.g. load-displacement curve) loses its proper physical significance 

at high strains as soon as the flat punch is pressed into the remaining, lower part of the 

pillar and a characteristic lip is formed, as shown in Fig. 6.6. The SEM images also reveal 

that shear-band initiation mostly takes place close to the corner of the top surface where the 

pillar, due to tapering effects, has the least cross-sectional area. This stress concentration is 

further intensified by possible frictional forces between the top surface of the pillar and the 

flat punch. 

 

Fig. 6.6: Slipping of the upper part of the pillar and formation of a deformed lip at high strains 
where the flat punch hits the top of the lower part. (The right SEM image is a magnified view of the 
left one.) 

 

The experimental micro-pillar compression results presented above show no discernible 

difference between the uniaxial compression responses of the BMG in the three different 

states. This contrasts with results of their toughness. The as-cast glass possesses sufficient 

free volume and hence reasonable toughness [8,22]. Structural relaxation leads to free-

volume annihilation and hence imparts significant embrittlement [8,22,23]. This is reflected 
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in the experimentally-measured values of impact toughness for the as-cast and structurally-

relaxed samples of 1.1 J and ~0 J, respectively [24]. Three-point flexure tests by Zhang et 

al. [25] on shot-peened BMG specimens showed that the latter exhibit pronounced 

plasticity. This is because shot-peening, which induces extensive plastic deformation, 

enhances the free-volume content in the deformed layer and hence makes shear-band 

initiation easier. Note that the largest pillar’s height (~6 µm for the 3-µm-diameter pillar) is 

much less than the deformed layer thickness. Therefore the entire pillar consists of material 

that was extensively deformed during shot-peening. However, because of the small pillar 

size it is reasonable to assume that the residual stress field is completely relaxed during the 

micromachining process. 

Despite significant differences in free-volume content, which in turn markedly affects 

plasticity and toughness, the micro-pillar compression experiments reveal no perceptible 

differences. This is because of the intrinsic limitations of compression testing, especially of 

materials susceptible to inhomogeneous flow. Friction between the loading plate and the 

specimen surface can induce plastic flow via shear-band nucleation, but the fact that the 

first and second shear bands initiate at the same stress level indicates that this may not be of 

major concern. However, relative shear displacement of one part of the specimen with 

respect to the other can lead to erroneous interpretation of plasticity. This is further 

complicated by the fact that the normal stress traction on the shear plane is negative (as 

opposed to the opening mode in uniaxial tension). As a result, the shear bands never 

become shear cracks and the shear bands propagate without reaching criticality. In fact, 

fracture toughness, which is highly sensitive to underlying structural features, is very 

appropriate for evaluating these quasi-brittle materials. This was recently demonstrated by 

Kim et al. [12], who examined the mechanical properties of several different compositional 

variants of Zr–Ti–Be–LTM (late transition metal) BMGs. 

 

 

6.3.4 Microcompression tests on circular and square Vit105 pillars 

In-situ SEM microcompression tests on Vit105 pillars with diameters of 0.3, 1 and 3 µm 

basically reveal the same size-independent behaviour as the Vit1 pillars in Section 6.3.1. As 

shown in Fig. 6.7a, deformation proceeds by shear banding, and no change of the 

deformation mode is observed with decreasing pillar size down to a diameter of 300 nm. 
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Similar to the observation on Vit1 the yield strength is size-independent and on average 

about 9 % higher than the measured bulk value. 
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Fig. 6.7: (a) Yield stress of Vit105 as a function of the pillar diameter (at an initial strain rate of 
~2 × 10-4 s-1) and (b) number of shear bands visible on the surface of 3-µm pillars after a 
deformation of 1 µm for different deformation rates, determined by in-situ SEM compression tests. 
The red squares in (a) show the yield stresses measured on square pillars (for comparison with the 
circular pillars an “apparent circular diameter” was determined from their cross-sectional areas) and 
the inlets show SEM images of compressed pillars. 

 

Detailed analysis of the in-situ SEM image sequences shows that the number of shear 

bands decrease with increasing displacement rate (Fig. 6.7b) as similarly observed on 

macroscopic samples in Section 5.4 (see Fig. 5.11). This is further evidence that high 

deformation rates generate preferential reactivation of existing shear bands. Time-

dependent relaxation processes which are only substantial at lower strain rates (see also 

Section 5.3) lead to a strengthening of the distorted structure in shear bands, and 

consequently the probability of reactivation decreases and multiple shear bands are formed. 

Preliminary microcompression tests on square pillars with a surface-area-to-volume 

ratio increased by a factor of π/2  (= 1.128) compared to the circular pillars show no 

sample shape influence. As shown in Fig. 6.7a (red squares), no difference in yield strength 

between circular and square pillars can be observed or if present it lies within the 

experimental scattering. SEM observation (cf. Fig. 6.8) shows that during compression 

multiple shear bands are formed that mainly emanate from the upper corners of the pillar at 

~45° to the loading axis. These experimental findings provide indirect evidence that FIB 

135 



Chapter 6 

damage on pillar surface has no or only marginal influence on the strength and deformation 

behaviour of amorphous micropillars. 

 

 

Fig. 6.8: SEM image of a deformed square pillar. 

 

 

 

6.4 Free-volume dependent pressure sensitivity 

The inhomogeneous nature of deformation in metallic glasses through shear banding as 

well as the mechanical instability associated with the strain softening post-yielding 

complicate the experimental assessment of plasticity in amorphous alloys. In addition, 

shear in BMGs may be sensitive to normal or hydrostatic stress components. This pressure 

sensitivity of plastic flow complicates the matter further, imparting tension/compression 

asymmetry. In uniaxial tension, fracture ensues almost immediately after yield due to 

mechanical instability. Hence, only the yield strength can be measured reliably by tension 

tests. Flexure tests, which apart from tensile testing are a common procedure for testing 

rapidly-quenched glassy ribbons [26,27], are not suitable for thicker plates of bulk metallic 

glasses (BMGs). The reason for this is that shear bands develop into shear cracks once they 

are allowed to traverse certain minimum distances, and the large elastic strain energy stored 
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in the specimen is released upon the initiation of shear cracks, leading to immediate 

fracture [26]. Also, accurate determination of the stress state under flexure loading is 

complicated by the tension-compression asymmetry that amorphous alloys exhibit. 

Therefore, uniaxial compression and indentation have been widely used testing techniques 

for characterising plasticity in BMGs. 

As shown in Section 6.3 compression tests on micropillars in the as-cast (AC), 

structurally-relaxed (SR) and shot-peened (SP) state show no significant specimen-size- or 

specimen-condition-related differences either in their strength or plastic flow characteristics 

(i.e. shear banding), despite the fact that the toughness of the BMG is markedly different in 

the three different conditions investigated. This is primarily because of the intrinsic 

limitations associated with uniaxial compression testing of materials that undergo 

inhomogeneous plasticity, i.e, frictional contact at the platen-specimen surface initiating 

localised flow (shear bands) and subsequently, facilitation of relative sliding of one part of 

the specimen with respect to the other without ever reaching the critical condition for 

initiating fracture. 

In this section, we examine whether instrumented indentation tests can reveal any 

distinct features associated with the plasticity of a Zr-based BMG, 

Zr41.2Ti13.8Cu12.5Ni10Be22.5 (Vit1), in the three different conditions. The indentation method 

offers many advantages. These include (a) the relatively small material volumes necessary 

to conduct a large number of tests; (b) the relative ease with which these tests can be 

performed (only a flat surface of rigidly held specimens is required); and (c) the allowance 

of large plastic strain, mainly due to the constrained compressive stress state which imparts 

intrinsic stability to the deformation. In addition, hardness measurements can help to 

identify the extent of pressure sensitivity to plastic flow through the constraint factor, given 

by the ratio of hardness to yield strength [28,29,30,31]. 

 

 

6.4.1 Indentation curves 

Figure 6.9 shows representative load, P, vs. displacement into the surface, h, curves 

obtained using a cube-corner indenter at a constant loading rate of 1.67 mN/s. Pronounced 

displacement instabilities (i.e., “pop-ins”) are visible during loading. The magnitude of the 

pop-ins (pop-in length) increases linearly with h as shown in Fig. 6.10. (For reasons of 
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clarity they are each averaged over 200 nm displacement intervals.) This linear relationship 

may simply be ascribed to the geometrical self-similarity of the sharp cube-corner tip and 

the associated deformation field [32]. No significant difference in the measured pop-in 

lengths between the AC and the SR material can be discerned (see also Table 6.1). 

However, the BMG in the SP condition shows relatively large (and consequently fewer) 

pop-ins than the AC sample. The onset of pop-ins in the load-displacement curve is also 

more pronounced in this case. 
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Fig. 6.9: Characteristic cube-corner indentation curves for the differently treated Vit1 samples at a 
loading rate of 1.67 mN/s. The curves are shifted relative to each other for better visibility. 

 

Table 6.1: Pop-in length versus displacement ratio (see Fig. 6.10) of the differently treated Vit1 
samples for the two loading rates applied. 

Material condition Low loading rate 
(1.67 mN/s) 

High loading rate 
(16.7 mN/s) 

as-cast 2.30 ± 0.08% 1.85 ± 0.03% 

structurally-relaxed 2.38 ± 0.11% 1.76 ± 0.05% 

shot-peened 4.04 ± 0.09% 2.59 ± 0.08% 
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Indentation at higher loading rates generates a decrease in the pop-in lengths (compare 

Figs. 6.10a and 6.10b) as well as a decrease of the number of pop-ins. As the loading rate is 

increased the nature of the pop-ins changes from discrete, horizontal stair-step-like 

displacement bursts to more blurred fluctuations or ripples. These observations are 

consistent with earlier indentation studies (e.g. [14,32]) which showed that the ratio of 

discrete plastic depth (i.e., individual pop-ins) to total plastic depth decreases with 

increasing indentation loading rate. Further, the apparent onset of pop-ins in the load-

displacement curve is shifted to both higher loads and indentation depths with increasing 

loading rates. An increase in the applied loading rate from 1.67 to 16.7 mN/s shifts the 

apparent onset of pop-ins for each material’s condition to higher values by approximately 

40 mN and 700 nm, respectively. 
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Fig. 6.10: Pop-in lengths for the differently treated Vit1 samples as a function of the displacement 
into the surface at a loading rate of 1.67 mN/s (a) and 16.7 mN/s (b), respectively. For reasons of 
clarity the pop-in lengths are averaged over 200 nm displacement intervals; the solid lines are linear 
fits of the data. 

 

 

6.4.2 Shear-band morphology 

Figure 6.11 shows the appearance of shear bands in the form of surface steps around the 

cube-corner indents for the three different material states. There is no discernible difference 

between the AC and SR state; the top view images of the indents show a rather triangular 

shear-band pattern. However, the shear-band appearance on the SP material is markedly 

different, and the shear bands form in a semi-circular pattern. A slightly lower number of 
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shear steps on the surface was observed on the SR sample compared to the AC sample, 

which is in agreement with the lower shear-band density on structurally-relaxed and 

partially-crystallised Zr52.5Ti5Cu17.9Ni14.6Al10 samples reported in [14]. In contrast, 

significantly fewer shear bands are formed in the SP sample (see the inclined images of 

Fig. 6.11). Keryvin [33] showed that shear offsets on the surface are observed only when 

the indenter deployed induces strains large enough to reach the fully plastic regime. In this 

regard, the extremely sharp cube-corner indenter induces large indentation strains, and 

hence provokes a fully plastic regime for all three conditions of the Zr-based BMG used in 

this study. It is possible that great differences in shear-band number density and spacing 

among the AC, SR and SP specimens will be observed when blunt indenter tips are used. In 

fact, Murali and Ramamurty [8] reported such differences between AC and SR samples 

tested with spherical indenters, with the SR sample showing significantly fewer shear 

bands. The authors attributed this embrittlement upon structural relaxation to the inability 

of the SR BMG to mitigate the crack-tip stress concentration through shear-band induced 

plasticity. 

The cross-sections of the cube-corner indents obtained by FIB machining are shown in 

Fig. 6.12. While the height of the shear offsets (∆s) increases, the angle of inclination with 

respect to the surface appears to decrease in the sequence AC, SR, and SP. In the SP case, 

the shear offsets have the appearance of wedge cracks. 
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Fig. 6.11: SEM images (left: top view, right: inclined (60°) view) of cube-corner indents (loading 
rate of 1.67 mN/s) showing the appearance of shear bands in the form of surface steps for (a) as-
cast, (b) structurally-relaxed, and (c) shot-peened Vit1 samples. 
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Fig. 6.12: FIB-cut cross-sections of the shear offsets (i.e. surface steps next to the cube corner 
indent, which is at the right image border) for (a) as-cast, (b) structurally-relaxed, and (c) shoot-
peened Vit1 samples. The figure also illustrates how the shear offset ∆s (with additional tilt 
correction) was determined. 

 

Schuh et al. [34] modelled the correlation between the pop-ins observed in the P-h 

curves and the shear offsets, which was verified by Moser et al. [14] with the help of in-situ 

indentation. Considering that the pop-in lengths of the AC and SR condition are similar 

(Fig. 6.10), the differences in the shear offset heights suggest a more prevalent reactivation 

of existing shear bands in the SR state. The observed large shear offset and low angle of 

inclination in the SP sample is associated with larger pop-in lengths and may be due to the 

biaxial compressive residual stresses that are present in the SP layer. 
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6.4.3 Hardness and pressure sensitivity 

The hardness (mean contact pressure) was calculated as H = Pmax/A, where Pmax is the 

maximum applied load and A is the projected contact area of the cube-corner indenter 

(including the pile-up, whose area contribution is ~20 %), determined via SEM image 

analysis. The values are listed in Table 6.2. The biaxial compressive residual stress that 

exists in the peened layer of the SP sample, estimated to be ~1.9 GPa by Zhang et al. [25], 

elevates the flow stress, and in turn enhances the measured hardness [35]. Raghavan et al. 

[9], who measured the hardness on the transverse section of the peened layer using a 

nanoindenter with a Berkovich tip, found the hardness values of the peened layer to be 

actually lower than the bulk hardness. This is because the biaxial residual stress is relaxed 

due to sectioning and the “actual” hardness is lower because of deformation-induced 

softening [36]. However, it is well known that the Oliver and Pharr (OP) method [37] 

overestimates the hardness when there is substantial pile-up against the indenter due to 

plastic flow. Since the authors of Ref. [9] report significant pile-up in their cross-section 

indentations and have used the OP method, the hardness values reported by them cannot be 

used for further analysis here.  

Therefore, cube corner nanoindentation was performed on the sectioned SP layer in this 

work and the mean contact pressure was accurately determined. The nanoindentation 

experiments were performed on a mirror-polished cross-section of the shot-peened layer 

~5 µm from the surface using a Hysitron triboindenter with a cube-corner diamond tip 

(peak load of 5 mN, loading/unloading rate of 0.01 mN/s and peak load hold of 10 s). 

Imaging of the indents was performed by atomic force microscopy (AFM) using the same 

cube corner tip, and the projected area of the imprint was subsequently determined from 

these AFM images using the image analysis software Sigma scanpro 4.0. The average 

values of H, measured in this study, and the uniaxial compressive strengths, σy, determined 

on 3-µm micro-pillars in Section 6.3, are listed in Table 6.2. It is seen that H increases upon 

structural relaxation by ~6% whereas it decreases by ~14% upon shot-peening (the AC 

values are used as the reference for comparison). While σy can also be ranked in the same 

order as H, i.e., SP < AC < SR, the relative change is small and within the margin of 

experimental error. 
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Table 6.2: Yield strength, σy (data obtained by conducting uniaxial compression tests on 3-µm 
micropillars, cf. Section 6.3), hardness, H (using a cube-corner tip), constraint factor C (= H/σy), 
and intersection angle α of shear bands around a conical indent of the differently treated Vit1 
samples. Data in parentheses indicate percentage change in property with respect to the as-cast 
state. 

Material condition σy

(MPa) 
H 

(GPa) 
C Intersection angle α 

(degrees) 

as-cast 2079 ± 52 6.07 ± 0.04 2.92 80.9 ± 1.1 

structurally-
relaxed 

2137 ± 110 
(+2.8%) 

6.45 ± 0.05 
(+6.3%) 

3.02 
(+3.4%) 

79.8 ± 1.2 

shot-peened 2030 ± 49 
(-2.4%) 

5.22 ± 0.21 
(-14%) 

2.57 
(-12%) 

91.2 ± 3.2 

 

During indentation, the matrix that surrounds the material underneath the indenter 

constrains the plastic flow. As a result, flow stress during indentation gets elevated 

significantly and is measured through the ratio of H/σy in the fully plastic regime of 

indentation. The ratio H/σy, therefore, is referred to as the constraint factor, C [30,31]. In 

crystalline metals C ~2.6–2.8, whereas C ≥ 3 for metallic glasses, a reflection of the 

sensitivity of their plastic flow to pressure [28,38]. Further, the C of BMGs, as well as that 

of other amorphous materials like polymers, increases with increasing temperature 

[29,30,31]. The C values, estimated using H and σy and listed in Table 6.2, can also be 

organised in the ascending order of SP < AC < SR. Keryvin et al. [30] have shown a one-to-

one correspondence between C and pressure sensitivity and hence C can be taken as the 

pressure-sensitivity index. Consequently, the experimental results of this work show that 

pressure sensitivity of the BMG increases modestly upon structural relaxation, whereas it 

decreases considerably upon shot-peening. 

To further confirm these changes in pressure sensitivity due to changes in structural 

states, we conducted conical indentations and examined the intersection angles, α, between 

the two families of slip lines (here, shear bands) that emanate from the edge of contact. If 

the material obeys the Tresca or the von Mises yield criterion, applicable for pressure-

insensitive plasticity, the slip lines follow the maximum shear directions with α = 90° 

[39,40,41]. For pressure-sensitive materials the intersection angles are smaller, i.e. α < 90°. 

The conical indentations on the AC and SR specimens were performed using a diamond 

cone tip (cone angle 120°, tip radius 0.2 mm) that is normally used for Rockwell hardness 
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measurements with an applied load of 980 N. Smaller indents were performed on the cross-

section of the peened layer of the SP specimen using the MTS NanoXP indenter with a 

conical tip (cone angle 84.6°, tip radius 1 µm) and a maximum load of 100 mN. The 

morphology around conical indents (i.e. the intersection angle of different families of shear 

bands) was examined by optical microscopy and SEM.  

Figure 6.13 shows representative micrographs with families of shear bands intersecting 

each other, for the three structural states examined. The average α values measured from 

such micrographs are listed in Table 6.2. For the AC condition α = 80.9°, close to that of 

~79° reported by Patnaik et al. [28] for the same alloy, which is representative of a material 

that obeys the Mohr-Coulomb yield criterion with a friction parameter of 0.19. Upon 

structural relaxation, α decreases marginally to 79.8°. This observation is in excellent 

agreement with the reduction in α (for similar temperature and time of annealing) upon 

structural relaxation reported by Yu et al. [40]. The reduction in α suggests slightly 

enhanced pressure sensitivity with relaxation, which is consistent with the small increase in 

C. 
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Fig. 6.13: Optical micrographs and SEM image showing the intersecting slip lines (with the 
intersection angle α) emanating from the edge of a conical indent, performed on (a) as-cast and (b) 
structurally-relaxed Vit1 samples, and (c) on the cross-section of the shot-peened layer. 

 

 

6.4.4 Discussion 

The mechanistic origin of the enhanced σy, H and pressure sensitivity upon structural 

relaxation can be understood as follows. The primary carriers of plasticity in amorphous 

materials are the shear transformation zones (STZs) [2,3]. Since STZ operation requires 

significant dilatation of the matrix that surrounds it, availability of free volume is critical 

for the STZs to occur in a given volume of material. Therefore, STZs occur preferentially 

in those regions which are less densely packed (i.e., have higher free-volume content), 

because relatively less dilatation of the matrix is required. It is well known that annealing 

leads to a reduction/annihilation of free volume [8], which in turn results in a densification 

of the BMG [42]. This makes the operation of STZs difficult (due to “higher atomic 

friction”), which results in an increased resistance to plastic deformation and therefore 

enhancement of yield strength and hardness of the BMG upon structural relaxation. This is 

consistent with other studies that report an enhancement in hardness upon structural 

relaxation [43,44]. 

Turning our attention to the SP condition, the measured α is ~90°, indicating that the 

BMG in this structural state obeys Tresca or von Mises yield criteria, which rely only on 

the deviatoric component of the stress tensor, as in crystalline metals. Also, the C = 2.57 

obtained for the SP case is close to that obtained in crystalline metals [45], confirming that 

146 



Deformation size effects and free-volume-dependent pressure sensitivity 

the BMG indeed becomes pressure-insensitive upon exposure to severe plastic deformation. 

The free-volume model by Cohen and Turnbull, and adapted for plastic flow in metallic 

glasses by Spaepen [46], implies the creation of free volume during the deformation, which 

in turn leads to local reduction in viscosity. Such free-volume enhancements were 

confirmed experimentally in Refs. [36,47], among others. However, the excess free volume 

generated during plastic deformation may not be stable [48] and it coalesces to form 

nanovoids once the externally applied stress is removed, as experimentally verified by Li et 

al. [49] and Flores et al. [50]. Nanoindentation of ball-indented plastic regions showed that 

these nanovoids act as sites for the initiation of shear bands [36]. Since the shot-peening 

process involves repeated indentations that induce successive plastic strains in the surface 

layers, it is likely that the effective free volume in those layers increases considerably. In 

contrast to that seen in SR samples, where reduction in free volume enhances hardness and 

also pressure sensitivity, increase in free volume due to shot-peening decreases the flow 

stress and hardness. It is interesting to note that the free-volume increase is so significant 

that pressure sensitivity completely vanishes, which implies that in this case the operation 

of STZs does not involve any dilatational component. 

Finally, the results presented in the preceding sections show clearly that the indentation 

method exposes additional, critical information about plasticity in amorphous alloys. It 

seems that hardness is more sensitive to the structural state of the BMG than the uniaxial 

compressive yield strength. Often the yield stress in uniaxial compression is equated with 

the onset of shear banding, although a considerable amount of homogeneous deformation 

through uncorrelated STZ operation (i.e. “anelasticity”) may have taken place before that. 

Unless careful experiments such as acoustic emission spectroscopy are performed, such 

STZ activity is difficult to reveal (see e.g. [51]). Indentation tests, on the other hand, seem 

to be more sensitive to this anelasticity. At large depths of penetration deformation occurs 

through shear bands, amply reflected by the pop-ins in the P-h curves in Fig. 6.9 as well as 

by the observation of indents in Fig. 6.11. This observation suggests that plasticity that 

occurs through inhomogeneous flow (i.e. shear banding) during sharp indentation may be 

similar to that seen in uniaxial compression tests, while plasticity that occurs through 

uncorrelated STZ operation is affected by the large hydrostatic compressive stress that is 

present underneath the indenter. This hydrostatic stress makes the STZ operations difficult, 

and consequently elevates their shear stress. Thus critical examination of indentation test on 

amorphous alloys can reveal vital information about the underlying physics of deformation. 
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6.5 Conclusions 

Detailed micro-pillar compression experiments on a Zr-based BMG with varying amounts 

of free volume reveal that yield strength remains unchanged with varying pillar size or free-

volume content. No influence on the part of sample shape (i.e. increased surface-area-to-

volume ratio) was observed, either. Plastic flow remains invariant with size, contradicting 

suggestions that it becomes homogeneous below some critical size in the sub-micron range. 

The experimental findings also highlight some of the limitations of the uniaxial 

compression testing technique in evaluating the plasticity of BMGs whose deformation is 

inhomogeneous in nature. 

Instrumented indentation tests on Vit1 reveal significant differences in hardness and 

slight changes in the shear-band morphology around the indents, depending on the 

structural state of the BMG, while its yield strength remains roughly invariant. The 

different behaviour can be rationalised in terms of a free-volume dependent pressure 

sensitivity, quantified by the constraint factor (i.e., hardness-to-yield strength ratio) and the 

intersection angle of emanating shear bands at the edge of conical indents. While structural 

relaxation leads to an enhanced pressure sensitivity compared to that seen in the as-cast 

state, pre-deformation by means of shot-peening results in a pressure-insensitive 

deformation response of the BMG. The microscopic origin of this behaviour is the ease of 

STZ operation, which requires local dilatation and can hence be activated more easily in 

less dense glassy structures. In consequence, it would be interesting to study whether the 

changes in pressure sensitivity with varying amounts of free volume are also reflected in 

changes in the STZ volume and activation volume, respectively. 
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7 Summary and outlook 

This chapter gives a summary of the most important results of this thesis and gives an 

outlook on future mechanical and structural investigations of BMGs. 
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Chapter 7 

7.1 General summary 

In this study we performed compression tests on millimetre-sized Zr-based BMG samples 

over a wide range of temperatures and strain rates. Based on the resulting experimental 

findings we developed a constitutive framework of (inhomogeneous) flow of BMGs and 

determined kinetic state variables, such as activation volume, shear transformation zone 

(STZ) volume and strain-rate sensitivity. We complemented these investigations with in-

situ compression of micrometre-sized pillars inside a scanning electron microscope (SEM) 

and instrumented indentation tests on a BMG in various structural states. The results 

revealed size-independent yield strength and deformation behaviour, but free-volume-

dependent pressure sensitivity. 

 

 

7.1.1 Influence of temperature and strain rate on inhomogeneous flow 

Detailed mechanical investigations on millimetre-sized Zr-based BMGs at various 

temperatures (77–623 K) and strain rates (3 × 10-5–2 × 10-1) revealed accurate information 

on the inhomogeneous flow kinetics. Serrated flow in conjunction with a negative strain-

rate sensitivity was observed at temperatures around room temperature. The serrated flow 

behaviour disappears below a critical temperature and/or above a critical strain rate, 

indicating that the underlying processes are thermally-activated. The results suggest a 

micromechanical deformation mechanism based on (i) shear displacement through the 

operation of STZs, and (ii) subsequent relaxation of the distorted structure. The latter 

vanishes below a critical temperature (or above a critical strain rate), resulting in the 

measured change in the strain-rate sensitivity and the disappearance of serrated flow. The 

crucial factor determining serrated flow in BMGs is the ratio between the (cooperative) 

shearing of STZs and the rate of adjacent diffusive rearrangements. In contrast to fracture 

surfaces the shear surfaces exhibit closely-spaced shear striations, and only a few areas 

reveal typical vein pattern structures, but of more limited thickness than those resulting at 

the moment of fracture. These observations, combined with estimates of the energy release, 

suggest that the heat release during plastic deformation is not sufficient to melt the entire 

shear surface. Melting only takes place locally due to friction and bursts in energy release at 

the moment of stress drops. 
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7.1.2 Constitutive modelling of the inhomogeneous flow of BMGs 

Despite fundamental differences in the underlying deformation mechanisms in amorphous 

and crystalline alloys, there exist close phenomenological similarities between the 

inhomogeneous deformation of BMGs and of crystalline solids which deform via a 

dynamic strain-aging mechanism, such as strain-rate-dependent serrated flow, negative 

strain-rate sensitivity and loss of ductility. The disappearance of serrated flow, i.e. temporal 

homogenization, below a critical temperature and above a critical strain rate corresponds to 

a transition of the asymptotic strain-rate sensitivity from negative to positive values. Based 

on thermally-activated shear processes, a temperature and strain-rate-dependent 

deformation model was presented that includes a time-varying state variable which 

represents the local degree of relaxation in the shear band after a shear event has taken 

place. The model makes possible a theoretical description of the observed strain-rate 

sensitivity and the spatio-temporal evolution of plastic deformation in metallic glasses. The 

compositional dependence of serrated flow implies importance on the part of local diffuse 

atomic rearrangements within shear bands. Such relaxation processes lead to a 

strengthening of the shear bands and lower the probability of their reactivation. Therefore, 

more shear bands are present at higher temperatures and/or lower strain rates. 

Preliminary observations of angles between two different families of shear bands at the 

edge of a conical indent reveal enhanced pressure sensitivity at low temperature (77 K), in 

conjunction with a decrease in the STZ volume. Our results also point to the importance of 

the (initial) condition of the material, its influence on the deformation characteristics, and 

the necessity to accurately define a general reference state for metallic glasses, in particular 

when comparing different alloys or differently-processed samples. 

 

 

7.1.3 Deformation size effects and influence of free volume on plasticity 

Detailed micro-pillar compression experiments on a Zr-based BMG with varying amounts 

of free volume revealed that yield strength is size-independent (at least down to pillar 

diameters of 300 nm) and remains unchanged if free volume content is varied. Deformation 

always proceeds via the formation and propagation of shear bands and no change in the 

mechanism (e.g., a shift to homogenous flow) was observed. The results suggest that 

homogenization, if present, would only take place at substantially smaller dimensions, e.g. 
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in the range of the shear-band thickness (~20 nm). Complementary instrumented 

indentation tests showed significant differences in hardness and slight changes in the shear-

band morphology around the indents depending on the structural state of the BMG. The 

varying hardness (but constant yield strength) suggests a free-volume-dependent pressure 

sensitivity, quantified by the constraint factor (i.e. hardness-to-yield strength ratio). Further 

evidence for the changing pressure sensitivity was provided by the measured intersection 

angles of emanating shear bands at the edge of conical indents. While structural relaxation 

(i.e., decrease in free volume) generates pressure sensitivity which is enhanced compared to 

the as-cast state, pre-deformation by means of shot-peening (i.e. increase in free volume) 

causes a pressure-insensitive deformation response in the BMG. The microscopic origin of 

this behaviour is the ease of STZ operation, which requires local dilatation and hence is 

prone to easier activation in less-dense glassy structures. 

 

 

 

7.2 General outlook and future work 

The picture we have obtained so far on the temperature-dependent inhomogeneous 

deformation of Zr-based BMGs is only partially complete. Due to the spontaneous 

embrittlement of the alloys in the temperature range between ~0.5–0.8 Tg the deformation 

characteristics could not be assessed experimentally in this temperature range. Possibilities 

for avoiding the problem of limited plasticity may be mechanical testing under 

geometrically confined conditions, such as the use of low-aspect-ratio samples or 

nanoindentation techniques. Further information may also be gained by extending the 

mechanical characterization to temperatures below liquid nitrogen temperature (77 K). 

Since our deformation model is based primarily on experimental findings using Zr-

based BMGs (with some support, however, from own and literature results on other alloy 

systems), it is essential to systematically study the deformation kinetics of other (non-Zr-

based) glass-forming alloy systems (which, as a matter of fact, is currently being done in a 

follow-up Ph.D. thesis [1]). Such investigations will further validate our constitutive model 

and show the extent to which our findings represent fundamental characteristics of BMGs 
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and how far they can be generalized, for example by scaling to the homologous temperature 

in a generalized deformation map. 

More detailed study of the structure-property relationships is required in order to 

understand the influence of potential inhomogeneities (impurities, nanocrystals, voids, etc.) 

and to clarify why certain monolithic BMGs are tough while others are completely brittle. 

Transition electron microscopy (TEM) on as-cast and deformed specimens may provide 

some insight into microstructural effects and shed light on why deformation behaviour 

differs between room temperature and liquid-nitrogen temperature. The major difficulty in 

answering the question about structural evolution in shear bands is their spatial limitation 

and dynamic nature. As pointed out in a recent study [2], the structural difference between 

shear bands and the undeformed matrix is very small. Only by using pair distribution 

functions derived from energy-filtered nanobeam electron diffraction were the authors able 

to reveal a slight difference in packing density and short-range order. Further evidence on 

structural changes and subsequent relaxation processes during shear banding might be 

observed by electron energy loss spectroscopy, and would clarify whether the mechanical 

distortion of the structure leads to an accumulation/depletion of certain constituent elements 

in or around a shear band. Detailed analysis of the chemical etchability of shear bands upon 

annealing at various temperatures and times (see Ref. [3]) or internal friction measurements 

(e.g. Ref. [4]) are complementary methods for gaining information (e.g. apparent activation 

enthalpy) about structural relaxation processes in shear bands and thermal relaxation of free 

volume. 

At present it seems that STZs act as “basic deformation units” governing the mechanical 

behaviour of metallic glasses. However, more work needs to be done to understand the 

composition-, strain rate- and temperature-dependent size and shape of STZs as well as the 

transition from individual STZs to fully-developed shear bands. Prominent approaches in 

this context are, for example, in-situ acoustic emission tests at different temperatures and 

strain rates to reveal STZ and shear band activity [1], or the experimental determination of 

STZ volumes (as carried out in this study, via indentation creep [5] or strain-rate change 

nanoindentation tests [6]) on metallic glasses of varying compositions and structural 

conditions. Corresponding measurements of pressure sensitivity may clarify whether 

changes in the structural condition (e.g. with varying free volume content, as shown in this 

thesis) are reflected in a different STZ volumes, similar to the observations made on 

nanocrystalline materials where an increase in the pressure sensitivity correlates with a 
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decrease in the activation volume [7]. Obviously, detailed atomistic simulations can also 

help to improve the microstructural description and understanding of deformation in 

amorphous alloys. For example, the activation energy of STZs in simulations were 

determined to be 0.34 eV [8] and 0.31 eV [9] for a CuTi and a NiZr model glass, 

respectively. In order to verify these values experimentally, the activation enthalpy ∆H 

could be determined by measuring the slope of an Arrhenius plot of steady-state creep-rates 

at different temperatures, i.e., 
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By using the relation ∆H = ∆G + T∆S = ∆G0 – τV + T∆S conclusions on the free activation 

energy ∆G and the total energy barrier ∆G0 would then be possible. Assuming that the 

evolution of the shear modulus with temperature is the main component of ∆S the following 

relation between ∆G and ∆H was derived [10,11] 

 
)d/d()(T/-1
)d/d)(/(

T
VTTHG

µµ
τµµ+∆

=∆  (7.2) 

which would then enable quantitative estimates of the experimentally derived ∆G and ∆G0 

and their comparison with values obtained from simulations. 

While plastic zone size and toughness of metallic glasses are seemingly correlated, 

fracture criteria necessarily involve certain length scales above which stress and/or strain 

reach a critical value. Our micropillar compression tests revealed a size-independent yield 

strength down to a sample size of 300 nm. Systematic studies of the deformation behaviour 

of metallic glasses in the nanometre range, however, are scarce and questions about 

possible size effects in plasticity are not yet fully resolved. We speculate that a transition to 

homogeneous deformation may be observed at smaller scales, where sample dimensions are 

on the order of the shear band thickness and shear-band localization becomes extremely 

difficult. In compression it is also generally observed that macroscopic specimens break 

into pieces, while corresponding microscopic samples can deform without catastrophic 

fracture, suggesting a possible transition from brittle behaviour to malleability. 

Unfortunately experimental data in the interesting, intermediate size range is lacking, but 

this deficiency might be addressed by compression tests on intermediate-size pillars 

(10 µm < d < 1 mm, fabricated e.g. by electrical discharge machining where the wire is kept 
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parallel to the surface and subsequently polished by focused-ion beam technique or by 

micro-ultrasonic machining) or by tensile tests on wires with equivalent diameters [12]. 

An issue that has hardly been touched upon is the influence of the specimen surface area 

on its mechanical behaviour. The fabrication of pillars by focused-ion beam technique 

offers a relatively straightforward way to obtain specimens with different geometries and 

surface-area-to-volume ratios. An example of a rectangular specimen is shown in Fig. 7.1. 

Testing of such structures could demonstrate the influence of an increased surface-area-to-

volume ratio on the deformation behaviour of metallic glasses and, for instance, show to 

what extent outer surfaces act as initiation sites for shear bands. 

 

 

Fig.7.1: SEM image of a rectangular wall-structure produced by the focused-ion beam technique. 

 

As follow-ups to this thesis project the following specific tasks should be addressed: 

(a) Determine the strain-rate sensitivity and activation volume for Vit105 in the 

temperature range between 300–600 K by using high-temperature instrumented 

indentation. 
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(b) Compare the strain-rate sensitivities and activation volumes measured via uniaxial 

compression tests with those obtained by indentation techniques. 

(c) For various BMGs, investigate in more detail the deviation of the normalized flow 

stress (σ/E)  from the generalized T2/3 dependence. (Besides the measurement of the 

flow stress at different temperatures this also requires accurate determination of the 

temperature dependence of the elastic modulus). 

(d) Extend the investigations on the transition from serrated to non-serrated flow to 

amorphous alloys with glass transition temperatures and shear moduli different from 

those of Vit105. 

(e) Perform detailed transmission electron microscopy studies on specimens deformed 

at different temperatures to reveal possible differences in the shear-band 

microstructure. 

(f) Measure internal friction spectra to obtain information about temperature- and time-

dependent structural relaxation processes and mechanisms of anelasticity. 

(g) Study the correlation between atomic processes (i.e., STZs) and the initiation and 

propagation of shear bands which occur on two different length scales, for example 

via acoustic emission measurements or in situ deformation experiments inside an 

SEM or TEM. 

(h) Investigate possible size effects in the deformation behaviour of intermediate-size 

(1µm < d < 1mm) and very small (d < 300 nm) pillars. 

 

 

In conclusion, despite great efforts made in metallic glass research over the last few 

decades, a fully comprehensive understanding of glass deformation is still lacking. Novel 

future insights gained from both experiments and simulations are eagerly anticipated which 

will pave the way for metallic glasses designed with specific properties in mind and thus 

further the innovative application of this interesting class of material. 
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