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Compendio

In questa tesi si affronta il problema dell’identificazione strutturale di sistemi
complessi investigando, a livello atomistico, tre materiali di interesse tecnologico
e scientifico attuale. Particolare attenzione è rivolta alla morfologia di superficie
e alle possibili funzionalizzazione delle superfici stesse. Le diverse metodologie
impiegate nel presente lavoro appartengono al campo della nanoscienza com-
putazionale, pur mantenendo un paragone continuo con il corrispondente lavoro
sperimentale. I risultati originali proposti in questo lavoro concernono princi-
palmente quattro diversi argomenti.

Il primo argomento riguarda un nuovo metodo che tiene conto degli effetti di
”forma finita della punta” per le simulazioni della microscopia a effetto tunnel
(STM). Considerando il caso in cui gli atomi della punta possono essere visti
come sorgenti indipendenti di orbitali di tipo s, la corrente di tunnel è calcolata
usando la formula di Bardeen e l’approssimazione di scattering incoerente. La
corrente di tunnel, mediata su tutte le possibili configurazioni di punta com-
patibili con la effettiva forma esterna del campionatore STM, è proporzionale,
nel limite del modello proposto, al prodotto di convoluzione tra la densità lo-
cale degli stati del sistema e una funzione a gradino tridimensionale definita
dal volume effettivo della punta. Il metodo è verificato su tre sistemi di at-
tuale interesse scientifico, rispettivamente, una molecola di hexabenzocoronene
adsorbita su di una superficie Cu(111), una superficie ricostruita Au(677) e,
infine, una molecola HCO adsorbita su Pt(111). Nei tre casi, esperimenti di
tipo STM sono combinati con calcoli basati sulla teoria del funzionale densità
(DFT) per sistemi di grande scala. Dai risultati si evince un accordo eccel-
lente tra le immagini STM misurate e quelle simulate. Viene dimostrato che,
nelle condizioni tipiche di un esperimento, il nuovo approccio recupera i risultati
propri del celeberrimo modello di Tersoff e Hamann nel caso di punte sferiche,
permettendo allo stesso tempo una maggior versatilità nella scelta della forma
del campionatore STM.

Il secondo argomento riguarda lo studio dell’influenza reciproca tra gradini
e ricostruzione superficiale nelle vicinali di Au(111) nonché le ragioni strutturali
della modulazione su scala nanometrica delle proprietà elettroniche, con parti-
colare riferimento all’ alternanza di regioni con impilamento atomico fcc e hcp.
Sono stati effettuati calcoli di funzionale densità (DFT) e semiempirici, i quali
hanno fornito la struttura superficiale in prossimità dei gradini. Si dimostra
che la la minore reattività, per quanto riguarda l’adsorbimento molecolare, dei
segmenti hcp dei gradini è dovuta ad una geometria di superficie particolare.
L’influenza della ricostruzione sulle proprietà elettroniche della superficie pi-
atta di Au(111) è discussa in termini della relazione esistente tra rilassamento
superficiale, il potenziale elettrostatico alla superficie e lo stato di superficie.
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Il terzo argomento riguarda lo studio delle superfici a basso indice di Miller
del PdGa, un composto intermetallico con possibili applicazioni come catalizza-
tore nell’ambito della produzione di polietilene. Studi preliminari indicano che
le superfici sono troncamenti del bulk. Le terminazioni ottimali da un punto di
vista energetico sono state determinate a mezzo di calcoli di energia di superficie
basati sulla teoria del funzionale densità e tramite il confronto tra simulazioni ed
esperimenti di STM. Studi sperimentali e simulazioni di diffrazione di elettroni
a bassa energia (LEED) confermano il risultato ottenuto. La selettività delle
superfici di PdGa, per quanto concerne i processi di adsorbimento molecolare,
è delineata a partire dalla conoscenza della struttura superficiale del composto.

Il quarto argomento riguarda lo studio di una lega metallica complessa
(CMA) ovvero la fase ortorombica dell’ Al4(Cr,Fe). La distribuzione dei metalli
pesanti nella cella unitaria è determinata attraverso il confronto di immagini di
microscopia elettronica a scansione e a trasmissione (STEM), ottenute tramite
simulazioni ed esperimenti. I risultati mostrano che i metalli di transizione sono
distribuiti sui siti di parziale occupazione in maniera ordinata, corrispondente
ad una superstruttura 2x1 della cella unitaria di bulk risolta da precedenti anal-
isi di esperimenti di diffrazione di raggi X e neutroni. Rispetto ai metodi di
diffrazione, i risultati STEM sono in grado di fornire una prospettiva comple-
mentare, che fornisce informazioni sulla struttura locale, e non semplicemente
media, del cristallo. I risultati dell’ analisi STEM permettono quindi un ulteri-
ore miglioramento del modello basato sugli studi di diffrazione.
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Abstract

In this thesis the problem of the structural determination of complex systems is
addressed, by investigating three materials of current technological and scientific
interest at the atomistic level, with a special focus on the surface morphology
and its possible functionalization. The methodologies used in this thesis belong
to the field of computational nanoscience but a continuous comparison to the
concurrent experimental work is made. The original work proposed in this thesis
regards mainly four different topics.

The first topic concerns a novel method accounting for tip size effects in scan-
ning tunneling microscopy (STM) simulations. By considering the case where
the tip atoms can be regarded as independent sources of s-orbitals, the tunneling
current is computed using the Bardeen formula and the approximation of inco-
herent scattering. The tunneling current, averaged over the many possible tip
configurations compatible with the effective external shape of the STM probe,
is proportional, within the model proposed, to the convolution product between
the local density of states of the system and a three-dimensional step function
defined by the effective tip volume. The method is tested on three systems of
current scientific interest, namely, a hexabenzocoronene molecule adsorbed on
Cu(111), a reconstructed Au(677) surface, and a formate molecule adsorbed on
Pt(111), which is studied here by means of large-scale density functional theory
(DFT) calculations and STM experiments. An excellent agreement between ex-
perimental and simulated STM images is found. It is shown that, under typical
experimental conditions, the novel approach recovers the results of the well-
known Tersoff-Hamann modeling in the case of spherical tips, while allowing for
more versatility in the choice of the shape of the STM probe.

The second topic concerns the interplay between steps and reconstruction in
Au(111) vicinals and the structural reasons for the nanopatterning of the elec-
tronic properties due to the alternation of fcc- and hcp-stacking regions. DFT
and semiempirical calculations are performed, providing the surface structure at
the step edges. An unusual atomic arrangement is shown to be responsible for
the lower reactivity, with respect to molecular adsorbates, of hcp segments of
step edges compared to the one of fcc segments. The influence of the reconstruc-
tion on the electronic properties of the flat Au(111) is discussed in terms of the
relationship between the surface relaxation, the surface electrostatic potential
and the Au(111) surface state.

The third topic concerns the study of the low-index surfaces of PdGa, an in-
termetallic compound with possible applications on the catalysis of the polyethy-
lene production. Preliminary studies indicate that the surfaces are bulk trun-
cations. Among all the possible terminations, the most energetically favored
are determined with the use of DFT-based surface energy calculations and the
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comparison between simulated and experimental STM images. Experiments
and simulations of LEED patterns confirm the result found. The site-selectivity
of the PdGa surfaces, with respect to processes of adsorption, are discussed in
view of the knowledge of the surface structure.

The fourth topic concerns the study of a complex metallic alloy (CMA), the
orthorhombic phase of the Al4(Cr,Fe). The distribution of the transition metal
atoms in the unit cell is determined by comparison of simulated and experi-
mental scanning transmission electron microscopy (STEM) images. The results
show that the atoms are distributed on the partially occupied sites in a ordered
way, which is realized by a 2x1 superstructure of the bulk unit cell obtained
by previous analysis of X-rays and neutron diffraction data. With respect to
diffraction methods, STEM results are able to provide a complementary view,
giving information on the local, as opposite to average, structure of the bulk unit
cell, thereby allowing for a further refinement of the models based on diffraction
methods.
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Introduction

The desire to describe empirical phenomena with the use of mathematics has
characterized generations of scientists, since the very beginning of physical sci-
ences. The possibility of predicting and explaining a phenomenon with a math-
ematical formulation marked the revolution of the modern times, where quan-
titative science has taken a role of primary importance in technology, industry
and philosophy, and is often invoked as a tool to discriminate between falsity
and truth. The great respect paid to quantitative science lies exactly in the
fact that theories can be quantified by numbers and falsified or corroborated by
experiments, these experiments being a confirmation that everyone can repeat
and verify independently.

The most fundamental equations of physics are often remarkably compact
and elegant, and in many cases the huge conceptual burden of the foundations
of theory is hidden in few basic relationships of differential calculus. However
the solution of these equations can be overly complicated. A famous example
is surely given by the problem of the planetary motion solved by Isaac Newton
for the case of two bodies interacting via the gravitational field: the simple
addition of a third body to the system enormously increases the mathematical
complexity of the problem, for which no closed-form solutions are yet available.
The description of observations could become a prohibitive task also for systems
composed of few constituents and, therefore, for the vast majority of cases of
interest.

In order to cope with complexity, scientists have often relied on simplified
models, based on assumptions which could be effective for the description of the
problem at hand. Then, for example, the motion of a falling body in the atmo-
sphere does not have to be treated taking into account the explicit composition
of the medium but can be studied in a continuum approximation, turning the
complicated atomistic description into a simpler problem where friction effects
are included in the equations of motion through a velocity dependent term.
Simplified models can provide in many cases an excellent description of the ob-
servations and offer a straightforward picture for the comprehension of phenom-
ena. However, in the framework of simplified models, the molecular mechanisms
determining the phenomenon under investigation cannot be accessed, in most
cases.

One of the most powerful tool to describe a complex system in terms of
its elementary building blocks lies in the use of numerical methods, which can
access different length and time scales according to the level of modeling used.
The propagation of the trajectories of the elementary constituents in a set of
subsequent time-steps, consistently with the equations of motions, surely repre-
sents one of the most typical examples of applications. Numerical approaches
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are however useful for a much broader variety of problems in natural science,
including the assessment of the stability of systems and their electronic char-
acterization. In all cases, proper computational tools must be available for a
significant description of the system under investigation.

For a long time scientists lacked powerful tools to automatize calculations,
thereby hindering by large the use of numerical methods. The situation has
changed dramatically with the advent of modern computers and of the methods
aimed at their most efficient usage, which have progressively broadened the
range of systems accessible by computation. At the small length scale, accurate
studies of systems composed of many atoms and molecules have become possible,
often also in the framework of ab-initio theories. In this respect the development
of the density functional theory (DFT) has played a major role, allowing for
the quantum-mechanical description of the systems in the context of a reduced
scheme, where the ground state is obtained in terms of a functional of the
electronic density. Methods based on DFT are today the tool of choice for
many atomistic simulations, together with more simplified approaches based on
empirical or semiempirical schemes for the description of the microscopic forces.

While computational methods could extend their reach to multiatomic and
multimolecular systems, technological progresses allowed experiments to follow
the opposite route and to go from the characterization of the macroscopic prop-
erties of systems towards their atomistic determination. This has allowed, in
turn, for a tremendous momentum in the characterization of materials, whose
feature could be progressively understood in terms of their elementary compo-
nents. The knowledge of material properties at the nanometer scale has very
important scientific and technological repercussions. Materials are ubiquitous in
everyday life, and the determination of their properties, from the electrical and
heat conductivity to the resistance to corrosion and the reactivity to external
agents, is a problem of interest for a very large audience, going well beyond the
community of material scientists. In order to understand many of the proper-
ties of the materials, the determination of the electronic and structural features
of their surfaces is of very large importance. Actually surfaces are the most
exposed parts of a material, control the interaction with external agents and
determine the chemical reactions actually taking place and their rate.

A major breakthrough in the field has been provided by the invention of the
scanning tunneling microscope, in 1981, by Gerd Binnig and Heinrich Roher.
This very important technique deals with the characterization of surfaces of
materials and provides information on their local atomistic structure. At the
length-scale of the nanometer realistic computational strategies and experiments
meet, allowing for the fruitful cooperation from both sides. When this occurs,
experimentalists may suggest calculations to theorists, and viceversa in a fas-
cinating crossroad between fundamental physics and technological application,
where modern nanoscience and nanotechnology take their place.

Recently surfaces have received a large attention partly because of their pos-
sible importance as substrates for the controlled growth of molecular assemblies.
Ordered aggregates of molecules could be turned in the future into useful and
novel nanodevices providing the necessary units for a new era of electronics,
based on the molecular self-organization rather than on the miniaturization of
silicon-based devices. Hence the need to understand materials surfaces with
a very high level of precision, in order to best determine the geometries and
energetics of molecular adsorbates and their substrates and induce the forma-
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tion of new useful nanostructures. The role of computational methods, in the
different aspects of nanoscience and nanotechnology, lies partly in its capability
to explain and reproduce measurements, but most of all in the possibility to
design novel experiments aiming at the discovery of new fascinating materials
properties and physical phenomena. The manipulation of matter in its building
blocks in the virtual laboratory offered by computer simulations is set to pro-
mote a novel era, based on deep knowledge-driven, rather than trial and error,
procedures for the creation of useful technological products.

In this manuscript, I will present the properties of various materials using
atomistic simulations, with a strong focus on the comparison with the exper-
imental data, which have been gathered at the Swiss Federal Laboratories for
Materials Science and Technology (EMPA), one of the host institutions of this
thesis project. The results presented in this work arise from the effort to sup-
port the experimentalists of the group, in view of a better understanding of their
empirical findings and the possible prediction of unexpected phenomena. The
systems treated are composed of metals and include a surface of pure gold (Au),
of an intermetallic compound composed of two elements, palladium (Pd) and
gallium (Ga), and a bulk of a complex metallic alloy, formed by aluminum (Al),
chromium (Cr )and iron (Fe). In all cases the work of this thesis is aimed at go-
ing through the complexity of these systems to provide information on relevant
technological issues. So the study on Au(111) is aimed at a better structural
determination of an important substrate for the growth of molecular nanos-
tructures, which could be relevant for the production of new organic electronic
devices. The characterization of PdGa surface deals with the comprehension of
an important catalytic process, which is used for the production of polyethylene,
the most commonly used plastic. The investigation of the Al-Cr-Fe compound
is instead performed in view of a better understanding of the properties of this
material, which displays an extraordinary resistance to corrosion. However even
if the motivation of these investigations is the possible application of these in-
teresting materials, the work done in this thesis keeps a strong connection to
the realm of fundamental science as many results were obtained with the use of
ab-initio theories.

The investigations performed in this thesis have been carried out using sev-
eral computational techniques. Among them, two stand out as the most recur-
rent and important for the achievement of the scientific results: i) the simu-
lation of STM images, using simplified models such as the Tersoff-Hamann or
the s-orbital continuum model, ii) the calculation of surface energies by density
functional theory and semiempirical approaches. Therefore the work presented
in this thesis belongs mainly to the field of surface science. A brief excursus
to the bulk properties of materials is given in the study of Al-Cr-Fe crystals.
Also in this case, however, the determination of a bulk model is a preliminary
step to the study of surface properties which will be able to unravel the most
interesting properties of this material. The thesis is structured as follows:

Chapter I introduces the simulation methods used for the calculations pre-
sented in the thesis. The exposition does not aim at an exhaustive description of
the underlying theory and its implementation but is rather focused on the main
contents necessary for the comprehension of the simulations results. Density
functional theory and its Kohn-Sham implementation are introduced, together
with the semiempirical schemes of the glue/embedded-atom models. A special
attention has been paid to the description of the STM, which is the main ex-
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perimental technique used for comparison with simulations in this work. The
Tersoff-Hamann model is briefly explained and the appropriate techniques for
the correct interpretation of STM images are reviewed.

Chapter II-III-IV-V are instead devoted to the presentation of the original
results obtained in this thesis. Each chapter is self-contained and can be solely
understood by reference to the method section outlined in chapter I.

Chapter II deals with the ”s-orbital continuum model” for the tunneling
microscope tip which allows for the description of tips with effective external
shape and which might be thought as an extension of the Tersoff-Hamann model.
The implementation of the model is tested on several systems and the tip-size
effects in imaging are discussed. A comparison with the Tersoff-Hamann model
is presented.

Chapter III presents the results on Au(111) stepped surfaces. The recon-
struction processes on flat Au(111) are reviewed together with the main exper-
imental results on the reconstructed stepped surfaces. A detailed characteriza-
tion of the surface geometries at step edges is given through the use of three
different approaches. First the stepped surface is treated, under a number of
assumptions, using a 2D Frenkel Kontorova model, then the reconstruction pro-
cesses are investigated using a semiempirical glue/embedded atom model and
finally density functional theory calculations are performed. The structural and
electronic properties of the surface are related to the site-selectivity of the steps
towards molecular adsorbates. Further studies performed on flat surfaces of
gold highlight the patterning of the electronic properties of the surface induced
by the reconstruction.

Chapter IV presents the results on the low miller indices surfaces of PdGa.
The surface terminations are characterized by surface energy calculations and
STM simulations of surface vacancy patterns. The one to one correspondence
between simulations and experiments allows to make conclusive statements on
the surface structure. Further adsorption simulations of carbon monoxide on
PdGa(111) are presented in order to discuss the site selectivity of this model
surface.

Chapter V presents the results on the orthorhombic phase of the quasicrys-
talline approximant Al4(Cr,Fe). The bulk structure of the material is ana-
lyzed through scanning transmission electron microscopy (STEM) simulations
and measurements, which are able to solve the structural disorder given by
the partially occupied transition-metal atomic sites. The results are compared
with previously published experimental findings obtained by x-ray and neutron
diffraction, showing the advantages of using STEM as an additional tool to
unravel the local structure of complex metallic alloys.

Finally a summary is reported, briefly reviewing the most important results
of this thesis.

12



Chapter 1

Simulation methods for the
structural determination of
surfaces

1.1 Forces in matter: the Hellmann-Feynman
theorem

One of the most important goals of theory in condensed matter is the correct
description of the interatomic forces. If this goal is achieved, simulation schemes
can be deployed in order to correctly predict the stability of the systems and
their time evolution under given conditions, for example during a temperature
annealing or a mechanical compression. At the atomistic length scale quantum
effects become necessary for the description of a material. Therefore a classical
scheme, based on the solution of newtonian equations and the propagation of
trajectories for the system of interacting electrons and nuclei is not possible.

The complete quantum mechanical description of the system is a task of
formidable complexity and requires the knowledge of the wavefunction of the
coupled system of ions and electrons Ψnuc−el({~R}, {~r}). Here {~R} and {~r} are
the set of nuclear and electronic coordinates, respectively. A great simplification
can be done by decoupling the electronic and the nuclear degrees of freedom as in
the well known Born-Oppenheimer approximation [1], where the wavefunction
of the coupled system of ions and electrons is rewritten as:

Ψnuc−el({~R}, {~r}) = χnuc({~R})ψel({~R}, {~r}) (1.1)

Here χnuc({~R}) and ψel({~R}, {~r}) represent the individual wavefunctions of the
individual nuclear and the electronic systems. Because of the large ratio between
the mass of the nuclei and that of the electron, in the Born-Oppenheimer picture
the electronic states are taken to relax instantaneously to the ground state
corresponding to a given nuclear configuration. For the same reason, the nuclei
can be approximated as classical entities. Then the motion of the ions can
be obtained in terms of newtonian mechanics, even if the potential acting on
the classical nuclei depends on the ground state of the electronic subsystem.

13



SIMULATION METHODS

The form of the forces acting on the system can be derived from the famous
Hellmann-Feynman theorem [2] which states that:

∂E

∂λ
=

∂

∂λ

∫
Ω

Ψ∗(λ)ĤλΨ(λ)d~r =

∫
Ω

Ψ∗(λ)
∂Ĥλ

∂λ
Ψ(λ)d~r (1.2)

where Ĥλ is the Hamiltonian of the system depending on a continuous parameter
λ, Ψ(λ) is an eigenfunction of the Hamiltonian, E is the energy of the state Ψ(λ),
and the integration is performed over the domain of Ψ(λ). If we identify the

parameter λ with the particular coordinate ~Ri of the i-th nucleus of system, we
obtain the force ~Fi:

~Fi({~R}, {~r}) = −Zi
∫
n(~r)~∇V (~r)d~r + ~Fnuc({~R}) (1.3)

where Zi is the charge of the nucleus i, n(~r) is the electronic charge density of the

system, V (~r) = e2/|~r − ~Ri|, e being the charge of the electron, and Fnuc({~R})
contains the contribution given by the coulomb interaction between the nuclei.
An inspection of eq. 1.3 reveals that the only quantities which are necessary
to the calculation of the forces are the nuclear positions {~R} and the charge
density n(~r) of the system.

One possibility is to recover the electronic density from the knowledge of
the electronic states of the system considered. The calculation of the electronic
states using traditional methods of quantum chemistry is however prohibitively
time-consuming for the systems studied in this thesis. A more appropriate ap-
proach, for the aim of this work, is given by the density functional theory (DFT),
which provides, regardless of the exact knowledge of the electronic states, the
correct ground state n0(~r) of the system. A brief description of the density
functional formalism is given in the next paragraph.

1.2 Density functional theory

1.2.1 The Hohenberg-Kohn theorems

Density functional theory is formulated in the two Hohenberg-Kohn theorems
[3]:

1) For any system of interacting particles in an external potential vext(~r),
the external potential vext(~r) is determined uniquely, except for a constant, by
the ground state particle density n0(~r).

2) A universal functional for the energy U[n] in terms of the density n(~r) can
be defined, valid for any external potential vext(~r). For any particular vext(~r),
the exact ground state energy of the system is the global minimum value of
this functional, and the density n(~r) that minimizes the functional is the exact
ground state density n0(~r).

Theorem statements taken from [4].

14



DENSITY FUNCTIONAL THEORY

1.2.2 The Kohn-Sham equations

Kohn and Sham [5] reformulated the problem in terms of a fictitious system of
N independent electrons whose electronic density n(~r) equals that of the real
system of interest. In formulae:

n(~r) =

N∑
i=1

|ψi(~r)|2 (1.4)

where the one-electron states ψi(~r) are known in this context as Kohn-Sham
(KS) orbitals. The exact form of the functional U [n(~r)] is not given by the
Hohenberg-Kohn theorems. Kohn and Sham rewrote U [n(~r)] for the system of
independent electrons, by separating it in the following different contributions.
In atomic units:

U [n(~r)] = T [n(~r)] +
1

2

∫
d~rd~r′

n(~r)n(~r′)

|~r − ~r′|
+ Exc[n(~r)] (1.5)

where T [n(~r)] is defined as the kinetic energy functional of a non interacting

gas of electrons, T [n(~r)] = − 1
2

∑N
i=1

∫
d~rψ∗i (~r)∇2ψi(~r), and Exc[n(~r)] is a term

containing the effect of the electronic exchange and correlation. The total energy
of the system E[n(~r)] is expressed in terms of U [n(~r)], n(~r) and the external
potential vext(~r) :

E[n(~r)] = U [n(~r)] +

∫
d~rvext(~r)n(~r) (1.6)

The minimization of the functional E[n(~r)] with respect to the (Kohn-Sham)
orbitals ψi(~r) leads to the well known KS equations:(

− h̄2

2m
∇2 + veff (~r)

)
ψi(~r) = εiψi(~r) (1.7)

or shortly:

HKS |ψi >= εi|ψi > (1.8)

Explicitly veff (~r) is:

veff (~r) = vext(~r) +

∫
n(~r′)

|~r − ~r′|
d~r′ +

δExc[n(~r)]

δn(~r)
(1.9)

In order to solve the equation (1.7), the knowledge of Exc[n(~r)] is required. Even
if the precise form of the exchange-correlation functional is not known, several
approximate forms are available in literature. In the calculations performed in
this thesis the Perdew-Burke-Ernzerhof (PBE) [6] functional has been used.

1.2.3 Electrons in periodic potentials

(i) The Kohn-Sham equations solve the quantum-mechanical problem for a set of
independent electrons, described by the one-electron wavefunctions {φ(~r)}. (ii)
In case of periodic systems, the potential vext(~r) represents the interaction of the
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electron with the nuclei and has the same periodicity of the system considered.
Under these two conditions the individual states assume the Bloch form [7]:

ψn~k(~r) = ei
~k·~run~k(~r) (1.10)

where n and ~k represent the quantum number associated to the energy band
and the crystal momentum, respectively, and un~k(~r) are functions with the

same periodicity of the system, defined by the unit cell lattice vectors {~Rc} =

{~Rc1, ~Rc2, ~Rc3}. A lattice vector { ~Kc} = { ~Kc
1,
~Kc

2,
~Kc

3}, describing the unit cell in
reciprocal space, is defined as:

~Kc
i · ~Rcj = 2πδij (1.11)

Within the reciprocal lattice the so called first Brillouin zone (BZ) can be ob-
tained by geometrical construction. It is defined by ”the planes that are the
perpendicular bisectors of the vectors from the origin to the reciprocal lattice
points”[4]. An example of BZ for a cubic and hexagonal 2D lattices is given in
fig. 1.1. All the possible eigenstates are specified within the BZ of the system.

Figure 1.1: The reciprocal lattices (dots) and corresponding first Brillouin zones
of (a) square lattice and (b) hexagonal lattice. Images and caption adapted from
[8].

The charge density n(~r) of the system can be written as

n(~r) =
∑

n,~k∈BZ

|ψn~k(~r)|2 (1.12)

From this equation it appears clear that the eigenstates have to be correctly
computed over the whole BZ.

In order to correctly sample the BZ it is possible to adopt two strategies: 1)
use of the primitive unit cell of the system and choice of a special set of k-point
which gives the largest contribution to the sum in eq.(1.12). 2) use of a large
supercell, and consequent reduction of the BZ. In case of large supercells, the BZ
can be approximated by a point corresponding to ~k = 0 (Γ-point calculation).

The time required for the calculations should depend circa linearly from the
number of k-points, as independent solutions of the eigenvalue problem (1.8)
have to be obtained per each k-point. On the other hand, the diagonalization
methods traditionally used to solve (1.8) require a time which increases circa as
the cube of the number of electrons of the system. For this reason choice 1) is
normally preferred as it is much less time-consuming for calculations. However
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dramatic improvements in the scaling of computational times have been recently
achieved in approaches such as the orbital-transformation method [9],which in-
deed make Γ-point calculations of large systems more affordable, as shown in
the examples presented in this thesis.

1.2.4 Basis sets

The explicit solution of equation (1.7) is performed numerically by standard
DFT codes. The crystal-periodic part of the Kohn-Sham orbitals is expanded
using a suitable basis set {φ(~r)}.

un~k(~r) =
∑
j

anj(~k)φj(~r) (1.13)

After plugging the expansion above in eq. (1.10) and then in eq. (1.7), the coef-
ficient of the expansion can be obtained by appropriate mathematical methods,
such as diagonalization of the KS Hamiltonian. The procedure is repeated until
the consistency between the KS orbitals and the KS Hamiltonian is achieved.

Different forms of the basis set can be chosen. One popular way of expanding
the KS states is the use of a plane wave basis set. In this case the expansion
can be written as:

un~k(~r) =
∑
~G

an~G(~k)ei
~G·~r (1.14)

where ~G represents a reciprocal lattice vector of the system. The size of the
basis set in actual calculations is necessarily limited. By increasing the number
of the basis functions considered, the representations of the different KS orbitals
become more accurate, up to convergence. In the case of plane wave basis sets
the criterion for the truncation is simple. One can define a cutoff sphere defined
by the radius Ecut, and include only values of ~G satisfying the condition.

1

2
G2 ≤ Ecut (1.15)

Convergence tests can then be simply performed by changing the value of Ecut.
An example of code using plane waves basis set is Quantum Espresso [10] (also
known as PWSCF), which has been used in many contexts in this thesis.

Gaussian basis sets are also a very popular choice for DFT calculations. Here
we consider the particular case of contracted Gaussian basis set. A contracted
Gaussian basis function is written as:

φj(~r) =

L∑
j

djigi(~r) (1.16)

dij are called the contraction coefficients, L is the contraction length and gi(~r)
are the primitive functions

gi(~r) = A(x− x0)lx(y − y0)ly (z − z0)lze−αi(~r−~r0)2

(1.17)

where A is a normalization constant, αi is the inverse decay length of the Gaus-
sian, lx,ly,lz are integer exponents which reflect the orbitalic character of the
basis function. For instance a lx+ly+lz = 0 Gaussian has an s-orbital character
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a lx + ly + lz = 1 as a p-orbital character and so on. ~r0 represents the center
of the Gaussian, which usually corresponds to a nuclear position. The basis
set can be increased by using more basis functions to represent each atomic
orbital. If a single contracted Gaussian is used the basis set takes the name of
SZV (single zeta valence) if two, three Gaussians are used we have DZV (double
zeta valence), TZV (triple zeta valence). If a contracted Gaussian function with
higher angular momentum is also included the basis sets become SZVP, DZVP,
TZVP (single,double,triple zeta valence with polarization), respectively. The
truncation of the basis set is here less immediate than in the case of a plane
wave basis set, as the way to increase the number of basis function is not unique.
Another possibility is the use of a mixed approach, combining a Gaussian basis
set and a plane wave representation for the charge density (GPW [11]). This
hybrid scheme introduces remarkable advantages. Gaussian basis sets are surely
very well suited for the expansion of the KS states. For example they retain
a clear connection with the atomic orbitals, thereby favoring the description
of the system in terms of chemistry. Moreover Gaussian basis sets are very
advantageous for the treatment of vacuum regions: as the basis sets increases
with the number of atoms, the presence of large regions of vacuum does not
affect considerably the computational speed. This fact is of great importance
in the simulation of materials surfaces, as shown in par. (1.4). At the same
time the use of plane waves is very convenient in the calculation of the Hartree
potential, which can be efficiently computed in Fourier space, by expanding
the electronic density n(~r) in plane waves up to a given cutoff. A code using
the GPW approach is CP2K [12] which has been extensively used to study the
systems investigated in this thesis. Thanks to the GPW implementation and
code optimization, the computational effort required by CP2K increases circa
linearly with the number of atoms in the system.
In all-electron calculations all the electrons in the system, including also the
core ones, are described by the basis set. In the plane wave calculations this
corresponds to use a very large cutoff to describe also the rapid oscillations of
the states close to the nuclei, in the localized basis set calculation it amounts
to include an appropriate number of basis functions per each atomic orbital.
In both cases the computational cost can be considerably reduced by including
only the basis set necessary for the description of the valence electrons, the core
electrons being kept fixed in the atomic orbital form. In this case the exact
interaction between the nuclei and the electrons is replaced by a pseudopoten-
tial, i.e an effective potential providing the correct valence electron energies and
reproducing the all-electron potential at distances larger than a given cutoff
radius rc from the nuclei. Pseudopotential corresponding to a large rc are said
to be soft. In the plane wave approach they require a smaller cutoff than hard
pseudopotentials. Ultrasoft pseudopotentials, which have the characteristic of
not being norm-conserving [13, 14, 15], have been used in this thesis for Quan-
tum Espresso calculations. In CP2K calculations the Goedecker-Teter-Hutter
GTH [16] potentials have instead been employed.
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1.3 Empirical and semiempirical force fields

1.3.1 Pairwise potentials

DFT-based calculations are increasingly used for the prediction of behavior of
matter at the atomistic length scale, because they have proven to be accurate
in many cases and can often access the length and time scales relevant to ex-
periments. If the phenomenon under investigation requires the simulation of
long trajectories and large systems, DFT-calculations might be however too
time-consuming and cannot be used.

In this case empirical or semiempirical schemes can be employed in order
to effectively simulate the interatomic interactions at a reduced computational
cost.

Empirical methods are based on the idea that the forces on the nuclei can be
reproduced by the use of an effective potential energy function which accounts
for the presence of the electrons without including explicitly their degrees of
freedom. Nuclei are treated as classical particles. For a system containing N
atoms with nuclei at positions {~r}, the nucleus at ~ri is subject to the force:

−~∇iV ({~r}) = Fi (1.18)

where V({~r}) represents the potential associated to the force-field. The correct
form of the potential cannot be unraveled without the use of an ab-initio theory.
In order to simplify the form of the potential it is convenient to express it as a
series of multibody contributions as follows [17, 18]:

V ({~r}) =

N∑
i=1

v1(~ri) +

N∑
i<j

v2(~ri, ~rj) + (1.19)

N∑
i<j<k

v3(~ri, ~rj , ~rk) + ... (1.20)

where {v1, ...vn} represent a priori unknown functions which have to be op-
timized in order to best describe the correct V ({~r}). The best form of the
{v1, ...vn} functions can be obtained empirically by fitting the potential with
respect to target experimental quantities or a more fundamental ab-initio re-
sults. In the simplest approximation, only the v1 and v2 terms are retained in
the construction of the empirical potential. The v1 term represents for example
the contribution from forces external to the system, while the pairwise v2 term
has to embody the interatomic interactions. A typical example of potential em-
ploying only pairwise additive potential is the Lennard Jones potential which
well describes the interactions in rare gases.

Pairwise potentials have also been used for the simulation of metals, showing
a number of limitations and inadequacies[19, 20]:

1) The ratio Ec/KbTM , Ec being the cohesive energy and TM the melting
temperature, is about 3 times too small. Therefore potentials fitted to give the
correct cohesion energy, yield a too high melting temperature and viceversa.

2) The vacancy formation Ev energy is equal to the cohesive energy Ec
minus relaxation. The relaxation energy is usually small and the ratio Ec/Ev is
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predicted to be nearly 1 in the two-body schemes. This prediction is not correct
for metals (in Au Ec/Ev ≈ 0.25).

3) The elastic constants of metals are not correctly reproduced.
4) Surface properties of a two-body system strongly differ from that of a

metal: The evaporation energy near the melting point is too high and recon-
structions can hardly be reproduced in the two-body approximation.

One possibility to improve on two-body potentials would be the inclusion of
three-body or higher order terms. This is the case for example of the Tersoff
potential [21], which is a three-body potential including an angular dependent
term. The potential is widely used in systems containing carbon, silicon or
germanium because it is able to account for directionality in bonding. However,
especially for metals, other schemes have been more extensively used for the
treatment of the many-body effects. We review these methods in the next
paragraph.

1.3.2 The embedded-atom/glue model

In the eq. (1.20) the many-body interactions are accounted for by the progressive
inclusion of terms depending on three, four, ... n atomic positions. This is
however not the only way to improve on the pairwise potential. An alternative
approach is provided by the embedded-atom-model (EAM) [22, 23], which is
based on the Hohenberg-Kohn theorems: if one considers the i-th atom of the
metal as an impurity embedded in a host at ~ri, the energy of this impurity, Eimp
is, within the local density approximation, a functional of the host electronic
density (without the impurity atom) n(~ri):

Eimp = U [n(~ri)] (1.21)

In the EAM scheme,the total energy,Etot, is the sum of the Eimp over all atoms
of the systems, plus an empirical term including the pair-potentials φ(rij), which
account for the core-core repulsion between atom i and atom j, at distance rij .

Etot =
∑
i

U [n(~ri)] +
1

2

∑
i6=j

φ(rij) (1.22)

Approximately, the host charge density at ~ri, can be given as a superposition
of the free-atom densities, ρ(~r) of the host atoms, computed from Hartree-Fock
calculations.

n(~ri) =
∑
j

ρj(rij) (1.23)

ρj(rij) indicating the electronic density of atom j at distance rij . More complex
forms of the electronic densities, including angular dependencies have been in-
troduced in the MEAM [24] model, which turns out particularly appropriate for
systems where directional bonding plays a major role, such as semiconductors.
The form of the functional in the EAM, as well as the pair potential terms, have
to be fitted to the properties of the system under investigation.

Similarly to the EAM scheme, another class of potentials, the glue potentials
[25, 19], (or Ercolessi-Parrinello-Tosatti (EPT) from the name of the developers)
are expressed by eq. 1.22. The difference with respect to the EAM potentials
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lies in the form of ρ(~r) which is left free for the fitting procedure and has no
direct relationship to the electronic density of the system.

Explicit fitting to bulk and surface properties of gold has provided a potential
which successfully predicts the reconstruction patterns on all the the three low-
index surfaces. The form of the three functions, U(n), ρ(r) and φ(r) is reported
in fig. 1.2. The function φ(r) displays a minimum at r = 2.87 Å, i.e. the
experimental lattice constant of gold. The function U [n] has a minimum at
n = 12 and is therefore optimal for the gold atom in its bulk position, surrounded
by 12 neighbors. Although the pair potential term has been introduced to

Figure 1.2: The three functions φ(r) (a), ρ(r) (b) and U(n) (c), optimized for
Au. Images and caption adapted from [19].

account for the core-core repulsion, a precise physical meaning cannot be given
to the term U , and φ: as shown in [19], the Hamiltonian of the system is in fact
unchanged by the following transformation:

φ̂(r) = φ(r) + 2λρ(r)

Û(n) = U(n)− λn (1.24)

where λ is an arbitrary positive real number. Therefore the physics of the sys-
tems is unchanged under the transformation above, and any physical quantity
has to be invariant when the transformations are applied. Examples of invari-
ants are the function ρ or the second derivative of the glue term, U ′′(n). The
ambiguity on the form of the potential terms can be removed by assuming a
particular condition to hold for U(n). In deriving the glue potential for gold
the condition U ′(n)=0 was used. The functions ρ, φ, U are then taken to be
polynomials whose parameters are fitted against the experimental values of a
variety of quantities, such as the lattice parameter, the cohesive energy and the
bulk modulus, just to cite some examples.
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New methods for the force-fitting have been developed after the publication
of the glue-EAM models. Many of these approaches rely on the comparison
between the semiempirical scheme and first-principle calculations. An example
is given by the force matching method [26], where the EAM forces are obtained
by comparison with a set of first principle forces obtained for a set of selected
configurations of the system. More recently methods providing many-body po-
tentials using DFT combined to neural networks have been proposed [27].

EAM-glue models are a very widely used tool to predict metal properties
at a semiempirical level. In this work we have used the EPT gold potential to
study the reconstruction properties of Au(111) vicinals.

1.4 Simulation of periodic surfaces

Figure 1.3: Example of the system geometry in a periodic slab calculation. The
example case of a stepped surface is reported. The images of the unit cell are
displayed using a thin frame, where green, blue and white colors indicate the
different lattice directions.

Bulk crystals have a three-dimensional periodicity, which can be defined by a
repeated unit cell lattice. Simulations can be performed by employing periodic
boundary conditions (PBC) which allow for the description of an infinite system,
consisting of a repetition of the unit cell in the lattice directions. Similarly crys-
tal surfaces are periodic systems, but, unlike their bulk counterpart, have only
two-dimensional translational invariance. Therefore PBC can be applied in the
surface directions, but in the perpendicular direction the periodicity is broken.
As explicit simulations of infinite systems cannot be done, the following alter-
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native scheme is commonly used: two surfaces of the given system are explicitly
represented with the use of a crystal slab which is periodically repeated not only
in the surface directions but also in the perpendicular one. By choosing a unit
cell with a perpendicular unit vector larger than the slab thickness, an array of
slabs, separated by a vacuum region, is represented (fig. 1.3). The simulation
can then be performed using three-dimensional PBC and, if the vacuum region
and the slab thickness are large enough, the surfaces properties are correctly
represented.

As mentioned, the vacuum region must have an appropriate length for the
slabs in the different periodic images. The individual one-electron states of the
surface have a fast decay in the vacuum region, so that the overall charge density
of the system becomes very small already few Angstroms (Å) above the surface.
Typically a vacuum region of 20 Å is already large enough for all the electronic
and structural properties of interests to be converged to the limit of isolated
surfaces. The thickness of the slab must also be enough for the two surfaces of
the slab to be decoupled. The proper size must be checked by controlling the
convergence of the properties of the system with respect to slab thickness. For
example a slab comprising 6 layers of gold in the [111] direction is enough to
describe accurately the geometry of the reconstructed surfaces [28] but up to 24
layers have turned out to be necessary to reproduce the Au(111) surface state
dispersion [29]. The use of periodic calculations requires moreover a control
on the lateral size of the unit cell, which should be larger than the length
scale at which the investigated phenomenon takes place. A typical example is
the study of isolated molecules on surfaces. If the unit cell is too small, the
molecule adsorbed on the surface feels the presence of the neighboring images
and the system under consideration becomes a network of interacting, rather
than isolated, molecules. In this case the lateral size of the unit cell must be
increased until an appropriate control parameter, such as the adsorption energy
of the molecule, has converged.

1.4.1 Energy optimization

Systems in nature tend to reach configurations which minimize their free energy.
These configurations are very often found in the samples prepared experimen-
tally and their prediction is one of the major goals of atomistic simulations. The
Gibbs free energy of a system at constant pressure and temperature is written
as:

G({~r}, P, T ) = U({r})− TS({~r}) + PV (1.25)

where {~r} represents the N -dimensional coordinate space of the system. U({~r})
represents the internal energy of the system, due to the microscopic interatomic
forces between the atoms, the term TS({~r}) accounts for entropic effects, P and
V are the pressure and the volume of the system. In the simulations performed
in this work we compare with experiments performed at low temperature and
pressure and therefore the quantity of interest is U(~r). Two different possibilities
have been exploited in this thesis to find the minimum U({~r}) of the systems
of interest: i) local geometry optimization of the function U({~r}) with respect
to the atomic positions {~r}, (ii) simulated annealing simulations of the system
with slow cooling phase. The option (i) requires a much smaller computational
effort than (ii). Typically, with modern computational capabilities, systems with
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up to few thousands atoms can be locally optimized at a DFT level, thereby
providing not only equilibrium geometries but also information on the electronic
structure of the system. Local optimizations yields the relevant geometry only
when the optimal structure can be guessed very closely, energy barriers between
the guessed and the lowest energy configuration being negligible. Appropriate
starting configurations can be suggested, for example, by experiments. However,
lowest energy configurations are often completely unknown: in this case the
local optimization of a guessed structure would lead to potential minimum but
probably not to the lowest one.

Figure 1.4: Simple 1D representation of the local and global optimization con-
cept: a system in a potential U(x) has the initial condition given by the position
of the leftmost solid black circle. After local optimization the system relaxes in
the closest minimum which is not the global one. If on the other hand the sys-
tem is annealed, it is able to overcome the energetic barrier at high temperature
(dashed circles, hot colors) and to relax to the lowest minimum after cooling of
the system (dashed circles, cold colors).

Experimentally the optimal configuration can be obtained by annealing the
system. If the temperature of annealing is high enough energy barriers in the
conformational space are overcome and the system, upon slow cooling, relaxes
to the lowest minimum. The annealing of the system can be also simulated
using Molecular Dynamics (MD). In MD the classical equations of motion are
integrated and the system evolution can be performed in the canonical ensemble
by using an appropriate thermostatting technique. The temperature can be var-
ied during the simulation, thereby allowing the experimental annealing process
to be mimicked, even if the experimental time scale can be hardly reproduced.
Annealing simulations can be performed also within the framework of DFT,
by using Born-Oppenheimer [1] or Car-Parrinello dynamics [30]. In the work
done in this thesis, however, the length and the time scale of the phenomena
investigated has only allowed for classical MD annealing simulations, which we
have performed to understand the structure of steps in the reconstructed gold
vicinals. These simulations have provided a good guess for the actual structure
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of the surface, thereby allowing for further local optimization using DFT.
In the case of gold vicinals the use of annealing simulations have turned out

to be sufficient to reproduce the experiments to a satisfactory level of accuracy.
In other cases, finding the global minimum can be more difficult and annealing
simulations, in the time scale allowed by the computational capabilities, might
not be appropriate. This is connected to the fact that visiting the the global
minimum of a system can be a rare event, a concept to which an extended
literature has been devoted (see for example [31]) One example is given by
the argon cluster composed of 38 atoms. This system has been analyzed in
detail in [32]. The global minimum corresponds in this case to a truncated
octahedron, but the funnel associated to this minimum is very narrow. Typically
if one performs an annealing simulation on the nanosecond scale, it is not very
common to find the absolute minimum at the end of the cooling phase. In
these cases more advanced approaches must be used for the correct sampling
of the conformational space and the determination of energetic minima. These
methods include metadynamics[33], basin hopping [34] and the parallel excitable
walkers algorithm [35], just to cite some examples.

1.4.2 Surface energy

Atoms at the surfaces have a less favorable environment than in the bulk. In
case of crystals displaying directional bonds, turning a bulk atom to a surface
atom requires the disruption of some of them, a process which is associated to
an energy cost. Similarly in a metal, atoms at the surface are not optimally
coordinated, as illustrated in the EAM-glue model. Also in this case the for-
mation of the surface has an energetic cost, which is commonly known under
the name of surface energy (per atom or, more often, per surface area). Among
all the possible surface morphologies, the stable one corresponds to that having
the minimum surface free energy Gsurf . The surface energy of simple systems
can be computed from slab calculations. In the case of simple metal surfaces,
the Gibbs free energy of a slab Gslab(n) containing n atoms can be related to
the surface free energies by the following relationships:

Gsurf =
Gslab(n)− nµbulk

2S
(1.26)

where S represents the surface area, the factor 2 accounts for the presence of the
two surfaces in the slab and µbulk is the energy required to add one bulk atom
to the system. The free energy G can be replaced by the internal energy U if the
temperatures are low enough and the entropic and pressure effects are small.
Typically, crystals are grown out of atomic sources, which could be for instance,
in the gas phase or internal to the sample. At the equilibrium, the chemical
potential of the source µ must be equal to that of the bulk µbulk. The chemical
potential of the bulk is equal in simple single element systems, to the chemical
potential of a kink atom. This is because, removing one atom from a kink,
reduces the number of bulk atoms by exactly one unit, the number of kinks and
surface atoms remaining instead unchanged. Surface energies computed through
eq. (1.26) have been used in this thesis to determine the optimal reconstructed
surface of Au(111) vicinals.

The situation becomes more complicated in the case of alloys or intermetallic
compounds. In this case the free energy of the surface depends on the chemical
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potentials of all elements and the two different surfaces of the slab might be
inequivalent. We treat the simplest case of a binary system, containing atoms
of type x and y and total number of atoms n = nx + ny.

First we remark some conditions [36] with which the chemical potentials of
the sources have to comply. The equilibrium between the bulk and the sources
implies:

nbxµx + nbyµy = µbulk,xy (1.27)

nbx and nby indicating the number of type x and y in the bulk unit of the
material and µbulk,xy expressing the amount of free energy required to build up
the bulk unit of the compound.

Moreover the chemical potentials of the sources have to be smaller than those
of the elemental bulk, which leads to the allowed energy ranges for µx, µy:

(nbxµbulk,x + ∆Hf )/nbx ≤ µx ≤ µbulk,x (1.28)

(nbyµbulk,y + ∆Hf )/nby ≤ µy ≤ µbulk,y

∆Hf being the enthalpy of formation of the compound, and µbulk,x, µbulk,y the
chemical potentials of the elemental bulk of species x and y, respectively. The
enthalpy of formation is defined as:

∆Hf = µbulk,xy − nbxµbulk,x − nbyµbulk,y (1.29)

If a slab terminates with two surfaces A,B, the energy GAsurf and GBsurf of
the surfaces A, B is related by:

GAsurf +GBsurf =
GA,Bslab(n)− nxµx − nyµy

S
(1.30)

For binary systems where it is possible to construct a slab which displays two
energetically equivalent terminations, such that A = B and GAsurf = GBsurf , the
calculation of absolute surface energies is possible, albeit generally as a function
of the chemical potentials. Surfaces which fall in this category are for example
the PdGa(100) and the PdGa(110) bulk terminations which are treated later in
par. 4.3.1.

Otherwise, if A 6= B and GAsurf 6= GBsurf the absolute surface energies can-
not be accessed. In this case only informations on relative surface energies can
be retrieved: one can for example construct a slab with termination A’ and B
and obtain the sum of the free energies GA

′

surf + GBsurf . By subtraction of this

quantity to GAsurf + GBsurf , the difference GA
′

surf − GAsurf is obtained, thereby
providing informations on the relative stability of termination A and A’. These
considerations have been applied to the case of PdGa(111/111) bulk termina-
tions, which are described in detail in chapter 4. As a general remark, large
values of the chemical potential for one species indicate the tendency of that
species to be present at the surface of the compound. In the extreme case where
µx = µbulk,x or µy = µbulk,y crystallites of the material are found at the surface
of the compound and are in equilibrium with the sources.

1.4.3 Frenkel-Kontorova models

In section 1.3.1 it was mentioned that pairwise potentials could be employed for
the description of metal surfaces. A typical example to reduce the complexity
of the surface model is given by the use of Frenkel-Kontorova (FK) models [37].
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These models represent the system of atoms as a network of springs with
equilibrium lenght a, interacting with an external periodic potential with wave-
length b (fig. 1.5). In one dimension the form of the FK potential is expressed
by equation 1.20 with:

v1(xi) =
q

2

[
1− cos(2πxi

b
)

]
(1.31)

v2(xi, xj) =
k

2
(xi − xj − a)2 if i and j are first neighbors (1.32)

v2(xi, xj) = 0 otherwise (1.33)

wher q and k are system dependent parameters. Because of the generally

Figure 1.5: Frenkel Kontorova model in one dimension.

different value of a and b the FK models are suited for the treatment of systems
displaying competing periodicities. A typical example where FK models can
be used effectively is the case of surface reconstructions and surface overlayers
[38], where the outermost layer of the sample relaxes on a substrate which can
be approximately considered fixed and bulk-like. One system which has been
extensively treated with FK approaches is the reconstructed Au(111) first using
1D [39, 40] and more recently, 2D [41, 42] models. In [41, 42] the parameters
of the potential have been estimated by comparison with ab-initio calculations.
In this thesis the parametrization of [41] will be used to describe the surface
reconstruction of Au(111) in the presence of steps as described in 3.2.1.

1.5 Scanning tunneling microscopy

1.5.1 Working principle

Scanning tunneling microscopy (STM) [43, 44] is one of the most important
tools which have been developed in the past few decades, as it provides atomic
resolution images of conducting surfaces and their adsorbates. The working
principle of STM is based on quantum tunneling: a metallic tip is brought
close to the specimen to be imaged until a small tunneling current is recorded.
The tip and the sample are separated by a small vacuum gap, usually in the
range of 5-15 Å[45]. At this distance the STM image becomes very sensitive
to the vacuum tail of the sample states, and can therefore yield an important
information on the local electronic features of the sample surface. The current
flows across the junction because a small voltage difference (down to order
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of magnitude of meV) is applied between the two electrodes, this difference
being also known as bias voltage. If the potential gradient makes the electrons
flow from the sample to the tip the bias is negative, and positive otherwise.
The tip is connected to a piezoelectric element and scans over the sample, by
recording tunneling currents at all points of the surface. The most used mode
of operation of STM is the so called constant-current mode. In this operational
mode, the vertical tip-sample separation is adjusted, via a feedback loop, so that
the tunneling current is constant during the scan. Constant-current images often
provide a topographical information of the surface and can precisely map the
surface corrugation given by defects and adsorbates. In this PhD thesis, STM
images provided by experimentalist of our group have been widely used for the
structural determination of the surfaces of interest.

Figure 1.6: A typical experimental STM setup is reported. Taken from [46].

1.5.2 STM simulations: Tersoff-Hamann model

The interpretation of the experimental STM images requires the use of an STM
model which could relate the observations to the physical quantities of the sur-
face. Most simplified models for computing the STM current are derived from
Bardeen’s theory [47], which was published well before the invention of STM.
Bardeen’s theory is adequate when the tip and the sample are sufficiently far
apart and when the potential between tip and sample is low enough. The
Bardeen formalism states that the tunneling current depends on the following
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integral:

I =
2πe

h̄

∑
µ,ν

f(Eµ)(1− f(Eν + eV ))|Mµν |2δ(Eν − Eµ) (1.34)

where f(E) is the Fermi function, V is the applied voltage, Mµν is the tunneling
matrix element between states ψµ of the probe and ψν of the surface and Eµ (
Eν) is the energy of state ψµ (ψν) for the isolated systems. The explicit formula
for the matrix element reads:

Mµν =
h̄2

2m

∫
d~S · (ψ∗µ~∇ψν − ψν ~∇ψ∗µ) (1.35)

and the surface integral is performed on a separation surface, which can be any
surface lying entirely in the vacuum region.

One road for simplifying the computation of the tunneling current is to treat
the tip structure using simple idealizations, as in the well known Tersoff-Hamann
(TH) model [48]. The TH model is derived from Bardeen’s formula under the
assumption that the tip can be modeled as a spherical potential well. The tip
eigenstates are the spherical Bessel functions, describing solutions associated to
different angular momenta. In their description, Tersoff and Hamann retained
only the l = 0 component and showed that, in the limit of low temperatures
and low bias voltages the matrix element Mµν is proportional to the value of
the sample state ψν(~r0), ~r0 being the center of the well. As a result the current
intensity recorded by the STM tip is proportional to the local density of states
(LDOS) of the sample at ~r0, at the Fermi energy Ef .

I(~r0) ∝
∑
ν

|ψν(~r0)|2δ(Eν − Ef ) = ρ(Ef , ~r0) (1.36)

Figure 1.7: Schematic picture of tunneling geometry. Probe tip has arbitrary
shape but is assumed locally spherical with radius of curvature R, where it
approaches nearest the surface (shaded). Distance of nearest approach is d.
Center of curvature of tip is labeled ~r0. Images and caption taken from [48].
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This very simple result gives a straightforward framework for the interpre-
tation of STM experiments, which can be related to a physical property of the
sample alone. The contribution of the tip to the STM image is only given by
the radius of the spherical tip which sets the intensity of the current and there-
fore the average tip sample separation at which the image is performed. In
this thesis the TH approximation has been used to perform STM simulations
of model surfaces of Au(111) vicinals, PdGa catalysts and adsorbate/surface
complexes such as 2H-Tetraphenylporphyrin on Ag(111) (fig. 1.8). Moreover
the TH model has served as inspiration for an original model, the ”s-orbital
continuum model”, which has been entirely developed during the PhD work,
is compatible with the TH model but allows for the use of tips with arbitrary
shape.

Figure 1.8: Possible adsorption configuration of 2H-Tetraphenylporphyrin on
Ag(111) (a) rectangular, (b) spiral. STM simulations using the TH model al-
low the comparison with experiments and provide information on the actual
adsorption geometry. Adapted from [49].

1.5.3 Extrapolation of sample states in vacuum

In order to perform correct STM simulations, the sample states have to be
correctly described over the whole range of distances covered by the STM tip
during the experiments. An acceptable quality of the states of the system is
however not easy to achieve. The problem is twofold. First, the sample states
have a very small amplitude in the far vacuum and can be therefore affected by
the numerical errors in the calculations. Second, in case of Gaussian basis sets,
the individual basis functions are centered on the atoms of the sample. Faraway
from the surface the decay of each state of the sample corresponds to that of the
most diffuse Gaussian included in the state expansion and differs strongly from
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the actual decay in vacuum. The general expression of the n-th one-electron
state of the sample in vacuum is:

ψn~k(x, y, z) =
∑
~G

a~G(z)ei[(kx+Gx)x+(ky+Gy)y] (1.37)

where:

a~G(z) = a~G(z0)e
−
√

(~k+~G)2− 2m
h̄2 (E

n~k
−Vvac)(z−z0)

(1.38)

where ~k represents the crystal momentum of the electron, z is the coordinate
running perpendicular to the surface plane, z = z0 represents a plane entirely
lying in the vacuum region, a~G(z0) is the coefficient of the 2D Fourier expansion

of the sample state at z = z0, ~G is associated to the Fourier wavevector, m is
the electron mass, En~k is the energy level of the sample state and Vvac is the
vacuum level. Equation 1.37 is only valid for z > z0.

In a DFT calculation using standard codes, the correct form of the sample
state in vacuum is satisfied only very close to the surface. In order to obtain
a reliable description of the states in the far vacuum, the outcome of the DFT
calculation has been post-processed using an extrapolation procedure [50, 51,
52]. First, a plane z = z0 is chosen. The plane must be distant enough from the
surface so as to lie completely in the region of flat electrostatic potential, but
must be at the same time close enough to the sample for the states to be correctly
described by the DFT calculation. In a second step, each state is expanded
in a 2D Fourier series1 on the plane z = z0, which provides the individual
a~G(z0)s. For z > z0 the form of the states obtained by DFT calculations is
discarded and replaced with the expression given in 1.37. An analysis of eq.
1.37 yields important information on the structure of the charge density at
large distances from the surface: the largest contribution is given by the long
wavelength components of those states which lie close to the Fermi level. At
very large distances, only the ~G = 0 component is significant and the STM
image appears flat.

Some additional problems might arise when considering systems with a large
surface corrugation, as in the case of surfaces with isolated adsorbed molecules.
For these systems, the choice of the extrapolation plane can be problematic. The
plane must be far enough from the molecule in order to lie in the vacuum region,
but at the same time should not be too far from the substrate, otherwise the
DFT-computed states would not match the asymptotic behavior. In these cases
the quality of the DFT-computed states can be increased by enlarging the basis
set used, in order to make the states accurate up to the extrapolation plane. In
the case of localized basis sets, this could be done by use of supplementary basis
functions located at the proximity of the surface as explained in [54].

1.5.4 Applications to spectroscopy

STM can be used also to produce spectroscopy, i. e. to provide the dependence
of the LDOS on energy, at each point of the surface. Actually, if the bias voltage
is small, compared to the work function of the system, it is not unreasonable
[55] to assume the states of the sample and the tip as unperturbed by the small

1The Fourier transformation was carried out by using the FFTW [53] libraries.

31



SIMULATION METHODS

surface electric field generated by the bias. Then eq. 1.36 can be generalized to
a non zero bias V (we limit ourself to the case of negative biases) which gives:

I(~r0, V ) ∝
∫ Ef

Ef+V

ρ(ε, ~r0)dε (1.39)

where ρ(ε, ~r0) represents the LDOS at energy ε. Modern operational techniques
allow to record the value of the current I at r0 for several values of the bias
voltage V . From this the derivative of the current with respect to intensity,
dI/dV , can be performed, yielding the LDOS at energy ε = Ef + V .

dI

dV
∝ ρ(Ef + V,~r0) (1.40)

Tyipically STS is performed on a LDOS isosurface (STM image) and data de-
pend on four variables (energy, position on the surface and spectroscopic inten-
sity). STS data are normally represented as maps of the LDOS taken along a
line cut of the surface and the energy levels of the sample. An example of it is
given in fig. 3.16 in section 3.3.1.

1.6 Scanning transmission electron microscopy

Similarly to light, also electrons display wave-like behavior, which can be ex-
ploited to magnify images of objects, using principles close to those employed
in optical microscopy. Electrons emitted at a given point in space, for exam-
ple from an electron gun or a specimen, can be focused onto given planes by
use of electromagnetic lenses, which are able to impose a deflection to the elec-
tron beam. Since electrons have a much shorter wavelength than visible light,
electron microscopy can reach much higher resolutions than optical microscopy
[56].

In this study we are presenting a study concerning an experimental technique
called scanning transmission electron microscopy (STEM) [57, 58], which is
briefly summarized in what follows.

In STEM electrons emitted by a suitable source are focused on the specimen
onto a narrow spot, which is then scanned along the sample. The scattered elec-
trons can be recorded by specific detectors at various angle of deflections. One
of the most common operational modes of STEM is the so called high-angular-
annular-dark-field (HAADF) imaging mode. In HAADF, an annular detector
records the electrons scattered at high angle and integrate the intensity over a
large area, as shown in fig 1.9. The coherency of the scattered beams is lost in
the averaging [61, 62], thereby HAADF-STEM images can be straightforwardly
interpreted without the necessity to reconstruct the phase information of the
scattered beams. For electrons deflected at high angles, Rutherford scattering
applies. The differential scattering cross section per target atom is in this case:

dσ

dΩ
=

(Ze)2

8πε0E
sin−4(

θ

2
) (1.41)

where σ is the ratio between the number of incident and scattered electrons, dΩ
represents the infinitesimal solid angle, Z is the atomic number of the scattering
atom, E is the kinetic energy of the incident electrons, and θ is the deflection
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Figure 1.9: (a) A schematic illustration of the Z-contrast imaging geometry.
A focused electron probe channels along the projected atom columns and un-
dergoes a large-angle scattering event to the high-angle detector. Images are
formed by scanning the electron probe across the surface and can be inter-
preted in terms of the projected specimen scattering power (Image and caption
taken from [59]). (b) Z-contrast STEM micrograph of Au[111] [60] (including
some grain boundary): the projection of the atomic columns appears as a set
of brighter spots. The dark part of the image corresponds to vacuum.

angle. Specimen used in STEM are typically very thin (down to 50 nm), in
order to be electron transparent. The electron beam therefore interacts with
a small column of matter, whose lateral size depends on the width of the in-
cident electron beam. The intensity I(x, y) recorded at each point (x, y) of
the specimen is composed of the contributions coming from all the scattering
events in the probed column. By integrating the signal over a range of high-
scattering angles, HAADF-STEM provides a Z-contrast imaging as described
by the following convolution product:

I(x, y) ∝ P (x, y) ∗ S(x, y) (1.42)

where the object function S(x,y) can be approximated by:

S(x, y) =
∑

i∈colx,y

Z2
i (1.43)

represents the sum of all scattering intensities coming from the different atoms
present in the column centered at (x, y), colx,y, while P (x, y) is a function which
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accounts for the size of the probe. A Gaussian form for P (x, y) can be employed.
Since modern STEM setups are able to provide atomistic resolution capabilities,
P (x, y) has usually a small width, in the order of the Angstrom.

Eq. (1.42), which describes the incoherent imaging model, can be considered
to be a good approximation to describe HAADF-STEM, and, together with
eq. (1.43), can be used to estimate the HAADF-STEM image contrast. Yet,
this simplified model does not take into account dynamical scattering effects
for which more elaborate simulations methods are needed, like the Bloch wave
method or the multislice approach [63].

HAADF-STEM images provide a map of the projected atomic density of
the specimen. By performing Z-contrast imaging on specimens cut along dif-
ferent orientations, a considerable amount of information regarding the atomic
structure of the sample can be obtained. Most remarkably, HAADF-STEM
can provide direct local information on the bulk structure of a system. In this
work STEM simulations on two low-index planes of the orthorhombic Al4(Cr,Fe)
phase have been compared to the experimental characterization, with the aim
to solve the position of the transition metal atoms present in the unit cell.
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Chapter 2

s-orbital continuum model
accounting for the tip shape
in simulated scanning
tunneling microscope
images

2.1 Introduction

As shown in par. 1.5.2 the STM current in the Bardeen formalism depends
on the knowledge of the one-electron states of the isolated tip and sample.
This knowledge is however rarely available as the atomistic structure of the tip
is normally unknown. Therefore simplified models of the STM tip have been
developed in order to make calculations possible.

Within the TH model, the tip is modeled as a protruding piece of Sommer-
feld metal and tip electrons are delocalized entities within the well. By taking
the opposite perspective, Chen [64] interpreted the tip states as dominated by
one single atomic orbital localized on the outermost atom of the tip and devel-
oped a formalism to include l > 0 corrections to the tip states in the calculation
of the tunneling matrix elements. For tips dominated by one single s-orbital, the
atomistic interpretation recovers the result of TH and the STM image is rep-
resented by a contour of the LDOS at the Fermi level, Ef . Even for the l = 0
case, however, the two pictures cannot be considered equivalent: while the TH
approximation takes into account the size of the tip, modeling the tip states as
a single s-orbital corresponds to the use of a point-like tip and does not allow
to reproduce the tip-induced smearing of the surface features. By keeping the
atomistic point of view a remedy to this limitation would be the use of models
accounting for tips composed of many atoms. However, the atomistic structure
of the tip is normally unknown and, if it were available, more accurate ways
to compute the tunneling current would be then at hand [65, 66]. Therefore it
would be valuable to have tip models based on an atomistic description, but at
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the same time requiring only a reduced information on the tip structure, such
as its effective outer shape.
The aim of this work is to propose a STM simulation method that effectively
takes into account the size of the STM tip, starting from an atomistic descrip-
tion of the tip itself. We consider tips composed of a large number of atoms
and model the tip states as a linear combination of atomic orbitals. By us-
ing the Bardeen formula, we compute the tunneling current in the incoherent
sum approximation and, within this approximation, obtain an expression which
is valid for an arbitrary arrangement of tip atoms. By averaging the current
value over many tip configurations which are bound by a particular tip shape,
we show that the resulting current intensity is proportional to the convolution
product of the system LDOS by a step function defined by the effective tip
volume. This simple result allows for a conceptual framework where tip size ef-
fects can be understood in a straightforward manner. We will show that, under
typical experimental conditions and in the case of spherical tips, our approach
is equivalent to the TH model. However, our method allows to simulate STM
images using tips of any shape at a very moderate computational cost, which
negligibly differs from that demanded by the TH modeling. We named our tip
model “s-orbital continuum model” (SOC), since it corresponds eventually to a
continuum of atomic orbitals bound by the tip surface and in this work we only
considered tips composed of atoms with dominant s-orbital character.

2.2 Description of the method

In this paragraph we present a discussion over the size effect which are neglected
by the use of a single s−orbital in the description of the tip states. As a remark,
we use the term s−wave when referring to the l = 0 eigenstate of a macroscopic
potential well, as in the TH approximation, while the term s−orbital is instead
used in the context of the atomistic interpretation of the tip. In fig. 2.1 we
describe an example calculation in order to have more insight into the actual
electronic features of a realistic tip1. The tip is represented as a cluster of gold
atoms on a Au(111) monolayer. The cluster was obtained from the gold bulk
structure by selecting only atoms falling within a hemisphere of 9 Å radius and
base parallel to the [111] plane. Since there are many ways to obtain a cluster of
gold atoms contained in such an hemisphere, we choose the cluster terminated
by a single atom, therefore mimicking a realistic tip able to yield high resolution
images. In fig. 2.1 we show the contour profile of the eigenstates of the system at
Ef (in practice we averaged the amplitude of states over a small energy window
of 0.1 eV below Ef ). The isovalue (10−4e/Å3 for the corresponding density
of states) was chosen so as to be closest to a hypothetical spherical wavefront
which is at 3 Å distance from the tip surface. As it can be noticed, locally,
below the tip apex atom, the tip states can be very well represented by a single

1In order to study the properties of a model tip, we calculated the electronic structure
of a system composed of a small cluster of gold on one monolayer of Au(111). The peri-
odic unit cell is orthorombic, the cell size is 35 × 35Å2 along the monolayer plane and 60
Å in the perpendicular direction. Electronic structure calculations were performed in the
framework of density functional theory (DFT) using the mixed plane wave-Gaussian (GPW)
basis set approach implemented in CP2K [12]. Kohn-Sham equations were solved using the
PBE exchange correlation functional, Goedecker-Teter-Hutter (GTH) pseudopotentials and
contracted Gaussian basis sets [67].
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Figure 2.1: a) Top view of the gold cluster bound by a hemispherical volume
of R = 9 Å radius. Smaller atoms represent the Au(111) layer supporting the
cluster. b) Section of the cluster along the dashed line in (a). The inner circle
represents the cluster envelope, the outer circle is a spherical wavefront 3 Å away
from the tip surface. The thicker black line represents an ideal stepped surface.
The tip state contour, at Ef , in the vacuum region across the step edge can
be roughly approximated by a single s-wave. A better description is obtained
using two s-orbitals (dashed circles) originating from the tip atom closest to the
sample.

s-orbital originating from the tip atom itself. In the imaging of a flat surface
only the shape of the tip states below the apex atom is relevant and the single
s-orbital approximation, for the particular case described here, works very well.
However if the STM tip is scanning across a corrugated surface, the picture of a
single atom terminated tip breaks down, as several tip atoms can be equivalently
distant from the surface to be imaged. In this case the overlap between the tip
and sample states is significant over a larger portion of space and the description
of the tip states must be correct over the whole space of significant overlap. In
the example depicted in fig. 2.1 we see that a correct description of the tip
states in the region of interest can be obtained by using two s-orbitals, these
waves being centered on the positions of the tip atoms closest to the sample.
The example shows moreover that using a single s-wave originating from the
center of the tip, as in TH approximation, is a worse approximation of the real
tip states at the Fermi level.
In the next we show how to account for tip size effects using the atomistic
interpretation, by computing the matrix element (1.35) for a tip state composed
of a combination of s-orbitals. We describe the tip states as the following sum:

ψµ(~r0) =

N∑
k=1

eiαk,µφ(~rk + ~r0) (2.1)

similarly to what was proposed in [68], where ψµ(~r0) is the tip state, ~r0 identifies
the location of the tip during the scan (it can be for example the geometrical
center of the many atoms tip), φ(~rk + ~r0) is a generic s-wave centered on the
k-th atom at Rk, Rk being expressed as the sum of ~r0 and the position ~rk of the
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k-th atom relative to the tip center, αk,µ is the phase of the k-th orbital in the
expansion of state ψµ and the number of atoms ranges from 1 to N. Following
the derivation of the matrix element Mµν for the single s-orbital as described in
[64] the appropriate expression in our case reads:

Mµν ∝
N∑
k=1

eiαk,µψν(~rk + ~r0) (2.2)

Taking the square of the matrix element in 2.2 yields:

I(~r0) ∝
∑
ν,µ

[∑
k

|ψν(~rk + ~r0)|2+

∑
k,j,k 6=j

ei(αk,µ−αj,µ)ψν(~rk + ~r0)ψ∗ν(~rj + ~r0)

 δ(Eν − Ef )

(2.3)

where we have separated the diagonal terms (k = j) and the off diagonal terms
(k 6= j). In order to simplify the expression above, we perform the sum in the
incoherent approximation, by assuming that the off diagonal terms cancel out
due to the averaging of the many tip states [68]. We do not consider here cases
where the incoherent approximation is not appropriate, as in the case of tips
with special geometries discussed in [69]. This leads to the following formula
for the tunneling current:

I(~r0) ∝
N∑
k=1

ρ(Ef , ~rk + ~r0) (2.4)

In our simulations we compare with experiments performed at a finite bias
Vb and we need to take into account the contributions from states away the
Fermi energy. In principle a finite bias Vb induces distortions of the electric
potential across the junction and consequently modifies the tip and sample
states. However for values of the bias which are small with respect to the work
functions of the tip and the sample, it is not unreasonable to consider the matrix
element in (2) as bias independent [55]. Keeping in mind these caveats we can
write the recorded current intensity as:

I(~r0) ∝
N∑
k=1

∑
Eν∈[Ef−Vb;Ef ]

|ψν(~rk + ~r0)|2 (2.5)

=

N∑
k=1

ρ(~rk + ~r0)

where ρ is the LDOS integrated from Ef − Vb to Ef . The value of Vb will be
specified in the text for all cases treated.
The precise position of the N tip atoms included in (2.5) depends of course on
the tip shape and structure which is not known a priori. We therefore model the
tip as a volume Ω with a suitable geometric form (hemisphere, pyramid etc ...)
and we compute the current as an average < I(~r0) > over a set {C} of different
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tip configurations, corresponding to atomic arrangements bound by the shape
Ω. This gives:

< I(~r0) >∝
∑
i∈{C}

Ni∑
k=1

ρ(~rk,i + ~r0) (2.6)

where rk,i is the k-th atomic position of i-th configuration in {C} relative to the
tip center ~r0. By averaging over a large number of configurations in {C} the
current in eq. (2.6) can be approximated by the following expression:

< I(~r0) > ∝
∫

Ω

ρ(~r + ~r0)d~r =

∫
s(~r)ρ(~r + ~r0)d~r

=

∫
s(~R− ~r0)ρ(~R)d~R = g ? ρ (2.7)

By defining a step function s(r), which is 1 when r is inside the volume Ω and 0
otherwise, the integral in eq. (2.7) is evaluated over the whole space and finally
reduces to a convolution product between the integrated LDOS and a shape
function g(r) = s(−r). Since many reasonable geometrical shapes are deter-
mined by a small number of parameters our method allows a quick comparison
with the experimental results. In the case of hemispherical tips, for instance,
the only free parameter is the radius R of the tip. In our approximation the
constant current images reproduce isosurfaces of a convoluted LDOS (CLDOS)
rather than contours of the bare LDOS. However STM images simulated accord-
ing to eq. (2.7) become simple LDOS contours in two limiting cases, i.e. for
small values of the tip radius and for large tip sample distances. When the tip
radius becomes very small the shape function g(r) can be expressed as a Dirac
delta function δ(r) and the convolution product in eq. (2.7) simply gives the
LDOS value at ~r0. If the distance between the sample and the tip is large, the
LDOS isolevels are approximately flat and the convolution with the shape func-
tion g(r) keeps yielding flat images. Nonetheless at smaller tip sample distances
convolution effects are expected to become important, especially for sample dis-
playing corrugations of the order of Ω. From the computational point of view
convolution products can be evaluated in Fourier space using highly optimized
routines for the Fourier transformation and do not produce any significant over-
head with respect to the calculation of the bare LDOS isolevels. We note that
the averaging over many tip configurations could have been performed directly
on the current intensity computed in eq. (2.3). This would lead to the averag-
ing of the interference term, between atom k and atom j, not only on all the
possible tip states but also on the various tip configurations with fixed number
of atoms and occupied k and j positions, thus further validating the assumption
of incoherent scattering. Finally, the main result of our analysis could have also
been obtained by directly computing the tunneling matrix element in the case of
a uniformly and densely distributed set of tip atoms, therefore we named our tip
model “s-orbital continuum model” (SOC). It has to be noted that the model
does not necessarily restrict to tips with s-orbital character but can be modified
to account for higher order orbital angular momenta. When considering l > 0
atomic orbitals, the tunneling matrix elements involve spatial derivatives of the
sample one-electron states [64]. By substituting the appropriate expression of
the matrix element in eq. 1.35, it is possible to rederive eq. 2.7 using the same

39



S-ORBITAL CONTINUUM MODEL

procedure described for the s-orbital case, the LDOS function ρ being replaced
by the square of the modulus of the corresponding matrix element. For exam-
ple in the case of dzx orbitals the tunneling current would be proportional to
the product g ? ρdzx , where ρdzx =

∑
ν |∂2ψν/∂z∂x|2. This can have a direct

application in the field of spin-polarized STM imaging, where the usual Cr or
Fe tips display a strong d-orbital character.
The method described above takes into account the tip size effects for probes of
arbitrary shape. This fact can be used to estimate the effective cross-sectional
area of three dimensional tips in a consistent way, which in turn creates a bridge
to the one-dimensional theories of tunneling for the computation of the STM
current. This clearly represents an advantage, since reducing the dimensionality
leads to a more straightforward solution of the tunneling problem. In order to
obtain the effective cross-sectional area of a spherical tip, we note that a flat
electrode and a spherical tip, at the same distance from a flat surface, record the
same current if their CLDOS is equal, i.e.

∫
Ωs
ρ(z)d~r =

∫
Ωf
ρ(z)d~r, where Ωs

and Ωf represent the volumes of the spherical and the flat electrode respectively
and z is the distance from the surface. The formula above can be written for the
explicit geometries of the planar and spherical tip (see (A1)) thus leading to a
relationship S(R) between the effective cross sectional area of the tip S and its
radius R. The value of S can be used to estimate the tunneling current in the
one dimensional models of tunneling. In our work we have used the tunneling
theory of Simmons (metal-insulator-metal model (MIM) [70]), which states that
the current-distance characteristic across the junction, for small biases, reads:

I = S
γ
√
φVb
δz

e−Aδz
√
φ (2.8)

where δz is the barrier width, φ(z) is the potential across the junction, φ is
the average value of the potential along the barrier width, Vb is the voltage

between the electrodes, γ = e
√

2m(4βπ2h̄2)−1, A = 2β
√

2mh̄−2 and β = 1 −
(8φ

2
δz)
−1
∫
δz

(φ(z)−φ)2dz. The barrier width δz is defined as the region between

the crossing points of the electrodes Fermi levels at V=0 and the potential φ(z).
A further explanation of the quantities involved in the calculation is given in fig.
2.2. Since the tip is usually made after indentation into the substrate, it is not
unreasonable to take the work function of the tip equal to that of the sample.
This latter represents a very good estimate of φ. For our purposes the value
of β can be approximated to 1. Finally, the value of δz must be increased by
a quantity δ′z (see fig. 2.2) if one is interested in the actual distance d between
the electrode planes. In the case of Cu(111) and Au(111) surfaces we found the
value δ′z to be between 0.7 and 0.8 Å . Assuming this value to be similar on both
sides of the junction, δz should be increased by approximately 1.5 Å in order to
get d.
Once this latter value is obtained it is possible to compute the CLDOS of the
spherical tip at the distance d from the substrate. The CLDOS value obtained
represents the isosurface corresponding to the STM image using a convenient
choice of the radius R and the experimental current and bias voltage as inputs.
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Figure 2.2: The most important quantitities involved in our MIM calculations
are reported. Details are reported in the text.

2.3 Results

The method described in the last section will be used to explain experimen-
tal STM images of three systems of current interest, namely a hexa-peri-hexa
benzocoronene (HBC, C42H18) molecule adsorbed on Cu(111), a reconstructed
stepped surface of Au(111) and a formate molecule (HCO) molecule adsorbed
on Pt(111). These systems present large corrugations due to the presence of the
steps and the adsorbed molecules and therefore can induce noticeable convo-
lution effects in the STM imaging. These effects are quantified by comparison
with simulations performed with point-like tips.

2.3.1 HBC molecule

The large aromatic core of the HBC molecule represents an electron reservoir
motivating the use of HBC-based molecules in molecular electronics. Jäckel et.
al have shown that the use of HBC allows to build a prototypical single-molecule
chemical-field-effect-transistor [71]. The adsorption of HBC on Cu(111) below
the monolayer coverage allows the investigation of single molecules with the help
of STM. After geometry optimization2 the molecule reaches a planar configura-
tion, about 2.8 Å above the surface. The Kohn-Sham states were matched to
their exact asymptotic expression on the plane zc = 4.2 Å above the Cu(111)

2Electronic structure calculations were performed in the framework of density functional
theory (DFT) using the mixed plane wave-Gaussian (GPW) basis set approach implemented in
CP2K [12]. Kohn-Sham equations were solved using the PBE exchange correlation functional,
Goedecker-Teter-Hutter (GTH) pseudopotentials and contracted Gaussian basis sets [67] for
all elements. The HBC/Cu(111) calculations were performed using a orthorombic cell. The
cell size is 40 × 41 Å2 along the surface plane and 60 Å in the perpendicular direction. The
system contains one HBC molecule absorbed on a slab of 5 layers of copper and one additional
layer of hydrogen deposited on the deepmost copper layer. This allows to suppress one of the
two surface states [72, 73] arising in a Cu(111) slab calculation, thus removing possible artifacts
due to the finite thickness of the slab [29, 74]. Dispersion forces in the HBC/Cu(111) were
taken into account using the empirical parametrization of Grimme [75]. The two deepest layers
of the Cu slabs were kept fixed to bulk positions and structural optimization was performed
until the largest forces on atoms were as small as 10−4 a.u..
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substrate. The Kohn-Sham states decay in vacuum above the bare copper sub-

Figure 2.3: (a) Top view of the HBC molecule on Cu(111). The dotted line
indicates the direction of the STM scan. (b) Experimental profiles together
with the calculated profile obtained with an hemispherical tip of radius R = 7.5
Å and the same image after removing convolution effects (R = 0 Å, see text for
more details) . (c) The LDOS decay in vacuum above the Cu(111) substrate
and the HBC molecule is shown before and after analytical extrapolation of the
sample states. The electrostatic potential profile represents an average over the
plane parallel to the surface.

strate and the center of the HBC molecule is shown before and after asymptotic
extrapolation in fig. 2.3. The huge qualitative difference between the two cases
proves the importance of an adequate treatment of the vacuum part of the indi-
vidual eigenstates, after DFT calculations using Gaussian or plane-waves basis
set.
In the following we compare simulated STM images to the experimental re-
sults3. By using the relationship S(R) derived in A1 we obtain, for values of R
between 3 and 9 Å, an effective area ranging from 10 to 45 Å2. These values

3STM experiments have been performed on a low-temperature STM (Omicron Nanotech-
nology) with a base pressure of 10−10 mbar. Cu(111) has been prepared by repeated argon ion
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can be used in the relationship (2.8) to estimate the tip-surface distance in our
experiments. In the case of the bare Cu(111) surface, the experimental condi-
tions given above correspond to a tip-sample distance (meant as the distance
between the outermost nuclei of the electrodes) in a range between 6.5 Å (S=10
Å2) and 7.0 Å (S=45 Å2). In our STM simulations we computed the CLDOS
isovalues on a copper atom faraway from the HBC molecule, by requiring the
tip-sample distance to be that predicted by the MIM model. Since LDOS iso-
surfaces correspond in our model to images taken with a point-like R = 0 Å
tip, the current cannot be compared with that obtained using a more realistic
finite size tip, like those used to reproduce the STM experiments presented in
this work. However, when calculating the appropriate CLDOS isovalue, we also
computed the sample LDOS value at the bottom of the tip. The LDOS isosur-
faces taken at that value represent the images that would be obtained by our
STM model if convolution effects were discarded (single s-orbital modeling) and
bear therefore considerable information about the size effect of the tip in the
imaging. In fig. 2.3 we thus show the comparison between the simulated image
according to our model using a tip with radius R = 7.5 Å, the same image dis-
carding convolution effects (LDOS isosurface, R = 0 Å) and the experimental
line profile. The LDOS isovalues appear in reasonably good agreement with the
experimental result. However, at half maximum of the molecule, the width of
the profile amounts to 16.3 Å while the slope is 16.7◦, corresponding respec-
tively to an increase of 9 % and 33 % with respect to the experimental value.
Following these considerations, we conclude that convolution effects have to be
taken into account in the explanation of this particular STM image.
It is now interesting to look at the accuracy of taking the mean value of the cur-
rent as expressed by eq. (2.7). In order to check the validity of the mean value
approximation we computed several STM images of the HBC molecule using
tips that contain a finite number of atoms. In order to obtain the geometries of
these tips we first chose the tip shape as the hemisphere of radius R = 7.5 Å.
used for the simulated STM image shown in fig. 2.3. A given number of atoms
were randomly scattered inside the tip volume so as to reach a realistic atomic
density for a metallic structure (we chose the atomic density of bulk gold, i.e
0.06 atoms/Å3). In order to avoid unrealistic tip geometries, we constrained
each atom to have a minimum neighbor distance of 2.5 Å. 50 independent tip
geometries were obtained in this way, and then used to generate an STM im-
age by means of eq. (2.5). The CLDOS was chosen so that each tip would
stand about 6.75 Å above the bare Cu(111) surface. The average width of the
molecule, computed at the half-height of the profile, is 16.2 Å with a standard
deviation of 0.6 Å, which corresponds to a scarce 3% of the average value. The
small standard deviation confirms that the tunneling current averaged over sev-
eral possible tip configurations, as given by eq. (2.7) is a robust representation
of the value that we would obtain from eq. 2.5 if the actual tip structure was
known.

bombardment and annealing to 800 K. HBC molecules have been deposited from a resistively
heated quartz crucible at 1 Å/min with the substrate kept at room temperature. STM images
have been recorded at 5 K.
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2.3.2 Reconstructed Au(111) stepped surface

Stepped reconstructed surfaces of Au(111) have been studied in [28] and the
details are reported in chapter 34. In the following we review only the main
aspects of the system.
Large regions of flat Au(111) display the so called herringbone phase, that is
characterized on a smaller length by an uniaxial compression along a close-
packed direction. Along the direction of compression 23 surface atoms occupy
the same length spanned by 22 bulk atoms, hence the common name of 22×

√
3

reconstruction. This compression gives rise to an alternation of bulk terminated
fcc regions and faulted hcp ones. When regular arrays of steps are introduced,
such as in Au(788) or Au(677) (see fig.2.4), the long range herringbone phase
is lifted [76]; the uniaxial compression anyway still takes place leading to a
reconstruction very similar to the 22×

√
3 pattern.

The presence of steps, however, slightly modifies the surface pattern which
appears as an alternation of V-shaped domains, along the same terrace, con-
taining hcp or fcc atoms. DFT calculations have shown that while step lines
facing fcc domains are quite similar to a bulk termination, hcp ones display an
unpredictable rearrangement: the step lines facing hcp regions are dramatically
smoothed and surface atoms from the lower and upper step edges coordinate
so as to form a local close-packed surface, inclined by 28◦ with respect to the
[111]-direction. Experimental STM scans have been performed across the step
at the hcp and fcc regions. The tip-sample distance was obtained by modeling
the tip and the sample as two Au(111) electrodes and estimating their sepa-
ration d in the same way as described in the previous paragraph. The sample
states were extrapolated in the vacuum region as described previously. For the
STM simulations we computed the CLDOS isovalues above a gold atom in the
open terrace, by requiring the tip sample distance to be that predicted by the
MIM model. Similarly to the case of the previous section, we also computed the
LDOS value at the bottom of the tip in order to remove convolution effects and
perform single s-orbital modeling. STM profiles across the hcp and fcc regions
of the step, using a tip of radius R = 2 Å, precisely reproduce the experimental
features of the gold step. Again the use of a tip with radius R = 0 Å (sin-
gle s-orbital modeling) yields a reasonably good agreement with experimental
results. However the slope and the width of the step contour are slightly under-
estimated. The tip used in this case is very sharp and might represent a single
atom adsorbed on a minimal support. This leads to smaller convolution effects
than in the case of the HBC/Cu(111) system, where a larger tip was needed to
match the experimental result.

2.3.3 HCO molecule on Pt(111)

In the previous sections we have studied the effects of convolution under typ-
ical experimental conditions. It turns out that, in these cases, the tip-sample
distance is quite large and that modeling the tip as a point already provides
good results. This can be explained by the fact that, at large tip-sample dis-
tances the LDOS isosurfaces are quite smooth and the convolution with objects
of any shape yields minor modifications to the surface profile. In this paragraph

4With respect to the case treated in chapter 3, which refers to stepped surfaces displaying
arrays of kinks, the calculation was repeated using a kink-free slab
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Figure 2.4: (a) Snapshot of the Au(677) surface model after DFT optimization.
Gray levels are associated to the physical height of the atoms with respect
to the terrace level. Brightest terrace regions correspond to the protruding
discommensuration lines and separate domains of hcp and fcc surface stacking.
(b) Inset of the surface structure at the step edge facing hcp terrace regions:
step atoms rearrange so as to form a close-packed planar surface, tilted by 28◦

with respect to the nominal [111] direction. (c) Profile of the simulated STM
image across the hcp and fcc part of the step, using an hemispherical tip of
radius 2 Å, together with the same image after removing convolution effects
(R = 0 Å , see text for more details) and experimental results. Fig. 2.4a and
2.4b are taken from [28].

we present simulated STM images of a formate molecule (HCO) adsorbed on
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Figure 2.5: (a) Atomistic model of the HCO/Pt(111) system. H atom is white,
C atom is green O is dark red, Pt atoms are represented as large white spheres.
C is on top position while the C-H and C-O bonds point to the hollow surface
sites. The dotted line represents the direction of the line scan displayed in
(b). In the inset a lateral view of the system is shown. In the lower panel
STM images performed using a R=0 Å (c) and R=7.5 Å (d) tip are shown.
Protruding regions are associated with brighter colors.

Pt(111)5, under conditions of small tip-sample separation. The HCO molecule
presents typically a depression-protrusion pair in the STM appearance and it is
interesting to see how this pattern is modified by tip-sample convolution effects.
The adsorption process of HCO on Pt(111) has already been characterized the-
oretically before [77], where several possible geometry of adsorption have been
compared. We optimized the structure using the procedure described in the
methods section. The initial condition was chosen to be the most stable con-
figuration suggested in [77], with a C atom on top of a Pt surface atom and
the H and O atoms pointing to the two hollow sites of the surface. After DFT
relaxation the distance between the C atom and the underlying Pt atom is 1.96
Å, the Pt atom being pulled out of the surface plane by about 0.2 Å, the C-O
and the C-H distance are respectively 1.20 and 1.12 Å and the H-C-0 angle is

5The HCO/Pt(111) system was optimized using a unit cell of size 22.4 × 19.4 Å2 along the
surface plane and 60 Å in the perpendicular direction. The slab used consists of 6 layers of
Pt(111). The structural optimization was carried out analogously to the case of HBC/Cu(111).
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122◦. The STM images were simulated using a blunt tip (7.5 Å), at a bias of
-0.5 eV and a current of 100nA. These conditions correspond experimentally
to a situation of high current and small tip-sample distance (4.0 Å according
to eq.(2.8)). The simulated STM image appears very broad, the half height
width and the height being 10.3 Å and 1.9 Å respectively. These features are
a consequence of using a large tip, smoothing out surface details also at con-
ditions of high current. However, by removing convolution effects as described
previously, we obtain a surface pattern which appears qualitatively different:
the width at half maximum decreases by 28% (7.5 Å) and the height increases
by 21% (2.4 Å) with respect to the convoluted image, the molecule displays
a depression-protrusion pair which closely resembles the HCO geometry and
atomistic resolution is achieved on the Pt substrate. Therefore the use of a
blunt tip implies a considerable smoothing not only of the molecular corruga-
tion but also of the whole STM image. The difference between the images taken
with R=7.5 Å and R=0 Å tips is made large by the condition of high current,
as opposite to the case of HBC on Cu(111) where the tip sample distance was
3 Å larger and the convolution effects less evident.

2.3.4 Comparison with the TH model

In the previous chapter we compared images obtained, within our model, us-
ing several tip radii and showed the impact of convolution effects in the STM
imaging. Using a point-like tip (R = 0 Å) is equivalent, at our level of approx-
imation, to modeling the tip as a single atom with s-orbital character. This
is different from the TH approximation which models the tip as a macroscopic
spherical potential well and describes its eigenstates as a single s-wave. The
results of the two approaches appear similar: both predict the STM image to
be a contour of the sample LDOS. In the s-orbital model however this amounts
to computing the LDOS at the position of the tip apex atom whereas in TH
approximation the tunneling current is proportional to the sample LDOS at
the center of the spherical well. Computing the sample LDOS at the center of
the well accounts for the lateral averaging of the tip as increasing the distance
at which the LDOS contour is performed implies a smoother simulated STM
image. In the SOC broadening effects are accounted for by the explicit convo-
lution of tip shape and LDOS. A comparison between the two methods can be
performed by inspecting the tip LDOS of the respective tip models. It can be
shown that, in the SOC model, the LDOS of the tip becomes proportional to
the square of a single s-wave in the limit of large distances from the tip surface
or for small values of the tip radius. Under these conditions our approach and
the TH modeling become equivalent. We have quantified the actual difference
between STM images of the systems treated in the previous chapter, within
the SOC and TH model. During the process of evaluation of the appropriate
CLDOS for our model, the LDOS values at the center of the tips have also
been computed. The corresponding LDOS isosurfaces represent the TH image
suitable for comparison with our model. The comparison between our model
and the TH model is shown in fig. 2.6. As it can be noticed the profiles can
be superimposed in the case of the Au(677) step, where the ratio between the
tip radius R and the average tip-surface distance d is about 0.33. In the case of
the HBC/Cu(111) system this quantity increases to 1.11 and therefore a larger
difference between the profiles is expected. This can be verified by inspection
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Figure 2.6: The line profiles obtained with our model using a spherical tip
and simulation parameters as specified in the text are superimposed to the
corresponding LDOS contour lines computed at the center of the sphere (a) for
the HBC on Cu(111) and (b) the Au(677) step profile.

of fig. 2.6. A 2D image comparison (fig. 2.7) is provided in the case of the
HCO/Pt(111) system, together with a scan line across the molecule (along the
direction shown in fig. 2.5). The ratio R/d is in this case 1.88 and a larger
difference between the SOC and the TH model is expected. A close inspection
of the 2D STM image reveals that the molecular protrusion appears more sym-
metric in the SOC simulation than in the TH one. This can be observed also
in the line scan, where the tip height on the H atom is slightly enhanced in
the SOC image. However both the apparent width and height of the molecule
are reproduced in a very similar way by the two approaches. The comparisons
performed show that under typical experimental conditions our model and the
TH approximation become equivalent. On the other hand the model proposed
in this work has more flexibility in the choice of the tip geometry, as it allows
simulations of STM images using an arbitrary tip shape. From a technical point
of view our method requires a smaller convergence of the surface wavefunction
in vacuum than the TH approximation. The largest contribution to the integral
in (2.7) comes from the sample LDOS at regions where the tip is at closest
distance from the sample. Therefore the exact knowledge of the sample LDOS
in the far-vacuum is less critical than in the TH model which requires the ex-
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Figure 2.7: STM images performed using the SOC model (a) and TH model (b),
using a tip of radius R=7.5 Å . Protruding regions are associated with brighter
colors. (c) Corresponding line profiles taken across the molecule (along the line
scan specified in fig. 2.5a).

act computation of the sample LDOS at the center of the tip. This can be an
advantage of our approach in cases of DFT calculations using standard codes,
which provide accurate sample states up to a limited distance from the surface.

2.4 Simple 1D model of the surface

The resolution of STM in the Tersoff Hamann approximation has been thor-
oughly discussed with the help of simple one dimensional models [78]. These
investigations quantify the broadening effects of the tip in the Tersoff-Hamann
approximation in the case of surfaces displaying defects with different dimen-
sionality. It is seen that while a step profile is simply smeared by the presence
of the tip, a finite adsorbate has a decreasing apparent height as the tip-surface
distance is increased. We are interested to quantify these effects in our model
using other tip shapes than the spherical one. In the following we focus on a
simple one-dimensional system imaged by a pyramidal-like tip. Here we consider
two simple one-dimensional objects having the necessary properties to display
dimensional effects in the STM imaging. We idealize these objects as a sharp
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step, infinitely extended in one direction (infinite object i) and described by the
Heaviside function gi(x), and a localized surface defect (finite object f) corre-
sponding to the combination of two Heaviside functions gf (x) (see fig.2.8). A
correct quantum mechanical description of the electronic structure of objects
i and f should predict a smearing of the LDOS isolevel profiles as the LDOS
isovalue is decreased. However we refer here to the condition of small tip-sample
separation, where the profiles bear a close resemblance to the topography given
by gi(x) and gf (x), as predicted by the model in ref. [78].

We therefore consider a simple toy model where the LDOS of the two objects
can be expressed as: ρf (x, z) ∝ e−α(z−gf (x)) and ρi(x, z) ∝ e−α(z−gi(x)). The
ρ functions can be inserted in eq. (2.7) and the integration performed over the
volume of the tip, which is described by the function q(x − x0). In order to
make integrals exactly solvable we choose a pyramidal-like tip shape given by
q(x− x0) = l − l

R |x− x0|. The current value then reads:

I(x0, z0) = I0

∫ x0+R

x0−R
dx

∫ z0

z0−q(x−x0)

e−α(z−g(x))dz (2.9)

where I0 is a constant. Solving (2.9) for z0 in the case of finite and infinite
objects yields the isolevels expressions. If l and R are increased by keeping their
ratio R/l = ω constant, the isolevels converge very rapidly to a final shape,
since the density of states of the sample decreases at exponential rate along the
direction perpendicular to the surface. The solution is then taken in the limit
of l → +∞, R → +∞ at constant ω. This allows to simplify the form of the
isolevels and to describe the tip in terms of a single parameter, the tip width
ω. The analytical expressions of the isolevels obtained are reported in (A2). In
fig. 2.8 we report the profiles calculated for the infinite and finite objects in
the case of a sharp (ω = 1/2) and blunt (ω =

√
3/2) tip. As it can be noticed,

imaging the finite object with a blunt tip not only results in an increase of the
apparent width of the object but also in a remarkable decrease of the apparent
height. This can be explained by the fact that, if we increase the tip width
by keeping the tip-surface distant constant, the tunneling current recorded at
regions faraway (region B, fig. 2.8) from the localized defect increases more than
above the defect itself (region A, fig. 2.8). This is in turn due to the sample
LDOS contained in the side regions of the tip in region B, which is larger than
at region A. Therefore if the current has to be kept constant during the scan,
larger tips have to go closer to the surface at region A, thus resulting in a
smaller apparent height. From the knowledge of the isolevels’ analytical form it
is possible to obtain the apparent height (hf , hi) and the apparent width of the
defects (wf , wi), which are displayed in fig. 2.8. While wf is meant as the total
width of the object at half apparent height, wi refers to the width increase at
half height with respect to the physical edge of the step (see inset of fig. 2.8(a)).
The form of these functions is given in (A2). For the infinite object, the apparent
height is constant and equal to the physical height, while the apparent width
increases linearly with ω. On the contrary the apparent width and height of
the finite object appear to depend non linearly on ω as it can be appreciated
by inspection of formulae in (A2). Because of the quite intricated form of wf ,
hf we plot these quantities over a range of ω for H = W = α = 1 (see fig. 2.9),
in order to better visualize their behavior. The behavior of wf is almost linear
while hf falls off rapidly with ω. Actually, in the limit of large ω, wf ∝ ω and
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Figure 2.8: Examples of the imaging of a finite and an infinite object using
a blunt tip (solid line, ω =

√
3/2) and a sharp tip (dashed lines, ω = 1/2).

The edge of the object is represented by thicker solid lines. Bright-dark gray
dots specifies the location of the blunt-sharp tip in two points (A,B) along the
profiles. Within the volume occupied by the tip, filled domains correspond to
regions where the LDOS of the isolated sample is largest.
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Figure 2.9: Dependency of hf and wf on ω in the case of H = W = α = 1. For
an explanation of these quantities, see fig. 2.8 and text. Bottom x axis refers
to hf , while top x axis refers to wf .

hf ∝ 1
ω The ω dependency of the apparent height results as the manifestation

of a dimensionality-related effect, which arises in the case of the STM images
of localized defects.

2.5 Conclusions

In this work we have presented a generalization of the single s-orbital model
for the simulations of STM images, by describing the tip states in terms of a
large number of s-orbital scatterers centered on the tip atoms. By averaging
the STM current over the tip atomic configuration which are compatible with
a given tip shape and using the incoherent sum approximation, we have shown
that the resulting current intensity is proportional to the convolution product of
the system LDOS by a step function which is defined by the effective tip volume.
The results apply to tips of arbitrary shape. The application of the method to
two cases of current scientific interest, namely an hexa-peri-hexabenzocoronene
molecule adsorbed on Cu(111), a reconstructed Au(111) surface and a HCO
molecule adsorbed on Pt(111), shows that corrections due to the tip size can
be effectively taken into account by the approach presented in this work. These
effects correspond to a loss of resolution of the STM image summing up to the
topography broadening dependent on the tip sample distance. The tip induced
image broadening has been further quantified with the use of a simple 1D surface
model and a pyramidal-like tip, where we have shown, by analytically deriving
the surface profiles, that an increase of the tip size leads to a smearing of the
surface step profile and a reduction of the height of finite objects. In the case of
spherical tips, STM images obtained within our approach and the TH model are
equivalent under typical experimental conditions. However our method allows
to simulate STM images using tips of any shape at a very moderate computa-
tional cost, which negligibly differs from that demanded by the TH modeling.
Finally the possibility of consistently defining the effective cross-sectional area
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for spherical and other tip shapes allows the use of one-dimensional models for
the estimation of the tunneling current, thereby offering a simpler framework
for the calculations with respect to models requiring the exact three dimensional
geometry of the junction.
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Chapter 3

Au(111) terraces:
reconstruction patterns and
site selectivity

3.1 Introduction

Gold takes a very important place in the modern society. Its unique role is
to large extent related to the fact that it is the most noble of all metals [79],
making it very resistant to tarnishing and corrosion and suitable for a variety
of applications in the industrial sector, such as in the production of electronic
devices, among others. Its inertness makes it very useful also in the realm
of nanoscience and nanotechnology as a support for the growth of molecular
nanoassemblies: because of their small reactivity, gold substrates promote the
surface diffusion of the adsorbates and the formation of networks with long
range order. Among all possible low index surfaces of gold, Au(111) is the least
reactive of all, because of his smaller surface energy [20] and larger work func-
tion [80, 81]. Therefore Au(111) appears to be an excellent template for the
growth of nanostructured molecular assemblies. One of the peculiarity arising
with the use of gold is that all the low index surfaces undergo reconstruction.
In the case of Au(111) the reconstruction is known as the ”herringbone phase“
and appears in the STM images as a regular pattern of zigzag protruding lines
along the surface. Locally, the density of the Au(111) surface is enhanced by
a uniaxial compression of about 4 % along a close packed direction and the
same length that would be occupied by 22 bulk atoms is instead taken, at the
surface, by 23 surface atoms (fig. 3.1). This peculiar pattern is known as the
22 ×

√
3 reconstruction. The increase of atomic density at the surface influ-

ences the stacking of the atoms, which cannot occupy bulk-like fcc positions
only. The presence of the extra atom leads instead to an alternation of regions
displaying bulk-like fcc or stacking-fault hcp positions. Experiments and sim-
ulations have shown that the shift between the two stacking positions happens
gradually and the denser reconstructed rows display a sinusoidal-like pattern,
determined by a small displacement of the atoms in the direction perpendicular
to the compression. Between hcp and fcc regions a third domain appears, which
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is composed of atoms which are not in fcc nor in hcp stacking, but rather oc-
cupy an intermediate bridge position. These regions appear particularly bright
in the STM images and correspond to the ”discommensuration“ lines typical of
the 22 ×

√
3 reconstruction. The stacking of atoms at the surface feature has

a large impact on the surface selectivity, as molecular adsorbates preferentially
occupy the fcc regions. This property makes the herringbone reconstruction
an interesting superlattice which can be exploited for the growth of peculiar
nanostructures. However the unilateral compression can happen along any of
the close packed directions of Au(111), leading to a 6-fold degeneracy. As a con-
sequence domain rotations might occur and break the long range order of the
herringbone structure. This fact is undesired when considering the production
of ordered molecular networks.

Figure 3.1: STM image of the Au(111) herringbone reconstruction. The in-
set shows the stacking of the outermost three layers in the 22 ×

√
3 pattern

(optimized structure obtained using the EPT potential) .

Recently stepped surfaces of Au(111) have emerged as a new substrate with
remarkable characteristics: depending on the miscut angle, Au(111) steps inter-
act in a different way with the reconstruction, giving rise to distortions of the
herringbone pattern of the nominal surfaces. If terraces are narrow enough, the
zig-zag shape of the discommensuration lines typical of the herringbone struc-
ture is suppressed and new patterns appear. The Au(111) steps (fig. 3.2) can
be divided in two classes which are distinguished by the structure of the bulk-
terminated step face: if the miscut angle is such that the step face is [100], then
the surface is a Au(111) × (100) vicinal. If the step face is instead {111}-like,
the surface is a Au(111) × (111) vicinal. The reconstruction patterns on the
vicinal terraces are largely dependent by the class considered. In the Au(111) ×
(100) vicinals, the reconstruction is strongly modified by the steps and display
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Figure 3.2: Description of the reconstruction patterns found in Au(111) vicinals
(Images taken from [76, 82]): the structure of the bulk-terminated step face
(c) plays an essential role in the determination of the surface features. Steps
displaying a {100}-like face undergo reconstruction and facetting and the dis-
commensuration lines are stopped by the step lines (d,e). That turns the 22×

√
3

reconstruction into the ”viaduct patterns“, provided the Au(111) terraces are
wide enough. Steps displaying a {111}-like face are decorated by ”V-shaped”
patterns (a,b). In this case the discommensuration lines cross the steps but are
slightly distorted at step edges, resulting in a larger abundance of fcc regions at
the LSEs and of hcp regions at the USEs.

”viaduct-like” patterns, where the discommensuration lines do not cross the step
edges. On the other hand, the reconstruction in Au(111) × (111) vicinals is only
slightly modified by the steps. The discommensuration lines cross the step edges
and give rise to a surface superlattice which derives very closely to the 22×

√
3

reconstruction. Fcc and hcp regions alternate in ”V-shaped“ domains, the fcc
and the hcp regions being largest at the lower step edge (LSE) and upper step
edge (USE), respectively. This peculiar decoration of the surface comes together
with a large undulation of the step lines in the direction perpendicular to the
rims, which adopt the typical sinusoidal conformation of the surface rows in the
22 ×

√
3 reconstruction, but with a larger amplitude. The periodicity of the

reconstruction increases slightly by reducing the width of the terraces, as step
edges contribute to relieve the surface stress. For example the periodicity of the
reconstruction in the Au(788) is about 10 % larger than faraway from the steps.
Very importantly, the presence of the steps lift the 6-fold degeneracy and the
reconstruction patterns do not display domain rotations, as in the herringbone
phase. This fact allows for a long-range order of the surface reconstruction and
make Au(111) vicinals very interesting substrates for the growth of molecular
assemblies.

Au(111)× (111) vicinals display the largest level of order, as Au(111)× (100)
stepped surfaces undergo facetting, which destroys the periodicity in the direc-
tion perpendicular to the step. Up to now, molecular adsorption experiments
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have been more frequently performed on Au(111)× (111) than on Au(111)×
(100) vicinals. This happen not just for the enhanced long-range order of the
first class of vicinals, but also for the greater simplicity of the surface recon-
struction, which is similar in many aspects to the better known 22×

√
3 pattern.

Nevertheless, there are still many open question about the real structure of the
steps and their interplay with the reconstruction in Au(111) vicinals1. The
structure of the surface far away from the step edges can be accurately studied
with STM [83, 84, 76]. However, at proximity of steps, the electron tunneling
from the underlying surface and the near step cannot be trivially decoupled and
much of the structural information on the atomic arrangement at step edges
is lost; in particular the way the reconstructed terraces turn into bulk at the
lower step edges (LSEs) is still unknown. This fact hinders a thorough com-
prehension of the adsorbate self-assembly phenomena on this kind of vicinals,
that have highlighted a precise selectivity along the step edges in the process of
molecular adsorption [85, 86, 87, 88]. Molecules preferentially adsorb on kinks,
then on step lines facing fcc regions and finally on those facing hcp ones (fig.
3.3).

The aim of this work is to characterize the structure of the step edges of
Au(111) vicinals displaying reconstruction and to relate it to the site-selectivity
observed experimentally. The precise atomic arrangement at the intersection
between the reconstructed terraces and the steps is still unknown, as experimen-
tal STM images do not have atomistic resolution at the LSEs of the vicinals.
The structure of the lateral interface between reconstructed terraces and bulk
structure has been studied using: (i) a 2D Frenkel Kontorova model, (ii) slab
simulations using the EPT potential and (iii) DFT calculations. DFT calcula-
tions are then used to access the electronic properties of the system, such as the
map of the electrostatic field of the vicinals, which can be related to the energy
gain for polarizable adsorbates by a simple relationship.

Figure 3.3: (a) STM image [86] of Au(11 12 12) with C60 deposited at low
coverage. Only the fcc step segments are occupied by C60. (b) The hierarchy of
adsorption is shown: first kinks are occupied (α) than fcc steps (β), hcp steps
(γ), hcp region on terraces (δ) and finally fcc region on terraces (ε).

1In the following the focus will be on the Au(111)× (111) vicinals, which will be simply
named Au(111) vicinals from now on.
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3.2 Results

In this section the problem of structural determination at steps is tackled us-
ing different levels of modeling. First a very simple model of Au(111) stepped
surface, namely a 2D Frenkel-Kontorova (FK) model, will be considered. The
arrangement of the atoms at the surface is then compared with that obtained
using the more realistic semiempirical glue potential. Finally the best structure
obtained by the simulations is optimized using DFT calculations. As it will be
shown, a realistic quantum mechanical description of the surface is necessary to
explain the basic features of the experimental observations. The study repre-
sents an example of the importance of a correct structural representation of the
substrates when describing the surface selectivity, and of the direct connection
which can be established between the substrate structure and its functionaliza-
tion.

3.2.1 The Frenkel Kontorova model of Au(111) stepped
surfaces

The Au(111) reconstruction has been already investigated with the use of FK
models. FK approaches oversimplify the interactions between atoms in a metal,
but can offer an insight on the driving physics at interfaces displaying atomic
mismatch. This is the case of the 22×

√
3 reconstruction where the surface layer

has a different periodicity with respect to the underneath bulk layers. Takeuchi
et al. [42] have applied a simple 2D FK model to the Au(111) reconstruction,
by obtaining the substrate and intralayer potential using independent quantum-
mechanical calculations. Very remarkably, the simple FK model is able to catch
the main features of the Au(111) reconstruction, i.e. its tendency to contract
along one direction and to distort each compressed row into a sinusoidal-like
pattern where atoms shift gradually from fcc to hcp stacking positions and
viceversa. An extension of this model, including long-range elastic interactions,
was used to investigate the Au(111) reconstruction on a larger length scale, in
order to explain the features of the herringbone pattern [41]. In this work the
FK potential used in ref. [41] has been employed to mimic the relaxation of the
Au(111) stepped surfaces2.

Au(111) vicinals offer an additional level of complexity with respect to the
nominal Au(111). Actually the atomic mismatch does not only take place ver-
tically, between the surface and the layer underneath, but also laterally at the

2We briefly review the form of the energy E of the system, in terms of the atomic positions
~ri and the bond length lj :

E =
∑
i

VS(~ri) + 1/2
∑
j

k(lj − b)2 (3.1)

VS(~r) = V0 + 2
∑
~G∈χ2

[VRcos( ~G · ~r)− VIsin( ~G · ~r)] (3.2)

+
∑
~G∈χ3

V2cos( ~G · ~r)

Here χ2 is a set of three of the six reciprocal-lattice vectors (RLVs) of length 4π/
√

3a (with
120◦ mutual angles), and χ3 consists of the six RLVs of length 4π/a, where a=2.884 Å is the
lattice constant of Au. The values of the coefficients is V0 =8.025 mRy, VR =1.483 mRy, VI
=0.087 mRy, and V2 =0.146 mRy, b = 2.7744 Å and k = 90 mRy/AA2.
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step edge, where the higher density rows of the reconstructed terraces enters
the bulk and face rows with a different periodicity. Moreover it is clearly very
difficult, using a simple 2D model, to directly account for the presence of the
steps, which can only be explicitly described by including the [111] direction
as a degree of freedom of the system. The initial assumption made in this FK
model of Au(111) vicinals is therefore that USEs and LSEs do not interact, or
equivalently that each terrace behaves independently, the surface equilibrium
state being determined only by lateral interactions within each terrace. This
allows the description of the step in the 2D model (fig. 3.4), which is accounted
for by the border conditions at the LSEs and USEs. These correspond, on one
hand, to adding a bulk-like row of atoms at the LSE, which is kept fixed dur-
ing the simulations performed, thereby embodying the physical condition to be
matched in the bulk. Free border conditions are applied on the other end of the
terrace, along the [211] direction, accounting for the fact that the upper step
edge lacks lateral interactions on one side, and periodic boundary conditions
are set along the [011] direction. Despite representing a strong simplification
of reality, these border conditions can help single out some mechanisms of re-
laxation of the investigated systems, after comparison with the results of more
realistic simulations.

The systems studied were monolayers of different length along the direc-
tion perpendicular to the step ([211]), corresponding to the terraces of several
Au(111) vicinals. Each row of the monolayer is compressed by 4.55% along
the [011] direction, in order to reproduce the linear density expected for the
22×

√
3 reconstruction pattern. Relaxed surfaces3 were then divided in regions

of hcp and fcc stacking checking if the atoms, with respect to reference bulk-like
atomic layers, were closer to the ABA or the ABC arrangement (see fig. 3.1).
For typical terraces, such as Au(788) and Au(11 12 12), the fcc and hcp atoms
form alternating domains, that have the same periodicity of the 22×

√
3 recon-

struction along the [011] direction. The features of the flat Au(111) is recovered
away from the step edges, but the hcp regions keep shrinking at the lower end
of the terraces. At the LSE the lateral misfit between the terrace and bulk rows
is relieved by the introduction of a localized surface defect (fig. 3.5), while the
largest part of the interface is laterally stacked in a bulk-like form and most of
the terrace atoms are in fcc position. This result is consistent with STM exper-
iments performed over this system [76]. The size of the fcc and hcp domains
appears different as the substrate potential used introduces an energetic penalty
for atoms in the hcp positions. With respect to experiments (see fig. 3.2a,b)
however some important discrepancies occur. For instance the step does not
display the observed enhanced undulation and the hcp regions do not have any
enlargement at the USEs. Moreover it is unsuitable to perform any STM simu-
lation within the 2D FK model, thereby limiting the possibility of validating the
model through comparison with experiments. Finally one might argue that the
outcomes of the FK model alone could contradict rather than confirm the exper-
imentally observed step selectivity which favors adsorption on step lines facing

3In order to evaluate the optimal geometry of the surface we performed 200 independent
geometry optimizations using the conjugate gradient technique. The package used was cp2K.
All independent minimizations correspond to a different initial condition obtained by letting
the reconstructed terrace slide by steps of 1/200 lattice spacing along the [011]. In this way
we make sure that our results do not depend on the initial phase between the reconstructed
and the unreconstructed rows at the lower step edge.
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fcc regions. By assuming that the reconstruction does not enter the bulk at the
LSE, but stops close to the step on the open terrace, the surface defect at the
terrace-bulk misfit would happen close to the step lines facing the hcp regions
of the terraces below. The defect is essentially represented by a missing atom
and, if it took place on the open terrace, it would create a region of low atomic
coordination and possibly of large surface reactivity. Missing atoms defects are
also present at the “elbows” of the herringbone reconstruction and represent
a preferential site of nucleation for molecular and metallic nanostructures [89].
Therefore the Au(111) vicinals, as described in the 2D FK model, would prob-
ably have opposite properties with respect to what seen in experiments, where
fcc step lines are the preferential sites of adsorption. These discrepancies mo-
tivate the investigation of the surface using more realistic approaches. In the
next section the results of the 2D FK modeling will be compared with those
obtained using all atom simulations and the EPT ”glue potential“.

Figure 3.4: (a) The 2D FK model: a network of springs relaxes on a 2D substrate
potential (the parameterization of the model used in this work was taken from
[41]). (b) In the Au(111) vicinal the terraces turn into bulk at the lower step
edge. The red row exemplifies a possible onset of the bulk structure, where
the atoms are located in fcc position. The exact position of the bulk-terrace
interface at the step edge cannot be estimated using a simple 2D FK model.
(c) Top view of a typical initial condition for the 2D FK system used in the
simulation. The red row is composed of 22 atoms located in fcc position, the
yellow [011] rows accommodate instead 23 atoms and have the atomic density of
the 22×

√
3 reconstruction. (d) Typical outcome of the structural optimization

of the system, obtained using the border conditions described in the text: at the
lower step edge the hcp region reduces its size as it matches the bulk structure,
while at the upper rim of the terrace the structure of the surface appears very
similar to that of the 22×

√
3 reconstruction.
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Figure 3.5: (a) Three lines of the surface are considered: the first bulk-like
row (red) kept fixed during optimization, and the two neighboring rows (blue).
After optimization the mismatch at the interface is relieved by the formation
of a localized defect. A screening of the configurations obtained using different
initial conditions shows that the defect can have two different forms which are
depicted in (b),(c).

3.2.2 The EPT potential: comparison with the Frenkel
Kontorova model

The most prominent aspects which are not accounted for by the FK model
are the vertical relaxation at step edges and the multibody nature of forces
acting on metal atoms. In fact, as described in 1.3.1, the use of forcefields
based purely on pairwise interactions has been proven inappropriate in a large
number of circumstances. In order to improve on the FK model result, the
EPT potential has been used to optimize the atomic positions of the Au(111)
vicinals. The starting configurations for the surface are typical vicinals such as
Au(677) or Au(788), whose linear atomic density is increased on the terraces
by uniaxially compressing rows parallel to the step edge so as to match the
density of the 22 ×

√
3 reconstruction (fig. 3.6). The number of compressed,

reconstructed rows Nr is taken to be, at an initial stage, smaller than the total
number of terrace rows, Nt. For example in the case of Au(788) surfaces, we
have Nc < 16, meaning that atoms in the compressed rows do not have atoms
belonging to the upper terrace in their first neighbor shell. In this paragraph
this assumption has been made in order to allow a direct comparison between
the EPT and the FK model since, if Nr ≥ Nt, the vertical interaction between
reconstructed rows at the LSEs and USEs cannot be neglected and the FK model
is not applicable. The case Nr ≥ Nt is treated in the next section. If Nr < Nt
atoms at the interface between unreconstructed and reconstructed part of the
terraces relieve the stress mainly by lateral relaxation. This can be confirmed by
observation of the surface structure after energy optimization4. The structure
of the surface at the interface appear strikingly similar to that found by the FK
model. The defect appears very localized at the point where hcp regions stem

4The surfaces have been optimized using periodic slab calculations. Slabs used have a
thickness of 18 layer, the forces on atoms have been minimized using the conjugate gradient
method. The program used was IMD [90]
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Figure 3.6: Au(788) is an example of a Au(111) vicinal. In the picture atoms
belonging to the outermost layer are colored purple, while atoms of the sub-
surface layer are colored brown. Within each terrace, rows are numbered in
the following way: the atomic row corresponding to the USE is labelled n = 1,
while the last terrace row at the LSE is labeled n = Nt, (in this case Nt = 16).
Atomic rows belonging to the first subsurface layer correspond to n > Nt. The
reconstruction extends from n = 1 to n = Nr, the value of Nr being a priori
unkonwn. By allowing Nr > Nt the possibility of subsurface reconstruction
is also considered. The value of Nr corresponding to the equilibrium surface
structure is computed in section 3.2.3

out of the LSE5, and atoms away from the defect turn rapidly in fcc stacking.
A way to visualize this similarity is to plot the relative phase between the two
uncommensurated rows, that is calculated as φn = (2π/d)(xRn −xUn +ω), where
d is the bulk lattice spacing, xRn and xUn are the [011] coordinates of the nth

atom of the respectively reconstructed and unreconstructed row and ω is an
additional arbitrary phase term. In fig. 3.7, we report the typical behavior of
φn over the lenght of one 22×

√
3 unit cell.

Despite the many simplifications of the Frenkel Kontorova model, the phase
profile obtained with this approach is strikingly similar to that found through
the more accurate all atoms simulations. Moreover we discovered that it would
change very little whether optimization were carried out in the FK model by
removing the substrate potential and all the terrace atoms except those belong-
ing to the two uncommensurated rows at the lower step edge. Such a reduced
system is just the 1D Frenkel Kontorova model [91]. In this case an analytical
form for the phase φn can be found when n is treated as a continuum index
[92]. Its explicit expression is φn = α arctg(exp(βn)), where α and β are system
dependent parameter. This curve fits very well the φn values obtained with the

5It must be noted that atoms at the defect are not themselves in perfect hcp stacking.
The reason for that is geometrical: atoms at the interface between bulk and terraces do not
display an in-plane undulation as they become straight at the vicinity of bulk rows. This
marks a difference with respect to atoms in the 22 ×

√
3 pattern where the row undulation

allows atoms the occupation of both hcp and fcc sites, these sites having a different position
in the [211] direction.
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Figure 3.7: Phase profile φn in the all atoms 3D simulation (circles) (Nr = 15),
the 2D Frenkel Kontorova model (crosses), and the fitted 1D Frenkel Kontorova
model in the approximation of continuum n (dotted line). φn values are reported
over the lenght of a reconstruction period (6.3 nm)

atomistic simulations, showing that the atomic arrangement at the lower step
edge is mainly determined by a one-dimensional relaxation. Values of φn equal
to 0 or 2π are associated to a bulklike, hexagonal lateral stacking at the lower
step edge. The sudden change of φn from 0 to 2π follows from the necessity to
accommodate the extra atom present in the reconstructed row, and is associ-
ated to an abrupt change of registry between the atoms of the rows considered;
the non-hexagonal faulted stacking is then concentrated in a narrow region, as
shown in fig. 3.7, and corresponds to the presence of a surface defect. Two
different kind of defects have been identified and their structure is shown in
fig. 3.8. The former, type A, corresponds to a five-fold laterally coordinated
atom with phase φ equal to zero, yielding a pentagonal defect. The latter, type
B, is characterized by a couple of neighboring atoms having a phase φ that is
opposite in sign but equal in absolute value. These defects can be both found in
the FK and the all atoms simulations, even tough, in the latter, the B-one can
only be obtained after averaging some selected, independently optimized con-
figurations. Type A and type B defects are associated to configurations with
very similar surface energy (differences of about 0.01 meV/A2 in the all atom
model). If the structure at LSEs is similar for the FK and EPT models, the
features of the USEs are different. In the FK model the upper edge rows do not
display any enhanced in-plane undulation, while in the EPT model the USEs
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Figure 3.8: Structure of the lower and the upper step edge in the FK (b,d) and
all atoms (a,c) model, both in the case of defect type A (c,d) and type B (a,b).
The relative position of the two edges in (b,d) is arbitrary since the relaxation
of neighboring terraces is not correlated in the 2D FK model. Dotted (a,c) and
solid (a,b,c,d) lines represent respectively the upper end of the terrace before
and after relaxation. Crosses and circles correspond respectively to hcp and fcc
atoms.

bend dramatically inwards, showing an excursion of about 2 Å in the direction
perpendicular to the step. This value has to be compared with the amplitude of
the undulation in the nominal 22×

√
3 pattern, which is predicted to be 1.3 Å

by the EPT potential. According to the EPT model, in the 22×
√

3 pattern this
undulation yields the alternation of equally wide hcp and fcc regions. However
if the undulation is much higher, as at the step edges, the stacking of atoms
with respect to the underlying layers change dramatically and so do the size of
hcp and fcc regions. As it was shown earlier, the removal of the undulation at
LSEs leads to a predominance of fcc regions as a way to minimize the mismatch
between terraces and bulk rows. On the contrary, at the USEs, the enhanced
undulation leads to a change in the stacking which makes the hcp regions appear
wider than the fcc ones. This domain enlargement, together with the decrease of
the hcp regions at the LSEs, leads to the observed V-shaped pattern of Au(111)
vicinals. The comparison between the FK model and the EPT potential allows
to single out the main reason for the USEs relaxation. Actually the FK model
does not contain two ingredients which are present in the EPT model: a) the
vertical relaxation of the atoms, which gives the possibility of interaction be-
tween terrace endings, and (b) the many-body glue term in the potential. The
enlargement of the hcp regions at the step edges could be due to the lack of
interaction between the reconstruction at the LSEs and USEs: since the step
rims lean upon a defect, it could be proposed that the hcp regions ”escape“ the
unfavorable stacking by performing a large undulation which places the atoms
of the USEs away from the defect. If this was true, the step undulation should
decrease with Nr as for smaller values of Nr the defect is placed farther from
the USEs and its influence on the step structure becomes negligible. Many local
structural optimizations have been performed by decreasing Nr, but the step
deformation persists even if a large part of the terrace is kept unreconstructed
at the lower step edges. Therefore the large undulation of the step, within the
EPT description and Nr < Nt, is only due to the many-body forces, which make
the step retracts as to increase the local coordination of atoms.
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All these considerations are based on the assumption that Nr < Nt. As it will
be shown in the next section, the equilibrium structure of the surface corre-
sponds to Nr = Nt and therefore the FK model misses the essential ingredients
for the description of the Au(111) vicinals both at the USEs and LSEs. Its use
has been nevertheless useful for elucidating the mechanism of relaxation which
have to be taken into account for a realistic description of the surface features.

3.2.3 The EPT potential: extent of the reconstruction

The calculations shown in the previous chapter have been performed under the
assumption Nr < Nt in order to allow a comparison of the results obtained
with the EPT and the FK model. This condition is however not necessarily
fulfilled for the real surface. In order to check the number Nr of reconstructed
rows that determine the free energy minimum of the system, we used to differ-
ent approaches: annealing simulations of unreconstructed stepped surfaces and
grand-canonical free energy calculations.

Upon annealing an unreconstructed stepped surface up to a temperature of
900K6 atomic diffusion is triggered.

Atoms desorbs from steps and move into the open surface, where they are
gradually included in the outermost layer of atoms, giving rise to the surface
reconstruction. After a step atom is desorbed, two kink units are formed, acting
as primary reservoir of atoms for the surface rows undergoing reconstruction
(fig. 3.9). During the cooling phase the system rearranges so as to minimize
its free energy. At the end of the simulation, at 0K, the funnel corresponding
to the internal energy minimum is achieved, showing the equilibrium structure
of the surface at zero temperature. This is of help for the comparison with the
STM experiments performed in our group, which are done in ultra-high-vacuum
(UHV) condition. In the final configuration, the number of reconstructed rows
can be counted, giving a result of Nr = Nt. However the reconstruction is not
the typical 22 ×

√
3 of the flat experimental Au(111), but the compression is

much larger giving rise to a 14×
√

3 pattern (fig. 3.10). This has to be traced
back to the characteristics of the EPT potential, predicting the 11×

√
3 pattern

to be the global energy minimum of the reconstructed Au(111), the the 22×
√

3
being only a local minimum with an energy difference of 2.1 meV/Å2. The
difference in the reconstruction pattern observed in the flat and in the stepped
surface is explained by the stress relief exerted by the step, turning the global
minimum from the 11 ×

√
3 pattern to the 14 ×

√
3. This effect is observed

also experimentally in Au(111) vicinals, where the reconstruction superlattice
is larger than in the flat surface [76].

In order to have a better insight in the energetics of the reconstructed sur-
faces we compared the energies of various terrace models displaying a different
degree of reconstruction. In the models the surface were bulk terminated except
the first Nr rows of the terrace (fig. 3.6). Nr was chosen in the range [0 : 2Nt].
Values for Nr > Nt correspond to subsurface reconstruction beyond the LSEs

6The simulations were performed using the IMD package [90] in the NVT ensemble, the
Nose-Hoover thermostat and a time step of 1 fs. The unit cell used was a Au(788) with three
terraces, a width of 66 first-neighbor atomic spacings in the [011] direction and 18 atomic
layers stacked along the perpendicular direction. The annealing rate starting from 0K was
1.250 K · ps−1 up to 900K. After 1.5 ns equilibration at 900 K the system was cooled down
to 0K with an annealing rate of 0.125 K · ps−1
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Figure 3.9: Schema of the reconstruction process, via annealing, starting from
unreconstructed surface. (a) At sufficiently high temperatures, atoms desorb
from steps and diffuse to the open terraces. (b) When a step atoms desorb,
new kink sites appear. Steps are eroded, by losing kink atoms which diffuse
to the open terraces. The diffusing atoms enter the terraces, triggering the
reconstruction process. (c) Terraces include atoms up to chemical equilibrium
with kinks. The free energy minimum of the terraces correspond to a given
extent of the reconstruction.

as explained in fig. 3.6. Each model surface was locally optimized7, thereby
providing the internal energies of the system as a function of Nr, U(Nr). As
discussed in section 1.4.2, the comparison of energies of systems with a different
number of atoms requires the use of chemical potentials. As our simulation as
shown, during annealing the kink energy defines the chemical potential µAu for
the terraces undergoing reconstruction8. This turns out, by neglecting vibra-
tional effects, to be equal to the cohesive energy of gold for the EPT potential
(-3.78 eV) as expected according to simple physical arguments9.

The Gibbs energy of the different terrace models, G(Nr), can now be com-
puted as:

G(Nr) = U(Nr)− µAuNr (3.3)

The energy profile is shown in fig. 3.11 for the case of the Au(788) surface. Also

7The unit cell used was a Au(788) with one terrace, a width of 22 first-neighbor atomic
spacings in the [011] direction and 18 atomic layers stacked along the perpendicular direc-
tion.The conjugate gradient algorithm was used for the structural optimization, using a force
threshold of 10−6 eV/ Å.

8The energy of a kink atom can be simply computed as the energy difference between a
vicinal displaying a kinked step and the same system after removal of one kink atom.

9by removing one kink atom, the number of surface sites and kink sites is unchanged but
one bulk position is removed.
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Figure 3.10: Top view of the Au stepped surface at the end of the annealing
simulation. The large orange atoms represent the top layer of the system. In the
terrace below, the three first layers atoms are indicated with different colors in
order to highlight the stacking. The black box overlayed to the 3rd terrace shows
the arrangement of atoms at the step edge: the green layer turns from terrace
to bulk and the presence of defects at the interface can be clearly seen. To
better visualize this, the three green lines at the step edges have been reported
also separately in top inset: the first bulk row has been colored red, while the
neighboring terrace rows are blue. The equilibrium surface periodicity at the
end of the simulation corresponds to a 14×

√
3 reconstruction.

the grand-canonical calculation predicts the equilibrium surface to correspond
to Nr = Nt, as given by the simulation in the canonical ensemble.
The structure of the stable surface at the step is now analyzed in more detail.
With respect to the Nr < Nt case (fig. 3.7), the phase profile shown in fig. 3.12
appears different and the phase change from 0 to 2π is much less abrupt. From a
geometrical point of view, this means that the defect at the bulk-terrace lateral
interface is less localized and the regions of perfect fcc stacking are smaller.
The change in the geometry of the interface going from the Nr < Nt to the
Nr = Nt case has to be understood in terms of the vertical interaction between
the reconstructed terraces, which is switched only when Nr = Nt. In the other
cases, the atoms at the mismatch only interact laterally.
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Figure 3.11: Gibbs free energy differences between terrace models of Au(788)
displaying a different extent of surface reconstruction along the terrace. The
minimum free energy of the surface was achieved, in the case of Au(788), for
Nt = Nr = 16.

Figure 3.12: Phase profile φn in the 2D Frenkel Kontorova model (crosses)and
in the all atoms 3D simulation (circles) for Nr = 15 and Nr = 16. φn values are
reported over the lenght of a reconstruction period (6.3 nm).

3.2.4 Density functional theory calculation

The simulations performed with the EPT potentials have shown the importance
of a realistic description of interatomic forces in metals, via the introduction of
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the many-body glue term. The optimal structure obtained using a semi-classical
potential has been used as a starting configuration for the DFT relaxation.
The aim of this further structural optimization is twofold. First with a DFT
optimization we obtain a structure which satisfies an ab-initio theory. Secondly,
once the structure is known, the electronic properties can be computed and used
to understand the site selectivity of the Au(111) steps.

Figure 3.13: (a) Atomic geometry of the stepped Au(677) surface including
a kink in each unit cell (2x2x1 cells are shown) after optimization using DFT.
The grayscale reflects the surface corrugation with respect to the average terrace
height. V-shaped discommensuration lines separate fcc- from hcp-stacking ar-
eas. (b) Top view of the corrugation profile of a single surface unit cell. Largest
outward corrugation corresponds to brightest regions. Top layer atom positions
are superimposed as dots and colored according to the stacking with respect
to the underlying layers: hcp (yellow), bridge (black) or fcc (red). (c) Close-up
view of (a) at the hcp part of the step: atoms indicated by red dots are perfectly
coplanar, forming a local close-packed facet.

The calculations describe the interplay between steps and the 22 ×
√

3
reconstruction in the case of the Au(677) surface, that experimentally [76]
has the shortest terraces among all Au(111) vicinals displaying reconstruction
(Nt = Nr = 14). A kink superlattice comparable to the one experimentally
studied by Leroy et al. [93] is obtained by tilting the unit cell of a kink-
free Au(677) by a suitable angle which corresponds to one kink per unit cell
(kink-kink distance of 6.3 nm). The best obtained EPT-configuration from slab
optimizations is used as starting point for full ab initio optimizations using den-
sity functional theory (DFT) within the pseudopotential approach, employing
the mixed Gaussian and plane wave code cp2k10 [12]. An analysis of the most

10We use the Perdew-Burke-Ernzerhof exchange-correlation functional using a Goedecker-
Teter-Hutter norm-conserving pseudopotential, with a cutoff of 280 Ry; the wave function is
expanded using Gaussian basis functions of the class DZVP double zeta valence with polar-
ization. The slab used encompasses six layers. The calculations were run on a CRAY-XT4 ,
the high performance facility of the Swiss Supercomputing Center in Manno, using 2048 cores
for 24 h.

70



RESULTS

important features of the surface after DFT optimization is now reported.
The presence of discommensuration lines on Au(111) surfaces is usually taken

as an evidence for the existence of regions with different stacking. Here, each
surface atom is labeled either “hcp” or “fcc” if its lateral distance to a reference
atom in the third (hcp) or fourth (fcc) layer is smaller than a threshold dl = 0.56
Å taken as one third of the distance between two neighboring hollow sites. A
contour map of the physical corrugation together with the stacking of atoms is
shown in fig. 3.13(a and b).

The V-shaped discommensuration line pattern observed experimentally is
clearly reproduced. Surface atoms within domains that are widest at the LSE
are in fcc stacking positions, whereas domains widest at the upper step edge
(USE) contain hcp-stacked atoms. The surface corrugation at the center of the
terrace is very similar to that of the flat Au(111) reconstruction pattern and
displays a maximum excursion of 0.14 Å and a height difference of about 0.05
Å between hcp and fcc regions. Atomic rows near the center of the terrace
undulate laterally with an amplitude of 0.7 Å and the kink site appears exactly
at the center of the fcc domain. All these features match experimental findings
[94, 83, 95, 93]. A closer look reveals that at the LSE the terrace atoms match the
bulk structure and the fcc regions are dominant. However, the atomic mismatch
between the reconstructed terrace and the second layer (fig. 3.14 (a,c), orange
and purple lines) makes it impossible to maintain a triangular lateral packing
everywhere along the LSE. This drives some atoms of the LSE into a squared
lateral stacking with the neighboring bulk atoms as shown in fig. 3.14 (a,c).
The V-shaped hcp terrace domains stem out right from these defects, while all
bulk atoms beyond the LSE sit perfectly in bulk-like fcc positions. However,
the complex atomic arrangement of the LSE prevent the atoms of the defect
to occupy hcp sites. Because of simple geometrical considerations, this would
require the LSE atoms to have an excursion in the ([211])-direction (3.13(a))
which is hindered by the tendency of LSE rows to straighten out to match the
crystallographic bulk structure.

As a general trend, Au(111) surface atoms relax outwards when they sit
in regions of unfavorable stacking [42, 96, 97]. This is also the case of atoms
forming the defects at the LSEs, that have a very unusual coordination with
respect to the underneath layers. On an open terrace, such stacking would lead
(within the same level of theory) to an outward relaxation of bare 0.25 Å. In
the present case, however, the interaction between atoms of the LSE and the
USE enhances the outward relaxation of the unfavorably stacked atoms which
stand out as much as 1Å above the underlying terrace level (fig. 3.14c). Thus,
the large vertical corrugation brings upper and lower edge atoms very close to
each other at the hcp regions, driven by yet another mechanism of relaxation,
namely a gain in lateral coordination across the step. After DFT optimization
atoms of the upper rim and lower edge of the steps become perfectly planar and
close-packed in the hcp region, thereby forming a “local close-packed plane”
that is slightly tilted (by 28◦) with respect to the nominal (111) surface and has
the features of a “slide” connecting upper and lower terraces (fig. 3.13c). We
note that strongly anisotropic geometries have been already reported for gold
nanoclusters, and the reason for these arrangements has been attributed to
relativistic effects [98, 99, 100] inducing significant s-d hybridization and strong
directionality effects in bonding.

At the fcc part of the steps, atoms of the USE lean upon fcc atoms of the
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Figure 3.14: (a) Lateral view of the DFT optimized Au(677) at step edges
(close-up). (b) Top view. Different stacking orders are highlighted. The mis-
match between the last LSE (orange) line and the first bulk (purple - black) line
is evident by the presence of a square arrangement (defect). (c) Experimental
and simulated STM images at step edges (close-up). The V-shaped discom-
mensuration lines, together with a large lateral corrugation of the step can be
observed. (d) Profile of the simulated STM image using the Tersoff-Hamann
approximation (see 2.3.2) together with experimental results. LDOS contours
are also taken at an average distance from the surface of 2 Å, showing a much
steeper slope of the step profiles with respect to experiments.

LSE and the resulting local geometry is therefore very similar to that of a bulk
terminated vicinal. The huge structural difference between the hcp and the fcc
part of the step is reflected by the integrated local density of states (LDOS)
profiles across the two regions. Within the Tersoff-Hamann approximation,
LDOS integrated between the Fermi energy and a finite bias can be compared
with experimental STM maps of the surface. In this work, the latter have
been performed with a very small bias (-50 meV) in order to achieve atomic
resolution. Simulated maps are obtained with the lowest possible bias allowed
by calculations (-0.1 eV). In fig. 3.14d experimental11 and theoretical profiles
are shown to be in excellent agreement. The slope of the step in the STM
image appear similar in the hcp and fcc portion of the step. The slope of the
hcp lines is 22◦ and that of the fcc lines is about 25◦. The difference would be
much larger if one could probe the electronic density of the surface with a very
sharp tip. In fig. 3.14d (dashed lines) LDOS contour profiles, taken at about
2 Å above the surface are also shown. In this case the fcc curve has a slope
of 45◦ with respect to the terrace normal, while the hcp slope amounts to 28◦.
Finally, it is interesting to note that at half height of the step the experimental

11Constant-current STM images were acquired under ultra-high vacuum conditions at a
sample temperature of 5.7 K using an Omicron LT-STM. Au(11,12,12) single crystal (Surface
Prep. Lab., Netherlands) was used. The sample was cleaned by standard sputtering-annealing
cycles.
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lateral excursion of the step is about 1 Å which is larger than that typical of a
reconstructed row in the flat Au(111) surface. This value reflects the reduced
coordination of the step atoms and implies a different stacking at the USE,
where the hcp regions appear larger than the fcc ones, as also demonstrated
by the theoretical and experimental corrugation profile (see fig. 3.13a and fig.
3.14c).

The dramatic structural differences between fcc and hcp step regions must
have a great impact on the selectivity of the corresponding step segments. At
hcp regions we do not even have sharp steps anymore but rather a change
in the slope of the (111) surface. Therefore, all effects that make steps more
reactive than flat regions, such as the Smoluchowski effect and coordination of
step atoms, are more loosely expressed in the hcp part of the step than in the
fcc one.
A quantity that is directly related to the adsorption of polarizable molecules,

Figure 3.15: (a) Modulus of the electric field (| ~E|) showing that the largest
values are found at the step region. Along the step, the largest values are found
at kinks, and the lowest at hcp regions (kink-hcp difference of about 60 meV/Å).
(b) Adsorption geometry of a benzene molecule on a step with fcc-like structure.
(c) The same molecule on a smoothened step in the hcp region.

the modulus of the electric field | ~E| (computed as the gradient of the Hartree
plus ionic potential), was computed on an isosurface of the charge density ρ.
The chosen value of ρ corresponds to a position about 3 Å above the USE, which
is a typical adsorption height for molecules on metal surfaces [101, 102]. In a
simple picture, where the gradient of the potential is stronger so will be the
gain in energy of the molecule, that will reorient its induced dipole ~p = α̂ · ~E (α̂
being the polarizability) as to lower its internal energy by a quantity (in case

of an isotropic α̂) proportional to | ~E|2. As it can be appreciated in fig. 3.15

the profile of | ~E| along the terrace shows that kinks are the most reactive parts
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followed by steps in the fcc regions. Steps in the hcp regions are associated
with a lower value of | ~E| and therefore are expected to be less reactive towards
polarizable molecules.

As a final example the adsorption energy difference between a benzene
molecule located on the step at a fcc and at a hcp region is reported; the
calculation was carried out by using the same DFT scheme with the addition of
the van der Waals correction introduced by Grimme [75, 101]. The adsorption
on the fcc part of the step is more stable by 80 meV than on the “flattened” hcp
step (Fig. 3.15b and c), confirming the prediction of surface selectivity based
on the structural properties of the surface.

3.3 Electronic properties of flat surfaces of Au(111)

3.3.1 Surface state dispersion and work function

In the previous paragraphs the selectivity of the Au(111) steps with respect
to molecular adsorption was analyzed. The structural difference of the steps
in the two stacking regions could be determined by use of large-scale classical
and DFT calculations, which in turn allowed a precise understanding of the
step selectivity. However not only the steps display a patterned propensity
to incoming adsorbates, but also the flat reconstructed surfaces of Au(111)
are characterized by a remarkable site selectivity. As shown in the previous
paragraph, the knowledge of the electronic features of the surface are necessary
to the comprehension of the surface functionalization. In this chapter we outline
some of the most important characteristics of Au(111) surfaces faraway from the
step edges, with the aim to establish the influence of the surface structure on
the electronic properties.

Several studies, performed in the past decades through theory and experi-
ments [29, 103, 94, 104], have highlighted a rich physics in the electronic proper-
ties of Au(111), which displays a remarkable surface state band with parabolic
dispersion and spin-orbit splitting. The presence of a parabolic dispersion is
associated to surface states with free-electron-like character, a property which
is common to other close-packed noble metal surfaces. In Au(111), the origin
of the parabola is located at the Γ point of the band structure, 0.5 eV below
Ef . As far as the reconstructed surface is concerned, maps of the local density
of states, obtained using scanning tunneling spectroscopy (STS), have shown a
modulation of the surface state density across the stacking domains. This fea-
ture has been observed also by doing spectroscopy on the Au(111) vicinals by
scanning parallel to the step at the center of the terraces. Being faraway from
the step edges, these measurements approach the results obtained for a flat
surface. We could use our relaxed structure model to compute the simulated
STS spectra along the center of the terrace and then compare the results with
experiments[105] obtained for similar vicinal surfaces along the terrace centers.
The comparison can be made difficult by a number of factors, such as the im-
precision of DFT calculations in locating the state energies, the instrumental
resolution etc.. However both experiments and simulations (see fig.3.16) repro-
duce a modulation of the LDOS intensities across the stacking regions of the
reconstruction, showing a localization of lower (higher) energy surface electrons
in the hcp (fcc) regions. More precisely at the bottom of the surface state band
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states, the LDOS is larger at the hcp regions than at the fcc ones, while this
behavior is inverted 50 meV above in the energy spectrum, where the largest
intensity is recorded on the fcc domains. This phase change in the LDOS modu-
lation is related to a band gap in the reciprocal space, which could be observed
by angle-resolved photoemission spectroscopy (ARPES) measurements [105],
and has been interpreted as the consequence of the Bragg diffraction of the sur-
face electrons, leading to band folding. The position of the gap, as well as the
spatial modulation of the LDOS, suggests that the Bragg diffraction is due to a
modulation of the surface potential induced by the reconstruction superlattice.

A quantification of the modulation of the surface potential induced by the
change in the surface state LDOS across the stacking regions has been obtained
using simple Kronig Penney models [104], the linear response theory [94] or,
in the framework of a simple pseudo-potential approach, by numerically solving
the Schrödinger equation [105]. From the knowledge of the surface potential the
classical potential energy of the surface electrons can be computed at all points
of the surface, revealing the regions where electrons are more bound. According
to previous models, bridge and hcp regions are associated to the largest poten-
tial energies, which correlates well with the fact these are the domains where
the LDOS intensity is largest at lower energies. We are able to reproduce the
patterning of the electrostatic potential at the surface by computing it on an
isosurface of the charge density of the stepped surface model. By inspection
of the potential profile at the center of the terrace, we observe that the results
are numerically in agreement with previous modeling confirming that hcp and
bridge regions are the most attractive domains towards surface electrons. More-
over fig. 3.17 suggests that the electrostatic potential modulation depends on
the relative heights of the different stacking regions.

It is however quite difficult to interpret the results obtained on the recon-
structed surface, because of the high complexity of the system and of the many
concurrent factors which might determine the electronic property of the sur-
face. Therefore we now turn to the analysis of the surface state and the surface
potential of simpler systems, namely models of unreconstructed Au(111). Here
we focus on the dependency of two electronic properties, namely the work func-
tion and the surface state energy dispersion, on the (i) stacking of the surface
(fcc, hcp or bridge) and (ii) the vertical displacement of the outermost layer.
This latter quantity is then compared with the actual relaxation observed by
experimental STM, simulated STM and DFT optimized surface structures.

In order to investigate the importance of the stacking, we compare the band
structures of the unrelaxed bulk and hcp terminated Au(111). DFT band struc-
tures have been superimposed in the two cases (fig. 3.18a,b). As the slab used
for the calculations12 is considerably large, the surface band structure amounts
to a projected bulk band structure (PBBS) enriched with several surface state
bands in the PBBS gaps (for a precise description and localization of the surface
state bands please refer to [29]). The well known free-electron-like surface state
band appears clearly at Γ, with band bottom located at -0.5 eV. The structure
of this state is very similar both in the case of hcp and fcc surfaces. The en-
ergy difference of the band bottom, in the two cases, amounts to about 5 meV,
which is of the same order of magnitude of the error committed in the bulk band

12For the calculations the procedure of Mazzarello et al. [29] was followed. In this work,
however, a denser Monkhorst-Pack grid for k-points sampling was used (12× 12× 1).
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Figure 3.16: (a) simulated STM image of the Au(677) terrace. The STS spectra
have been computed within the black box in the figure and averaged in the
direction across the surface. (b) Top panel: calculated STS spectra. The zero of
the energy is taken as the bottom of the surface state band. For the simulations
we assume this value to be the experimental one. Bottom panel: experimental
STS from [105]. Bright color are associated to higher intensities.

alignment13. The electronic density profile, averaged along the surface plane,
of the Γ surface state is shown in fig 3.18d. The structure of the state density
is remarkable: the surface state is not only localized in the outermost atomic
layer, but has a large amplitude deep in the subsurface layers. This requires
the use of a large slab for the calculation of surface state properties in Au(111)

13A precise procedure for the comparison of the bulk band structures is given by the align-
ment of the electrostatic potentials at the center of the slabs. In an ideal case the difference
of the electrostatic potentials of the hcp and fcc terminated slabs should be flat away from
the surfaces, in the center of the slab. However small deviations from this behavior happen in
real calculations, due to numerical accuracy and the finiteness of the slab size (see fig. 3.19)
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Figure 3.17: (a) Electrostatic potential computed on the 10−4e/Å3 charge den-
sity isosurface of the Au(677) model. (b) Line profile of the potential along the
step edge at the center of the terrace (red, left y axis) and the STM profile
(blue, right y axis) on which it was calculated. (c) Line profile of the potential
along the step edge at the center of the terrace, for the Au(23 23 21), according
to the model in [105] (taken from [105]). (d) Modulation of the electrostatic po-
tential across the different domains of the flat Au(111), according to the model
of [104, 94] (taken from [94]).

(a detailed study of the converge of surface properties can be found in [106]).
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The difference between the hcp and the fcc case is negligible both in terms of
energy and of density distribution. This result can be correlated to the actual
spatial distribution of the surface state which penetrates far below the surface
and can therefore be rather insensitive to changes in the outermost layer struc-
ture. However Au(111) displays a wider range of well localized states at the
surface: as it was shown in a previous work [29], not only pure surface states
are present, but also surface resonances have been found well below the Fermi
level. By inspecting the Au(111) bands plot, the most remarkable difference is
found at the K point, for a surface state lying at about 2.6 (fcc) and 2.3 (hcp)
eV below the Fermi level. The structure of the state density is very different in
the hcp and fcc-terminated slab. The hcp surface state amplitude is larger in
the third layer and smaller in the first two layers, with respect to the fcc case.
The K-point surface state represents the only remarkable difference of the band
structure between the hcp or the fcc termination. Such a similarity confirms
the findings of Takeuchi et al. in ref. [42], where, however, the main difference
of the DFT band structure, at the K-point, was not discussed.

One of the peculiarities of the different stacking regions in the reconstructed
Au(111) is their relative height in the STM images. As mentioned previously,
ridge and hcp regions appear higher by about 0.15 Å and 0.05 Å than fcc do-
mains, respectively. The STM height differences appear to correlate very well
with the physical height of the various stacking regions as shown by the calcu-
lations performed in this work and by other investigations [95].After structural
optimization of the bare hcp and fcc surfaces, the hcp-terminated Au(111) re-
laxes outward by about 0.01 Å more than the fcc-terminated system. This
difference is therefore much smaller than that observed in the reconstructed
surface. In the following the relative height (called from now on ”expansion”)
of the outermost layer with respect to the second layer (which is kept at bulk-
like position) is then taken as a free parameter and trends in the change of the
surface properties with respect to this quantity are analyzed. In fig 3.18b the
band structure of the unexpanded hcp-terminated sample is compared with the
same system expanded by 0.05 Å. As shown in the picture, the differences are
negligible, meaning therefore that the expansion of the outermost layer affects
only in a minor way the electronic states of Au(111). The insensitivity of the
free-electron-like surface state at Γ with respect to the surface expansion has
been verified also for larger expansion values (up to 0.5 Å).

In the following the difference in the work function W , between different
models of the Au(111) surface, will be analyzed. The work function of a system
represents the minimum energy required to remove an electron from the crystal
and can be expressed as:

W = V (∞)− Ef (3.4)

Where V (∞) is the potential value in the far vacuum. When considering only
differences ∆W in the work function among different terminations of the same
bulk, the Fermi energy term cancels out and the only value to be computed
is the change in the potential in the far vacuum, after the level of the electro-
static potential in the bulk has been taken the same for the systems considered.
Alternatively, the vacuum levels can be aligned and ∆W is obtained by inspec-
tion of the differences of the electrostatic potential at the center of the slab
as shown in fig. 3.19. Work function differences reveal changes in the dipole
moments at the surface, which in turn can be related to the shifts of the surface
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Figure 3.18: (a), (b) Band structure comparison between unrelaxed hcp, unre-
laxed fcc and relaxed hcp. High symmetry directions of the surface Brillouin
zone are reported in the inset. (d) Comparison between the electron density of
the surface state at Γ (E=-0.5 eV) and (e) K (E=-2.6 eV, fcc / -2.3 eV, hcp).

potentials predicted in the models of ref. [94, 104]. In fig. 3.19 the compari-
son between a fcc-terminated, an hcp-terminated (expanded by 0.05 Å) and a
bridge-terminated (expanded by 0.15 Å) Au(111) are presented. The relative
height of the fcc, hcp and bridge regions reproduces the surface corrugation seen
experimentally in the reconstructed flat surface. The work function differences
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in the three cases is not negligible. Bridge regions are associated to the largest
work function, 45 ± 5 meV larger than that of the fcc, hcp regions follow, with
a work function larger by 25 ± 5 meV with respect to the fcc case. It is worth
to notice that the surface stacking does not play a major role in this case. Un-
expanded hcp-terminated surfaces show no significant differences in the work
function with respect to bulk terminated systems.

Figure 3.19: Difference of the electrostatic potentials, averaged in the direction
parallel to the surface, between unrelaxed hcp, unrelaxed fcc, relaxed hcp and
relaxed bridge position.

Interestingly the shifts of the work function of the non reconstructed sur-
faces match very well the surface potential differences predicted by the model
proposed in [94, 104]. In these works the surface potential shift was deduced
from a modulation of the system LDOS along the different stacking regions.
This modulation was attributed to localized surface states found in the hcp and
fcc regions at different energies. This surface state modulation could not be
found in our calculations of non reconstructed surface models. The reason for
this discrepancy must be searched in the reconstruction, which lets fcc and hcp
regions coexist in alternating finite domains, while the calculations presented
here cannot reproduce this fact as they relate to infinite hcp and fcc domains.

3.4 Conclusions

An atomistic characterization of Au(111) vicinals with {111}-like steps, based
on classical simulations, DFT simulations and experimental data, was presented.
The analysis showed that the V-shaped pattern of reconstruction observed on
vicinals like the Au(677) turns into the bulk structure in an abrupt way at the
LSEs: the reconstruction is predicted to reach exactly the bottom edge of the
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terraces, where the interaction between upper and lower edges of the steps at
the hcp regions leads to the formation of an unusual structure, i.e. a planar
arrangement of atoms that connects the upper and lower terraces of the gold
staircase. A calculation of the electric field along the step has shown that such
structure is related to a different reactivity towards polarizable molecules of
kinks, hcp regions and fcc regions along the steps. Finally, DFT simulations
predict the adsorption of benzene to be more stable on the fcc step than on the
hcp one by 80 meV, confirming the prediction of surface selectivity based on
the structural properties of the surface. The patterning of the surface potential
faraway from the step edges was also computed using reconstructed models of
stepped surfaces. STS spectra appears to be at least qualitatively in agreement
with experimental results. The electrostatic potential, computed on an isosur-
face of the charge density, displays a modulation which closely resembles to
that obtained by previous 2D models [94, 104], confirming that the electrons in
bridge and hcp regions experience a more attractive potentials than in fcc do-
mains. The modulation of the electrostatic potential appears to correlate with
the relative height of the different stacking regions.

Density functional theory calculations have been performed on the flat Au(111)
using different model surfaces. The dispersion of the surface states in the hcp
and fcc terminations appears very similar in the case of unrelaxed hcp, fcc and
bridge-terminated surfaces in agreement with previous results [42]. By using
the outermost layer vertical coordinate as a free parameter, it was shown that
the work function increases with the distance between the terminating layer and
second layer (expansion). If the hcp-terminated surface is expanded by 0.05 Å
with respect to the bulk termination, the work function difference with respect
to the fcc case is 25 ± 5 meV. For a bridge termination expanded by 0.15 Å, the
work function increase is 45 ± 5 meV. The values for the expansion have been
chosen according to the relative experimental relaxations of the different stack-
ing regions in the reconstructed surfaces, observed with STM and confirmed by
our DFT calculations. This confirms that the relative height of the different
stacking regions, rather than the stacking itself, determines the modulation of
the dipole layer at the surface, giving support to the conjecture that the po-
tential patterning is determined by the relative height of the different surface
domains. Similarly to the Smoluchowski effect at steps, regions displaying a
lower dipole barrier at the surface are expected to be preferential sites of ad-
sorptions for molecules, thus partly explaining the reason why fcc regions are
the first domains to be occupied during experiments of molecular adsorption
on the flat Au(111). However other reasons might also be determinant for the
site selectivity of the flat Au(111) surface. For example Wang et al. [95] have
related the larger adsorption energy of one sulfur atom onto the fcc regions to
the atomic density difference between the stacking domains. Considerations on
the position of the d-band center for the different surface atoms could also help
elucidate further reasons for the site-selectivity of the Au(111) surfaces.
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Chapter 4

Structure and site
selectivity of the low-index
PdGa surfaces

4.1 Introduction

Catalysis refers to the change in rate of a given chemical reaction between two or
more chemical substances, known as reactants. In order for catalysis to occur,
specific agents, the so called catalysts, have to be added to the environment
containing the reactants. The importance of catalytic processes is enormous
in nowadays industry as 90% of all commercially produced chemical products
involve catalysts at some stage in the process of their manufacture [8]. Solids
are among the most used catalysts, as they are able to influence the chemical
reactions via mechanisms which happen at the solid surface. A deep knowledge
of catalysts’ surfaces is therefore crucial for the thorough understanding of the
processes which determine the rate of the reaction and for the design of new
improved pathways. Thanks to the rapid improvement of experimental and
theoretical methods in the recent decades, progresses on the characterization
of the structure, the composition and the chemical reactivity of the catalysts
topmost layer have been achieved. A large number of experimental studies have
been carried out both with the use of ultra-high vacuum and high-pressure ki-
netic techniques aiming at the determination of the relationship between the
surface structure, the reaction rates and the chemical reactions involved. Reac-
tion rates refer to the ability of a material to promote chemical reactions, or,
in other words, to its reactivity. The ability of promoting selected chemical
reactions is instead a distinct quality of the catalyst considered, going under
the name of selectivity.

One very striking examples of the importance of the correct choice of the
catalyst in industry is represented by the process of polyethylene production.

Polyethylene is the most widely used plastic and its production has a huge
economical significance. The building block of this material, ethylene, is synthe-
sized by steam cracking , in a mixture containing approximately 1% of acetylene.
Acetylene, however, is a poison for the polymerization process and should be
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Figure 4.1: Schema showing the properties of the desired catalyst. In this
chapter it will be investigated how surfaces of PdGa can display the required
features.

removed. One very elegant way of removing this poison molecule, is to turn it to
ethylene using a catalyst-mediated chemical process. Simple metal, metal oxide
and alloy surfaces, such as Pd, Pd/Al2O3 and PdAg samples, have already been
used for this purpose. Pure palladium has proven to have a large reactivity but
a small selectivity, thereby inducing also undesired chemical reactions such as
the hydrogenation of ethylene into ethane.

A way to reduce the number of different reaction processes at the surface
is the use of compounds involving palladium and another metal, such as silver.
The mixing of the two atomic species reduces the number of active palladium
sites, because of the simultaneous presence of silver at the surface. One fasci-
nating conjecture [107, 108] is that, being the active site isolated in the surface,
the number of possible adsorption conformation is reduced, thereby leading to
a larger selectivity towards targeted chemical processes. However the use of
PdAg alloys still displays undesired features. First the distribution of the ele-
mental atoms is disordered, thus leading to isolated Pd sites only at very low
concentration of palladium. Secondly, segregation of silver at the surface is ob-
served, which degrades the theoretical separation by random distribution of the
Pd atoms in a metal alloy.

Intermetallic compounds of palladium and gallium are recently emerging as
a new class of catalysts for the polyethylene production. These new materials
present new interesting properties with respect to traditional alloys, based on Ag
and Pd. One example of these catalysts is given by Pd1Ga1 (which is shortened
as PdGa in what follows) whose bulk structure is shown in fig. 4.2. In PdGa
the transition metal and main groups element are covalently bonded and this
positively influences the stability of the surfaces, preventing disorder to occur.
Then, at the surfaces, regularly ordered palladium sites are well separated by
the presence of gallium, which act as a spacer element between the active Pd
sites, thereby improving the selectivity of the catalyst. Catalysis tests have
already shown that PdGa outperforms industrial catalysts such as Pd/Al2O3,
both in term of long-time selectivity and reactivity [107] (see fig. 4.3).

Recently single crystals of PdGa samples could be prepared by our collab-
orators [110]. The presence of single crystalline materials represents a great
advantage for the study of PdGa surfaces in a controlled way. In particular all
low index surface samples have been grown, providing excellent model systems
where the properties of these new materials can be understood on an atomistic
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Figure 4.2: Structure of the PdGa cubic cell with side length of 4.909 Å.
First nighbors are connected with a stick and ball representation. Pd-Ga first-
neighbor distances range from 2.543 to 2.712 Å. The Pd-Pd distance is 3.016 Å.
Values are experimental [107, 109]. Image taken from [107].

Figure 4.3: Catalytic data for the hydrogenation of acetylene to ethylene catal-
ysed by PdGa and Pd/Al2O3. While the supported Pd exhibits low selectivity
as well as strong deactivation with time on stream, PdGa possesses high and
stable selectivity. Taken from [107].

length scale. The ultimate goal of the ongoing work is the characterization of
the semihydrogenation processes converting acetylene to ethylene using a model
surface as a substrate catalyst. The precise description of this process could then
lead to suggestions for a knowledge-based design of new and improved catalysts.
Before any study of substrate-induced catalysis can be performed, it is crucial to
know the structure of the PdGa surface terminations, for the particular crystal
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preparation given.
Preliminary experimental STM and low energy electron diffraction (LEED)

studies (see fig. 4.4 for an example on the PdGa(111/111) ) have already pro-
vided a remarkable wealth of information regarding the surface structure: it
could be seen for example, for the three different low-index terminations of
PdGa, that step heights are unique and correspond to a repeating bulk unit,
while that the lateral surface periodicity is the same as the bulk one. This
demonstrates that only one bulk termination is observed on the surface. The
remaining task is then the identification of the terminating layer among the
possible bulk truncations in the different surface directions. Experimental STM
images alone are insufficient to discriminate between the different bulk termina-
tions, as they lack chemical sensitivity. Only an extended combined approach
between experimental and theoretical methods have turned out to be successful
in the surface structure determination, as shown in the next paragraphs.

4.2 Results on PdGa(111/111)

In the following surface energy calculations and STM simulations are reported
for the PdGa(111/111) sample. Comparisons with STM experiments and LEED
results determine unambiguously the surface termination for both directions.
Further electronic studies on the pure PdGa samples are performed in order to
characterize the surface reactivity and relate it to the position of the d-bands
of the material. A precise site selectivity of the PdGa(111/111) surfaces is
conjectured and confirmed by explicit adsorption simulation of a carbon oxide
(CO) molecule.

4.2.1 Surface energy calculations

The PdGa samples have been prepared by a first step of sputtering and a sub-
sequent step of annealing, characterized by an internal reorganization driven
by atomic diffusion on the sample surface. Pd and Ga species reorganize until
equilibrium is obtained and the surface free energy has ben minimized. The
calculation of the surface free energy Gsurf of the possible PdGa terminations
is therefore very appropriate to assess the stable surfaces of PdGa. The problem
can however become difficult for mainly two reasons. First, the number of candi-
date surface models can be very large, and it is a priori very difficult to exclude
some possible surface conformation in the screening of the crystal terminations.
Secondly, the surfaces are normally grown out of elemental atomic sources, their
relative abundance often determining the equilibrium shape of the crystal ter-
mination. The availability of elemental atoms is reflected in the value of the
chemical potential of the sources which depends on the experimental conditions
and might be problematic to estimate.

In our case the number of possible surface terminations is dramatically re-
duced thanks to the experimental observations described in the previous para-
graph. As we have seen, the surface is a simple bulk truncation. In the case
of PdGa(111/111) samples the unit cell is hexagonal1. The unit cell contains
three repetitive subunits composed of four layers parallel to the surface. These

1The lattice vector c parallel to the sixfold axis amounts, experimentally to 8.503 Å, the
surface lattice vector a to 6.942 Å.
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Figure 4.4: (a) Experimental LEED patterns. The surface cell basis set in
reciprocal space is depicted using red arrows. The periodicity is the same as
that of a bulk truncation. (b) 3D rendering of an experimental STM image
displaying steps at the surface. (c) Height profile along the red cut shown in
(b). Step heights have a constant value of 284 pm, which corresponds to a
repeating bulk unit (see. fig 4.5). Courtesy of Dr. Roland Widmer.

layers are named Pd1,Ga1,Pd3,Ga3 as they might contain one monomer or one
trimer of Pd or Ga in the unit cell. All subunits are related to each other by
simple translation and are energetically equivalent, i.e. the energy required to
embed one of these subunits in the bulk does not depend on the subunit cho-
sen. Their structure is shown in fig. 4.5 and fig. 4.6 .All surface terminations
appear very open, i.e. the distance between surface atoms is much larger than
the first-neighbor bulk distance (see fig. 4.2 ): it amounts to 6.942 Å between
Ga1 or Pd1 surface units, 4.127 Å between Ga3 and 4.440 Å between Pd3.
(experimental values see ([107, 109])). One consequence of this fact is that the
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interaction between the different trimers (Pd3,Ga3) and monomers (Pd1,Ga1)
at the surface is negligible.

The stacking of the terminating layer depends on the surface orientation,

Figure 4.5: Lateral view of the PdGa(111/111) crystal, indicating the different
PdGa layers, the primitive and the hexagonal bulk unit cell.

i.e (111) or (111). Correspondingly, the surface energy G
S±
surf associated with

a terminating layer S ∈ { Pd1,Ga1,Pd3,Ga3} depends on whether S is the
terminating layer of the (111) (S+) or the (111) (S−) surface. The surface energy
of each termination can only be computed in the grand-canonical ensemble, as its
value depend on both the interatomic interactions within the crystal and on the
chemical potentials, µPd and µGa, of the Pd, Ga sources. The chemical potential
of Pd and Ga atoms depends in turn on the experimental conditions, such as
pressure and temperature, and its exact value is normally unknown. However,
even without a detailed knowledge of the chemical potential, the range of allowed
µPd and µGa can be determined using thermodynamical considerations [36].
First, the upper limit of the chemical potential of Pd and Ga is given by the
respective bulk phases, therefore µPd ≤ µPd(bulk) and µGa ≤ µGa(bulk). Secondly
the equilibrium between the surface and the bulk implies that

4µGa + 4µPd = µPdGa(bulk) = 4µGa(bulk) + 4µPd(bulk) + ∆Hf (4.1)

The factor of 4 is given by the structure of the primitive bulk unit cell of PdGa,
which is cubic and contains four Pd and four Ga atoms. ∆Hf represents the
enthalpy of formation of one unit cell of PdGa, i.e. the gain in energy of the
system upon alloying, with respect to the elemental bulk state:

∆Hf = µPdGa(bulk) − 4µGa(bulk) − 4µPd(bulk) (4.2)

The relationships found lead to the definition of a precise range of allowed
chemical potentials:

µGa(bulk) + ∆Hf/4 ≤ µGa ≤ µGa(bulk) (4.3)

µPd(bulk) + ∆Hf/4 ≤ µPd ≤ µPd(bulk) (4.4)
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Figure 4.6: Top view of the 4 possible PdGa bulk terminations in the (/111),
top panel, and (111), bottom panel, orientations. The color coding is described
in fig.4.5

We computed the total energy of all the bulk terminated PdGa surfaces and the
cohesive energy of bulk Pd,Ga and PdGa, µGa(bulk), µPd(bulk) and µPdGa(bulk),
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Figure 4.7: Gibbs surface energy profiles for the (111) and (111) directions,
computed for the different surface terminations. The origin of the energy is
chosen as µGa(bulk) + ∆Hf/4. Vertical lines refer to the actual value of the
surface chemical potential estimated for this PdGa preparation (see text).

by means of density functional theory (DFT) calculations2. We found µGa(bulk) =
−2.78eV and µPd(bulk) = −3.69eV , in very good agreement with previous re-
sults [113, 114, 115, 7], and ∆Hf = −5.48eV per unit cell.

In our study we evaluated the energetics of PdGa surfaces using periodic
slab calculations which necessarily include two surfaces, S+ and S− ,in the

system simulated. The total energy, E
S+,S−
slab , obtained by the DFT structural

optimizations can be approximately related to the Gibbs energy of the surfaces

G
S+

surf and G
S−
surf by the relationship:

E
S+,S−
slab ≈ GS+

surf (µGa) +G
S−
surf (µGa)− nPdµPd − nGaµGa (4.5)

where nPd and nGa represent the number of Pd and Ga atoms in the slab. The
dependency of Gsurf on µPd has been dropped, since µGa and µPd are related
by the relationship (4.1). Equation (4.5) holds only in approximate form as
the free energy of the slab should be used instead of the DFT total energy.
However, on a wide range of experimental conditions, this approximation is
appropriate [116], especially when considering free energy differences between
similar systems. The calculation of the total energy of slabs with different sur-

2PdGa surface stability was calculated in the framework of periodic slab simulations. For
all the slab considered, the unit cell is primitive along the surface plane. In the direction
perpendicular to the surface 20 Å of vacuum have been added in order to decouple the two
surfaces of the slab. We prepared two stoichiometric slabs of 24 layers (two bulk units) and 36
layers (three bulk units), respectively, both terminated Ga3(111) and Pd3 (111). By adding
layers on the Ga3(111)/Pd3 (111)) slab (24 layers), according to the stacking sequence, we
obtained the X(111)/Pd (111), Ga3(111)/X (111) slabs, X being any of the 4 bulk terminations
{ Ga1, Ga3, Pd1, Pd3 }. Calculations on bulk Pd, bulk Ga (α phase) and bulk PdGa have
been performed using the primitive bulk unit cells of the two systems. In the case of PdGa
the bulk energy was also computed by subtraction of the energy of the three bulk units with
the two bulk units slab [111, 112], showing consistency. The cohesive energy of bulk Pd and
Ga has been computed has the energy difference between a bulk atom and an isolated atom.
For all the systems considered calculations were performed using the PWSCF package. The
structural optimization has been performed until the largest forces on the atoms were as small
as 5E-4 Ry/Å . We used PBE exchange-correlation functional, ultrasoft pseudopotentials for
all elements and a plane wave cutoff of 30 Ryd. K-points sampling was performed using a
3×3×1 Monkhorst pack grid for the PdGa slabs and a 4×4×4 grid for the bulks of Pd and
Ga.
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face terminations allows to compute profiles of Gibbs surface energy differences,
via equation (4.5), by choosing one reference termination for each of the two
different surface orientations3.

The profiles are shown in fig. 4.7, where the reference terminations are
the Ga(111) and Pd3 (111) for the two orientations, respectively. The stability
range for the Pd3(111) and Pd1 (111) terminations are the widest in each graph,
amounting to a ∆µGa of 0.8 eV and 1 eV in the two cases, respectively. Therefore
these two surfaces are expected to be the most frequent in PdGa(111) samples,
Ga terminations being favored only if the samples are prepared in a very rich
Ga environment.

We propose a novel way to compute the value of µPd and µGa and assume a
model where the dynamics of surface formation are determined by attachment
and detachment of atoms at kink sites of the PdGa crystal. This particular

Figure 4.8: Pictorial representation of the equilibrium condition of the kink sites
with the external sources of Pd,Ga atoms. Trimer of Pd3 and Ga3 surfaces, and
monomer of Pd1, Ga1 surfaces are continuously exchanged at the equilibrium,
so that the rate of kink formation and source depletion (or viceversa) is zero.

kind of crystal growth is justified for a large number of cases as discussed in
ref. [117, 118, 119]. Because the particular sample preparation, the sources
of Pd and Ga are localized within the sample. They correspond to unknown
reservoir of elemental species which are at the equilibrium with the kink sites
of the crystal (fig. 4.8). Here by kink unit we mean a whole trimer for the
Pd3 and Ga3 surfaces and a monomer for the Pd1, Ga1 ones. The condition of

3The reason why only surface energy differences can be computed, in this case, is that
the same terminating layer is associated with different surface energies in the (111) or 111
direction. This limitation is removed for the (110) and (100) termination, where, as it will be
shown, the absolute surface energies can be computed for each termination as a function of
the chemical potentials.

91



LOW MILLER INDEX SURFACES OF PDGA

equilibrium now quantifies as:

4µGa + µkinkGa1 + µkinkGa3 = 0 (4.6)

4µPd + µkinkPd1 + µkinkPd3 = 0

where µkinkGa1 , µkinkPd1 , µkinkGa3 and µkinkPd3 are the energy gain/loss upon addi-
tion/removal of a Ga1, Pd1 kink atom (monomer) Ga3, Pd3 kink atoms (trimer)
at the surface. In simple crystals the kink energy has the special property of
being equal to the cohesive energy. In the PdGa sample kink energies are related
to the bulk energy by the relationship:

µkinkGa1 + µkinkGa3 + µkinkPd1 + µkinkPd3 = µPdGa(bulk) (4.7)

as the bulk crystal can be disrupted by removal of kink units alone. The relation-
ships (4.6) and (4.7) holds separately for both the (111) and (111) orientations.
The use of both eq. (4.6) and (4.7) allows to recover the equilibrium condition
(4.1) and therefore relates our choice of the surface chemical potentials to a spe-
cific point in the Gibbs surface energy diagram of PdGa. Explicit calculation
yields a value of µGa(111) = 0.80 eV and µGa(111) = 0.47 eV (the origin of the
energies being chosen at µGa(bulk) + ∆Hf/4), which are indicated in the Gibbs
energy profile (fig. 4.7) as vertical lines. The values of the chemical potentials
confirm that the Pd3(111) and Pd1(111) terminations represent the equilibrium
surfaces of of our sample4.

4.2.2 Surface determination by vacancy height computa-
tions

STM images of flat surfaces are in our case insufficient to determine the out-
ermost layer. The reason for that is the structural similarity of the different
layers in PdGa(111/(111)), as shown in fig. 4.6. Because of the lack of chemical
sensitivity, STM would not be able to distinguish for example a Ga3-terminated
sample from a Pd3-terminated one. More termination specific information can
be obtained from STM images5 of surface vacancies (see fig. 4.9), which could
be induced experimentally. via increased annealing time and temperature. The
vacancy height bear considerable information on the surface termination as its
value is dependent on the distance and the difference in chemical composition
between the two outermost layers. By simulating STM vacancy profiles for all
bulk terminations, it is possible to deduce the surface layer by comparison of the
calculated vacancy height with the experimental value. The STM simulations
were obtained using the Tersoff-Hamann (TH) model and DFT relaxed surface
structures6 displaying patterns of 2x2 vacancies with monoatomic step height.
The comparison of experimental and theoretical results is particularly robust
against wrong estimations of isocurrent or tip radius values in modeling, as the

4Because of the very open structure of PdGa(111/111) terminations, Pd and Ga units lack
lateral interaction at the surface. Therefore the energy of a surface unit does not depend on
the position in the sample: adatom, kink, step, and surface sites are energetically equivalent.
The energy of kink units has been therefore computed as the energy difference between slabs
with a contiguous number of layers, in the two orientations.

5In order to approach the identification of the terminating layer, high-resolution STM at
low temperatures (77 K) was performed in UHV on freshly prepared single crystal surfaces

6Electronic structure calculations were performed in the framework of density functional
theory (DFT) using the mixed plane wave-Gaussian (GPW) basis set approach implemented in
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Figure 4.9: Experimental STM images (a) and simulation of STM image given
by the Pd3(111) and Pd1(111) terminations (b). Below the explicit line profiles
shown in the 2D image are reported for the Pd3(111) (c) and Pd1(111) (d)
case . The theoretical heights of surface vacancies for all bulk terminations
are given in pm, showing that the best match is clearly given by the Pd3(111)
and Pd1(111) terminations. (*)The values for the Pd1(111) are not defined
since the subsurface Ga layer relaxes outward and becomes the top layer in the
DFT-optimized structure. Experiments performed by Dr. Jan Prinz.

STM height of vacancies is rather stable against changes of the isocurrent value
or tip shape. The table in fig. 4.9 presents theoretical vacancy heights for the
different terminations taken from maps of the integrated local density of states
with values of 10−7 and 10−11e/Å3. Under the assumption of a point like tip,
these two values correspond to a condition of small and large tip-sample separa-
tion, in average d1 = 4.5 Å and d2 = 9 Å respectively. Variations of the vacancy
heights between these two limits can thus be considered as the maximum er-
ror committed in the STM simulation and hence in the determination of the
vacancy height values. All over the range considered the results show that the
best agreement with experiment is found for simulated Pd3(111) and Pd1(111)
profiles. This nicely agree with the trimeric (111) and single atom (111) termi-
nations suggested by experimental high resolution STM (see fig. 4.10).

CP2K [12]. Kohn-Sham equations were solved using the PBE exchange correlation functional,
Goedecker-Teter-Hutter (GTH) pseudopotentials and contracted Gaussian basis sets [67] for
all elements. The Poisson equation was solved by expanding the charge density in plane
waves using a cutoff of 280 Rydberg. The surface unit cell of each PdGa slab is rectangular,
corresponding to 3×(2×

√
3) the primitive hexagonal surface unit cell. After the electronic

optimization was carried out, the individual states have been analytically extrapolated into
the vacuum region using the matching procedure described in [50, 51, 52].
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Figure 4.10: Experimental images (color) with atomistic resolution shows a
timeric form for the (111) termination (a) and a monomeric form for the
(111) termination (b). Simulated STM images (grayscale) of the Pd3(111) and
Pd1(111) flat surfaces are superimposed. Experiments performed by Dr. Jan
Prinz.

4.2.3 LEED simulations

In this section simulations of LEED patterns, which have been performed in
the context of this research, are introduced. The simulations have not been
performed by the author of this PhD dissertation, but the outcome deserves
however to be illustrated here, as they confirm the results obtained with the
methods described previously.

Low energy electrons only probe the outermost 1-2 nm of a solid, thereby
being very sensitive to structural details of the outermost layers. The laterally
probed area is in the range of several µm2, giving a spatial average, in contrast
to STM where this area is typically in the range of the nm2. In the experiment,
a mono energetic beam of electrons is elastically backscattered from a surface,
creating a 2D interference pattern on a fluorescent screen. Positions of Bragg
spots on the spherical screen are directly related to the reciprocal lattice of the
2Dl surface unit cell, which in our case confirmed the absence of a surface recon-
struction on the PdGa single crystals. Additionally to the 2D information, the
out-of-plane atomic arrangement is probed, since the incident electrons pen-
etrate a short length into the sample and are coherently backscattered from
deeper layers. This additional Laue condition leads to variations in the Bragg
spot intensities, I, with changing incident electron beam energy, V . By record-
ing the intensities of the Bragg spots as a function of energy, the experimental
I(V ) profiles are obtained. To extract the structural information, this data is
compared with simulated profiles of previously defined model structures. The
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relation to experiment of each model structure is expressed by an agreement
factor Rp (Pendry R-factor)[120]. A value of Rp = 0 would result from a perfect
correlation of experiment and theory, whereas Rp = 1 means uncorrelated pro-
files. If Rp < 0.3, the agreement is considered to be acceptable. This method,
called LEED-I(V ), was applied here to determine the terminating layer of the
PdGa(111/111) surfaces. The comparison with theory was performed for DFT
relaxed model structures of all possible bulk terminations, taking into account
all bulk truncations. The SATLEED program used for the simulation of the
profiles [121] from these model structures allows for a structure optimization by
shifting the atoms from their initial positions, leading to a change in the I(V )
profile that minimizes Rp. The agreement factors from the comparisons to the
relevant model structures are presented in fig. 4.11, through bar charts. All
other model structures, as shown in fig. 4.11, lead to unsatisfying agreements.
The best fits with experiments were obtained for the structure models Pd3(111)
and Pd1(111) for the respective samples. In contrast to the latter, the first
termination is an open structure with a weaker relative scattering cross section
for electrons than the much denser Pd3 structure. This is represented in the
reduced Rp for Ga3(111) and Ga1(111) structures that differ minorly from the
best-fit structure Pd1(111). The experimental and theoretical profile lines for
two selected spots are shown for each of the identified structures in the bottom
graphs of fig. 4.11, representing the best and worst single spot profile agreement
for the identified structures. For both best fitting models, the Pd3(111) and the
Pd1(111), the structure optimization leads to Rp = 0.22.

Figure 4.11: The bar chart shows the resulting Rp factors from the comparison
of LEED-I(V ) experimental data to simulated I(V ) profiles of the relevant
model structures. The best values are marked in green. Bottom: Experimental
(dashed) and theoretical I(V) profiles (drawn, blue) for two representative spot
profiles (best and worst agreement). To the right of each profile, the individual
Rp is given. The overall Rp are 0.22 for both surfaces. Courtesy of Dr. Jan
Prinz.

95



LOW MILLER INDEX SURFACES OF PDGA

4.2.4 Considerations on the surface reactivity and site se-
lectivity

In the previous paragraph the terminations of the PdGa(111/111) have been
determined. The task is now to characterize the reactivity and selectivity of
these surfaces. There are different theories which relate the electronic properties
of a transition-metal-based compound to its reactivity. One concept which has
been successfully related to the reactivity of a surface is the position of the
metals d-bands with respect to the Fermi level. There is a remarkable trend
between the center of the d-bands of the metals and the reactivity: for instance,
as shown in ref. [122] the gain in energy upon oxygen adsorption on transition
metal surfaces increases linearly with respect to the position of the d-band center
relative to the Fermi level. Such dependency has been first introduced through
the News-Anderson model [123], and later confirmed by DFT-calculations. The
reason for this dependency has to be searched in the hybridization of the metal d-
electron with the bonding and anti-bonding states of the adsorbate. In most real
cases the anti-bonding states are broadened into wide bands after hybridization,
these bands being often filled up to a given degree. A large degree of filling of
the bands derived by anti-bonding states increases the adsorption energy of the
adsorbates. On the contrary, if the degree of filling is small, the adsorption is
favored. If the d-bands of the metal are closer to Fermi, the position of the
hybridized anti-bonding band is also shifted up in energy, thereby reducing the
degree of filling and increasing the affinity to adsorption.

The surface structures of PdGa(111/111) are very open, as described in the
previous section. In this case it could be questionable, whether the adsorbates
will be sensitive only to the outermost layer structure or whether they could
interact also with buried layers, in particular with the first (subsurface) layer.
It appears therefore interesting to compare the density of states (DOS) of the
d-bands associated to the different atomic layers, i.e. the density of states
projected (PDOS) on the d-orbitals of the atoms in the layers. The PDOS of
the outermost and the subsurface Pd atoms has been computed and the results
are shown in fig. 4.12. The center of the d-bands have been computed as the first
moment of the DOS distribution. The filling factor fd is instead computed as
the integral of the DOS over the relevant energy range (in this case from Ef -4 eV
to Ef ) and represents the number of electrons which are contained in the band.
In the case of the Pd3(111) termination, the shift of the center of the d-bands
with respect to the subsurface value is quite large, amounting to 0.2 eV. This
difference is instead less evident in the case of the Pd1(111) termination. Here
however another feature of the bands becomes relevant: the overall projection of
the DOS over the d-orbitals of the terminating layer (fd=9.65) is considerably
larger than the projection on subsurface d-orbitals (fd=9.52). This means that
the atomic d-orbitals are much less hybridized at the surface layer than at
the subsurface one. Below the surface d-orbitals hybridize to form interatomic
bonds, while on the contrary at the surface the number of neighbors is reduced
thereby decreasing the amount of hybridization.

The number of missing first neighbor with respect to the bulk atoms, ∆n,
can be quantified exactly for the atoms in the top layers of the sample and
is reported in the table 4.2 for the first four layers. As it can be expected ∆n
decrease rapidly with the height of the layer considered and vanishes completely
at the fourth layer. In a chemical picture, ∆n is strongly related to the number
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Figure 4.12: PDOS computed for the d-bands of the (111) (a) and (111) (b)
orientation. The PDOS on the surface atom, its bulk counterpart and the
subsurface atom is shown for both orientations.

of dangling bonds of an atom and therefore to its chemical reactivity. As a
consequence, a precise site selectivity of adsorption is predicted at the surface,
where the atoms of the terminating layer tend to complete the unfilled bonds
by coordinating to the incoming species.

The site selectivity has been explicitly assessed by adsorption simulation of
a CO test molecule7 on several sites of the Pd1(111) and Pd3(111) surfaces (see

7Electronic structure calculations were performed in the framework of density functional
theory (DFT) using the mixed plane wave-Gaussian (GPW) basis set approach implemented in
CP2K [12]. Kohn-Sham equations were solved using the PBE exchange correlation functional,
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—— fd e/atom E − Ef (eV)
bulk Pd3 9.35 -2.84
bulk Pd1 9.36 -2.87
surf Pd3 (111) 9.57 -2.36
surf Pd1 (111) 9.65 -2.54
subsurf Pd3 (111) 9.50 -2.55
subsurf Pd1 (111) 9.52 -2.58

Table 4.1: Table showing the degree of filling fd and center E − Ef of the d-
band relative to atoms (complete filling correspond to 10, i.e. the number of
d-electrons in Pd) of bulk Pd1,Pd3, surface Pd3(111) and Pd1(111), subsurface
Pd3(111) (corresponding to the Pd1 layer below the Pd3 terminating layer) and
subsurface Pd1(111) (corresponding to the Pd3 layer below the Pd1 terminating
layer).

Figure 4.13: (a) Top view of the Pd1(111)) and Pd3(111) surfaces. The name of
the assessed adsorption sites is shown, together with the computed adsorption
energies reported in the table.

fig.4.13). The CO axis was taken, in the initial configuration, perpendicular to
the surface with the carbon atom closest to the PdGa termination. The results

Goedecker-Teter-Hutter (GTH) pseudopotentials and contracted Gaussian basis sets [67] for
all elements. The Poisson equation was solved by expanding the charge density in plane
waves using a cutoff of 400 Rydberg. The surface unit cell of each PdGa slab is rectangular,
corresponding to 3×(2×

√
3) the primitive hexagonal surface unit cell.
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(111) ∆n (111) ∆n
surface layer Pd3 5 Pd1 7
1st layer Ga3 3 Ga3 4
2nd layer Pd1 1 Pd3 2
3rd layer Ga1 0 Ga1 0

Table 4.2: The table shows the difference in the number of first-neighbor be-
tween an atom of the first four layer at the surface and the bulk atoms, for the
PdGa(111/111) .

show a clear adsorption site-selectivity of the Pd1(111)) and Pd3(111) surfaces,
since CO adsorbs preferentially by coordinating to Pd atoms. The best site for
Pd1(111)) is the top position of a Pd surface atom and for Pd3(111) it is the
center of a Pd trimer, with top and bridge positions within the trimer following
closely. Interestingly CO shows a much smaller affinity for Ga sites in both
Pd1(111)) and Pd3(111) surfaces. This result confirms that the PdGa surfaces
represent a substrate offering a reduced number of adsorption conformation for
carbon-based molecules. The relevance of the site-selective molecular adsorp-
tion for the selectivity of the surface with respect to chemical reactions will be
investigated in further studies.

4.3 Results on PdGa(100/100) and PdGa(110/110)

4.3.1 Surface energy calculations

In the following the Gibbs energy profiles are reported for the (110/110) and
(100/100) terminations of PdGa. These samples are now being studied experi-
mentally by LEED and STM techniques and a comparison between the different
methods is on the way. One of the main differences with respect to the (111)
terminations is the layer stacking in the two orientations of the surfaces. In
the case of the (111/111) terminations the crystal lacked the 180◦ rotational
symmetry with respect to the surface directions, making the (111) and (111)
terminations energetically inequivalent even in the case of the same terminating
layer. On the contrary this symmetry is present for the (110/110) and (100/100)
samples, making the (110) and the (100) terminations energetically equivalent
to, respectively, the (110) the (100) surfaces.

The main consequence of this fact appears in the eq. (4.5), whereG
S+

surf (µGa)

becomes equal to G
S−
surf (µGa) making computations of absolute energies possi-

ble within the slab calculation method employed here. In order to explicitly
perform calculations, slabs with equivalent surfaces (S+, S−) have to be chosen.
By inspection the (110/110) and (100/100) samples, whose stacking is reported
in fig. (4.14,4.15,4.18,4.17), we notice that the slabs with the required symme-
try are those having one of the following couple of terminations: (Pdα,Pdβ),
(Pdβ ,Pdα), (Gaα,Gaβ), (Gaβ ,Gaα), (PdGa,GaPd), (GaPd,PdGa), for a slab
terminating (110/110) or (110/110) and (Pdα,Pdβ), (Pdβ ,Pdα), (Gaα,Gaβ),
(Gaβ ,Gaα) for a slab terminating (100/100) or (100/100). In fig. 4.19 the sur-
face energies are reported for the (110) and (100) directions. The profiles for
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the opposite directions can be obtained by substitution of the equivalent (110)
and (100) terminations.

Figure 4.14: Lateral view of the PdGa(110/110) sample, indicating the different
PdGa layers, the primitive and the orthorombic bulk unit cell.

Figure 4.15: Lateral view of the PdGa(110/100) sample, indicating the different
PdGa layers and the primitive bulk unit cell.

In the case of the (100) sample the chemical potential has been estimated
from the calculation of the kink energies, similarly to what done for PdGa(111/111).
The explicit equations read:

2µGa + µkinkGaα + µkinkGa2β
= 0 (4.8)

2µPd + µkinkPd1α + µkinkPd2β
= 0

The explicit calculation gives µGa = 0.47eV and suggests that Pd1(100) is the
most stable bulk termination.

In the case of the (110) surface, the chemical potential cannot be easily
estimated as in the case of the (100), (111/111) samples. This is due to the
presence of mixed layers of Pd and Ga (PdGa1,PdGa2), coupling the equations
for the chemical potentials. Here we therefore determine only the set of the
possible bulk terminations over the range of the chemical potentials. As shown
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Figure 4.16: Top view of the PdGa bulk terminations in the (110) orientations.
The first three top layers are included. The color coding is described in fig.4.14.

in fig. 4.19, the allowed surface terminations are Pd2, Ga1 and PdGa1. A
precise determination of the surface layer can be however obtained via surface
vacancy height and LEED pattern simulations as proposed for PdGa(111/111).

4.4 Conclusions

In this work we have determined the surface terminations of the PdGa low index
surfaces by use of a combined approach of experiments and simulations. As a
first step we selected a number of possible surface terminations after the analysis
of LEED and STM experiments, which revealed that the surface is a truncation
of the bulk. However because of the complicated structure of the crystal, several
bulk terminations were possible. The surface energy has been computed for
the various possible bulk truncation in each of the low index directions. As
it is common for surfaces of multicomponents systems, the surface energy is
dependent on the chemical potentials of the elemental sources of atoms. As a
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Figure 4.17: Top view of the PdGa bulk terminations in the (100) orientations.
The first three top layers are included. The color coding is described in fig.4.15.

result the lowest energy bulk termination depends on the value of the chemical
potentials. In order to estimate the chemical potentials, a model of the PdGa
crystal has been assumed: at the equilibrium the sources of elemental atoms
are at the equilibrium with kink sites of the crystal. This model is inspired by
the knowledge that in many cases kinks are the locations where crystal growth
and erosion mostly take place, by attachment and detachment of atomic units.
This allows a precise determination, within the model used, of the value of
the chemical potentials. The most stable structures have been compared with
those obtained by LEED pattern simulations, resulting in an excellent agreement
between the methods. In the case of the PdGa(111/111) orientations surface
vacancy patterns imaged by experimental and simulated STM have been used to
further confirm the terminations of the system. The comparison of experimental
images with the simulated images of all bulk truncation, undoubtedly reveals
the termination for both (111) and (111) surface orientations.

In the case of the (111) orientation, the knowledge of the surface structure
has been used to perform simulations of CO adsorption. The site selectivity
of the surface is remarkable, and CO molecules most favorably coordinate with
Pd sites on the stable PdGa surfaces. This results is a very promising starting
point for the characterization of the adsorption geometries and energies of other
molecules such as acetylene and ethylene, in view of a comprehensive description
of the process of catalysis on PdGa surfaces. To this aim, a more detailed
investigation on the reasons for the site selectivity of the PdGa surfaces is on
the way.
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Figure 4.18: Top view of the PdGa bulk terminations in the (110) orientations.
The first three top layers are included. The color coding is described in fig.4.14.
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Figure 4.19: Gibbs surface energy profiles for the (110) and (100) directions,
computed for the different surface terminations. The origin of the energy is
chosen as µGa(bulk) − ∆Hf/4. Vertical lines refer to the actual value of the
surface chemical potential estimated for this PdGa preparation (see text).
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Chapter 5

Determination of the local
arrangement of transition
metal atoms in o-Al4(Cr,Fe)

5.1 Introduction

The discovery of quasicrystals (QCs) has been a major breakthrough in materi-
als science since it has introduced a completely new class of materials, displaying
long range order and sharp diffraction peaks, but lacking the translational pe-
riodicity typical of crystalline ordered structures. QCs have attracted a huge
interest in terms of fundamental research, which has culminated in the Nobel
prize in chemistry 2011 to the discoverer D. Schechtman. Similar to QCs, crys-
talline compounds formed by more than one atomic species might give rise to
extremely complex structure, formed by giant unit cells with hundreds of atoms
and structural/chemical disorder, which is identified by the presence of partially
occupied and split atomic positions, the latter case referring to the possibility
that the same site could be alternatively occupied by more than one atomic
species. This is the case of the QCs approximants, which are found in a com-
positional range similar to that of QCs, show a closely related local order, but
display a finite, albeit very large, unit cell. Their study is therefore made easier,
at least in comparison with QCs, by the fact that traditional crystallography ap-
plies. This is for example an advantage when performing simulation studies, as
these can be based on the common schemes employed by solid state calculations
as those described in chapter 1. Because of their extremely complex structure
approximants of QCs are also known as complex metallic alloys (CMAs)

CMAs are very interesting materials not just for their unusual atomic or-
dering, but also for their use for future technological applications [127]. They
display very interesting surface properties, such as low adhesion, low friction
coefficient, and an excellent mechanical resistance to scratch, which make them
suitable for use as a coating materials (see ref. [128] for examples in the cook-
ware industry). Some CMAs display also a very strong resistance to corrosion.
Recent studies from experimentalists of our laboratories [129, 130] have demon-
strated the very high corrosion resistance of Al-based Al-Cr-Fe CMAs, which
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Figure 5.1: (a) Isothermal section of the AlCrFe system at 1000 oC accord-
ing to EPMA (microprobe) and X-ray results. Only the the Al-rich corner of
the system is shown. Corresponding initial melt compositions (black dots) and
resulting crystal compositions (gray dots) according to [124] are connected by
tie-lines (dotted). (b) Representation of the unit cell of the system.(c), (d)
The [100] projection of the PFP’ layers of the structure of Al4 (Cr, Fe): full-
circles, Cr/Fe atoms; open circles, Al atoms. Atoms in the flat layer F are
connected, whereas atoms in the puckered layers P and P’ across the mirror F
(superimposed) are not. (c) The triangular (shaded) and hexagonal (bold lines)
structural motifs; (d) icosahedra (shaded) and the icosahedral clusters I3V, I3P,
I6F and I6P. (e) The [010] projection shows the PFP’ pfp’ six layers and the
icosahedra centered at TM7 and TM10 binding together the PFP’ and pfp’ layer
blocks. (a) Image and caption taken from [125, 124], (c,d,e) Image and caption
taken from [126].

turned out to be stable even at extreme pH conditions (0-14), to be compared
to a much smaller range of stability for pure Al (4-8). The great stability of
these materials in very aggressive solution is due to the formation of a passiva-

106



INTRODUCTION

tion oxide layer, whose composition and structure is now under investigation by
means of surface sensitive techniques.

A first step towards a better comprehension of the processes of oxidation
at the material surface is the characterization of the oxygen adsorption, in a
controlled manner, i.e UHV, thus determining the early stage of the oxide for-
mation. Computational studies can be a very powerful tool to elucidate the
mechanisms of adsorption, but require first a detailed knowledge of the bulk
structure, from which an atomistic surface model can then be proposed. In this
chapter the focus will be addressed to a particular phase of the Al-Cr-Fe CMAs,
namely the orthorhombic-phase Al4(Cr,Fe), of which large single crystals grain
have been successfully grown by some of our colleagues [124].

The bulk structure of o- Al4(Cr,Fe) has been already studied using X-rays
diffraction (XRD) [126] (fig. 5.1). The unit cell is orthorhombic belonging to
the Immm space group. The unit cell vectors in the XRD refinement model are:
a=12.500(6) Å b= 12.617(2)Å and c=30.651(8) Å. The average number of atoms
per unit cell found is 306. The atomic arrangement of the atoms in the bulk cell
displays a peculiar layering along the a direction, similarly to what found in the
quasicrystalline decagonal phases of Al-Cr and Al-Mn compounds. The layering
assumes a PFP pfp structure the PFP’ and the pfp’ blocks being related to each
other by a mirror symmetry operation. Transition metal (TM) atoms (except
for TM11) are icosahedrally coordinated as well as 5 Al atoms. Icosahedra
often interpenetrate (I3P clusters), share faces (I3F) or vertexes (I3V). In many
cases only a pseudo-icosahedral coordination can be observed, as a consequence
of the large number of vacancies present in the bulk unit cell. The presence of
vacancies is evident in the refined model obtained by diffraction methods, which
is characterized by a great amount of atomic positions with partial occupancies.
Moreover the XRD measurements are unable to distinguish Cr and Fe positions,
as the number of electrons of the two elements is very close.

More recently [131] large single crystals of Al4(Cr,Fe) have been studied by
neutron diffraction methods with the aim to refine the structure obtained by
the X-rays analysis. Neutrons interact with the nuclei of the specimen atoms
and the scattering lengths differ significantly in the case of Cr and Fe. Thanks
to this fact, the neutron diffraction characterization has been able to solve the
positions of individual Cr and Fe sites thereby greatly improving the knowledge
on the o-Al4(Cr,Fe) bulk structure. However, the considerable complexity of
the structure calls for care in the interpretation of the experimental results
and this is reflected by the model refinement performed after the neutron and
XRD experiments, which do not appear to agree completely on the occupation
number of several atomic sites. The details of the structural models obtained
after the X-rays and neutron diffraction studies are reported in fig. 5.2 and 5.3.
As it can be noticed several differences are present. The XRD model predict
a Al5/TM and Al15/TM split positions, an ambiguity which is removed by the
neutron diffraction model which assigns full Al occupation to these sites. The
situation is even more complex for the positions occupied by TM only. The
neutron diffraction model predicts an occupancy for TM3, TM5, TM6, TM7
and TM10 of respectively 0.402, 0.442, 0.99, 0.437, 1.028 , which are predicted
to be 1, 1, 0.70, 1, 1, respectively, by the XRD model. Moreover, the neutron
diffraction model predicts a new position, Fe24, which was absent in the X-rays
structural refinement. The main conclusion is that, although the two models
agree on the positions of the crystal sites (except for Fe24), the occupancy of
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Figure 5.2: Crystal positions of the atoms in the o-Al4(Cr,Fe) phase unit cell,
according to structural refinement based on X-rays diffraction data. The atomic
displacement parameter (ADP) and occupancy (sof) are also reported. Taken
from [131].

the different positions disagree considerably in many cases.

Given the extreme complexity, arising from the structural disorder in the
unit cell, it turns out very difficult to perform a PBC calculation using DFT
or even semiempirical methods. Even considering to rely completely on one
single model, the number of possible atomic arrangements compatible with the
average structure of the crystals is prohibitively large. In order to quantify the
difficulties linked to the choice of a candidate DFT structure based on diffrac-
tion results, one can consider the following simplification and arbitrarily replace
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Figure 5.3: Crystal positions of the atoms in the o-Al4(Cr,Fe) phase unit cell,
according to structural refinement based on neutrons diffraction data. The
atomic displacement parameter (ADP) and occupancy (sof) are also reported.
Taken from [131].

the value 0.5 to the occupancy of all sites having the otherwise fitted values
between 0.4 and 0.6. By taking the case of the neutron diffraction model, we
then have half occupation for Fe3(8), Fe5(8), Fe7(8), Fe24(8), Al20(16), Al21(8),
Al22(16), Al23(16), Al24(8), Al26(4), Al27(8) where the number between paren-
theses identify the actual number of sites generated in the unit cell after the
symmetry operations are performed. Now a combinatorial analysis tells that,
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in our simplified picture, there are 7×
(

4
8

)
× 3×

(
16
8

)
×
(

4
2

)
=113513400 possible

ways to distribute the vacancies in the unit cell. Many of these configurations
have to be ruled out because of too short first-neighbor distances in the unit cell,
thus reducing the total number of candidate structures. However, the picture
proposed assumes that the average structure can be obtained within one single
unit cell, while this is not necessarily the case, as this can be obtained also as
a disordered distribution of the vacancies throughout the crystal. This distri-
bution could be in principle resolved by analysis of the diffuse scattering signal,
which is however often too small to be detected. Following these considerations,
the role of the solid-state modeler, who aims at performing a calculation using
a representative structure of the unit cell, appears very hard. A random choice
of one possible realization of the unit cell will very likely lead to an unphysical
structure, which would not correspond to a stable (and realistic) configuration
of the system.

In order to get more insight on the local, as opposed to average, structure of
the crystal scanning transmission electron microscopy (STEM) has been used
on two low-index crystal planes of the o-Al4(Cr,Fe) system and compared the
results with STEM simulations performed using candidate model structure of
the bulk. The results of our analysis provide considerable information on the
distribution of the transition metals in the unit cell and allow to solve many
of the discrepancies between the models obtained with X-rays and neutrons
diffraction methods.

5.2 Results

5.2.1 DFT-calculations

As stated previously, the structural complexity of the system hinders a clear
definition of the unit cell of o-Al4(Cr,Fe), as atomic vacancies are distributed in
an unknown way, at least up to now. However it is possible to make attempts,
and structurally optimize a candidate unit cell which could be compatible, under
some assumptions, with the diffraction data. This was done for example in ref.
[132], where a model based on the X-rays structural refinement was proposed.
Some specific choices were made in order to occupy the atomic sites according
to their occupancies, while the Cr and Fe positions were assigned based on pre-
liminary energy calculations of models displaying different distributions of the
transition metals. Further structural optimization was performed up to a force
threshold of 7 mRy/Å. The authors correctly pointed out some discrepancies
between the computed atomic positions and the experimental crystallographic
positions, suggesting that further analysis was necessary to provide a final ex-
planation.

In this work we used the structure proposed in ref. [132], for a further
investigation of the bulk structure of Al4(Cr,Fe). The structure was further
optimized using the CP2K and the PWSCF packages1. The results show an

1The outcome shown in fig 5.4 is related to CP2K calculations performed using LDA-PADE
xc-functional, a cutoff of 280 Rydberg on the plane wave expansion, DZV basis set for Cr, Fe
and DZVP for Al. The same calculation was performed again by increasing the cutoff to 900
Rydberg, with similar results. The system displayed instability also according to additional
calculations performed on the 2 × 1 × 1 supercell , using the PBE xc-functional and a DZVP
basis set for all elements. PWSCF calculations were performed at the Γ-point using the PBE
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unexpected structural instability of the system, which can be noticed in the
behavior of the energy and of the largest force during the optimization process,
as well as in the large displacement of the atoms with respect to the initial
positions.

From the structural point of view, this situation corresponds to an instability
of the system, which is quantified by the large displacements of the atoms with
respect to the original positions. Three snapshots of the system are reported
in fig. (5.4a,b,c), visualizing a projection of the system on the [010] plane at
three different stages of the optimization process. As most significant examples
we highlighted the position of two Al5 atoms in the three configurations by
marking them with green and purple circles. The large displacement of the two
Al atoms between (c) and (d) amounts to about 2.1 Å. Similarly other atoms
such as Al19 and Cr9 move remarkably during the optimization (by about 1 Å
for the Al19 atoms and 0.5 Å for the Cr9 atoms). These displacements lead
the system to a configuration which is not compatible with the crystallographic
data, and which, in our opinion, should not be used for further investigations
on the o-Al4(Cr,Fe).

Figure 5.4: (a,b,c) [010] projection (red atoms are Al, blue atoms are TM) of
the system at three different stages of the optimization proces (a - beginning of
the process, c - end of the process). The green and purple circles delimit the
two Al atoms which have moved most during the geometry optimization. The
atoms Al19 and Cr9, which have moved considerably during the optimization,
are also displayed.

The instability of the system is due to the incorrect distribution of vacan-
cies throughout the unit cell, which might determine, in many cases, a wrong
local environment for the atoms. As mentioned in the introduction, a random
distribution of the vacancies in the unit cell, is not likely to yield a realistic
geometry of the system. The stability the vacancies should be investigated in
detail for each case, using chemical concepts related to the bonding of the in-
dividual atoms in a given environment and the electronic balance. Examples

xc-functional, ultrasoft pseudopotentials, a cutoff of 30 Ryd on the wavefunction and 240 Ryd
on the charge density.
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on simpler systems are for example provided in the case of aluminium diboride
(AlB2), in which the Zintl-Klemm approach (octet rule) or the electron local-
izability indicator (ELI) [133] were used to prove the energetic convenience of
placing vacancies in the system [134]. These approaches surely deserve large at-
tention for future studies on the structure of CMAs, including the o-Al4(Cr,Fe)
phase studied in this work. In the next section we will instead follow a differ-
ent route and show how considerable information on the vacancy distribution
of the system can be obtained from the interpretation of STEM experiments
performed on o-Al4(Cr,Fe).

5.2.2 Experimental and simulated HAADF-STEM images

Experimental HAADF-STEM images of the orientations [010] and [100] have
been performed at our laboratories2. The images are shown in fig. 5.5, where
brighter colors are associated to a larger intensity of the scattered beam. While
the [010] image displays the periodicity of the average unit cell predicted by
the diffraction methods, the periodicity of the [100] image appears doubled in
one direction, thereby suggesting a peculiar ”reconstruction” of the average bulk
unit cell. The reasons for this result comes from the distribution of the transition
metal atoms, which can be deduced from the comparison of the experimental
results and simulation of images corresponding to a given structural model, as
shown in the following.

Figure 5.5: Experimental STEM images obtained on the [010] and [100] orien-
tations. The unit cell deduced by diffraction methods is reported as a blue box.
The [100] plane display a clear 2 × 1 reconstruction, the unit cell being defined
by the overall shaded area in (b). Courtesy of Dr. Rolf Erni and Dr. Magdalena
Parlinska.

The image simulations can in principle be performed using an advanced
level of theory, accounting for the dynamical scattering of electrons. However
the use of such approaches might be quite time consuming. By using the simula-
tion software program xHREM [135], simulated STEM images were performed

2Sinlge crystals of composition Al79.12Cr17.76 Fe3.12 were provided by B.Bauer and P.Gille
[110]. Two different specimens of thickness between 25 and 50 nm in the [010] and [100]
direction, respectively, were prepared by mechanical polishing and Ar ion-milling. The samples
were analyzed using an electron beam with an energy of 200 keV and a convergence angle of
10.8 mrad was used. The scattered signal was recorded using an annular detector with an
inner angle of 100 mrad.
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Figure 5.6: The image obtained with the simple modeling based on eq. 1.42
is compared to that obtained with the program xHREM [135] fot the [010]
termination of the neutron diffraction model. The agreement between the two
approaches appears to be very good.

Figure 5.7: The experimental images are compared to the simulations based on
the average structures deduced by diffraction data.

according to the experimental parameters. The typical time required for the
simulation of one image is in the order of hours. However, as outlined in the
sec. 1.6, the STEM images can also be interpreted, in a simplified framework,
as a Z-contrast derived from eq. 1.42. In fig. 5.6, we report a comparison of
the STEM simulations of the [010] plane, obtained using the software xHREM
and the simplified Z-contrast approach based on eq. 1.42 . As shown the two
images agree remarkably both in the contrast and the shape of the image mo-
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tifs. For this reason, we believe that the use of eq. 1.42 can be considered a
very good starting point for the simulations concerning Al4(Cr,Fe), while the
more advanced simulations accounting for dynamical scattering can be used in
a later stage for the confirmation of the results. The images shown later in this
section are all obtained with the use of eq. 1.42. It has to be remarked that the
use of the simplified modeling for STEM imaging requires only few seconds for
the simulation of each image. This is clearly a fundamental prerequisite for a
technique which aims at structural refinement by means of a fit of the simulated
images to the experimental ones, as this might require the screening of a large
number of different crystal models.

Figure 5.8: Comparison between experimental and simulated STEM images,
obtained with the best structural model found. (a) [010] (simulation), (b) [010]
(experiment), (c) Profile cut along the dashed lines: simulation (red) and ex-
periment (green). (c) [100] (simulation), (d) [100] (experiment), (e) Profile cut
along the dashed lines: simulation (red) and experiment (green).

As a first investigation we performed STEM simulations of the average struc-
ture obtained by the XRD and neutron diffraction studies. The simulated im-
ages should be closely related to the experimental ones, especially if one con-
siders that the sample used for STEM imaging were the same as those used for
the neutron diffraction experiment3. However the results of the simulation show

3The composition of the sample used for the XRD model is instead slightly different in
composition, because of a larger amount of Fe and, conversely, a smaller content of Cr. How-
ever the samples belonging to the same phase are expected to be isostructural over the whole
compositional range.
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that the XRD and especially the neutron diffraction model yield STEM images
which quite strongly differ from the experimental evidence. Quite remarkably,
even the STEM images of the XRD and neutron models differ noticeably. This
is a consequence of the different occupancies of many TM positions, which in-
evitably lead to different STEM images, the electron probe being particularly
sensitive to the positions of the heavier atoms of the system, Cr and Fe. Differ-
ences in the site occupations between the two models might be due to a number
of factors, including a different fitting procedures in the structural refinement.

In order to obtain a good match between the experiments and simulations,
we used a trial and error procedure by changing the occupancies of the different
TM sites. The Al occupancies were arbitrarily kept fixed to those of the neutron
diffraction model and, if departures from this model are not too large, this
already provides a satisfactory description of the (minor) scattering intensity
provided by the Al atoms. The unit cell considered was a 2 × 1 × 1 bulk
supercell, so as to reproduce the pattern in the [010] direction. We screened
a large number of possible crystal models and finally achieved two images which
best describe the experimental results (fig. 5.8).

Figure 5.9: The experimental STEM image of the [100] plane is reported to-
gether with the projection of the position Cr10, Cr6, Cr1, Fe24, Fe5. The
average structure predicted by the diffraction models is obtained by selective
removal of atoms, as indicated by the gray crosses, which yields the peculiar
arrangement in the 2× 1 superstructure.

The main results of this analysis suggest the following conclusions: the po-
sitions Fe3, Fe5, Fe7 appear fully occupied. This confirms the XRD model (but
not the neutron diffraction model). The Cr9 is not predicted to be fully occu-
pied in our STEM modeling. This results is in disagreement with both XRD
and neutron characterization, however it emerges quite clearly from the STEM
analysis: the peculiar pattern in the [010] plane, formed by two symmetrical
bright spots along the dashed line in fig. 5.8, would not be possible with an
occupancy 1 for Cr9.

Most interestingly, the existence of the Fe24 position, which was only pre-
dicted by the neutron diffraction refinement, is confirmed by our STEM analysis.
Each Fe24 position (there are 4 in the bulk unit cell after symmetry operation)
is alternatively occupied in one of the two unit cells which form the 2 × 1 su-
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perstructure. Similarly the Cr10 and Cr6 positions are alternatively occupied
in the two unit cells. A precise description of the distribution of the Fe24, Cr10
and Cr6 atoms in the unit cell is proposed in fig. 5.9. By averaging over the
2×1 superstructure the occupancy of the Fe24, Cr6 and Cr10 atoms appears to
be 0.5, which closely match the value predicted by the neutron diffraction and
XRD refinement. However the use of STEM imaging has provided the exact
spatial distribution of these atoms, and revealed the mechanism which lead to
the predicted average occupation, i.e. selective occupation of the atomic sites in
the 2× 1 superstructure. Finally, the refined model proposed by the combined
experiments and simulations of STEM will be helpful for a further refinement
of the XRD and neutron diffraction models.

5.3 Conclusions

The o-phase of Al4(Cr,Fe) is a system of formidable complexity. The presence
of a large number of vacancies, predicted by the analysis of diffraction data,
makes it very difficult to find a stable unit cell of the system without a prior
knowledge of the local arrangement of atoms. By using tentative approaches
to the definition of the unit cell of the system, a realistic picture of the crystal
can be hardly obtained. This is shown by the DFT-calculations performed on a
previous model of the o-Al4(Cr,Fe) compound, which displays instability. The
use of a combined approach of experiments and simulation, in the framework
of the STEM imaging, provides a deep insight into the local order of the TM
atoms, which appear to reach their average distribution via a 2×1 superstructure
in the [010] plane of the system. The good quantitative agreement between
experimental and simulated STEM images offers a new structural model which
could be used from crystallographers to further refine the structural models of
the o-Al4(Cr,Fe) phase.

The knowledge of the local ordering of the TM atoms could help noticeably
in the construction of a realistic structural model of the bulk of the system.
To complete the description, the local order of Al atoms should also be known.
Unfortunately HAADF-STEM investigations are not very useful for this pur-
pose, as Al atoms have a much smaller electron scattering cross-section than
TM metal and can be hardly resolved. Once the bulk structural model is deter-
mined, the description of o-Al4(Cr,Fe) surfaces will be possible, leading to the
characterization of the corrosion properties of this material.
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Summary

In this short chapter I briefly summarize the work done in this thesis by referring
to the results shown in the different chapter II,III,IV,V:

In chapter II a new method, accounting for tip size effects in scanning tun-
neling microscopy (STM) simulations, was presented. We considered the case
where the tip atoms can be regarded as independent sources of s orbitals and
computed the tunneling current using the Bardeen formula and the approxi-
mation of incoherent scattering. By averaging over the many possible tip con-
figurations compatible with the effective external shape of the STM probe, we
showed that the tunneling current is proportional, within the model, to the
convolution product between the local density of states of the system and a
three-dimensional step function defined by the effective tip volume. The method
was tested on three systems of current scientific interest, namely, a hexabenzo-
coronene molecule adsorbed on Cu(111), a reconstructed Au(677) surface, and
a formate molecule adsorbed on Pt(111), which was studied by means of large-
scale DFT calculations and STM experiments. An excellent agreement between
experimental and simulated STM images was found. It was shown that, un-
der typical experimental conditions, our approach recovers the results of the
well-known Tersoff-Hamann modeling in the case of spherical tips, while allow-
ing for more versatility in the choice of the shape of the STM probe. Finally
we presented an application of our method to one-dimensional surface models
mimicking a localized defect and a surface step, thereby offering a very sim-
ple framework for the discussion of the tip-induced broadening of the surface
features in the STM imaging.

In chapter III Au(111) vicinals have been studied by means of Frenkel-
Kontorova model, a semiempirical glue potential and DFT calculations in or-
der to describe the interplay between the Au(111) surface reconstruction and
monoatomic steps on a vicinal face. The structure of the surface at the step
edges has been elucidated, showing that the whole terraces of Au(111) are recon-
structed in the lowest energy configuration of the system. An unusual atomic
arrangement is shown to be responsible for the lower reactivity of hcp seg-
ments of step edges compared to the one of fcc segments. A quantification of
this fact has been provided by the calculation of the surface electrostatic field
which shows a larger affinity of the fcc parts of the steps towards polarizable
molecules. The explicit case of benzene adsorption has been treated, showing
that adsorption on fcc steps is more favored than on hcp ones, by 80 meV.
Other calculations have been performed on flat surfaces of Au(111) with the
aim to characterize the electronic differences along the reconstruction pattern.
Because the reconstruction of the flat Au(111) displays an alternation of hcp
and fcc regions, we studied the properties of flat Au(111) in terms of the surface
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stacking. It was shown that difference between unrelaxed fcc and hcp trunca-
tions only negligible affects the electronic features of the surface, quantified in
the position of the free-electron like surface state of Au(111) and the work func-
tion. On the contrary, the work function appeared to be sensitive to the vertical
displacement of the outermost layer. By setting the vertical relaxation to that
suggested by the STM measurements for the hcp and fcc surface, the difference
in work function between the two stacking regions is circa 25 meV, confirming
the electronic nanopatterning predicted by previous models and explaining it in
terms of the structural properties of the termination.

In chapter IV we focused on the structural determination of the low miller
indices PdGa surfaces, by using a combined theoretical-experimental approach.
Starting from preliminary experimental results provided by scanning tunnel-
ing microscopy (STM) and low energy electron diffraction (LEED) experiments
we characterized the surface terminations in terms of the most favorable bulk
truncation, since reconstruction phenomena are ruled out by the experimental
data. Due to the atomic stacking of the crystal the condition of bulk-terminated
sample is compatible with a large number of possible surface terminations. The
main task of our work has been the unambiguous determination of the surface
equilibrium state, which we have investigated by comparison of I(V) curves ob-
tained by LEED experiments, surface Gibbs energies computed via ab-initio
calculations and the results of experimental and simulated STM images. The
synergy of the different techniques employed successfully determined the surface
terminations and paves the way to further studies on catalysis-driven chemical
reactions on PdGa intermetallic compounds.

In chapter V we studied the bulk structure of a complex metallic alloys, the
o-phase of Al4(Cr,Fe). The main task of the work regarded the determination
of the local structure of the bulk. To this aim experiments and simulations of
STEM have been performed, showing the distribution of the transition metal
elements projected onto the low-index planes of the crystal. The obtained im-
ages show that the crystal vacancies, corresponding to the partial occupations
revealed by diffraction methods, are not randomly ordered in the crystal but
are arranged so as to form a reconstruction of the bulk unit cell corresponding
to the average structure of the crystal. These insight are the first steps towards
a better comprehension of the AlCrFe surface structure, which will be useful to
study the corrosion property of the material.
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Appendices

5.4 A1

Assuming that the LDOS of a flat surface can be represented by f(z) ∝ e−kz,
a flat electrode of surface S at distance d from the sample records the following
intensity current, according to eq. (2.7),

I = CS

∫ ∞
d

e−kzdz (5.1)

where C represents the proportionality constant. For an hemispherical electrode
of radius R we have:

I = πCe−kd
∫ R

0

e−kz(2Rz − z2)dz (5.2)

Equating eq. (5.1) and (5.2) we obtain the relationship:

S(R) = πk−2
[
(2kR− 2)− e−kR(k2R2 − 2)

]
(5.3)

which can be used to estimate the effective cross sectional area of a hemispherical
tip of radius R.

5.5 A2

Hereafter we report the explicit expression of the isolevels for the finite and
infinite object of the exactly solvable 1D model.

zi =

{
1
α ln

I0ω
I

[
A+Be

αx
ω

]
if x ≤ 0

1
α ln

I0ω
I

[
C −Be−αxω

]
if x ≥ 0

zf =


1
α ln

I0ω
I [A+ 2Be

αx
ω sinh[αW2ω ]] if x ≤ −W/2

1
α ln

I0ω
I [C − 2Be−

αW
2ω cosh[αxω ]] if x ≤ |W/2|

1
α ln

I0ω
I [A+ 2Be−

αx
ω sinh[αW2ω ]] if x ≥W/2

I is the constant current value, I0 is the proportionality constant defined in eq.
(2.9), α is the inverse decay length of ρ in vacuum, W is the width of the finite
object, ω is the tip width; other constants are A = 2α−1, B = (eαH − 1)α−1

and C = AeαH . H is the height of the objects.
The apparent height h of the objects can be calculated from the above profiles

as h = z(∞)+z(−∞)
2 . The width w is obtained by substituting h for z in the above
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equations and solving for |x| = wi for infinite object and for |x| = 1
2wf for the

finite object. This gives:

hi = H (5.4)

wi =
ω

α
ln

[
B√

AC −A

]
hf =

1

a
ln

[
C − 2Be−

αW
2ω

A

]

wf =
2ω

α
ln

[
2Bsinh[αW2ω ]√

AC − 2ABe−
αW
2ω −A

]
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