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SUMMARY 

It is known for more than 90 years that the mechanical properties of a material may 

change when the dimensions of internal structures or the overall sample size are 

reduced from the macro to the micro- or nanometer range. One example of this is the 

Hall-Petch effect, describing the correlaiton of increasing yield strength with 

decreasing grain diameter. Size effects can also emerge solely by a reduction of the 

overall sample size. Experiments revealed that, for example, the flow stresses of metal 

wires increase with decreasing wire diameter.  

Nanoindentation is an appropriate technique to examine the mechanical behavior of 

nanoscaled samples. It allows for gaining information on elastic as well as on plastic 

deformation of various materials. Furthermore, the nanoindentation device can also be 

used to test different sample geometries, such as thin films, pillars, spheres or platelets. 

The aim of the thesis presented here was to measure and analyze the mechanical 

properties of various nanoscaled structures by means of a nanoindentation, and to gain 

insight in the mechanisms underlying the observed material behavior. For this purpose, 

three experiments focusing on the mechanical investigation of gold nanostructures and 

two experiments focusing on natural as well as artificial nanocomposites were 

performed. 

The following gold systems were investigated: (i) single- as well as polycrystalline 

pillars, (ii) single-crystalline thin films, and (iii) ion-implanted polycrystalline thin 

films. 

(i) Pillars with diameters in the 150-1000 nm range were produced by nanoimprinting 

and focused ion-beam (FIB) milling. Their deformation behavior was investigated by 

uniaxial compression testing using a nanoindentation system. The pillars exhibited a 

size dependant strengthening effect, scaling inversely with the pillar diameter. No 



 

II 

significant differences in the flow strength level or scaling behavior were observed 

when nanoimprinted pillars were compared with FIB-milled pillars. The presence or 

absence of grain boundaries within the pillar volume seemed not to have a decisive 

influence on strength or scaling behavior. 

(ii) Single-crystalline gold thin films in the thickness range 31-858 nm were 

investigated by nanoindentation to explore the effect of film thickness on hardness as 

well as on the initial plastic deformation. Maximum shear stresses at the onset of 

plasticity were determined with the help of finite element simulations. While the 

hardness increased with decreasing film thickness, the onset of plasticity was found to 

approach the theoretical shear strength, shifting slightly to lower shear stresses for the 

thinnest films examined. This was attributed to the higher defect densities observed in 

these films. 

(iii) 500 nm thin polycrystalline gold films were irradiated with high-energy Au+ and 

N+ ions to study the effect of ion mass and fluence on the evolution of thin-film 

microstructure and mechanical properties. The following microstructural modifications 

were observed: selective grain growth, texture changes, sputtering, interfacial 

degradation, formation of geometrically necessary dislocations, and the formation of 

defect clusters. Changes in hardness were found to be a consequence of grain growth 

and the formation of ion-induced defect clusters. 

Furthermore, two different composites with nanoscaled components were analyzed: 

(iv) natural nanocomposites originating from seashells (nacre) and (v) thin films of 

artificial nacre. 

(iv) Seashells of five species with different microstructures were compared by 

correlating the sizes and aspect ratios of their building blocks to the mechanical 

behavior. The results were used to determine the optimal values for shape, size and 

volume faction of the structural elements with regards to hardness, Young’s modulus 

and fracture toughness. Surprisingly, the aspect ratios of the mineral phases were 

found to be close to the optimal value for maximum strength as predicted by theory. 

(v) Bio-inspired artificial nanocomposites were prepared by a novel spin-coating 

process which is about 10 times faster compared with the conventional dipping 
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procedure. Various films with thicknesses up to 500 nm consisting of poly 

(diallyldimethylammonium) chloride (PDDA) and smectite clay minerals were 

deposited on silicon substrates. Subsequently, geometrical characteristics as well as 

mechanical characteristics of the films were studied. Hardness and modulus values for 

spin-coated films were found to be equal compared with conventionally produced dip-

coated films. 
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ZUSAMMENFASSUNG 

Seit über 90 Jahren ist bekannt, dass sich die mechanischen Eigenschaften von 

Materialien verändern können, wenn die Grösse von Innenstrukturen oder die 

Probengrösse selbst bis in den Mikro- oder Nanometerbereich verkleinert werden. Die 

Hall-Petch-Beziehung beschreibt etwa, wie sich die Fliessgrenze von Metallen 

reziprok mit der Verfeinerung der Korngrösse erhöht. Grösseneffekte treten aber nicht 

nur auf, wenn Innenstrukturen von Proben kleiner werden, sondern auch, wenn die 

Probenabmessungen selbst reduziert werden. Experimente haben gezeigt, dass 

beispielsweise feine Metalldrähte mit abnehmendem Durchmesser immer höhere 

Festigkeitswerte aufweisen. 

Die Nanoindentierung ist eine Technik, die dazu entwickelt wurde, die mechanischen 

Eigenschaften von Proben im Nanometerbereich zu untersuchen. Mit ihr kann sowohl 

das elastische als auch das plastische Verformungsverhalten diverser Materialien 

analysiert werden. Zudem lassen sich mit der Nanoindentierung zahlreiche 

Probengeometrien wie etwa Dünnschichten, Säulen, Kugeln oder Plättchen testen. 

Gegenstand der vorliegenden Arbeit war es, die mechanischen Eigenschaften 

verschiedener Nanostrukturen mit Hilfe der Nanoindentierung zu messen, deren 

Verformungsverhalten zu analysieren und dabei Einblicke in die zugrunde liegenden 

Mechanismen zu gewinnen. Dazu wurden drei verschiedene Goldstrukturen analysiert 

und zwei Experimente mit natürlichen respektive künstlich hergestellten 

Nanokompositen durchgeführt. 

Die folgenden drei Goldstrukturen wurden untersucht: (1) ein- und polykristalline 

Säulchen, (2) einkristalline Dünnschichten sowie (3) polykristalline Dünnschichten, 

die mit Ionen bestrahlt wurden. 
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(1) Säulchen mit Durchmessern zwischen 150 und 1000 nm wurden sowohl mit einem 

Prägeverfahren als auch mit Hilfe eines fokussierten Ionenstrahls hergestellt. Ihr 

Verformungsverhalten wurde anschliessend mit einem einachsigen Druckversuch im 

Nanoindentierungsgerät untersucht. Die Säulchen zeigten mit abnehmendem 

Durchmesser steigende Festigkeitswerte, wobei sich die beiden Produktionsmethoden 

nicht unterschieden, weder in Bezug auf die absoluten Festigkeitswerte, noch in Bezug 

auf das Skalierungsverhalten. Auch allfällige Korngrenzen im Säulchenvolumen 

schienen keine signifikanten Änderungen der Festigkeit zur Folge zu haben. 

(2) Einkristalline Golddünnschichten mit Dicken zwischen 31-858 nm wurden mittels 

Nanoindentierung auf ihre mechanischen Eigenschaften hin untersucht. Dabei wurde 

vor allem auf die Härte sowie auf das Einsetzen plastischer Verformung ein spezielles 

Augenmerk gelegt. Um die mit dem Einsetzen plastischer Verformung verbundenen 

maximalen Scherspannungen zu bestimmen, wurde die Finite-Elemente-Methode 

angewendet. Es stellte sich heraus, dass die Härte mit abnehmender Schichtdicke 

zunimmt, während der Beginn der plastischen Verformung beinahe das Niveau der 

theoretischen Scherfestigkeit erreicht, dann aber mit abnehmender Schichtdicke leicht 

sinkt. Der Grund dafür lässt sich in der erhöhten Defektdichte der dünnsten 

untersuchten Schichten vermuten. 

(3) 500 nm dünne polykristalline Goldschichten wurden mit hochenergetischen Gold- 

respektive Stickstoffionen bestrahlt, um den Effekt der Ionenmasse und der Fluenz auf 

die Mikrostruktur sowie die mechanischen Eigenschaften der Dünnschichten zu 

untersuchen. Die Ionenbestrahlung verursachte einerseits selektives Kornwachstum, 

Veränderungen der Schichttextur sowie der Grenzschicht zwischen Substrat und 

Dünnschicht, andererseits bildeten sich geometrisch bedingte Versetzungen und 

Defektcluster. Es konnte festgestellt werden, dass die gemessene Schichthärte in erster 

Linie durch das Kornwachstum und die ioneninduzierten Defekte bestimmt werden. 

Des Weiteren wurden zwei verschiedene Komposite mit Komponenten im 

Nanometerbereich untersucht: (4) Perlmutt und perlmuttähnliche Schichten aus 

Muschelschalen und (5) Dünnschichten eines künstlich hergestellten Perlmutts. 

(4) Schalen von fünf verschiedenen Meeresmuschelarten wurden miteinander 

verglichen, indem jeweils die Grösse und das Aspektverhältnis ihrer mineralischen 
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Bausteine mit den mechanischen Eigenschaften korreliert wurden. Die Resultate 

führten dazu, Leitlinien bezüglich der Bausteingrösse, des Aspektverhältnisses und des 

Volumenanteils formulieren zu können, mit dem Ziel, die Härte, den Elastizitätsmodul 

sowie die Bruchzähigkeit zu optimieren. Im Zuge der Untersuchung zeigte sich 

überraschenderweise, dass alle untersuchten Muschelschalen Bausteine mit dem 

theoretisch für höchste Festigkeit optimalen Aspektverhältnis aufweisen. 

(5) Künstlicher Perlmutt wurde mit Hilfe eines neu entwickelten Rotations-

beschichtungsprozesses hergestellt. Die Methode ist im Vergleich zum herkömmlichen 

Tauchverfahren rund 10mal schneller. Aus Polydiallyldimethylammoniumchlorid-

Lösungen und Tonmineral-Suspensionen wurden Schichten mit Dicken bis zu 500 nm 

auf Siliziumsubstrate aufgebracht. Die Untersuchung ihrer geometrischen und 

mechanischen Eigenschaften ergab, dass sich die mit dem neuen Rotationsverfahren 

hergestellten Schichten kaum von herkömmlich produzierten Komposit-

Dünnschichten unterscheiden. 
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1 

1. INTRODUCTION 

1.1. Motivation and aim 

In recent years, the mechanical characterization of small volumes has attracted a lot of 

attention because knowing and understanding the performance of metal components 

with structural features at the micrometer or nanometer scale is crucial for the design 

and thus for the reliability of minute devices, so-called MEMS or NEMS (micro- or 

nano-electro-mechanical systems). MEMS or NEMS combine mechanical and 

electrical functions on the same device and find applications as sensors, actuators, 

chemical reactors and drug delivery systems. In addition to MEMS and NEMS, thin 

film systems have become more and more important during the last decades as they 

play a decisive role in a wide range of-present day and future technologies. In this 

context, it is essential to gain knowledge of the materials used in such minute 

structures because their reliability is crucial for their application. But, in addition to the 

industrial and thus economical interest in testing at the micro or nanometer scale, there 

is also an academic interest because studying the mechanical properties of small 

volumes provides fundamental insights into deformation mechanisms at the nanoscale 

that are related to phenomena such as dislocation nucleation, motion, storage and 

starvation.  

Together with the proceeding miniaturization of thin films and MEMS or NEMS, it 

has been recognized that the mechanical properties of structures whose dimensions lie 

below a characteristic length scale (e.g., the dislocation curvature radius at a given 

stress or the spacing between partial dislocations) are different from macroscopic 

structures (e.g., [1] or [2]). First investigations of characteristic length scales 

associated with an increase in strength when decreasing the sample size were carried 

out by Fleck et al. [3]. They performed experiments on yielding of copper wires in 
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tension and torsion and observed higher flow stresses for wires with smaller diameter 

when comparing torsion to tension. Size effects, such as mentioned above, have also 

been observed when thin films were tested by nanoindentation (e.g., [4] or [5]). The 

experiments revealed that the hardness of the thin films is strongly depending on either 

the indentation depth or the film thickness.  

Nanoindentation has become very popular because it allows for operating mechanical 

tests at very small scales. It offers sufficiently high resolution in determining load and 

displacement and does not involve complicated or time-consuming specimen 

preparation. The testing procedure is rather simple: A hard tip with a well defined 

geometry is pressed into the sample surface, measuring continuously the evolution of 

the applied load and the displacement of the indenter tip during loading and unloading. 

The aim of the thesis presented here was to measure and analyze the mechanical 

properties of various nanoscaled structures by means of a nanoindentation and to gain 

insight in the mechanisms underlying the observed material behavior in order to 

understand small scale plasticity. For this purpose, the experiments focused on the 

mechanical investigation of gold single-crystalline thin films, ion-implanted 

polycrystalline thin films, single- and polycrystalline gold pillars as well as natural and 

artificial nacre. The following sample parameters were investigated: the film thickness 

or the size of internal features, such as the grain size, the pillar diameter, the ion 

fluency or the sample preparation technique. 

 

Microstructure

Testing Geometry

Sample volume

Film thickness
Pillar diameter

NanoindentationBending tests

Grain size

Platelet thicknessSize effects

in mechanical properties

 

Figure 1.1: Scheme of parameters varied in the thesis that may give rise to size effects in 

the mechanical behavior of nanoscaled specimens. 
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The variation of the above listed parameters revealed size effects in the mechanical 

behavior of the investigated specimens. Their origins can be classified into three main 

categories (see Fig. 1.1): (i) Testing geometry, (ii) sample volume and (iii) 

microstructure. The theoretical background regarding the three categories is discussed 

in more detail below. 

Gold was the material of choice for most of the experiments because of its 

environmental resistance. For different materials, such as aluminum or copper, the 

natural oxide layer leads to a double-layer design and, in consequence, solely 

information on the entire system but not on the base material itself is obtained. 

Moreover, the material characteristics of gold in the bulk regime, such as elastic 

anisotropy, are already very well known, facilitating the data analysis in the nanometer 

range.  

The following subsections give a short overview on the theoretical framework of the 

thesis. They contain neither own nor latest scientific work and are mostly based on 

textbooks. Comprehensive reviews of the relevant literature are incorporated in the 

introductory sections of the main chapters 2 to 6. 

1.2. Size effects 

Regarding Fig 1.1, the origin of size effects can be attributed to (i) the testing 

geometry, (ii) the sample volume or to (iii) the micostructure. Generally, the feature 

with smallest size has the most decisive influence on the mechanical behavior. 

However, if parameters (ii) and (iii) are of approximately equal size, overlapping 

might occur and an accurate differentiation is not possible anymore.  

Testing methods 

Testing methods comprising bending moments, such as nanoindentation and bending, 

introduce geometrically necessary dislocations (GNDs) into the sample. GNDs 

contribute to the strength σ according to Taylor’s formula (e.g., in [3]): 

 gsbGC ρρσ +⋅⋅⋅=Δ  (1.1) 

where C is a dimensionless constant that is typically in the range of 0.2-0.5, G is the 

shear modulus, b is the absolute value of Burger’s vector, ρs is the statistical stored 
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dislocation density and ρg is the GND density. The parameter ρg is illustrated in 

Fig. 1.2 (according to [3]).  

According to Gao and Huang [6], GNDs arise by reason of non-uniform plastic 

deformation to accommodate the resulting lattice curvature. In Fig. 1.2a, the GNDs in 

a bent metal beam are represented. They do not contribute to the plastic strain but their 

presence is hindering the motion of other dislocation, and as a consequence work 

hardening is arising. Fig. 1.2b shows the concept of GNDs underneath an indenter tip. 

The material originally sitting in the volume occupied by the indenter tip is pushed 

into the material underneath the tip. Gao and Huang suggest that the thereby displaced 

material must be stored as GNDs, forming extra planes of atoms in the original atomic 

lattice. 

 

  

Figure 1.2: Scheme of the formation of geometrically necessary dislocations during (a) 

bending and (b) nanoindentation testing [6]. 

 

The absolute amount of GNDs normalized by the total amount of statistically stored 

dislocations is increasing when the external dimensions of the specimen are reduced or 

when the tested volume is sufficiently small, resulting in size effects. For instance, the 

influence of the GNDs on the yield strength obtained by bending tests is significant 

only for the micro- and nanorange. For nanoindentation experiments, the effect of 

GNDs on the yield strength and thus on the hardness is already significant in the bulk 

(a) (b) 
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range because the “relevant” sample volume is given by the plastic deformation zone 

underneath the indenter tip and is thus not only depending on the sample dimensions. 

Sample volume 

To avoid the formation of GNDs, a method was developed where micro- and 

nanosized samples can be probed by uniaxial compression testing [7]. For this 

purpose, samples with pillar geometry were produced by FIB milling and subsequently 

loaded in a nanoindentation device equipped with a flat punch. Surprisingly, the tests 

also revealed strong geometrical size effects although the formation of GNDs was 

circumvented. 

It is hypothesized that geometrical size effects appear because of the increased surface-

to-volume ratio. The surface plays a crucial role in the dislocation behavior of very 

small volumes: It can (i) serve as dislocation source, and (ii) dislocations can leave the 

volume via the free surface without being stored. The first was confirmed by 

Horstemeyer et al. [8], who performed atomistic simulations of plasticity via the 

embedded atom method (EAM). They showed that the yield phenomenon is directly 

related to dislocation nucleation at free surfaces. For the second, Greer et al. [9, 10] 

proposed a dislocation starvation model where initially mobile dislocations escape 

from the sample volume, and plastic deformation subsequently requires the nucleation 

of new dislocations.  

Parthasarathy et al. [11] suggested that the increase in flow stress with decreasing 

sample size can simply be explained by the statistical variation in the source length of 

dislocations. They identified a source-truncation hardening mechanism which states 

that all sources become a pair of single-end-pinned sources owing to their interaction 

with the nearby free surface. For statistical reasons, the resulting dislocation-source 

length must decrease with decreasing sample size, and, consequently, the flow stress 

increases. 

Microstructure 

Internal features such as the grain size or the mineral platelet dimensions of 

mineral/polymer composites influence the mechanical properties. Considering the well 

known Hall-Petch relation 
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d

kHP=Δσ  (1.2) 

where κHP is the material dependent Hall-Petch coefficient, the yield strength increases 

with decreasing grain size d. This effect is explained by constraints of the mobility of 

dislocations caused by the increasing amount of grain boundaries owing to grain 

refinement. 

Similar size effects are observed for particles and other obstacles hindering dislocation 

motion. Considering the Orowan mechanism, the dislocations bend between the 

particles leaving dislocation rings about each particle. Energy must be supplied to 

increase the total length of dislocation line. The stress required is a function of the 

spacing between the obstacles L according to 

 ( )
L

aGb
=Δσ  (1.3) 

where α is a constant, G is the shear modulus, b is the Burgers vector. 

The stored dislocation density ρs is an internal feature also influencing the plastic 

deformation behavior. Increasing ρs constrains the mobility of other dislocations, 

resulting in strengthening of the material (Taylor effect, see Eq. 1.1). ρs can be 

controlled by, for example, cold work in the bulk regime, sputter-deposition 

parameters in the micro- or nanometer range or post-processing annealing. 

1.3. Nanoindentation 

With the enhancement of miniaturized devices the need for mechanical 

characterization of nanoscaled samples increased. One simple technique which allows 

for mechanical testing on a local scale is hardness testing where a hard tip with a well 

defined geometry is pressed into the sample surface. The hardness is determined by the 

size of the residual indent in function of the predetermined load. The adaption of 

classical (micro-) hardness testing to the nanoscale range resulted in the development 

of the nanoindentation technique. It allows for continuous monitoring of tip 

displacement as a function of the applied load. Optical determination of the indent size 

is not necessary anymore. Instead, the size of the indent is calculated by the 

displacement and the tip geometry. In addition to conventional hardness tests, the 
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nanoindentation technique also provides information about the elastic properties of the 

probed material. By expanding the sample geometries from thin films to other 

structures, such as colloids or pillars, and by adjusting the tip geometries, the 

indentation device is also an ideal instrument to perform compression tests.  

The following subsections give a short introduction into the nanoindentation 

equipment that was available for the experimental work of the thesis and into the 

method of data analysis. Other standard analysis techniques, such as scanningelectron 

microscopy (SEM), X-ray diffraction (XRD), Raman spectroscopy or electron 

backscatter diffraction (EBSD), are not discussed here. 

Indentation Device 

For nanoindentation experiments, a HYSITRON TriboIndenter was used. The device 

consists of an XYZ-staging system operating the coarse control of the samples and the 

tip positions, and a top-down optics with a total maximum magnification of one 

hundred (see Fig. 1.3a). The fine-scale positioning is provided by a three-axis piezo-

electrical scanner which can also be used for imaging of the surface before and after 

indentation testing. The core piece of the indentation device is the three-plate 

capacitive force-displacement transducer. A schematic of the transducer assembly is 

shown in Fig. 1.3b. The maximum load available from the transducer is 10 mN while a 

maximum indentation depth of 20 μm can be reached. 

 

      

Figure 1.3: (a) HYSITRON TriboIndenter with the staging system, the top-down optics 

(on the right) as well as the piezo scanner with the transducer (on the left). (b) Cross-

sectional scheme of the three-plate capacitive transducer. 

 

(a) (b) 
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An important component of the indentation system is the probe tip. Various 

geometries are available. Three sided pyramidal tips (Berkovich or Cube Corner, see 

Fig. 1.4a) are the ones most often used for indentation testing of hard samples and 

metals. The total included angle of the Berkovich tip is 142.3°, while the tip of the 

Cube Corner includes an angle of 9°. Conical tips (see Fig. 1.4b) with spherical end 

are available with cone angles of 60°, 90° and 120° and used. They are used for 

indentation testing of soft materials, such as polymers or biological samples. 

 

Berkovich tip Cube‐corner tip

77.03\
65.27\

       

Figure 1.4: (a) Three-sided pyramidal tips [12] and (b) cono-spherical tip [13]. 

 

Testing and scanning 

To set up an indent, a load function has to be defined, consisting of at least two 

segments: a loading and an unloading segment with an optional hold-time segment in 

between. A schematic load function is shown in Fig. 1.5. 

Indents can be performed in three different operation modes. For standard open-loop 

indentation tests, the maximum force as well as the load rate has to be defined by the 

user. In addition, two modes with feedback control can be performed. Under load 

control, the software calculates in real time the difference between the actual force and 

the user-requested force and adjusts the necessary parameters. During a displacement 

controlled indentation, the displacement is continuously monitored, and if required, the 

force is automatically adjusted. In this case, the user defines the maximum indentation 

depth and the displacement rate. 

 

(a) (b) 
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Figure 1.5: Load function for open-loop and load-control mode. 

 

In addition to the indentation modes, the system is capable of scanning probe 

microscopy (SPM) imaging. The probe tip scans the sample surface using the piezo-

electrical positioner, while the sensor of the transducer monitors the force between the 

tip and the sample and sends the data as the control signal to the feedback loop. The z-

axis of the piezo scanner moves up and down as the topography changes to maintain a 

constant force. The voltage needed to move the z-axis is then correlated with the 

displacement. The resolution of SPM is limited by the radius of the tip. 

Displacement

Load

Displacement

Load

High H
Low E

Low H
Low E

High H
High E

Low H
High E

 

Figure 1.6: Idealized load-displacement curves for materials with a wide range of 

hardness and elastic properties. 
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Load-displacement curves 

As a result of a nanoindentation tests, so called load-displacement curves are obtained. 

Fig. 1.6 shows idealized load-displacement curves for materials with either high or low 

hardness H in combination with high or low Young’s Modulus E. 

While H is correlated to the maximum load of the load-displacement curve, E is a 

function of the slope of the unloading segment. 

Discontinuities also called “pop-ins” or “pop-outs”, depending on their direction, 

might appear in load-displacement curves (see Fig. 1.7). They provide further 

information about the material properties and are caused by a wide range of events, 

such as fracture, delamination, multiplication or nucleation of dislocations and phase 

transformations. 
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Figure 1.7: Typical load-displacement curve for a (100) out-of-plane oriented single-

crystalline gold film with 858 nm thickness on NaCl substrate, showing one distinct burst 

event (“pop-in”). For further information see chapter 3. 

 

Corcoran et al. [14] investigated, for example, the surfaces of (100), (110) and (111) 

oriented bulk gold single crystals and observed discrete yielding events separated by 

elastic deformation. They assumed that the pop-in events are caused by the nucleation 

and multiplication of dislocations under the indenter tip.  
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Data analysis 

The standard method for analyzing the unloading segment was proposed by Oliver and 

Pharr [15]. It is based on the work of Doerner and Nix [16] as well as on the works on 

elastic contact of Hertz (see, for example, Ref. [17]) and Sneddon [18].  

The nanoindentation experiment provides the reduced Young’s Modulus Er, which is a 

combination of the elastic properties of the tip and the sample. The Young’s modulus 

E and Poisson ratio υ of the sample itself is given by 

 
i

2
i

2

r

111
EEE
υυ −

+
−

=  (1.4) 

where Ei = 1141 GPa and υi = 0.07 are the properties of the diamond tip (i stands for 

indenter). 

Er is obtained from the contact stiffness S according to 

 
c

r 2 A
SE π
β

⋅=  (1.5) 

where β is a correction factor taking into account the indenter geometry (e.g., 1.024 for 

a Berkovich tip) and Ac is the projected area of the elastic contact. 

The elastic contact stiffness S of the tip-sample system is deduced from the load-

displacement (P-h) curve. For this purpose, the first part of the unloading curve is 

described by a power-law function 

 mhhkP )( f−⋅=  (1.6) 

where the parameters k, hf and m are obtained by fitting the experimental curves.  

The unloading stiffness S (see Fig. 1.8a) can then be determined using 

 1
f )( −−== mhhmk

dh
dPS  (1.7) 

at the maximum load where h = hmax. 

The total displacement hmax is the sum of hc and hs 

 sc hhh +=max  (1.8) 
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where hc is the contact depth and hs is the surface displacement at the perimeter of the 

contact (see Fig. 1.8).  

To determine the contact depth hc, hs must be ascertained. Oliver and Pharr found the 

following relation 

 ⎟
⎠
⎞

⎜
⎝
⎛=

S
Ph max

s ε  (1.9) 

where ε is a geometric factor (0.72 for a conical indenter, 1 for a flat punch and 0.75 

for a paraboloid of revolution, such as the Berkovich or the Cube Corner tip).  
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Figure 1.8: (a) Schematic representation of a load-displacement curve, showing the effect 

of the indenter geometry (expressed by the parameter ε) on the contact depth hc. (b) 

Scheme of the surface profile under load P and after load removal, showing the definition 

of the total indentation depth h, the displacement of the perimeter hs, and the contact 

depth hc [15]. 

 

The contact area Ac at peak load is determined by the geometry of the indenter and the 

contact depth hc. The indenter geometry is described by an area function F(h) which 

relates the cross-sectional area of the indenter to the distance from its tip h. The 

projected contact area Ac is then determined using the relation 

 )( cc hFA =  (1.10) 
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whereas the functional form of F must be established experimentally prior to analysis 

using a standard calibration material (fused quartz) of which the Young’s modulus is 

precisely known. 

The hardness H is defined as the mean pressure the material is supporting under load. 

Within this definition, the hardness can be calculated using 

 cA
P

H max=  (1.11) 

According to this definition, the measured hardness H is different from the one 

obtained from the more conventional definition in which the area is determined by 

optical measurement of the hardness indent size. The reason for the difference is that, 

in some materials, not the entire zone of the contact area deforms plastically, and as a 

result, the contact area measured by observation of the residual hardness impression 

may be smaller compared to that at maximum load. 

Tabor [19] showed that yielding occurs when the mean pressure pm divided by the 

yield strength σy is approximately equal to 1.07. 

 07.1
y

m =
σ
p  (1.12) 

The true-stress and true-strain as determined from uniaxial tension data are equivalent 

to indentation stress and strain through the following two expressions 

 ensionuniaxial_t
m

nindentatio 3
σσ ==

p  (1.13) 

 ensionuniaxial_tnindentatio
2.0 εε ==
R

a  (1.14) 

where a is the contact radius for elastic contact of two paraboloids and R is the 

nominal radius of the indenter tip. Equations (1.13) and (1.14) only hold true in the 

limit of a fully developed plastic contact. Based on the finite element investigations of 

Mesarovic and Fleck [20], this regime occurs when a/R ≈ 0.16. 

For nanoindentation testing, it is the convention to take the mean pressure pm as the 

nanohardness H. Hyun et al. [21] determined the mechanical behavior for Pt and Pt-Ru 

solid solution alloy thin films using wafer curvature and nanoindentation techniques. 
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They related flow stress data from the wafer curvature method to nanohardness values 

and found a Tabor coefficient of ~4. 

The above discussed analysis of load-displacement curves assumes an ideal setup and 

does, for example, not consider the influence of the substrate in a thin-film system. 

When analyzing nanoindentation data, it must always be considered that the response 

of the indentation is always a superposition of numerous factors, such as the shape of 

the indenter tip, the friction between the indenter tip and the sample surface, the 

material’s texture or anisotropy, unintentional delamination or pile-up of the material, 

etc. 

1.4. Thesis guide 

The present thesis is of cumulative nature and consists of five publications: 

• Deformation behavior of gold nano-pillars prepared by nanoimprinting and focused 

ion beam milling (chapter 2, page 17 ff.) 

• Nanoindentation of single-crystalline gold thin films: correlating hardness and the 

onset of plasticity (chapter 3, page 49 ff.) 

• Texture evolution and mechanical properties of ion-irradiated gold thin films 

(chapter 4, page 81 ff.) 

• The influence of internal length scales on mechanical properties in natural nano-

composites: A comparative study on inner layers of seashells (chapter 5, 

page 111 ff.) 

• Fast assembly of bio-inspired nanocomposite films (chapter 6, page 141 ff.) 

The publications correspond to the five main chapters of the thesis. A general 

introduction section (chapter 1) as well as a conclusion/outlook section (chapter 7) is 

added at the beginning and at the end of the thesis, respectively. Each chapter is and 

can be red separately. Please note that footnotes were added after publication. 

The author of the thesis, Marianne Dietiker, is first author of three of the incorporated 

papers. In the context of these publications, she was performing and analyzing the 

entire nanoindentation experiments as well as editing all further data and writing the 

publication text. 
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In the case of chapters 4 and 5, the corresponding first authors of the publications are 

Franziska Fleischli and Viatcheslav Vertlib, respectively. Franziska Fleischli is a 

former master student of the Laboratory for Nanometallurgy (Department of Materials, 

ETH Zurich). Marianne Dietiker supervised Franziska Fleischli’s master thesis. Her 

experiments build the basis of the paper. For publication, Marianne Dietiker reedited 

Franziska Fleischli’s results and slightly extended them by further measurements. 

Viatcheslav Vertlib is a former PhD student of the Geo-Environmental Engineering 

and Clay Mineralogy Research Group (Institute for Geotechnical Engineering, ETH 

Zurich). He developed the dip-coating method for the fabrication of artificial nacre 

thin films and produced the examined samples. The mechanical characterization of the 

thin films was performed by Marianne Dietiker and the corresponding publication 

sections were written by her. 

A complete list of all collaborators and their contributions to the thesis presented here 

is given in the chapter “Declaration” on page 192. 
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2. DEFORMATION BEHAVIOR OF GOLD NANOPILLARS: A 

COMPARATIVE STUDY ON THE INFLUENCE OF THE PRODUCTION 

ROUTE 

 

This chapter describes the mechanical testing of gold nanopillars. For this purpose, the 

nanoindentation device was equipped with a flat punch to conduct compressions tests. 

Compression experiments are of particular interest for the investigation of sample size 

effects because they allow for testing in the absence of strain gradients. Up to the 

present, it was suspected that the size effects observed for pillars produced by FIB 

milling might be affected by the preparation method, which is known to damage the 

sample surface. Therefore, a novel production process was used for sample 

preparation. 

This work is published in the full length article: 

M. Dietiker, S. Buzzi, G. Pigozzi, J.F. Löffler, R. Spolenak; Deformation behavior of 

gold nano-pillars perepared by nanoimprinting and focused ion-beam milling. Acta 

Materialia 59 (2011) 2180–2192. 

 

Abstract 

The deformation behavior of single- and polycrystalline gold pillars with diameters in 

the 150-1000 nm range was investigated at room temperature by compression testing. 

The pillars were produced by nanoimprinting and focused ion-beam (FIB) milling, and 

characterized by scanning electron microscopy (SEM) and electron backscattering 

diffraction (EBSD). No significant differences in the flow strength level or scaling 

behavior were observed when nanoimprinted pillars were compared with FIB-milled 
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pillars with comparable diameters. These observations justify the use of FIB-milling 

for the study of scaling behavior in this material system. Weibull statistics were used 

to analyze the distribution of strength levels and a minimum in experimental scatter 

has been identified at intermediate pillar size in comparison with their microstructural 

length scales. 
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2.1. Introduction 

The mechanical characterization of small volumes is a research topic of great interest. 

Firstly, knowing and understanding the mechanical behavior of metal components 

with structural features at micro- and nanometer scales is crucial for the design and 

thus for the reliability of minute devices (Micro-Electro-Mechanical Systems, or 

MEMS). Secondly, studying the mechanical properties of small volumes provides 

interesting insights into deformation mechanisms at the nanoscale, which are related to 

phenomena such as dislocation nucleation, motion, storage and starvation. 

It has been known for more than 90 years (e.g., see the work of Taylor in 1924 [1]) 

that the mechanical properties of a material may change when the dimensions of 

internal structures or overall sample sizes are reduced from the macro to the micro- or 

nanometer range. One example of this is the Hall-Petch effect [2, 3], where the yield 

strength increases reciprocally to the square root of the grain diameter. An increase in 

the yield strength caused solely by a reduction in sample size was observed in 1956 by 

Brenner for almost defect/dislocation-free metallic whiskers [4]. Approximately 40 

years later, Fleck et al. [5] investigated copper wires and found that strength increased 

by a factor of three when the wire diameter decreased from 170 μm to 12 μm. Since 

then, numerous studies on size effects in mechanical properties have been published 

(e.g., Refs. [6-9]). Many of these show that the deformation process is accompanied by 

the formation of strong strain gradients, which for compatibility reasons require the 

presence of geometrically necessary dislocations (GNDs) (e.g., Refs. [5, 10, 11]). The 

GNDs increase the dislocation density and thus the flow stress by hindering 

dislocation motion. 

A few years ago, a new approach for investigating sample size effects in the absence 

of strain gradients was introduced. Uchic et al. [12] used focused ion beam (FIB) 

fabrication to make novel cylindrical-shaped samples that were then subjected to 

uniaxial compression using high-resolution loading, e.g., via a nanoindenter equipped 

with a flat punch. They observed a transition from bulk to size-limited behavior in 

terms of yield strength for single-crystalline Ni and Ni-alloy pillars at the micrometer 

scale. Greer et al. [13] applied the method to 〈100〉 oriented single-crystalline gold 
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pillars at the sub-micron scale and Volkert and Lilleodden [14] extended the 

investigations to gold pillars with varying crystallographic orientations. Buzzi et al. 

[15] examined various  silver pillars produced by a novel nanoimprinting technique 

[16]. Greer et al. [13], Volkert and Lilleodden [14] as well as Buzzi et al. [15] report 

significant size effects with increased yield strength as the pillar diameter is reduced. 

In contrast, Bei et al. [17] detected a constant flow stress near the theoretical strength 

for submicrometer pillars produced by directional solidification of an eutectic 

molybdenum superalloy. They hypothesized that the nearly defect-free samples that 

they obtain by this production route are responsible for the lack of a size effect. This 

raises the question of whether size-dependent behavior in pillars is a consequence of 

sample preparation rather than an intrinsic material property.  

The surface plays a crucial role in the dislocation behavior of very small volumes 

because it can serve as dislocation sources, and dislocations can leave the volume via a 

free surface without being stored. It is suspected that the size effects observed for 

pillars produced by FIB milling might be affected by the preparation method, which is 

known to damage the surface by amorphization, dislocation generation and 

implantation of gallium ions [18-20]. The important role of the surface was confirmed 

by Horstemeyer et al. [21], who performed atomistic simulations of plasticity via the 

embedded atom method (EAM). They showed that the yield phenomenon was directly 

related to dislocation nucleation at free surfaces and suggested a size-scale effect based 

on the volume/surface ratio of the samples. In addition, when compressing 

submicrometer-sized pillars, the resulting stress-strain curves exhibit distinct 

displacement bursts, so called “pop-ins”. These bursts are also observed during the 

initial stages of nanoindentation experiments (e.g., Refs. [22-25]) on single-crystalline 

materials and are often associated with dislocation nucleation events. 

In addition to the above-mentioned theory of strain gradient plasticity, several other 

mechanisms have been proposed to explain size effects. Higher strengths observed in 

thin metal films are usually attributed to the confinement of dislocation motion within 

the film caused by the presence of a film/substrate interface (e.g., Refs. [26-28]). In the 

case of unconstrained geometries, Greer et al. [13, 29] propose a dislocation-starvation 

model where initially mobile dislocations escape from the sample volume and plastic 
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deformation subsequently requires the nucleation of new dislocations. Volkert and 

Lilleodden [14] support the assumption that the observed dependence of the 

mechanical behavior on pillar diameter is controlled by the activation of dislocation 

sources. In a recent study, which included dislocation dynamics (DD) simulations, 

Greer et al. [30] postulate that the dislocation-starvation model may not be applicable 

to base-centered cubic (bcc) pillars, because of possible self-replication of dislocations 

and thus interaction and entanglement of dislocation segments inside the pillars. 

The study presented in this paper reports on the mechanical properties of single-

crystalline and polycrystalline gold pillars with varying orientations and diameters 

ranging from 150 nm to 1000 nm, produced by two different production techniques. In 

addition to the standard FIB technique, nanoimprinting/embossing was deployed, a 

fabrication process in which the metal is shaped by pressing it into a microstructured 

mold [16]. This technique shows great potential for use in the fabrication of 

microdevices, because it allows the simultaneous production of large numbers of 

metallic microcomponents. Compared to FIB milling, nanoimprinting is a very 

efficient fabrication route and prevents the sample surface from amorphization. 

However, the microstructure of the nano-pillars in terms of grain orientation and the 

emergence of grain boundaries is not yet controllable when using nanoimprinting. In 

this study, the pillars’ responses to uniaxial compression using a nanoindentation 

system were examined. The two different production routes of nanoimprinting and FIB 

milling were compared in terms of flow strength and strain-hardening behavior. In 

addition, a series of gold pillars were characterized before and after compression 

testing by scanning electron microscopy (SEM) and electron backscatter diffraction 

(EBSD) to determine the deformation mechanisms and to investigate the influence of 

pre-existing grain boundaries. 

2.2. Materials and methods 

2.2.1. Sample preparation 

Two different production techniques were deployed for sample preparation, namely 

nanoimprinting and FIB milling. Fig.°2.1 compares representative pillars produced by 

the two fabrication routes, presenting SEM images as well as electron backscatter 
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diffraction (EBSD) grain maps for nanoimprinted pillars (a-c) and FIB-milled ones (d-

f). Details regarding SEM and EBSD characterization are listed in section 2.3.3. 
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Figure 2.1: (a) Nanoimprinted gold pillar (d = 210 nm, h = 520 nm) on sample B and (b) 

its surrounding ring to facilitate localization in the nanoindentation system. For SEM 

imaging the sample was tilted by 50° and the images were corrected for this tilt. (c) Out-

of-plane EBSD grain map of a section of the nanoimprinted structure showing 16 rings 

with the pillars in their centers with diameters between 210 nm (on the left) and 1080 nm 

(on the right). The color key shown in the standard stereographic triangle represents the 

grain orientation perpendicular to the sample surface. (d) Gold pillar (d = 1100 nm, 

h = 2100 nm) on sample B produced by FIB-milling using a two-step procedure and (e) 

the etched ring showing redeposition at the outer border. (f) Out-of-plane EBSD grain 

map of an array of 4 FIB-milled pillars, showing the randomly oriented grains of the gold 

sample. 

 

Nanoimprinting 

Two sets of gold pillars were produced by an embossing process where a gold platelet 

is pressed into a mold consisting of a structured silicon wafer. The structuring of the 

silicon wafer was performed by e-beam lithography and reactive ion etching (RIE). In 
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addition to the holes in the silicon mold for the actual pillar production, rings with 

diameters of 10 μm were etched around the holes in order to facilitate the localization 

of the pillars in the nanoindentation system used for compression testing. 

Samples A and B consisted initially of commercially-pure gold plates (Au 99.99%, 

polycrystalline, UBS, Switzerland) which were rolled to a thickness of 0.5 mm and 

punched into 5 x 5 mm2 square-shaped platelets. Subsequently, the surfaces were 

polished plane-parallel with SiC4000 grinding paper. A few minutes before 

imprinting, the platelets were etched for 5 min in aqua regia (75% HCl, 25% HNO3) 

to remove possible surface contamination. 

After the mounting of the gold platelet, the compression chamber was evacuated 

(p < 5 × 10−5 mbar) and preheated for 45 min at the embossing temperature of 300°C 

to allow the rolled metal to recrystallize and achieve its highest ductility. The 

embossing pressure of 300 MPa was kept constant for 10 min at maximum 

temperature and also during subsequent cooling to 50°C. After the demounting of the 

silicon-mold composite from the compression chamber, the silicon mold was 

chemically removed in KOH aqueous solution. A detailed description of the sample 

fabrication by nanoimprinting is given in Ref. [16]. 

Thirty-one pillars on sample A with diameters between 150 nm and 1080 nm and 

thirty pillars on sample B with diameters between 170 nm and 1100 nm (typically 

three to five pillars for each investigated size) were tested in the course of the study 

presented here. The aspect ratios were not constant among the pillars because the 

structuring of the mold was performed in a single etching step with equal etching times 

for all the different pillar diameters. Maximum aspect ratios of ~2.4 were reached for 

the smallest pillars, while the largest pillars have aspect ratios of around 0.6.  

Fig. 2.1 shows SEM images of a nanoimprinted pillar (a) and its surrounding ring (b). 

The EBSD map in Fig. 2.1c illustrates the crystal orientation perpendicular to the 

sample surface of an array of 16 pillars with diameters between 210 nm (on the left) 

and 1080 nm (on the right). The colors represent the out-of-plane orientation according 

to the color key shown in the standard stereographic triangle. 
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Energy and wavelength dispersive X-ray analysis (EDX, WDX) indicate that the 

pyramidal-shaped structures observed on the sample surface (see Fig. 2.1b) consist of 

gold. Their origin could not yet be fully clarified, but their shape and alignment 

suggest that they are related to the silicon mold removal by KOH etching. These 

features have never been observed on analogous silver samples [15, 16], probably 

because of these two metals’ different catalytic effects on the silicon etching process. 

In the case of silver the silicon etching rate is strongly enhanced at the 

metal/semiconductor interface, a phenomenon not observed in the case of gold. 

Possibly, during mold removal the silicon wafer is locally etched faster and the gold 

plate fills the resulting pyramidal voids supported by residual internal stresses. 

For SEM and EBSD investigations, samples A and B were mounted on aluminum 

sample holders using a thin layer of silver paste (Plano GmbH, Germany). They also 

remained on the sample holders for subsequent pillar preparation with FIB milling and 

for uniaxial compression testing. 

FIB milling 

A dual-beam FIB/SEM system (Carl Zeiss NVision 40, Germany) with a 30 keV Ga 

beam was used to produce pillars in the surface of sample B (see Fig. 2.1d-f). A one-

step milling method was developed to produce pillars with an approximately 

cylindrical shape. The procedure involved milling of a ring with an outer diameter of 

15 μm and an inner diameter of 1000 nm for the largest pillars and 500 nm for 

intermediate pillars. The outer diameter of 15 μm is necessary to provide enough space 

for the flat punch used for compression testing. The milling process itself consisted of 

a sequence of concentric single-pass circles starting with a radius of 7.5 μm and 

decreasing continuously until the desired pillar diameter was reached. Because the last 

milling circle defines the pillar’s diameter, redeposition on the side-walls of the pillar 

is eliminated. Beam current, dwell time and step size were optimized to avoid tapering 

of the pillar side-walls and rounding of the top edges as well as to adjust the etching 

depth (for details see Table 1). The production time for one pillar was in the 10 min 

range. 

The production method for pillars with 300 nm was changed to a two-step procedure 

to achieve the best possible sample geometry. First, a ring with an outer diameter of 11 



2.2 MATERIALS AND METHODS  

25 

μm and an inner diameter of 3 μm was milled. In the second step, a ring with 3 μm 

outer and 300 nm inner diameter was added using a reduced beam current (see Table 

2.1). To reach the necessary etch depth the sequence of milling circles with decreasing 

radii was repeated 25 times. This led to a total production time of 40 min per pillar. 

 

Table 2.1: FIB-milling parameter for different pillar diameters on sample B: 

 

Milling 
method 

Pillar 
diameter 

Aspect 
ratio 

Beam 
current 

Step 
size 

Dwell 
time 

# pillars 
tested 

 [nm] [-] [pA] [nm] [ms]  

two steps 305 - 325 1.7 - 1.8 10a 10b/10c 0.1b/1.25c 12 

one step 500 - 525 2.5 - 2.6 150 20 1.1 19 

one step 1005 - 1020 2.1 150 20 1.9 16 

two steps 1085 - 1105 1.9 150 14b/14c 1.2b/0.24c 20 
a 25 milling layers, b outer ring, c inner ring 

 

 

A second set of 1000 nm pillars was produced using a two-step method to reduce the 

roughness of the pillar surface. Therefore, a ring with an outer diameter of 15 μm and 

an inner diameter of slightly more than 1 μm was milled. In the second step, a ring 

with 2 μm outer and 1 μm inner diameter was added using a strongly reduced dwell 

time (see Table 1). All other parameters were kept constant. The production time for 

one pillar was in the 18 min range. Fig. 2.1 shows an example of a pillar produced by 

the two-step milling method (d) together with its surrounding ring (e). There is clear 

evidence of redeposition on the outer border of the ring but the redeposited material 

does not affect the compression tests as the hole is sufficiently wide. To ensure that 

there was no contact of the flat punch with the border of the ring or the redeposited 

material, SEM images were taken after compression testing and each ring was 

carefully analyzed for accidental indentations.  
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2.2.2. Compression tests 

The pillars were compressed in a TriboIndenter (Hysitron Inc., USA) using a flat 

diamond punch with a diameter of 5 μm (Synton, Switzerland). The loading cycles 

were performed at a constant displacement rate of 10 nm s−1 until engineering strains 

between ~12% and ~20% were reached, followed by a holding segment of 1 s prior to 

unloading. 

Twenty nanoimprinted pillars on sample A with various diameters were tested in situ 

using a custom-built device (including a force-displacement transducer by Hysitron 

Inc., USA) which was placed within a Hitachi S-4800 high-resolution SEM. The 

instrument is described in detail elsewhere [31]. The pillars were compressed using a 

B-doped diamond flat punch with diameter 2 μm. The experiments were performed at 

a constant displacement rate of 2 nm s−1 up to ~20% strain, followed by a holding 

segment of 1 s. 

Engineering stress-strain curves were calculated from the measured load-displacement 

curves using: 

 
2

4
d
P

π
σ =  and 

h
xΔ

=ε  (2.1, 2.2) 

where the stress σ is a function of the load P and the diameter d, and the strain ε is a 

function of the displacement Δx and the initial pillar height h.1 The highest stress value 

measured below 5% strain was defined as flow strength σ0.05. This procedure was 

chosen because of the displacement bursts occurring during compression, which 

hinder the accurate determination of stress values at 5% strain. In addition, the average 

strain-hardening rate n was calculated using: 

 
1.0

05.015.0 σσ −
=n  (2.3) 

                                              
 

1 The displacement was not corrected for the compliance of the underlying material. Previous 

experiments showed that the substrate compliance has no decisive influence on the stress-strain curves 

in the plastic regime. 
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where σ0.15 corresponds to the stress at 15% engineering strain (or alternatively 10% 

for compression tests which were stopped before reaching 15%). In the case of non-

continuous stress-strain curves, where 15% strain was reached while a strain burst 

occurred, σ0.15 was defined as the maximum stress reached after the last reloading 

segment (e.g., see stress-strain curve in Fig. 2.2a or c). 

2.2.3. Characterization by SEM and EBSD 

A majority of the pillars were characterized before and after compression by SEM 

(Leo 1530, Zeiss, Germany, or Quanta 200 FEG, FEI, USA). The images were used to 

determine the accurate diameter and height before compression testing and to gain 

information about the deformation mechanisms (e.g., single or multiple slip). In the 

case of slightly tapered side-walls, the pillar diameter was defined as the diameter at 

half the column height. An estimated average diameter and height was assigned to 

pillars that were not imaged before compression, the values resulting from 

measurements of equally fabricated gold pillars. 

Further analysis was performed by EBSD using an SEM (Quanta 200 FEG, FEI, USA) 

equipped with an OIM™ system (Hikari detector, AMETEK-EDAX, USA). EBSD 

scans were carried out on the top surface of the pillars with step sizes as small as 

10 nm for the smallest pillars. Drift effects were minimized by scanning in low 

vacuum mode (30 Pa). 

2.3. Results 

2.3.1. Pillars produced by nanoimprinting 

In the course of the nanoimprinting process, the base material recrystallized in 

randomly oriented grains. Samples A and B showed comparable grain structures (see 

EBSD plots in Figs. 2.1c and f) with small grains (a few micrometers) which were 

embedded in large grains (several tens of micrometers), the small grains often being 

twins of the large ones. All pillars with diameters larger than 1 μm were 

polycrystalline (see EBSD plot in Fig. 2.2e) with random arrangements of grain 

boundaries. As the diameters of the pillars decrease, the percentage of polycrystalline 
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pillars also decreases. All pillars smaller than 200 nm were single-crystalline (see 

EBSD plot in Fig. 2.2a). 

The grain orientation of the pillars showed no preferred direction, with the exception 

of pillars in the range of 250 nm and smaller, where half of the pillars had a similar 

orientation which was close to (101). No correlation between the local orientation of 

the base material and the top of the pillar was detected. 

Fig. 2.2 compares SEM images and EBSD plots of five representative pillars before 

and after compression and presents the corresponding engineering stress-strain curves. 

The diameters and the aspect ratios of the pillars increase from 180 nm (a) to 1065 nm 

(e) and decrease from 2.5 (a) to 0.7 (e). Pillars (b) and (c) have equal diameters but the 

former is single-crystalline, and the latter exhibits a grain boundary. It is observed that 

the slopes at the beginning of the stress-strain curves increase with decreasing pillar 

diameter. This is probably due to the fact that the pillars with larger diameters show 

early plastic deformation due to surface roughness or misalignment between the pillar 

top surface and the flat punch. 

In the course of the loading cycle, the pillars deform in discrete strain bursts followed 

by elastic reloading segments. The bursts get more pronounced at smaller pillar 

diameter. The presence of at least one grain boundary seems to influence the frequency 

of strain bursts. Comparing two pillars with equal diameters (Fig. 2.2b and c), it is 

observed that the pillar with a grain boundary (c) exhibits several bursts, while the 

stress-strain curve of the single-crystalline pillar (b) is dominated by one distinct burst. 

In general, the flow strength increases from 0.225 GPa for the largest pillar (e) to 

0.893 GPa for the smallest pillar (a). The average strain-hardening rate is in the range 

of 1 GPa for pillars (d) and (e), and 0.3 GPa for pillar (a). In contrast, pillars (b) and 

(c) show softening (−0.3 GPa, and −0.4 GPa) between 5% and 15% strain, but an 

accurate quantification of the strain-hardening rate is difficult for the discontinuous 

stress-strain curves. 

The pillars in Fig. 2.2 show a variety of different compression responses. In most cases 

plastic deformation occurred by dislocation slip (SEM images in Fig. 2.2a and c-e) and 

in exceptional cases by twinning (b). 
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Figure 2.2: Five representative examples of nanoimprinted pillars with diameters between 

180 nm and 1065 nm on sample B. Pillars in (a) and (b) are single-crystalline, pillars (c) 

to (e) are polycrystalline. The SEM images and EBSD plots compare shape and 

orientation before and after compression. The EBSD plots show the out-of-plane 

orientation of the pillar top surface according to the color key in Fig. 2.1. On the right, the 
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corresponding engineering stress-strain curves are presented. The flow strength σ0.05 

(highest stress value measured below 5% strain) and the stress reached at 15% strain σ0.15 

(or the stress reached during the last reloading regime where 15% strain occurred within a 

displacement burst) are indicated in each plot. 

 

The small pillars (a, c) often deformed by localized single-slip, while larger pillars (d, 

e) show more homogeneous deformation resulting in orientation gradients (EBSD plot 

in Fig. 2.2d). In certain cases, preexisting grain boundaries seemed to be involved in 

the deformation response (compare pillars (c) and (d)). This mechanism was already 

observed by Buzzi et al. [15] for silver nano-pillars. It should be noted that, in the 

present case, it is often not possible to clarify the precise deformation mechanism 

because the compression response was a combination of multiple mechanisms. 

Correlations between deformation mechanisms and the amount of flow stress at 5% 

strain could not be identified. 

2.3.2. Pillars produced by FIB milling 

As the areas for FIB milling were chosen arbitrarily in terms of grain size and 

orientation, these pillars have no preferential out-of-plane orientation. While two-

thirds of the large pillars (around 1000 nm in diameter) exhibit a grain boundary, a 

majority of the smallest pillars (around 300 nm in diameter) are single-crystalline. 

Fig. 2.3 presents SEM images, EBSD plots and engineering stress-strain curves for 

five representative pillars with diameters of between 315 nm (a) and 1015 nm (d and 

e). The aspect ratios range from 1.8 for pillar (a) to 2.1 for pillars (d) and (e) and 2.5 

for pillars (b) and (c). Pillars (b) and (c) as well as (d) and (e) have equal diameters but 

different microstructures (compare EBSD plots)  

As for the nanoimprinted pillars, the presence of at least one grain boundary increases 

the frequency of strain bursts during the loading cycle. The higher strain-burst 

frequency implies that the corresponding strain per burst decreases from more than 

10% to less than 1% (e.g., compare stress-strain curves in Figs. 2.3b and c). 

The flow strength values of the pillars shown in Fig. 2.3 range from 0.133 GPa (d) to 

0.526 GPa (a). As observed for the nanoimprinted pillars, the pillars with smaller 

diameters show increased strength.  
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Figure 2.3: Five representative examples of pillars produced by FIB-milling with 

diameters between 315 nm and 1015 nm on sample B. Pillars in (a), (b) and (d) are single-

crystalline, pillars in (c) and (e) are polycrystalline. The SEM images show the pillar 

shape after compression. The EBSD plots show the out-of-plane orientation of the pillar 

top surface according to the color key in Fig. 2.1 before and after compression. On the 
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right, the corresponding engineering stress-strain curves are presented. The flow strength 

σ0.05 (highest stress value measured below 5% strain) and the stress reached at 15% strain 

σ0.15 (or alternatively 10% for compression tests which were stopped before reaching 15% 

or the stress reached during the last reloading segment where 15% strain occurred within 

a displacement burst) are indicated in each plot.2 

 

According to the definition given in section 2.2, the average strain-hardening rate of 

pillars (b) and (d) is 0 GPa. Pillars (c) and (e) show slight hardening of 0.2 GPa, while 

the smallest pillar (a) exhibits the highest strain-hardening rate of 1.8 GPa. 

In contrast to the nanoimprinted pillars, plastic deformation occurred exclusively by 

dislocation slip, and twinning was not observed.3 Pillars (a), (d) and (e) deformed by 

single-slip. Pillar (a) exhibits few but very pronounced slip bands; pillar (d) shows one 

distinct slip band and a less pronounced one underneath; and pillar (e) deformed by the 

activation of numerous narrow slip bands. In the case of pillar (c), plastic deformation 

occurred close to the top. On the upper surface of the SEM image rotated 90° (not 

shown here), several slip bands of two different activated slip systems are visible. 

Pillar (b) deformed by double-slip, with several intersecting slip-planes which evolved 

between the center and the bottom of the pillar and a few narrow slip bands close to 

the pillar top. Correlations between the number or orientation of slip bands detected 

after compression and the number or frequency of strain bursts in the stress-strain 

curve could not be found. 

In terms of the FIB-milling method, no significant differences neither on the flow 

strength nor on the strain-hardening rate was observed when comparing the one-step 

with the two-step method. 

                                              
 

2 The Young’s moduli which can be derived from the initial stress-strain curve or from the elastic 

reloading segments are clearly lower than expected for gold. Several factors might simultaneously 

account for this finding: the rounded top surface of the pillars, the compliance of the substrate, the 

surface roughness or the misalignment between the pillar top surface and the flat punch. 

3 Twin boundaries were not generated during compression. Few pillars showed twin boundaries in the 

non-compressed state. These were formed in the course of the previous recrystallization process. 
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2.4. Discussion 

It is instructive to analyze the deformation modes that are possible in face-centered 

cubic (fcc) pillars, including the variation in microstructures involved. Fig. 2.4 

describes the five most likely scenarios. Mechanical twinning was also occasionally 

observed (Fig. 2.2b), but in contrast to silver [15] it is not believed to be a relevant 

deformation mechanism because of the higher stacking fault energy of gold 

(45 mJ m−2 vs. 22 mJ m−2 [32]). This mechanism is therefore neglected in the 

following section, where the deformation modes are presented and their likelihood 

discussed with regard to the mechanical properties observed. 

 

 

Figure 2.4: Schematic representation of the five most likely dislocation-based 

deformation modes when compressing single- and poly-crystalline gold pillars: (a) 

dislocation nucleation in the interior of the pillar, (b) dislocation multiplication from 

gliding dislocations or the absence thereof (dislocation starvation), (c) dislocation 

nucleation at surface defects, (d) dislocation nucleation at grain boundaries, and (e) 

dislocation pile-up at grain boundaries (Hall-Petch effect). 

 

2.4.1. Deformation modes possible in fcc pillars 

a) Dislocation nucleation in the interior of the pillar 

Von Blanckenhagen et al. (e.g., Refs. [27, 28]) suggested a source-dominated model to 

explain the inverse relationship of pillar size and strength. The model is based on the 
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Orowan stress stating that the stress necessary to activate a Frank-Read source is 

inversely proportional to the distance of the pinning points and given by: 

 ⎟
⎠
⎞

⎜
⎝
⎛=

b
s

s
Gb

source
ατ ln1

2
 (2.4) 

with G the shear modulus, b the Burger’s vector, α a fitting constant in the order of 

unity and s the distance between the pinning points. Von Blanckenhagen et al. [27] 

expect a dependence of the flow stress close to 1/d (with d being the grain size) in the 

size range relevant to the work presented here, provided that the largest (and thus first 

activated) source size scales linearly with the grain size (s = cd, with c being a 

constant).  

They also determined a critical grain size d* below which the classical Hall-Petch 

behavior (τ ~ 1/√d) is dominated by the source activation (approximately τ ~ 1/d), and 

found for copper that d* = 1.3 μm, assuming c = 1/4. 

b) Dislocation multiplication from gliding dislocations or the absence thereof 

(dislocation starvation) 

Dislocation motion is usually accompanied by dislocation multiplication, which leads 

to strain hardening caused by the increased dislocation density. According to the 

dislocation-starvation model of Greer and Nix [29], the above-mentioned mechanisms 

cannot occur in small volumes because the probability of dislocation annihilation at 

nearby free surfaces is higher than the probability of dislocation multiplication or 

dislocation pinning by other dislocations. Greer et al. [13] follow Gilman’s description 

of dislocation multiplication [33] and suggest that a dislocation needs a minimum 

travel distance δ (also called breeding distance) to replicate itself. They found δ for 

silver to be on the order of 1 μm and assume a similar value for gold. This would 

imply that dislocation multiplication in pillars with diameters smaller than 1 μm is 

inhibited because the dislocations leave the crystal before they have the chance to 

multiply, leading to a dislocation-starved state. Further plastic deformation must then 

be accommodated by the nucleation and motion of newly generated dislocations. 
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c) Dislocation nucleation at surface defects 

Zhu et al. [34] suggest that the nucleation stress for dislocation is proportional to the 

logarithm of the number N of equivalent surface nucleation sites. They assume that N 

is affected by the sample geometry, and therefore a size effect is to be expected. Since 

N appears in a logarithmic term, the size effect is weaker than the scaling exponent 

observed by Volkert and Lilleodden [14] or Greer et al. [13]. However, Zhu et al. [34] 

assume that dislocation nucleation starts to be the dominant deformation mechanism 

only for pillars with diameters smaller than ~20 nm (cf. Fig. 4 in Zhu et al. [34]). 

Surface steps may be a typical nucleation site, as investigated by Li and Xu [35]. 

Based on a general variational boundary-integral formulation of the Peierls-Nabarro 

dislocation model, they demonstrated that the critical stress for dislocation nucleation 

strongly decreases with increasing step size (cf. Fig. 11 in Li and Xu [35]). This 

finding confirms the importance of very accurate sample fabrication leading to smooth 

pillar surfaces. 

d) Dislocation nucleation at grain boundaries 

The boundary region between grains can act as a source for dislocations. Hull and 

Bacon [36] identified several mechanisms which may be involved in the generation of 

dislocations. For example, the dislocation segments forming a low-angle grain 

boundary can act as Frank-Read sources. Hull and Bacon also propose that 

dislocations generated within the grain and piled up at the grain boundary cause large 

stress concentrations and these lead to grain-boundary source activation at relatively 

low applied stresses. 

e) Dislocation pile-up at grain boundaries (Hall-Petch effect) 

The decrease in grain size leads to a strength increase Δσ due to the interaction of 

dislocations with grain boundaries. The effect can be quantified by: 

 
d

kHP=Δσ  (2.5) 

where kHP is the Hall-Petch coefficient and d is the grain size. The coefficient kHP can 

be estimated for fcc materials by [37]: 
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15

bkHP
μ

≈  (2.6) 

where μ is the shear modulus and b is the absolute value of the Burger’s vector. 

It is assumed that plastic deformation in the current study will probably be a 

combination of multiple processes which depend on, for example, the individual 

microstructure of each pillar. When determining the strength of a pillar at 5% strain, 

the value will always be based on a combined effect of initial yielding and hardening, 

as shown by Maass et al. [38] for gold pillars in the range of 1 μm to 10 μm. A 

decoupling of yielding and hardening is very difficult. 

When comparing the two production routes, differences in the microstructures may 

evolve in connection with (i) the pillar surface; (ii) the number of grain boundaries 

included in the volume and their orientation relative to the pillar axis; and (iii) the pre-

existing dislocation density. These differences will be discussed in light of the 

deformation modes presented. 

2.4.2. Flow strength 

In order to visualize size effects in the strength of the pillars investigated, Fig. 2.5 

presents the flow strength σ0.05 as a function of the pillar diameter d in a double-

logarithmic plot for (a) nanoimprinted and (b) FIB-milled pillars. For better 

comparison, the plots also show, in light grey, the values of the pillars produced by the 

alternative process. For larger pillars (1070 nm), a minimum flow strength of 67 MPa 

was measured. In smaller pillars (180 nm), flow strength values of up to 893 MPa 

were reached. These values agree with values reported by Volkert and Lilleodden [14] 

and Greer et al. [29]. 

Least squares fittings with power functions were performed for (i) the entire data set 

(including pillars with unknown microstructure); (ii) the single-crystalline pillars by 

themselves; and (iii) the polycrystalline pillars by themselves. In addition, the data 

trend line found by Volkert and Lilleodden [14] for FIB-milled gold pillars is indicated 

in Figs. 2.5a and b. Differences in pillar orientation were not taken into account 

because it was impossible to consider the orientation of all pillars. Owing to the high 

number of glide systems in the fcc systems and the polycrystalline nature of a subset 
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of pillars, this effect was deemed to be small in comparison with the experimental 

scatter observed. 

The frequently observed trend of increasing strength with decreasing sample 

dimensions was seen in both FIB-milled and nanoimprinted pillars. The fitting 

indicates an identical power law with exponents −0.67 ± 0.07 and −0.71 ± 0.04, 

respectively, and comparable strength values for both production routes. Thus, it is 

assumed that the production route has no decisive influence on the deformation 

behavior of the pillars.4 Volkert and Lilleodden [14] report a power-law exponent of 

−0.61, which is slightly lower than the exponents found in this study. Buzzi et al. [15] 

found a power-law exponent of −1.0 for silver nanopillars produced by the same 

nanoimprinting process used here. The differences in the reported exponents may be 

partially the consequence of different fitting methods, such as the chosen error 

minimization strategy, or may result from an offset corresponding to the bulk strength 

(compare Buzzi et al. [15]). The fitting method used in the work presented here did not 

account for an offset. 

The pillars in this study exhibit a more complex microstructure than those studied by 

Volkert and Lilleodden [14] or Greer et al. [13]. Consequently, the data set was 

divided into one group with grain boundaries and one without. It has to be noted that 

grain boundaries which do not intersect the pillar top surface may remain 

undiscovered. For both production routes, no significant difference in absolute strength 

for pillars with or without grain boundaries was detected. Considering the power-law 

exponents of nanoimprinted pillars, there is a slight decrease for pillars with at least 

one grain boundary. For polycrystalline materials, the yield stress scales with the 

                                              
 

4 It is assumed that the FIB-milling parameters, such as acceleration voltage, beam current or dwell 

time, but also the testing methods have an decisive influence on the mechanical properties. For 

nanoindentation tests, it is known that FIB-milling leads to increased surface hardness because the 

FIB-damaged layer is a significant fraction of the tested volume. For pillars, where the damaged 

fraction is clearly smaller, Shim et al. (Acta Materialia 57 (2009) 503–510) have shown that the yield 

strength is considerably lower compared to non-milled samples. However, they analyzed dislocation-

free Mo-alloy micropillars that were FIB-milled following directional solidification. 
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inverse square root of the grain size (Hall-Petch relation). Therefore, a reduction of the 

exponent closer to −0.5 would be conclusive. A similar trend for the FIB-milled pillars 

is not observable, which might be related to the fact that the number of polycrystalline 

pillars smaller than 500 nm was restricted to two.  
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Figure 2.5: Flow strength σ0.05 at 5% strain as a function of the pillar diameter d in a 

double-logarithmic plot for (a) nanoimprinted and (b) FIB-milled pillars. For better 

comparison the plots also show in light grey the values for the pillars produced by the 

alternative process. Power-law fittings are indicated for (i) the entire data set (including 

pillars with unknown microstructure); (ii) the single-crystalline pillars by themselves; (iii) 

the poly-crystalline pillars by themselves; and (iv) the FIB-milled gold pillars of Volkert 

and Lilleodden [14]. 

 

The source-dominated model of Blanckenhagen et al. (e.g., [27, 28]) would predict a 

slope close to −0.85 in the double-logarithmic strength-diameter plot for gold pillars in 

the diameter range explored here. This value is clearly higher than that found in our 

study. The reason may be related to the model assumption that the source size scales 

linearly with the pillar diameter. This assumption is based on perfect sources in the 

interior of the pillar. More realistic scenarios such as sources at surfaces or grain 

boundaries may produce a weaker scaling function. A source model introduced by 

Parthasarathy et al. [39] and supported by Rao et al. [40] using discrete dislocation 

simulations (DDS) yielded slopes between −0.43 and −0.84, depending upon the initial 

dislocation source density. They identified a source-truncation hardening mechanism 
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which states that all sources become a pair of single-end-pinned sources owing to their 

interaction with the nearby free surface. Based on this mechanism, the increase in flow 

stress with decreasing sample size can simply be explained by the statistical variation 

in the source length of dislocations. 

Another parameter influencing the scaling behavior may be the aspect ratio, which is 

not constant among the pillars examined here. Volkert and Lilleodden point out that 

below an aspect ratio of 1.5 slip is possibly hindered by the underlying material. The 

nanoimprinted pillars with diameters ranging from 550 nm to 1100 nm exhibit aspect 

ratios between 1.2 and 0.7. However, as these pillars are polycrystalline they deformed 

homogeneously and thus it is assumed that the low aspect ratio had no decisive 

influence on the deformation behavior. 

Following the dislocation starvation model described by Greer and Nix [29], it is 

assumed that mobile dislocations which are present in the non-deformed pillars escape 

from the pillar volume at the nearest free surface without multiplication or interaction 

with other dislocations. This observation was confirmed by Shan et al. [41], who 

showed in an in-situ TEM experiment that dislocations leave a Ni pillar at the onset of 

compression. For this reason it is thought that differences in dislocation density 

resulting from different production routes would be leveled out by the first load step. 

Consequently, with regard to dislocation densities, no difference in flow strength is 

expected between the production routes. Thus, yield strength values determined at 

high plastic strains are always expected to depend on the nucleation stress of new 

dislocations as long as the additional surface steps created by the escaping dislocations 

do not result in more easily activated sources. The highest flow strength observed in 

this study is 893 MPa (pillar (a) in Fig. 2.2 with a diameter of 180 nm), resulting in 

366 MPa shear stress with a Schmid factor of 0.41. This corresponds to approximately 

G/74 (with G = 27 GPa), a value smaller by a factor of 2 to 10 than the theoretical 

shear strength, which is expected to be in the range G/30-G/2π. As the theoretical 

strength has obviously not yet been reached, it is assumed that plastic deformation is 

controlled by dislocation source activation. Because smaller pillars are stronger, the 

source size must be reduced or the number of sources must be limited in smaller 

pillars. For pillar (a) in Fig. 2.2 a source size in the range of s = 56 nm was calculated 
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using Eq. (2.4), with the stress to activate a dislocation source τ = 366 MPa 

(corresponding to the maximum resolved shear stress), the Burger’s vector 

b = 0.288 nm, the shear modulus G = 27 GPa, and α = 1. 

In contrast to the results presented here, Bei et al. [42], after performing compression 

tests on dislocation-free molybdenum-alloy pillars, found yield stresses close to the 

theoretical strength independent of the pillar diameter. Furthermore, pre-strained 

pillars with increased dislocation density exhibited bulk-like behavior with 

homogenous stress-strain curves and considerably reduced strength values also 

without any size dependence. It is assumed that the differences between the work of 

Bei et al. [42] and the results reported here are a consequence of (i) a smaller scaling 

exponent for bcc metals (compare Schneider et al. [43]) and (ii) the differences in 

defect densities (much lower or much larger defect spacing than the pillar diameter, 

whereas in this study the length scales are comparable).  

2.4.3. Strain hardening 

The average strain-hardening rate n scatters significantly because of the extremely 

heterogeneous deformation behavior of small pillars.5 Taking for example pillars (a) 

and (b) in Fig. 2.2 or pillar (b) in Fig. 2.3, the first 15% strain is covered by only one 

or two large bursts and no hardening is observed. On the other hand, pillar (a) in 

Fig. 2.3 exhibits several strain bursts, and hardening in the range of 1.8 GPa is 

observed, although the pillar deformed by single-slip. Without reciprocal hindering of 

the dislocation motion by intersecting slip-planes, hardening would actually not be 

expected. In contrast, pillar (b) in Fig. 2.2 deformed by double-slip, but the hardening 

expected here does not emerge within the first 15% strain. Consequently, it is 

impossible to draw solid conclusions out of the observations made. Nevertheless, the 

                                              
 

5 The distribution might be further broadened by the inaccurate determination of the strain in case of 

non-continuous curves. For example, in case of pillar (b) in Fig. 2.3 σ0.05 and σ0.15 coincide at ~3% 

engineering strain. Furthermore, pillar displacement and strain were not corrected for the substrate 

compliance. 
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following observations are interesting as they can in principle be compared to results 

from the literature. 

Fig. 2.6 shows the average strain-hardening rates n for (a) nanoimprinted and (b) FIB-

milled pillars as a function of the logarithm of the pillar diameter d. Considering FIB-

milled pillars, values between −0.4 GPa (softening) and 2.8 GPa (hardening) are 

observed, although only two pillars exhibit softening.  

 

(a) (b)

100 1000
-3

-2

-1

0

1

2

3

4

5

6

7

8
Nanoimprinting

 single-crystalline
 polycrystalline
 not defined
 n = 0.8*d0.08  entire data

St
ra

in
 h

ar
de

ni
ng

 ra
te

, n
 [G

P
a]

Pillar diameter [nm]
100 1000

-3

-2

-1

0

1

2

3

4

5

6

7

8
FIB

 single-crystalline
 polycrystalline
 not defined
 n =   167*d-0.85  entire data
 n = 1418*d-1.17  single crystalline
 n =    0.3*d0.07   poly crystalline

St
ra

in
 h

ar
de

ni
ng

 ra
te

, n
 [G

P
a]

Pillar diameter [nm]

(a) (b)

100 1000
-3

-2

-1

0

1

2

3

4

5

6

7

8
Nanoimprinting

 single-crystalline
 polycrystalline
 not defined
 n = 0.8*d0.08  entire data

St
ra

in
 h

ar
de

ni
ng

 ra
te

, n
 [G

P
a]

Pillar diameter [nm]
100 1000

-3

-2

-1

0

1

2

3

4

5

6

7

8
FIB

 single-crystalline
 polycrystalline
 not defined
 n =   167*d-0.85  entire data
 n = 1418*d-1.17  single crystalline
 n =    0.3*d0.07   poly crystalline

St
ra

in
 h

ar
de

ni
ng

 ra
te

, n
 [G

P
a]

Pillar diameter [nm]

 

Figure 2.6: Strain-hardening rate n as a function of the logarithm of the pillar diameter d 

for (a) nanoimprinted and (b) FIB-milled pillars. For better comparison the plots also 

show in light grey the values for the pillars produced by the alternative process. For the 

FIB-milled pillars, power law fittings are indicated for (i) the entire data set (including 

pillars with unknown microstructure); (ii) the single-crystalline pillars by themselves; and 

(iii) the poly-crystalline pillars by themselves. In the case of the nanoimprinted pillars, 

differentiation of the pillar microstructure for the power law fitting was not feasible 

because of the broad data distribution. 

 

Power-law fittings are indicated for (i) the entire data set (including pillars with 

unknown microstructure); (ii) the single-crystalline pillars by themselves; and (iii) the 

polycrystalline pillars by themselves. A trend of increasing strain-hardening rate with 

decreasing diameter is found (n ~ d−0.85) when the entire data set is considered. The 

trend is even more pronounced when just single-crystalline pillars are taken into 

account (n ~ d−1.17). In fact, for single-crystalline FIB-milled pillars Volkert and 

Lilleodden report an exponent of −1.07, which is in good agreement with the value 
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found here. In contrast to single-crystalline samples, however, no trend of increasing 

hardening rate is observed for polycrystalline FIB-milled pillars. 

Nanoimprinted pillars larger than 300 nm show hardening between 0.73 GPa and 

4.1 GPa. In pillars smaller than 300 nm, scattering increases considerably and 

softening (−2.1 GPa) and hardening up to 7.2 GPa are observed. Differentiation of the 

pillar microstructure for the power-law fitting was not feasible because of the broad 

data distribution. Considering the entire data set, a power-law fitting gives n ~ d−0.08, 

thus showing – in contrast to FIB-milled pillars – no trend of increasing average strain-

hardening rate with decreasing pillar diameter. 

The comparison between the two fabrication routes is not possible, owing to the 

following differences: (i) a change in aspect ratio with pillar dimension for the 

nanoimprinted pillars, (ii) an increase in tapering for FIB-milled pillars with 

decreasing pillar size due to the Gaussian profile of the focused ion beam, and (iii) 

higher effective strain rates for pillars that show strain bursts, which can 

predominantly be found at smaller pillar dimensions. 

Volkert and Lilleodden [14] and Shan et al. [41] explain the hardening they observe 

according to a dislocation source-limited model where the progressive activation and 

subsequent exhaustion of dislocation sources control the deformation. Following the 

framework of Hall-Petch, Volkert and Lilleodden point out that a large dislocation 

density leads to large internal stresses and thus the local stresses required for the 

nucleation of dislocations are reached more easily. This mechanism may be 

responsible for both (i) the hardening observed in individual stress-strain curves and 

(ii) the increase in strain-hardening rates with decreasing pillar diameters. In the 

course of the deformation process the dislocation density may be reduced owing to 

dislocation loss, which would require higher stresses to activate new dislocation 

sources. 

2.4.4. Statistical distribution of results 

In metallic bulk materials the distance between defects such as grain boundaries, 

particles or dislocations is always much smaller than the dimension of the specimen. In 

the current study the internal and the external length scales start to be comparable, 
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even if the extremes of defect-free specimens are not reached. For polycrystalline 

samples, it is assumed that the scattering of the results is low and consequently the 

Weibull parameter m is high. However, if there is only a small number of defects 

within the sample volume, the exact kind and geometric orientation of these defects 

strongly affects the properties of each sample and leads to an increased scattering of 

the results. This behavior is very similar to the strength distributions in ceramics, 

where small cracks of stochastic length determine the mechanical failure. 

Consequently, it is instructive to apply Weibull statistics to the current set of data. 
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Figure 2.7: Weibull parameter m for single-crystalline and polycrystalline pillars with 

diameters of around 300 nm, 500 nm, and 1100 nm. The inset shows one example of an 

underlying Weibull distribution for polycrystalline pillars with diameters of around 

1100 nm; this was used to determine m. 

 

Fig. 2.7 presents the Weibull parameter m based on the flow strength at 5% strain for 

polycrystalline and single-crystalline pillars with diameters of around 300 nm, 500 nm 

and 1100 nm without taking into account the production route. At large diameters the 

scattering of the single-crystalline data is much stronger (low Weibull parameter m) 

than that of the polycrystalline data. For large polycrystalline pillars each pillar already 

consists of several grains, resulting on the one hand in several possibilities for 

dislocation nucleation, and on the other in a large number of possible active glide 



NANOPILLARS 

44 

systems. As the number of grain boundaries is reduced to one for smaller pillars, the 

difference in Weibull parameter between polycrystalline and single-crystalline pillars 

disappears. A further decrease in the pillar diameter from 500 nm to 300 nm generates 

an increase in the Weibull parameter independently of the presence or absence of grain 

boundaries. This may be related to the fact that the distribution must become 

extremely narrow again once the pillars are defect free [17]. 

2.5. Conclusions 

The effect of ion implantation and amorphization on the mechanical behavior of FIB-

milled pillars is a subject of ongoing discussion in the scientific community. This 

paper contributes to this discussion by comparing the results of two different 

production routes, namely FIB milling and nanoimprinting. It also attempts to 

integrate microstructural considerations into the analysis of scaling effects which occur 

in compression tests of gold pillars. The following conclusions can be drawn: 

There is no significant difference between the two production routes with regard to 

strength levels and scaling behavior. The results reported here compare well with the 

literature. 

The presence or absence of grain boundaries within the pillar volume does not seem to 

have a decisive influence on strength or scaling behavior. 

Owing to the deformation by discrete events a solid evaluation of strain-hardening 

rates was not possible. A general trend for both production methods is that the scatter 

in average hardening rates increases with decreasing pillar diameter. 

A large distribution of the results suggests the application of Weibull-type statistics. 

The scattering is found to be maximal for intermediate pillar diameters, where defect 

spacing and external dimensions are close to each other. 
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3. NANOINDENTATION OF SINGLE-CRYSTALLINE GOLD THIN 

FILMS: CORRELATING HARDNESS AND THE ONSET OF 

PLASTICITY 

 

This chapter comprises nanoindentation experiments on single-crystalline gold thin 

films. In the case of thin films the determination of mechanical characteristics is 

challenging, because of two reasons. First, the measurements always reveal the 

mechanical characteristics of the entire substrate/film systems and, in the majority of 

cases, the separation of the pure film properties is very difficult or even impossible. 

Secondly, as films get thinner, the indentation depths have to be reduced as well. But 

the results of shallow indents are strongly influenced by geometrically necessary 

dislocations, complicating the comparison of different film thicknesses and the 

exploration of potential size effects. These issues are addressed in the experiments 

presented hereafter. 

 

This work has been published in the full length article: 

M. Dietiker, R. D. Nyilas, C. Solenthaler, R. Spolenak; Nanoindentation of single-

crystalline gold thin films: correlating hardness and the onset of plasticity. Acta 

Materialia 56 (2008) 3887–3899. 

 

Abstract 

The understanding of mechanical properties of materials with external dimensions on 

the nanometer scale is crucial for the design and fabrication of nanoelectronics and 

nanosystems. Metal thin films exhibit a size dependent hardening effect that scales 
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inversely with the film thickness down to 200 nm. The thickness range below 200 nm 

is mostly unexplored and first experiments indicate a change in the scaling law. Here, 

the mechanical properties of single-crystalline Au films are investigated in the 

thickness range from 858 nm to 31 nm by nanoindentation. Maximum shear stresses at 

the onset of plasticity are determined by the finite element method. While the hardness 

increases with decreasing film thickness, as expected from macroscopic experiments, 

the onset of plasticity shifts to lower shear stresses for thinner films. These 

observations are interpreted with respect to detailed observations of the 

microstructures of the films investigated. 
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3.1. Introduction 

Material properties at the nanoscale attract considerable interest because the mechanics 

associated with small volumes is increasingly important for the development of thin 

films and nanostructured materials used in many technical applications. In the context 

of miniaturization, it has been recognized that the mechanical properties of small 

volumes whose dimensions lie below a characteristic length scale (e.g., the dislocation 

curvature radius at a given stress or the spacing between partial dislocations) are 

different compared to macroscopic structures (e.g., [1]). Experiments on single-

crystalline and thin-film metals have shown that shear stresses near the theoretical 

limit are required to produce permanent deformation at the nanoscale (e.g., [2-4]). 

One technique to obtain information about local mechanical properties at the 

nanoscale is nanoindentation, where a hard tip with a well-defined geometry is pressed 

into the sample. The evolution of the applied load and displacement of the indenter tip 

during loading and unloading is continuously measured. Together with the well 

established Oliver-Pharr method [5], where the elastic modulus as well as the hardness 

of a material is determined on the basis of load-displacement curves from indentation 

experiments, discontinuities in the curves provide further information about material 

properties. Such discontinuities (sometimes referred as pop-in events) have been 

observed in many material systems, but further remarks will be limited to Au single 

crystals. Several groups have identified discontinuities in load-displacement curves 

and associated them with the generation of dislocations (e.g., [6-9]). 

It has been shown that Au indentation curves follow Hertzian behavior up to the first 

discontinuities [7,8]. Therefore, the well-known Hertzian model can be used to 

estimate the stresses required to reach the first discontinuities in the load-displacement 

curves. In this model, if one assumes hemispherically-ended indenter tip, the load P is 

related to the indenter radius R, the elastic properties of the contacting materials Er 

(often referred as “reduced modulus” of the system, cf. Eq. (3.4)) and the elastic 

displacement d by [10]: 

 2
3

r3
4 dREP =  (3.1) 
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For a material with a Poisson’s ratio ν of 1/3, the maximum shear stresses occur along 

the  symmetry axis at a depth of ~a/2, where a is the radius of the contact area [11]. 

Following the development given in [10], the maximum shear stress τmax on planes 

inclined to the surface at 45° can be calculated according to: 

 ⎟
⎠
⎞

⎜
⎝
⎛=

Rd
P

π
τ 45.0max  (3.2) 

Furthermore, τmax can be written as a function of the reduced modulus Er [11]: 
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The discontinuities appear at stresses near the critical resolved shear stress at which a 

slip system can be activated. Therefore, Asenjo et al. [9] argued that the process 

involves only a relatively small volume which is most probably free of preexisting 

dislocations. They correlated the appearance of permanent deep traces around the 

indent to the generation and movement of dislocation loops with a partial screw 

character (see also [12] and [13]). Focusing on crystallographic consideration, Kiely 

and Houston [8] described the yield point in an indentation experiment as the 

nucleation of dislocation loops on all {111} planes which intersect the surface. They 

pointed out that the position of the maximum shear stress may not necessarily be the 

site of the loop nucleation. Atomistic simulation of the first dislocation events indicate 

that partial dislocation loops nucleate with mirror symmetry at a distance 

approximately half of the contact radius beneath the surface, but not in the indenter 

axis [14]. Lilleodden et al. [15] attribute the load drop in simulated indentation 

experiments to the homogenous nucleation of two sets of partial dislocations on 

adjacent {111} planes beneath the surface. 

In the present paper, nanoindentation experiments were used to explore the effect of 

film thickness on hardness and modulus as well as for the initial plastic deformation. 

Single-crystalline Au films with (100) out-of-plane orientation were studied using two 

different indenter tips. The maximum resolved shear stress at the onset of plasticity has 

been determined by finite element (FE) simulations as well as estimated by Hertzian 

elastic contact theory. 
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3.2. Materials and methods 

3.2.1. Materials 

Au thin films with thicknesses ranging from 31 nm to 858 nm were grown on cleaved 

and polished (100) oriented NaCl single-crystalline substrates (size: 30 × 30 mm2, 

Crystec, Germany) by magnetron sputtering at <10-8 mbar base pressure (DCA 

Instruments, Finland). Six testing areas (5 × 8 mm2) were defined by a molybdenum 

sputtering mask. Prior to deposition, the substrates were heated at 300°C for 60 min. 

The film deposition was performed at this temperature with a deposition rate of 

50 nm/min. Using electron backscatter diffraction (EBSD), all films were found to be 

single crystalline with a (100) out-of-plane orientation. The film thicknesses were 

precisely determined by Rutherford backscattering spectrometry (RBS). More detailed 

information concerning the film characterization is given in [16]. 

3.2.2. Nanoindentation 

The mechanical properties of the various films were characterized using a 

TriboIndenter (Hysitron Inc., USA) with a Berkovich tip. The tip radius was 

determined by direct AFM (atomic force microscopy) observations to be 200 nm. The 

measurements were carried out in load control mode using a partial unloading function 

consisting of 20 cycles, each composed of a loading segment, a hold time, and 

unloading segment. The peak load of the first cycle was varied from 5 μN for the 

134 nm Au films to 1000 μN for the 858 nm Au films, while the peak load of the final 

cycle was varied from 500 μN to 10000 μN, respectively. The peak forces of the 

cycles in between were increased parabolically to achieve constant depth steps. The 

segment times were kept constant at 1 s for the loading segment, 0.5 s for the hold 

segment and 1.5 s for the unloading segment leading to a total duration of 60 s per 

indentation. During the unloading segment each peak force was reduced by half. Three 

indents were placed on one testing area per sample.  

The drift rate was confirmed prior to each indentation by keeping the indenter tip in 

contact with the film surface at constant force (0.5 μN) and monitoring the 

displacement for 30 s. Subsequently, the indentation depths were corrected for this 
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drift. Each unloading segment was evaluated according to the method of Oliver and 

Pharr [5] resulting in hardness as well as modulus profiles. The reduced indentation 

modulus Er was converted into the Young’s modulus of the specimen Es using the 

equation: 
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EEE
νν −

+
−

=  (3.4) 

where Ei (1141 GPa) and νi (0.07) are Young’s modulus and Poisson’s ratio of the 

diamond indenter tip and νs (0.44 for the Au films and 0.25 for the NaCl substrate, 

respectively) is the Poisson’s ratio of the specimen. It must be noted that Eq. (3.4) 

assumes isotropic elastic properties which is not true for single-crystalline Au or 

single-crystalline NaCl. The NaCl substrate was characterized using a partial 

unloading function with a minimum peak load of 20 μN and a maximum peak load of 

5000 μN. Hardness and modulus were calculated by averaging each five final cycles of 

three indents. 

Fig. 3.1a shows a characteristic load-displacement curve consisting of 20 loading and 

unloading cycles for an 858 nm single-crystalline Au film. With a maximum 

indentation load of 10000 μN, an indentation depth of approximately 1000 nm is 

achieved. The horizontal segments prior to the unloading segments result from the 1 s 

holding time and can be attributed to material flow. Based on each unloading segment, 

hardness values as a function of the associated indentation depth and modulus values 

were determined. 

Indents were performed using a Berkovich tip (opening angle: 142.3°) with tip radius 

R = 700 nm and a cube corner (opening angle: 90°) with tip radius R = 70 nm. The 

Berkovich indentations were carried out in displacement control (dc) mode with 

constant loading and unloading rates of 7 nm/s to depths of 80 nm as well as in load 

control (lc) mode with constant loading and unloading rates of 30 μN/s to peak loads 

of 360 μN. These loading rates are approximately equivalent in terms of strain rates. 

The cube corner indentations were carried out in lc mode with constant loading and 

unloading rates of 12 μN/s to peak loads of 60 μN. The loading and unloading 

segments were separated by a hold time of 1 s. At least four indents were placed on 

two testing areas per sample. Prior to indentation, the Au film surface was scanned by 
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the indenter tip (scan area: 20 × 20 μm) in order to place the indent on reasonably flat 

and scratch free zones. 
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Figure 3.1: (a) Characteristic load-displacement curve for an 858 nm single-crystalline 

Au film on NaCl substrate using a partial unloading function consisting of 20 cycles and 

a Berkovich tip with a 200 nm tip radius. Each unloading cycle leads to one hardness and 

one modulus value according to the evaluation method of Oliver and Pharr [5]. (b) 

Reduced Young’s modulus and (c) hardness values as a function of the normalized 

indentation depth for various Au films based on partial unloading functions. The dashed 

lines represent the average curves of three individual indentation experiments. 

 

3.2.3. Finite element method 

The FE method is employed to investigate the substrate influence on the yield point 

taking into account the elastic anisotropy of the indented film material. The maximum 

resolved shear stresses on {111} planes in +110, direction (compare [17]) at the onset 
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of plasticity are determined from the simulated displacement response for different 

film thicknesses ranging from 40 nm to 1000 nm. The non-conforming rotationally 

symmetric contact problem is formulated in 2D as illustrated in Fig. 3.2. 
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Figure 3.2: Schematic showing the model geometry and boundary conditions for the 

finite element simulations. The model geometry and boundary conditions are rotationally 

symmetric. The contact problem is idealized by assuming frictionless contact between the 

rigid spherical indenter and the film material. The indenter movement is prescribed by 

displacements u*  along the symmetry axis. The bottom substrate surface is fixed with 

zero translational degrees of freedom. A local material coordinate system is defined for 

the film (r’ and z’) to account for the elastic anisotropy of the film material. The stiffness 

constants of Au used are: C11 = 193 GPa, C12 = 164 GPa, C44 = 41.5 GPa. 

 

The indenter geometry is idealized as a perfect sphere subject to prescribed 

displacements u* along the symmetry axis. The bottom substrate surface is fixed with 

zero translational degrees of freedom along radial and vertical directions. The 

constitutive response of the indented film material is modeled as elastically anisotropic 

corresponding to a material orientation of a {100} Au single crystal film. The three 

independent stiffness constants for fcc Au specify the stiffness tensor Cijkl: 

 klijklij C εσ =  (3.5) 

The FEs of choice for this problem are 4-node quadrilateral axisymmetric elements 

decreasing in size towards the indenter symmetry axis by a factor of 20 along vertical 
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and horizontal directions.6 Contact mechanics is simplified by assuming frictionless 

contact between a rigid indenter and the film material. Additional contributions to the 

externally applied tractions due to contact forces arise in the standard virtual work 

equations making the system of FE equations most efficiently solved by the standard 

method of Lagrange multipliers [18]. The nonlinear system of FE equations has been 

solved using the ABAQUS contact solver [19]. 

3.3. Results 

3.3.1. Mechanical properties of Au thin films 

Figs. 3.1b and c compare modulus and hardness profiles, respectively, for Au films 

with thicknesses ranging from 134 nm to 858 nm. For better comparison, the 

indentation depth was normalized by the corresponding film thickness. The dashed 

lines represent the average curves of three individual partial unloading experiments. 

Modulus values as well as hardness values decrease with increasing indentation depth 

independently of the film thickness. As the indentation depth approaches the Au/NaCl 

interface (h/t~0.6), the reduced Young’s modulus reaches the value of the NaCl 

substrate (Er = 43 GPa). However, at shallow indents, the moduli differ in the absolute 

value. At 10% of the film thickness, the average curve for the 858 nm Au film shows 

the lowest value (Er = 79 GPa), while the 207 nm Au film exhibits the highest modulus 

(Er = 111 GPa). The 429 nm Au film and the 134 nm Au film rank in between (cf. 

Table 3.1). At 20% of the film thickness, the reduced moduli scale in the same way, 
                                              
 

6 The ratio of tip radius and largest mesh size is approximately 1/0.04. For a tip radius of 70 nm, the 

mesh size ranges from 0.1 nm to ~3 nm. The mesh sizes for the film are similar. Fig. 3.10 presents a 

schematic representation of the film’s mesh geometry. 

 

Figure 3.10: Schematic representation of the film’s mesh geometry used in FE simulations. 



SINGLE-CRYSTALLINE FILMS 

58 

but the values are somewhat lower. When comparing the hardness values at 10% of 

the film thickness, the 858 nm Au film is the softest (H = 1.07 GPa), while the 207 nm 

Au is the hardest (H = 2.79 GPa). The 134 nm Au film shows a curve progression 

similar to the 207 nm film. The 429 nm Au film exhibits values in between (see 

Table 3.1). At an indentation depth of 20% of the film thickness, hardness values 

decrease to approximately 65% of the values at 10% of the film thickness. 

 

Table 3.1: Comparison of the Young’s modulus from partial unloading experiments at an 

indentation depth of 10% and 20% of the film thickness, Er and Es, as well as the 

modulus resulting from the Hertz fit of lc single indentation experiments, EHertz. 

Comparison of hardness values from partial unloading experiments at an indentation 

depth of 10% and 20% of the film thickness, H, and the calculated film hardness based on 

the model of Korsunsky, Hf, for single-crystalline Au films with thicknesses ranging from 

134 nm to 858 nm. 

 

t [nm] Er
1 [GPa] Es

1 [GPa] EHertz
2 [GPa] H1 [GPa] Hf

3 [GPa] 

134 85 (70) 74 (60) 54 ± 9 2.50 (1.70) 1.98 

207 111 (87) 99 (76) 73 ± 6 2.79 (1.81) 2.57 

429 103 (86) 91 (75) 78 ± 20 1.76 (1.25) 1.96 

858 79 (68) 68 (58) 86 ± 12 1.07 (0.71) 1.58 
1Partial unload experiments at an indentation depth of 10% (20%) of the film thickness. 
2Evaluation of lc single indentation experiments (R = 700 nm) according to Eq. (3.1). 
3Evaluation of partial unload experiments according to the model of Korsunsky (Hf). 

 

 

Fig. 3.3a presents five characteristic load-displacement curves obtained from lc 

experiments with a Berkovich tip (R = 700 nm) for Au film thicknesses ranging from 

68 nm to 858 nm. A maximum load of 360 μN yields indentation depths in the range 

of 60 nm for 207 nm, 429 nm and 858 nm Au films, while equal loads resulted in 

deeper indents in the range of 130 nm for 68 nm and 134 nm Au films. The difference 

in indentation depths can be attributed primarily to distinct displacement excursions at 

a load of approximately 160 μN for the 68 nm and the 134 nm Au film, caused by 

plastic deformation of the NaCl substrates. 



3.3. RESULTS 

59 

0 20 40 60 80 100 120 140 160
0

50

100

150

200

250

300

350

400

Lo
ad

, P
 [μ

N
]

Indentation Depth, h [nm]

 858 nm
 429 nm
 207 nm
 134 nm
 68 nm

(a)

0 5 10 15 20 25 30 35 40
0

20

40

60

80

100

120

140
46 GPa53 GPa64 GPa74 GPa

Lo
ad

, P
 [μ

N
]

Indentation Depth, h [nm]

 858 nm
 429 nm
 207 nm
 134 nm
 68 nm

(b)
88 GPa

 

0 10 20 30 40 50 60 70 80 90
0

50

100

150

200

250

300

350

400

Lo
ad

, P
 [μ

N
]

Indentation Depth, h [nm]

 Berkovich tip (R=700nm), load control
 Berkovich tip (R=700 nm), displ. control
 Cube corner (R=70 nm), load control

(c)

0.1 1 10 100
0.1

1

10

100

1000
 Berkovich tip (R=700 nm)
 Cube corner (R=70 nm)

4.1 nm

10 μN

6.5 nm

 

 

Lo
ad

, P
 [μ

N
]

Indentation Depth, h [nm]

61 μN

(d)

 

Figure 3.3: (a) Typical load-displacement curves for various single-crystalline Au thin 

films on NaCl substrate resulting from lc experiments with a Berkovich tip with a 700 nm 

tip radius. (b) Expansion of initial load-displacement curves for various film thicknesses 

with Hertzian fits of the elastic response (according to Eq. (3.1)) superimposed as dashed 

lines. The corresponding Young’s moduli Es are indicated above the individual line. For 

better readability, the starting points of the curves are shifted to the right. (c) Load-

displacement curves for an 858 nm single-crystalline Au film resulting from lc and dc 

experiments with either a Berkovich tip with 700 nm tip radius or a cube corner with 

70 nm tip radius. (d) Double logarithmic plot of two load-displacement curves for an 

858 nm Au film based on lc indentations with a Berkovich tip and a cube corner. The 

dashed lines indicate the initial elastic indentation response, while the deflection from the 

line is associated with the first displacement excursion which is considered to be the 

onset of plasticity. The corresponding load Pmax and indentation depth hmax values are 

needed for the calculation of the shear stresses at the onset of plasticity according to 

Eq. (3.2). In the present curves, the shear stresses are 1.92 GPa for the Berkovich tip and 

4.99 GPa for the cube corner, respectively. 
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Fig. 3.3b focuses on the onsets of the indentation curves presented in Fig. 3.3a. For 

better visibility, the starting points of the curves are shifted to the right. Two different 

regions are distinguished: In the first region, corresponding to stresses below a certain 

threshold depending on the film thickness, no discontinuities appear. In the subsequent 

region, displacement excursions (pop-ins) of different length occur. The first 

displacement excursions can be observed in the load range of 60 μN for the thicker 

films, decreasing to 40 μN for the thinnest film. The first excursions are considered to 

be the onset of plasticity. Before reaching this threshold, the material deforms purely 

elastically [7]. The dashed lines indicate the elastic response according to Eq. (3.1). 

The corresponding Young’s moduli Es are indicated above the individual line (also cf. 

Table 3.1). 

Fig. 3.3c compares a load-displacement curve obtained from a lc experiment with a 

Berkovich tip (R = 700 nm) to a dc experiment using the same Berkovich tip and to a 

lc indentation experiment with a cube corner (R = 70 nm) for an 858 nm Au film. In 

contrast to the lc curve, the dc curve exhibits discontinuities in the vertical direction. 

Using a cube corner instead of a Berkovich tip, less load is needed (60 μN instead of 

360 μN) to reach equal indentation depth because of the smaller opening angle. For the 

accurate determination of the load Pmax and the indentation depth hmax at the onset of 

plasticity the indentation curves were depicted in a double logarithmic plot where the 

deflection from linear behavior is considered to correspond to the onset of plasticity.  

Fig. 3.3d shows two examples of lc curves in a double logarithmic plot. For the 

Berkovich indent, Pmax corresponds to 61 μN and hmax corresponds to 6.5 nm, while 

Pmax for the cube corner indent is considerably lower (10 μN) at the indentation depth 

hmax = 4.1 nm. This procedure for determining Pmax was also applied to curves which 

did not exhibit distinct displacement excursions at low loads but a smooth transition 

from elastic to plastic deformation. These smooth transitions were primarily observed 

for indents with the cube corner on 31 nm and 68 nm Au films (also reported by [20]). 

Note that it was not possible to determine the onset of plasticity for the Berkovich tip 

on 31 nm Au films. The fist pop-in events had to be attributed to displacement 

excursions in the NaCl substrate because of the prominent length of the displacement 

excursions (30 nm up to 70 nm). 
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For a series of 8 to 12 indents on Au films with various thicknesses in lc or dc mode, 

either using a Berkovich tip (R = 700 nm) or a cube corner (R = 70 nm), average load 

and displacement values at the onset of plasticity were calculated and plotted as a 

function of the film thickness (see Fig. 3.4). The curve shapes resulting from the two 

different indenter radii are similar. The values decrease with decreasing film thickness. 

However, the magnitudes of Pmax differ significantly (cf. Table 3.2). The results for lc 

and dc indents are approximately equal, indicating their independence from the load 

function. 
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Figure 3.4: Load Pmax and indentation depth hmax at the onset of plasticity (first 

displacement excursion) obtained from lc and dc indentations with a Berkovich tip 

(R = 700 nm) and a cube corner (R = 70 nm) for various single-crystalline Au films on 

NaCl substrate. 

 

Considering the indentation depth hmax at which first discontinuities occur, hmax values 

tend to increase slightly with decreasing film thickness for Berkovich indentations, 

while hmax for cube corner indentations is not sensitive to the film thickness t. In 

contrast to Pmax, the difference between hmax for cube corner indents (in the range of 

5 nm) and hmax for Berkovich indentations (in the range of 10 nm, for exact values see 

Table 3.2) is reduced only by a factor of two. 
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Table 3.2: Load Pmax and indentation depth hmax at the onset of plasticity from load (lc) 

and displacement controlled (dc) indentations with a Berkovich tip (R = 700 nm) and a 

cube corner (R = 70 nm), respectively. 

 

t [nm] Pmax [μN] hmax [nm] 

 lc1 dc1 lc2 lc1 dc1 lc2 

31 - - 6.8 ± 1.0 - - 5.2 ± 0.7 

68 61 ± 13 57 ± 12 8.7 ± 2.6 10.8 ± 1.8 10.1 ± 1.8 5.3 ± 1.2 

134 62 ± 7 61 ± 8 9.7 ± 2.2 10.1 ± 0.9 10.1 ± 0.9 5.3 ± 0.8 

207 69 ± 14 75 ± 17 10.3 ± 3.1 8.8 ± 1.6 10.2 ± 1.9 5.6 ± 2.2 

429 85 ± 33 77 ± 22 - 10.2 ± 3.3 9.3 ± 1.5 - 

858 53 ± 15 73 ± 24 9.7 ± 1.5 6.5 ± 1.5 7.5 ± 1.4 4.8 ± 0.6 
1Berkovich tip (R = 700 nm). 
2Cube corner (R = 70 nm). 

 

 

3.3.2. Results from finite element simulations 

Although Hertzian elastic contact theory is commonly used for the evaluation of initial 

load-displacement curves, it may not be an adequate model for all materials. In the 

present case where substrate effects as well as anisotropy effects influence the 

indentation response, FE simulations provide more accurate information. 

Fig. 3.5a shows the normalized von Mises stress σM versus the normalized distance z 

along the symmetry axis for a spherical indenter of radius R = 700 nm corresponding 

to (i) different indentation depths in the isotropic case and (ii) constant indentation 

depth h = 14 nm for two different material orientations, i.e., (100) and (111) oriented 

bulk Au. Comparison of the FEM solutions for different indentation depths in the 

isotropic case with the analytic solution for spherical contact over an elastic half space 

by Hertz [10] shows the mesh density to be sufficient. At higher indentation depths the 

maximum von Mises stresses shift downward relative to the analytic solution as the 

ratio of contact radius a to indenter radius R increases. Accounting for the elastic 

anisotropy of the material, the maximum von Mises stress σM for (111) oriented Au 

(cf. inset in Fig. 3.5a, contour plot on the right) is larger whereas the maximum σM for 
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(100) oriented Au (cf. inset in Fig. 3.5a, contour plot on the left) is smaller compared 

to the analytic solution because the directional Young’s modulus along +111, is about 

three times higher than along +100,. 

 

0.0 0.5 1.0 1.5 2.0 2.5 3.0
0.0

0.1

0.2

0.3

0.4

0.5

0.6

0.7

0.8

0.9

1.0

z
0

1.3

2.7

4.0
5.4

 

 

N
or

m
al

iz
ed

 v
on

 M
is

es
 S

tre
ss

, σ
M
 /p

 [-
]

Normalized Distance, z/a [-]

 analytic, isotropic
 h=1nm, isotropic
 h=14nm, isotropic
 h=22nm, isotropic
 h=14nm, <100> orientation
 h=14nm, <111> orientation

GPa

z

r

(a)

0 50 100 150 200 250
0.0

0.2

0.4

0.6

0.8

1.0

1.2

1.4

1.6

1.8

2.0

-0.6

-0.1

-1.1

-1.7
GPa

+0.4
80 nm40 nm

 

 

Sh
ea

r S
tre

ss
, τ

 [G
P

a]

Distance, z [nm]

 500 nm
 240 nm
 160 nm
 80 nm
 40 nm

z

r

(b)

 

Figure 3.5: (a) Von Mises stress σM normalized by the contact pressure p versus 

normalized distance z along the symmetry axis for (i) isotropic bulk Au at three different 

indentation depths and (ii) different material orientations at a constant indentation depth h 

of 14 nm. All curves correspond to the bulk Au system. The radius R of the indenter is 

700 nm. Also plotted is the analytic solution for the contact between a sphere and an 

elastic half space of according to Hertz [10]. The inset compares the (111) material 

orientation (right) to the (100) orientation (left) at an indentation depth of 14 nm showing 

lower maximum von Mises stresses for the (100) orientation. Plot size: 440 × 300 nm2. 

(b) Resolved shear stress τ versus distance z along the symmetry axis for (100) oriented 

Au films on NaCl substrate with various thicknesses at an indentation depth h = 10 nm 

(R = 700 nm). The inset presents the contour plots of the maximum resolved shear stress 

at an indentation depth h = 10 nm for a film thickness of 240 nm (right) and 40 nm (left). 

The indentation loads correspond to 115 μN (240 nm film) and 75 μN (40 nm film), 

respectively. Plot size: 280 × 190 nm2. 

 

Furthermore, FE simulations of indentations on (100) oriented Au films with various 

thicknesses on NaCl substrates were performed for two indenter radii R1 = 70 nm and 

R2 = 700 nm. Indenter displacements from 1 nm to 22 nm were simulated to observe 

indentation forces up to 200 μN. As the shear stresses acting on the close packed 
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{111} planes are significant for the onset of plasticity, the magnitudes of the resolved 

shear stresses τ acting on {111} planes have been computed. 

When the film thickness decreases down to 80 nm and 40 nm, discontinuities in the 

resolved shear stress across the substrate/film interface are observed (cf. Fig. 3.5b). 

The 40 nm Au film exhibits the maximum resolved shear stresses below the 

substrate/film interface resulting in a truncated ellipsoid of high resolved shear stresses 

located in the substrate (cf. inset in Fig. 3.5b, contour plot on the left). By contrast, no 

significant influence of the substrate’s stiffness on the ellipsoid of maximum resolved 

shear stresses for the 240 nm Au film is observed (cf. inset in Fig. 3.5b, contour plot 

on the right). 

To consider the effect of the elastic anisotropy as well as the effect of the substrate on 

the maximum resolved shear stresses, τmax, arising from nanoindentation experiments, 

it is necessary to determine τmax as a function of indentation load P from FE 

simulations (cf. Fig. 3.6). 

0 20 40 60 80 100 120 140
0.00

0.25

0.50

0.75

1.00

1.25

1.50

1.75

2.00
(a)

M
ax

im
um

 s
he

ar
 s

tre
ss

, τ
m

ax
 [G

P
a]

Load, P [μN]

 1000 nm
 500 nm
 240 nm
 160 nm
 80 nm
 Er=89 GPa
 Er=50 GPa

0 20 40 60 80 100 120 140
0

1

2

3

4

5

6

7

8

9

(b)

 

 

 240 nm
 160 nm
 80 nm
 40 nm
 Er=89 GPa
 Er=50 GPa

M
ax

im
um

 s
he

ar
 s

tre
ss

, τ
m

ax
 [G

P
a]

Load, P [μN]

 

Figure 3.6: Maximum shear stresses τmax as a function of the indenter load P originating 

from finite element simulations for a spherical indenter with (a) radius R = 700 nm and 

(b) R = 70 nm on (100) oriented Au films with thicknesses between 40 nm and 1000 nm 

on NaCl substrate, assuming purely elastic load response. The dashed lines indicate shear 

stresses calculated according to Eq. (3.3) for two different reduced moduli: Er = 89 GPa 

corresponding to the isotropic Young’s modulus of Au Es = 78 GPa (using ν = 0.44) and 

Er = 50 GPa corresponding to the Young’s modulus of single-crystalline Au Es = 43 GPa 

in +100, direction. 
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To estimate the indentation load in the dc FE analysis, contact pressures and contact 

radii have been computed for each of the simulated indentations. Figs. 3.6a and b show 

the maximum shear stresses as functions of indentation load for the two different 

indenter radii R1 and R2. As expected, the (100) orientation lowers the maximum 

resolved shear stresses for both indenter radii relative to the load curves as determined 

from the Hertz solution (cf. Eq. (3.3)). 

3.4. Discussion 

The discussion is divided into three parts. The first part focuses on the elastic 

properties of the Au thin films. In the second part, hardness as a function of film 

thickness is discussed. The third part focuses on the onset of plasticity, linking elastic 

to plastic properties. The influences of important factors, such as residual stresses or 

defects in the Au films, on the initial plastic deformation are discussed in detail. 

Finally, flow stresses from the present experiments are compared to literature values 

for tensile and compression test. 

3.4.1. Modulus 

The accurate determination of the Young’s modulus for the present samples is a 

crucial point for the calculation of the shear stresses. Two different approaches were 

taken: (i) analysis of the initial load-displacement curves using the Hertzian contact 

model (cf. Eq. (3.1)) and (ii) the evaluation of the unloading segments of the 

indentation curves according to Oliver and Pharr (OP) [5]. The results are listed in 

Table 3.1.  

Considering the Hertzian approach, it is observed that the moduli decrease steadily 

with decreasing film thickness. The absolute values compare well to a report by Kiely 

and Houston [8]. Jarausch et al. [21] found large, reversible variations in indentation 

moduli as a function of applied stress or low-temperature annealing for 100 nm Au 

interconnect films. They report a modulus of 48 ± 2 GPa in the absence of stress and 

34 ± 2 GPa for 150 MPa total tensile film stress. Furthermore, it was found that around 

isolated surface steps on an Au (111) sample the elastic modulus varies from 

68 ± 1 GPa on the up-step to 72 ± 1 GPa on the down-step. It is concluded that 
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measurements of thin film elastic properties depend strongly on the defect structure 

(pores and twin boundaries, surface roughness) and the stress state. As will be shown 

later in this work, the Au films used in this study show higher defect densities as films 

get thinner which may lead to the observed decrease in modulus. 

The moduli based on the OP method are not constant over the film thickness, reaching 

the value of the NaCl substrate at about half of the film thickness (cf. 1b) and, 

therefore, a certain indentation depth has to be chosen for the comparison of the 

different film thicknesses (in the present work 10% and 20% of the film thickness, cf. 

Table 3.1). 10% of the film thickness corresponds to 24 nm and 16 nm for the two 

thinner films. These are very shallow indents for the determination of the mechanical 

properties according to Oliver and Pharr [5], because it is difficult to define a proper 

tip area function in the range where the tip geometry changes from three-sided 

pyramidal to a spherical shape. This problem can be overcome by using deeper 

indentations, however, in the case of the present thin films, questions concerning the 

influence of the substrate arise as the indents get deeper. It must be assumed that the 

relatively soft NaCl substrate lowers the Young’s moduli. There are models which 

account for the substrate influence and extract ‘true’ elastic film properties from 

nanoindentation experiments (e.g., [22, 23]). However, they are not valid for hard 

films on softer substrates, because one of the model assumptions that the film hardness 

as a function of indentation depth is constant until the indenter tip is close to the 

film/substrate interface, cannot be applied to the present case. 

Comparing the moduli Es at 10% indention depth to the ones at 20% indentation depth, 

a decrease of 15% to 23% is observed. The effect is more pronounced in the case of 

the thinner films leading to the conclusion that this reduction is a combination of the 

influence of the substrate and the correction of the overestimation of the modulus at 

10% indentation depth due to the difficulties in the proper determination of the tip area 

function mentioned above. In contrast to the moduli derived from the initial 

indentation curves (EHertz), where the moduli steadily decrease with thinner films, the 

207 nm and the 429 nm Au films exhibit the largest moduli. However, the OP moduli 

(Es) at 20% indentation depth are very similar to the Hertz moduli (EHertz) with the 
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exception of the 858 nm Au film and span values between the polycrystalline bulk Au 

value of 78 GPa and the single-crystalline Au value of 43 GPa in the +100, direction. 

3.4.2. Hardness 

When analyzing the hardness of a film/substrate system, the issues are comparable to 

those described for the modulus. Therefore, a model accounting for the substrate 

influence was applied. Korsunsky et al. [24] developed a mathematical description of 

the hardness as a function of the indentation depth for coated systems: 

 ( )2
sf

sc 1 t
hk
HHHH

+
−

+=  (3.6) 

where Hc is the composite hardness, Hs is the substrate hardness, Hf is the coating 

hardness, h is the indentation depth, t is the film thickness and k is a fitting parameter. 

It must be noted that the model does not take into account any indentation size effects. 

In the present work, data points resulting from indents with depths smaller than 30 nm 

were excluded from fitting. Nevertheless, the results may be influenced by size effects. 

For ease of fitting, Hs was replaced by the value of 0.285 GPa, which is the hardness 

of the NaCl substrate resulting from partial unloading experiments on pure substrate. 

The results of the analysis according to Eq. (3.6) are listed in Table 3.1. For the two 

thicker films, the hardness values Hf according to Korsunsky et al. increase compared 

to the hardness values at 10% and 20% indentation depth, while for the thinner films 

Hf ranges in between the values at 10% and at 20% indentation depth. Nevertheless, 

the tendencies remain unchanged, hardness approaches a maximum for the 207 nm Au 

film. The decrease in hardness as the film thickness reaches 134 nm may be related to 

additional plastic deformation in the NaCl substrate. This can be observed in the load-

displacement curve for the 134 nm and the 68 nm Au film (see Fig. 3.3a), where 

distinct displacement excursions at loads of approximately 160 μN are ascribed to 

dislocation bursts in the substrate. Furthermore, the decrease in hardness may also be 

caused by the difficulties in determining the proper area function for indents smaller 

than ~20 nm. When comparing hardness at 20% indentation depth, the thinnest film is 

the hardest. 
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The increase in hardness with decreasing film thickness can be explained by the 

indentation size effect and by constraints in the dislocation motion at the film/substrate 

interface as the films get thinner. Both mechanisms may also be active simultaneously. 

The work of Junk and coworkers [25] describes these two competing mechanisms for 

polycrystalline Au films: for relatively deep indentations, a dislocation back stress 

argument explains material hardening, while for shallow indents (<5-10% of the film 

thickness) a volume-to-surface length scale argument relating to an indentation size 

effect (ISE) is proposed. A recent study [26] suggests that near the surface ISE is 

dominant, and at larger depths a Taylor hardening determines the behavior, which 

involves the film thickness. 

Indentation size effects are reported for numerous materials and are usually explained 

with strain gradient plasticity models incorporating the concept of geometrically 

necessary dislocations (e.g., [27-29]). However, Gerberich et al. [30] demonstrated 

that gradient plasticity models do not apply at very shallow depths and developed a 

surface energy approach. Corcoran et al. [7] observed for (100) oriented Au single 

crystals an increase in hardness as the indentation depth went below 50 nm, using a 

Berkovich tip with a 205 nm radius. They report values ranging from ~0.6 GPa to 

~2 GPa, pointing out that with discrete yielding events different values would be 

obtained depending upon whether the indenter tip was unloaded before or after a 

displacement excursion. Zong and Soboyejo [31] found values for (100) Au between 

~1 GPa ~1.8 GPa (see Fig. 5 in [31]). They used the mechanism based strain gradient 

model developed by Nix and Gao [28] to calculate the hardness in absence of strain 

gradients (1.02 GPa). This is in good agreement with the value for the 858 nm Au film 

reported here. However, the hardness values for the thinner films are significantly 

higher. As the indentation depth in these cases are in the range of 50 nm and below, it 

is concluded that indentation size effects and scaling effects due to film thickness are 

jointly responsible for the observed behavior. 

3.4.3. Onset of plasticity 

To obtain an estimation of the shear stresses corresponding to the first discontinuities 

in the load-displacement curves, the Hertzian model was used (see Eq. (3.2)). Fig. 3.7a 

presents the results for the cube corner (R = 70 nm) based on Eq. (3.2). Alternatively, 
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Eq. (3.3) was used for the calculation of τmax as a function of the reduced modulus Er 

instead of the displacement d. 
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Figure 3.7: (a) Onset of plasticity as a function of the film thickness from lc single 

indentations with a cube corner (R = 70 nm) using (i) the Hertzian contact model 

according to Eq. (3.2), (ii) Er = 50 GPa and (iii) variable reduced modulus from Eq. (3.3), 

and (iv) finite element simulations (FEM) for (100) oriented Au films on NaCl substrate. 

(b) Comparison of the onset of plasticity from lc single indentations on (100) oriented Au 

films using the Hertzian contact model and finite element simulations for a Berkovich tip 

(R = 700 nm) and a cube corner (R = 70 nm). The dotted lines indicate the theoretical 

shear strengths G/2π and G/30 for the {111} +110, glide system. 

 

It is obvious from Fig. 3.7a that the accurate choice of Er is a critical point. Two 

different approaches were taken: (i) an equal reduced modulus of Er = 50 GPa 

(corresponding to the Young’s modulus of single-crystalline Au E = 43 GPa in +100, 

direction) for all film thicknesses and (ii) a reduced modulus for each film thickness 

(cf. Table 3.1, EHertz) originating from the initial load-displacement curve (Fig. 3.7a, 

curve labeled with “variable reduced modulus”). The approaches lead to τmax values in 

the range of 4.5 GPa and 3 GPa for thicker films and approximately 3 GPa and 

2.7 GPa, for the thinnest film. 

In Fig. 3.7b τmax based on the Hertzian model is compared to the results of the FE 

simulation. The load at the onset of plasticity, Pmax (see Table 3.2), was associated to 

τmax using the curves in Fig. 3.6, leading to values in the range of ~2.4 GPa to 

~2.7 GPa depending on the film thickness (for exact values see Table 3.3). The 
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Hertzian model leads to τmax being overestimated, even when using the lowest possible 

modulus (Er = 50 GPa) for the calculation. It is concluded that the anisotropy of the 

material system as well as the influence of the NaCl substrate, which the FE method 

takes into account, lowers the maximum shear stresses at the onset of plasticity. 

 

Table 3.3: Shear stresses at the onset of plasticity τmax for (100) oriented Au films with 

various thicknesses originating from first displacement excursions in indentation curves. 

The calculations are based on the Hertzian model and on FE simulations, respectively. 

 

t [nm] lc1 [GPa] dc1 [GPa] lc2 [GPa] 

 Hertz FEM Hertz FEM Hertz FEM 

31 - - - - 2.69 ± 0.43 2.39 ± 0.10 

68 1.14 ± 0.07 1.11 ± 0.07 1.15 ± 0.09 1.08 ± 0.08 3.32 ± 0.31 2.53 ± 0.23 

134 1.26 ± 0.09 1.13 ± 0.04 1.23 ± 0.14 1.12 ± 0.05 3.75 ± 0.44 2.66 ± 0.20 

207 1.59 ± 0.10 1.17 ± 0.08 1.49 ± 0.11 1.20 ± 0.09 3.87 ± 0.64 2.74 ± 0.28 

429 1.69 ± 0.26 1.24 ± 0.16 1.68 ± 0.37 1.21 ± 0.11 - - 

858 1.64 ± 0.19 1.04 ± 0.07 1.99 ± 0.43 1.06 ± 0.05 4.13 ± 0.57 2.70 ± 0.14 
1Berkovich tip (R = 700 nm). 
2Cube corner (R = 70 nm). 

 

 

The theoretical shear strength is expected to be in the range of ~0.78 GPa (G/30) to 

~3.74 GPa (G/2π) for the {111} +110, glide system, where G = 23.4 GPa is the shear 

modulus of Au in the {111} plane based on stiffness constants from [32]. The values 

obtained for τmax by the FE simulation presented here range between ~1 GPa 

(R = 700 nm) and ~2.7 GPa (R = 70 nm) which is consistent with the theoretical 

predictions. It should be noted that these stresses do not necessarily correspond to the 

stresses for the nucleation of a single dislocation loop, but instead describe a 

combination of events leading to a permanent indentation. Other measurements of the 

critical shear strength of Au are in good agreement with our calculated results. The 

works of Corcoran et al. [7], Kiely and Houston [8] and Asenjo et al. [9] present 

critical shear stresses obtained by indentation with similar values. It should be noted 
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that the tip radius which is used for indentation experiments significantly influences 

the critical shear stresses [20]. This effect is discussed below. 

Influence of the tip radius 

Fig. 3.7b compares the maximum shear stresses at the onset of plasticity, τmax, for the 

cube corner (R = 70 nm) to τmax for the Berkovich tip (R = 700 nm). For the larger tip 

radius τmax decreases by a factor of ~2.5, which is in qualitative agreement with work 

by Michalske and Houston [20] on single-crystalline Au (111) surfaces. However, 

while the reduction trend agrees with other observations the absolute values calculated 

here are significantly smaller, especially with regards to the larger tip. This may be due 

to the fact that these Au films are not perfect single crystals but exhibit square shaped 

voids and twin boundaries along +110, directions (Fig. 3.8a). 
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Figure 3.8: (a) TEM picture of a 31 nm Au film. The bright spots exhibiting 

predominantly square shapes originate from film voids. In addition, twin boundaries 

(large arrow heads) are present on inclined {111} planes following perpendicular +110, 

directions. The rounded lines and the changing dark-bright contrast (small arrow heads) 

can be attributed to bending contours. (b) TEM picture of a 31 nm Au film. The two 

circles indicate the stress field under the indenter tip at the onset of plasticity up to the 

limit of τmax/e for the tip radius R = 70 nm (inner circle with 17 nm radius) and 

R = 700 nm (outer circle with 65 nm radius). 
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Fig. 3.8b shows a schematic of the lateral dimensions of the stress field under the 

indenter tip at the onset of plasticity (indentation depth h = 6 nm to 10 nm depending 

on R) up to the limit of τmax/e for the tip radius R = 70 nm (inner circle with 17 nm 

radius) and R = 700 nm (outer circle with 65 nm radius). The corresponding contact 

radii of the tips are 27 nm and 122 nm. Using a tip with a larger radius, the probability 

for the activation of a dislocation source is increased because the extended stress field 

under the indenter may lead to the decrease of the shear stress at the onset of plasticity. 

In addition to an increased probed volume using a larger tip radius, it is also possible 

that the resulting dislocation structure is altered. Knap and Ortiz [33] compared the 

dislocation structure resulting from two different indenter sizes using quasicontinuum 

methods. The larger-indenter induced dislocation structure was found to be less sharp 

and more delocalized, containing well-developed dislocation loops. It is assumed that 

a change in the dislocation structure as the tip radius gets smaller may also increase the 

stresses which are required to activate dislocation sources. It should also be noted that 

the Hertz point is roughly 3 times closer to the surface for the smaller tip radius in 

comparison to the larger one. 

A related issue is the estimation of the tip radius. According to Eq. (3.2), an 

overestimation of the effective tip radius by a factor of 2 would double the shear stress. 

Considering Fig. 3.7b, a change of the tip radius by a factor of 2.5 would 

approximately equalize the curves. Cross sections through tip images, taken via AFM, 

were used for the calculation of averaged radii, which makes it implausible that the tip 

radii are larger than assumed. There could be areas with small “bumps” or 

irregularities of the diamond surface having locally smaller radii. However, this would 

presumably be an issue for both tips, so that “bumps” or surface irregularities cannot 

explain the difference in τmax between the two tips. 

Influence of the defect density 

From Fig. 3.7b it can be seen that the maximum shear stresses for both tip radii 

decrease as the films get thinner than 207 nm. Gruber et al. [16] have shown for 

equally produced Au films that the defect density (e.g., porosity, twins) increases as 

the film thickness decreases. On the other hand, it is assumed that an increased defect 

density is accompanied by an increased surface roughness (e.g., surface steps) which 
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may provoke plastic deformation at significantly lower stresses [7,34,35]. Roughness 

such as surface steps could act as stress concentrators [36] or alternatively exhibit a 

long-range effect on the order of several contact radii [34]. Since the roughness of 

these films does not vary systematically with film thickness, it is assumed that for 

thinner films (<80 nm) defects such as twins, pores and surface steps affect the 

activation of dislocation sources.7 Therefore, the onset of plasticity would no longer be 

related to homogeneous dislocation nucleation but to heterogeneous nucleation 

reflected in a slight decrease of the maximum shear stresses. For heterogeneous 

nucleation, stresses reduced on the order of 1/4 to 1/2 compared to homogenous 

nucleation are expected [37,38]. The change from distinct displacement excursions to 

a smooth transition from elastic to plastic deformation in the case of the 68 nm and 

31 nm thin Au film may be another indicator of an increased defect density [20]. 

Influence of residual stresses 

In addition to defects, there may be residual stresses in the film which influence the 

occurrence of the first discontinuities in the load-displacement curve. Residual stresses 

result from the deposition at 300°C and the subsequent cooling to room temperature. 

The residual stress σr is given by: 

 TM Δ⋅⋅−≈ AuAuNaClr )( αασ  (3.7) 

where αNaCl and αAu are the thermal expansion coefficient of sodium chloride and gold, 

d0 TTT −=Δ  is the temperature difference between deposition temperature Td and room 

temperature T0 and MAu is the biaxial elastic modulus of gold. For 16
NaCl K1044 −−⋅=α , 

16
Au K102.14 −−⋅=α , GPa9.47Au =M , (corresponding to the biaxial modulus in +100, 

direction for a single-crystalline film with a {011} plane parallel to the plane of the 

film [39]) and K275=ΔT  a residual stress MPa390r −≈σ  is computed. Gruber et al. 

[16] report flow stresses for Au films increasing from 116 MPa for a 858 nm thin film 

to 479 MPa for a 53 nm thin film. In the present case σr would exceed the flow stress 

                                              
 

7 The reduction in shear strength for thinnest films might also be a consequence of dislocation 

activation and/or nucleation at the nearby interface. 
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for the films with thicknesses from 134 nm to 858 nm, while the 68 nm and the 31 nm 

film exhibit flow stresses slightly higher than σr Consequently, the two thinnest films 

may exhibit higher compressive residual stresses than the thicker ones. It should also 

be noted that the samples could relax these stresses over a period of more than 12 

months after fabrication. 

Comparison of flow stresses based on nanohardness and pop-in events 

Fig. 3.9 compares the flow stresses obtained from the first pop-in events in 

nanoindentation curves as well as the flow stresses based on the nanohardness to 

results from tensile and compression tests. 
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Figure 3.9: Flow stresses based on (i) nanohardness data and (ii) the first pop-in events in 

the indentation curves compared to literature values from tensile tests [16] and 

compression tests [43]. 

 

For better comparison of our calculated maximum shear stresses τmax to literature data, 

the von Mises stresses σM (also referred as flow stresses) were calculated according to 

[40]: 

 max2
9

M τσ ⋅=  (3.8) 

Furthermore, hardness values were converted to flow stresses according to a modified 

Tabor’s relationship [41]: 
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 y4 σ⋅=H  (3.9) 

A factor of 4 rather than the typical factor of 3 was used following experiments by 

Hyun et al. [42] on fiber textured Pt and Pt-Ru thin films. As in Hyun’s work, the 

number of glide systems in the current work scenario is reduced compared to a 

randomly oriented polycrystal, on which Tabor’s relationship is based. Furthermore, 

the increase in Tabor’s factor from 3 to 4 can be rationalized as a decrease in the 

Schmid factor from a maximum of 0.5 to 0.41 for glide in a +100, uniaxially loaded 

fcc single crystal. Our results are compared to tensile tests of Gruber et al. [16], using 

identical films after transfer onto polymer substrates, and compression tests by Volkert 

and Lilleodden [43] on single-crystalline pillars prepared by a focused ion beam (FIB). 

All the different test methods yield the same scaling behavior. In terms of absolute 

values, the hardness data is slightly higher compared to compression tests, 

demonstrating the necessity for the correct choice of the Tabor factor as well as the 

accurate indentation depth. However, the values from tensile tests are much lower 

compared to the other two test methods. This may be due to (i) a different kind of 

constraint (NaCl substrate vs. polymer substrate), (ii) the sample geometry 

(dislocations are expected to leave the pillar geometry before multiplication, 

commonly known as “dislocation starvation” [44], which is not possible in the thin 

film geometry) and (iii) different representative strains for the determination of the 

flow stress. 

For conical indenter tips, Johnson [11] has proposed the following relation for the 

calculation of the equivalent plastic strain ε: 

 θε cot2.0 ⋅=  (3.10) 

where θ is the included angle of the conical indenter. For the present case (Berkovich 

tip) the strain is expected to be in the range of 7%. For the tensile tests and the 

compression tests, the flow stresses were determined at 0.5% and 5% strain, 

respectively. It is obvious that for higher strains (compression tests and 

nanoindentation) hardening effects lead to increased flow stress values, while for 

lower strains (tensile tests) no hardening occurred yet. 
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In contrast to the flow stresses based nanohardness values, the flow stresses 

originating from the first pop-in events are increased by one order of magnitude and do 

not exhibit a comparable film thickness dependency, suggesting that the theoretical 

shear strength of Au is reached. While the nanohardness values as well as the cited 

literature values of Gruber et al. [16] and Volkert and Lilleodden [43] are dominated 

by the motion and interaction of dislocations, the values based on the pop-in effects 

are related to the nucleation of dislocations or the activation of dislocation sources. 

3.5. Conclusions 

On the basis of nanoindentation experiments conducted on single crystal Au thin films 

and accompanying FE simulations, the following conclusions are drawn: 

The critical resolved shear stress at the onset of plasticity was found to be in the range 

of the theoretical shear strength of gold and decreases with decreasing film thickness 

due to a higher defect density (pores, twin boundaries) in the thinnest films. 

The scaling behavior of indentation hardness is in good agreement with tensile tests on 

identical films and compression tests on similar materials. The quantitative differences 

are interpreted in the light of dislocation starvation theory, the difference in 

representative plastic strain between different test geometries and additional 

indentation size effects. 

The interpretation of nanoindentation data for very thin films requires the use of 

anisotropic finite element modeling to determine the maximum resolved shear stress or 

empirical models which take substrate effects into account.  

In terms of elastic properties, the accurate determination of the indentation modulus is 

difficult because of the small volumes which were probed. Defects such as pores and 

surface steps lead to an increased compliance. Comparing the moduli calculated 

according to Oliver and Pharr and the moduli based on Hertzian elastic contact theory, 

opposite trends were observed. While in the former case modulus values increase with 

decreasing film thickness, a steady decrease in modulus is observed in the latter case. 
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4. TEXTURE EVOLUTION AND MECHANICAL PROPERTIES OF ION-

IRRADIATED AU THIN FILMS 

 

Chapter 3 presented the results of nanoindentation experiments on single-crystalline 

thin films with varying thicknesses. In this chapter, the film thickness is kept constant, 

but the films are polycrystalline, and the grain sizes are varied. It is known that the 

reduction of the grain size is accompanied by an increase in strength (Hall-Petch 

relation). For the experiments presented here, the inverse approach was selected: the 

initially small grains were continuously increased by irradiating the films with ions. 

However, together with the grain growth, changes in film texture and defect clusters 

were generated by the irradiation process. In the following, the influence of these 

parameters on the mechanical behavior of the films is systematically analyzed. 

 

This work has been published in the full length article: 

M. Dietiker, S. Olliges, M. Schinhammer, M. Seita, R. Spolenak; Texture evolution 

and mechanical properties of ion-irradiated Au thin films. Acta Materialia 57 (2009) 

4009–4021. 

 

Abstract 

Microstructure control of thin films is of particular importance for the reliability 

improvement of microdevices with regards to electromigration, fatigue damage and 

hillocking. High energy ion bombardment has turned out to be an appropriate 

modification instrument as it leads to selective grain growth resulting in single-crystal 

like structures. The current work addresses the effect of 7 MeV Au+ and 1.5 MeV N+ 
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irradiation at high fluences (up to 45·1016 ions/cm2) on the microstructure and the 

mechanical properties of 500 nm Au thin films of small initial grain size (70 to 

90 nm). The following microstructure changes were observed: selective grain growth, 

texture changes, sputtering, interfacial degradation, formation of geometrically 

necessary dislocations and defect clusters. Hardening behavior was found to be a 

consequence of grain growth (Hall-Petch effect) and the formation of ion-induced 

defects. 
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4.1. Introduction 

Ion irradiation can be used to modify microstructure, grain size and in-plane texture of 

metal thin films subsequent to their deposition [1-4]. Control of these properties is 

essential for the optimization of the mechanical properties and the reliability of metal 

components in micro devices. Spolenak et al. [5] and Olliges et al. [6] observed 

texture changes and selective ion-induced grain growth in Cu and Au thin films due to 

ion irradiation. The irradiation leads to inhomogeneous defect generation in the grains, 

and the density of the defects generated depends on the orientation of the grain. 

Favorably oriented grains, which allow for ion channeling, have a reduced cross 

section for defect generation and therefore grow at the expense of the ones not 

allowing for channeling. The minimization of the free volume energy is regarded as 

the driving force for the growth process. 

Together with changes of grain size and texture the phenomenon of irradiation 

hardening is found to occur in metals irradiated with ions, neutrons or protons [7-11]. 

While a major fraction of ion-induced vacancies and interstitials recombine, the excess 

defects are considered to band together, the cluster type formed depending, for 

example, on the stacking fault energy [12]. Possible cluster types are interstitial and 

vacancy-type dislocation loops (Frank loops), stacking fault tetrahedra and 

dislocations which expand by self-interstitial absorption [13-16]. The above-

mentioned defects act as additional barriers for mobile dislocations and therefore 

increase the yield strength and hence the hardness of irradiated metals. 

In the present work, polycrystalline Au thin films were irradiated with high energy 

Au+ and N+ ions to study the effect of ion mass and fluence (number of ions per 

irradiated area) on the evolution of thin film microstructure and mechanical properties. 

4.2. Materials and methods 

4.2.1. Sample preparation 

Polycrystalline Au thin films with a thickness of ~500 nm were deposited by 

magnetron sputtering at room temperature (RT) under UHV conditions (10-9 mbar) on 

silicon substrates, which were pre-coated with 50 nm SiO2 and 50 nm Si3N4. Prior to 
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deposition, the substrate surface was cleaned by 1 keV Ar+ bombardment for 1 min. 

The as-deposited films showed a (111) out-of-plane fiber texture. The average grain 

size was around 70 nm for the sample produced at ETH Zurich (sample 1), and around 

90 nm for the sample produced at MPI Stuttgart (sample 2). Sample 3 was deposited at 

elevated temperature (300°C) at MPI Stuttgart resulting in an average grain size of 

460 nm. Because preliminary Au+ irradiation experiments led to delamination 

problems, a 10 nm Ti interlayer was deposited prior to the Au deposition to improve 

the adhesion of the Au thin film (only sample 1). 

All samples were irradiated under channeling conditions. Therefore, the ion beam 

direction was inclined by 35° to the surface normal corresponding to the angle 

between the (111) out-of-plane axis and the (110) main channeling axes in the face-

centered cubic (fcc) lattice, which enables ion channeling for a subset of grains. This 

set allows for small deviations from this inclination angle while still allowing for 

channeling. The deviation limit is given by the critical angle Ψ (in rad) [17]: 

 
Ed
eZZ

⋅
=

2
212ψ  (4.1) 

Here Z1, Z2 are the nuclear charge of the ion and the target material, e2 = 14.4 eVÅ, d 

is the distance of adjacent atoms in the atomic chain along the channeling axis and E is 

the ion energy. 

Sample 1 was cooled down to LN2 temperature during irradiation with 7 MeV Au+ 

using the 4 MV Tandem accelerator of ETH Zurich. Three locations each with an area 

of 4 mm2 (adjusted by crossed pairs of apertures) were exposed to fluences of 0.5·1016, 

1·1016 and 2.6·1016 ions/cm2, respectively. 

Sample 2 was irradiated at four different locations and sample 3 was irradiated at one 

location both with 1.5 MeV N+ from the 6.5 MV Pelletron accelerator of the MPI for 

Metals Research in Stuttgart. While irradiating, the sample temperature was kept 

constant at 150°C. The irradiated areas had sizes between 1.4 mm2 and 3.5 mm2 and 

were exposed to fluences of 9·1016, 29·1016, 34·1016 and 39·1016 ions/cm2 on sample 2 

and 45·1016 ions/cm2 on sample 3. For all samples, the fluences were calculated after 
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ion bombardment based on the areas of the irradiated zones (measured by dark field 

optical microscopy) and the total ion charge accumulated during irradiation. 

4.2.2. Methods 

Microstructure and texture of the Au thin films were investigated by electron 

backscatter diffraction (EBSD) using a scanning electron microscope (SEM, Quanta 

200 FEG, FEI, USA) equipped with a OIM™ system (Hikari detector, AMETEK-

EDAX, USA) at the ETH Zurich (non-irradiated film) and the HKL Channel 5 EBSD 

detector in a LEO 1530 VP SEM at the MPI for Metals Research (irradiated films). 

EBSD data was also used to determine the grain size of the N+ irradiated areas. An 

identical SEM at ETH Zurich was used to image the surface of the non-irradiated as 

well as the Au+ irradiated areas in order to determine their grain sizes by means of 

image analysis software [18]. Three images of each area were evaluated. 

The mechanical properties of the Au thin films were tested by nanoindentation (NI) 

using a TriboIndenter (Hysitron Inc., USA) with a standard Berkovich tip. The NI 

measurements on sample 1 (7 MeV Au+) were carried out in displacement-controlled 

(dc) mode using a partial-unloading function consisting of 11 cycles, each composed 

of a loading segment, a hold time and an unloading segment. The indentation depth of 

the first cycle was 50 nm, for each following cycle the depth was increased by 25 nm 

up to a maximum indentation depth of 300 nm for the final cycle. During unloading, 

the indentation depth was decreased by approximately 20% of the corresponding cycle 

depth. The loading and unloading rates were kept constant at 25 nm/s and -7 nm/s. A 

0.5 s hold time segment was added prior to each unloading step, leading to a total 

duration of 83 s per multicycle indentation. 40 to 70 multicycle indentations were 

placed on each testing area. Each unloading segment was evaluated according to the 

Oliver-Phar method [19], resulting in hardness H and reduced Young’s modulus Er 

depth profiles for non-irradiated as well as Au+ irradiated films. Hardness and reduced 

Young’s modulus of the Si substrate was measured to be ~12 GPa and ~200 GPa at 

100 nm indentation depth. 

For samples 2 and 3 (irradiation with 1.5 MeV N+), NI was restricted to single-cycle 

indents at a depth of 100 nm to minimize the influence of surface roughness and the 
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hard Si substrate, as determined from sample 1. The indents were carried out in dc 

mode at a rate of 7 nm/s and with a hold time at maximum indentation depth of 3 s. 10 

indents were placed on each testing area of sample 2 and 3. acceleration voltage of 

200 keV.  

4.3. Results 

4.3.1. EBSD measurements 

Thin film structure after Au+ irradiation 

The crystallographic orientation of the 7 MeV Au+ irradiated zones on sample 1 as a 

function of the fluence was examined by EBSD and is shown in Fig. 4.1. For non-

irradiated areas (Fig. 4.1a, left pole figure), the expected (111) out-of plane texture is 

obtained, indicated by the peak in the center of the {111} pole figure and the 

continuous ring at about 70° corresponding to randomly distributed further {111} 

planes. 

A TEM cross-section lamella of an irradiated zone (7 MeV Au+, 2.6·1016 ions/cm2) on 

sample 1 was prepared using a focused ion beam (FIB) microscope (Carl Zeiss 

NVision 40). The lamella was investigated by a Phillips CM 200 transmission electron 

microscope (TEM) which was equipped with a Gatan CCD camera and operated at an  

The orientation successively changes to a (100) out-of-plane texture with increasing 

fluence (Fig. 4.1a, increasing fluence from left to right). For the area with highest 

fluence, a superposition of two C4 symmetries in the {111} pole figure was observed 

indicating the formation of an in-plane texture. The arrangement of the eight peaks on 

a slightly distorted ring is consistent with the slight tilt of the peak in the center of the 

{100} pole figure by about 10°. The arrangement of the peaks in the {111} pole figure 

corresponds to active (110) and (112) channeling axes (cf. discussion). 

In addition to the change of the out-of-plane texture with increasing fluence, the films 

exhibit continuous increase of the grain size from initially ~70 nm to ~1560 nm for the 

highest fluence (2.6·1016 ions/cm2) due to ion-induced selective grain growth (see 

Fig. 4.9a and SEM images in Fig. 4.5). 
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EBSD grain maps (Fig. 4.1c) and FIB microscopy (Fig. 4.2a) exhibit another 

interesting characteristic: in addition common sharp grain boundaries, continuous 

transitions in in-plane orientation between grains are observed (see arrows in 

Fig. 4.1c). The transitions in orientation of about 20° extend over a width of 

approximately 800 nm.  
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Figure 4.1: (a) EBSD pole figures of a 500 nm Au thin film (sample 1) before and after 

irradiation with 7 MeV Au+ at LN2 temperature. The fluences are 0.5·1016, 1·1016 and 

2.6·1016 ions/cm2 (from left to right). The arrow indicates the direction of the incident ion 

beam. (b) Out-of-plane and (c) in-plane EBSD grain map of sample 1 after irradiation 

with 7 MeV Au+ and 2.6·1016 ions/cm2. The arrows label regions with continuous 

transition of the in-plane orientation. 

 

(b) 

(a) 

(c) 
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TEM images of a Au thin film cross-section lamella after irradiation with 2.6·1016 Au+ 

ions/cm2 exhibit remarkably high defect densities (Figs. 4.2c-e). A dense dislocation 

network (Fig. 4.2d) together with a high number of small defect clusters (black dots in 

Fig. 4.2e) is observed. 

 

2 μm 400 nm~300 nm
~100 nm

2 μm2 μm 400 nm400 nm~300 nm
~100 nm

 

100 nm 60 nm 30 nm100 nm100 nm 60 nm60 nm 30 nm30 nm  

Figure 4.2: (a) FIB cross section and (b-e) TEM images of the 500 nm Au thin film 

(sample 1) after irradiation with 7 MeV Au+ and 2.6·1016 ions/cm2 at LN2 temperature. 

 

In this study, the type of clusters is not defined more precisely, but from literature it is 

known that a majority of the defect clusters are vacancy-type stacking fault tetrahedra 

(SFT) and a minority are dislocation loops (Frank loops of interstitial or vacancy type) 

[9,20,21]. Apart from that, Fig. 4.2c shows an inclined grain boundary, a feature which 

(c) (d) (e) 

(a) (b) 
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is also observable in the FIB microscopy image (Fig. 4.2a). It is assumed that inclined 

grain boundaries could be the consequence of the inclined ion beam or pinning at the 

interface. In addition to changes in thin film texture and defect density caused by Au+ 

irradiation, a change in film thickness was observed. 

As evident from Fig. 4.2b, the film exhibits a thickness of approximately 300 nm after 

irradiation with 2.6·1016 Au+ ions/cm2, while the original film thickness was 

~500 nm.The interface between Au thin film and Si substrate is considerably wavy 

after irradiation (Fig. 4.2a) and an 100 nm thick intermixed layer between the Au thin 

film and the Si substrate was formed (Fig. 4.2b). Furthermore, pores evolved in the 

intermixed layer (compare arrow in Fig. 4.2c). 

Thin film structure after N+ irradiation 

In Fig. 4.3a the pole figures of a non-irradiated area and two 1.5 MeV N+ irradiated 

zones on sample 2 with fluences of 9·1016 ions/cm2 and 39·1016 ions/cm2 are presented.  
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Figure 4.3: (a) EBSD pole figures of a 500 nm Au thin film (sample 2) before and after 

irradiation with 1.5 MeV N+ at 150°C. The fluences are 9·1016 ions/cm2 and 

39·1016 ions/cm2. The arrow indicates the direction of the incident ion beam. (b) EBSD 

grain map (in-plane orientation) of sample 2 after irradiation with 1.5 MeV N+ and 

39·1016 ions/cm2. 

 

(a) (b) 
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The non-irradiated as well as the irradiated pole figures exhibit a sharp peak in the 

center of the {111} pole figure corresponding to the (111) out-of-plane texture of the 

film. 

In contrast to the results for Au+ irradiated samples, there is no tilt of the out-of-plane 

texture after N+ irradiation. The random in-plane orientation before irradiation changes 

to a weakly favored in-plane texture with increasing fluence, represented by a 

continuous ring and a C3 symmetry at about 70° in the {111} pole figure. The 

formation of the in-plane texture can also be observed in the corresponding EBSD 

grain map (Fig. 4.3b), where a majority of the grains show equal (110) orientation as 

indicated by the green color. The peaks in the {111} pole figure are a superposition of 

two C3 symmetries enclosing an angle of ~13°. Together with the change in texture, 

the average grain size increased due to the N+ irradiation from originally 90 nm to 

400 nm for highest fluence (see Fig. 4.9a). 

4.3.2. Nanoindentation 

Mechanical properties after Au+ irradiation 

Fig. 4.4a presents three characteristic load-displacement curves consisting of 11 

loading and unloading cycles performed in dc mode on sample 1 after irradiation with 

2.6·1016 Au+ ions/cm2. For comparison, Fig. 4.4b presents three load-displacement 

curves on a non-irradiated area. It can be observed that on the irradiated zone much 

higher loads must be applied to reach 300 nm indentation depth compared to the non-

irradiated film. Furthermore, the curves’ shapes differ in between the unloading 

segment. In the irradiated zone, the loading sequence is straight, while it is more 

rounded in the non-irradiated area (compare insets in Figs. 4.4a and b). 

Based on each unloading segment, hardness and reduced Young’s modulus were 

calculated as a function of the effective indentation depth. Fig. 4.4c compares hardness 

profiles of three different irradiated zones to a non-irradiated area. All irradiated zones 

show significantly changed hardness profiles compared to the reference values 

measured on a non-irradiated area. For shallow indents on a non-irradiated area, 

hardness lies in the range of 2.6 GPa and increases slightly to approximately 2.9 GPa 
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at 300 nm indentation depth. By contrast, the film with lowest fluence shows 

decreasing hardness from 2.3 GPa down to 1.7 GPa as the indentation depth increases. 
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Figure 4.4: (a) Multicycle load-displacement curves on a 500 nm Au thin film after 

irradiation with 7 MeV Au+ and 2.6·1016 ions/cm2 at LN2 temperature and (b) load-

displacement curves on a non-irradiated area. The insets present characteristic loading 

sequences between two unloading segments. (c) Nanohardness and (d) reduced Young’s 

modulus profiles on sample 1 before irradiation (Au reference) and after irradiation with 

7 MeV Au+. The fluences are 0.5·1016, 1·1016 and 2.6·1016 ions/cm2. 

 

After irradiation with 1·1016 ions/cm2, the hardness profile exhibits values for shallow 

indents around 2.5 GPa, minimum values of ~2 GPa between 125 nm and 275 nm 

indentation depth and a slight increase to 2.3 GPa at 300 nm indentation depth. The 

film irradiated with 2.6·1016 ions/cm2 shows highest hardness values between 3.4 GPa 

near the surface and 4.6 GPa at an indentation depth of 250 nm. The high hardness 

(a) (b) 

(c) (d) 
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values are accompanied by a considerably higher standard deviation. Exact values are 

reported in Table 4.1 for an indentation depth of 100 nm. Generally, it is observed that 

the standard deviation increases with increasing fluence. This can be associated with 

changes in surface roughness, because ion irradiation leads to rougher surfaces. AFM 

measurements have shown that the surface roughness Ra of the Au reference thin film 

is around 3 nm and reaches 15 nm after irradiation with 1·1016 Au+ ions/cm2. 

Fig. 4.5 shows SEM images of 300 nm deep indents on a non-irradiated zone (a) and 

on two irradiated areas (b and c). It can be observed that the shapes of the indents are 

less precise on the irradiated zones compared to an indent on a non-irradiated area, 

most probably due to the increased surface roughness. The indents on the irradiated 

zones show slight pile-up in combination with the formation of twin boundaries for the 

indent on the zone with highest fluence (Fig. 4.5c). Furthermore, the images distinctly 

show irradiation-induced grain growth starting at an average size of 70 nm for the as-

deposited Au thin film (Fig. 4.5a) and resulting in 1560 nm average grain size after 

irradiation with 2.9·1016 Au+ ions/cm2. 

 

1 μm1 μm1 μm 1 μm1 μm1 μm1 μm1 μm1 μm1 μm1 μm1 μm
 

Figure 4.5: SEM images of indents on a (a) non-irradiated 500 nm Au thin film 

(sample 1) and on areas after irradiation with 7 MeV Au+ and a fluence of (b) 

0.5·1016 ions/cm2 and (c) 2.9·1016 ions/cm2. 

 

While hardness first decreases and then increases with increasing fluence (Fig. 4.4c), 

the reduced Young’s modulus (Fig. 4.4d) does not show a comparable tendency. For 

the lowest fluence, moduli are slightly increased compared to the non-irradiated film. 

By contrast, irradiation with a fluence of 1·1016 ions/cm2 led to a decrease of the 

(a) (b) (c) 
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moduli, particularly for indents deeper than 100 nm. For the highest fluence, moduli 

are slightly increased near the surface, reaching lower values deeper indents. 

Hardness as well as reduced modulus were measured in the Au thin film irradiated 

with 1·1016 ions/cm2 before and after an annealing step of 1 h at 400°C to examine any 

influence on the ion-induced defects and hence on the hardness. Fig. 4.6a presents 

hardness profiles for annealed films and compares them to non-annealed ones. It can 

be stated that both non-irradiated and irradiated zones show decreased values after 

annealing. At an indentation depth of 100 nm (Fig. 4.6b), the hardness for the non-

irradiated film is lowered by 0.5 GPa from 2.6 GPa to 2.1 GPa. The irradiated zone 

shows an equal hardness decrease from 2.2 GPa down to 1.7 GPa. 
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Figure 4.6: (a) Nanohardness profiles on a 500 nm Au thin film (sample 1) before and 

after annealing (1 h, 400°C) of a non-irradiated and an irradiated area (7 MeV Au+, 

1·1016 ions/cm2). (b) Comparison of the nanohardness of the above mentioned areas at 

100 nm indentation depth. Grain sizes are denoted at the bottom of the bars (unit: nm). 

 

Mechanical properties after N+ irradiation 

To study the influence of the ion mass on the mechanical behavior after irradiation, 

sample 2 was irradiated with N+ ions and subsequently tested by nanoindentation. 

Fig. 4.7a presents the nanohardness as well as the reduced Young’s modulus at an 

indentation depth of 100 nm. Regarding the hardness of the irradiated films, no 

significant change with increasing fluence can be observed. An average hardness of 

(a) (b) 
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approximately 2 GPa was measured for the non-irradiated as well as for the irradiated 

zones. Only the area with highest fluence (39·1016 ions/cm2) exhibits a slightly 

decreased hardness (for exact values see Table 4.1). However, the reduced Young’s 

modulus shows significant variations. While the thin films with lowest and highest 

fluence show no changes compared to the reference zone, irradiation with 29·1016 and 

34·1016 N+ ions/cm2 led to a decrease from ~120 GPa down to ~80 GPa and ~64 GPa, 

respectively. 
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Figure 4.7: (a) Comparison of nanohardness and reduced Young’s modulus as a function 

of N+ fluence on a 500 nm Au thin film (sample 2) at an indentation depth of 100 nm. (b) 

Comparison of nanohardness of 500 nm Au thin films with two different initial grain 

sizes at an indentation depth of 100 nm. The irradiation parameters were 1.5 MeV N+ and 

45·1016 ions/cm2 for sample 3 with large initial grain size (~460 nm) and 39·1016 ions/cm2 

for sample 2 with small initial grain size (~90 nm). 

 

In addition, a 500 nm Au thin film with large initial grain size (sample 3, average grain 

size 460 nm) was irradiated with N+ ions. Fig. 4.7b compares the nanohardness of two 

Au thin films with different initial grain size at an indentation depth of 100 nm before 

and after irradiation with 1.5 MeV N+. The fluences are not equal but still comparably 

high (45·1016 and 39·1016 ions/cm2). For the film with large initial grain size, the 

irradiation led to moderate grain growth from ~460 nm to ~550 nm. The nanohardness 

increased from 1.5 GPa to 1.8 GPa, while the reduced modulus decreased from 

123 GPa to 105 GPa after irradiation. In contrast, the grains of the film with small 

(b) (a) 
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initial grain size (~90 nm) grew by a factor of ~4, the hardness slightly decreased and 

the modulus remained unchanged compared to the Au reference film. 

In Table 4.1 grain sizes, nanohardness and reduced Young’s modulus at an indentation 

depth of 100 nm are reported for all examined samples. 

 

Table 4.1: Mechanical properties from nanoindentation experiments as well as grain 

sizes from SEM images and EBSD measurements for 7 MeV Au+ and 1.5 MeV N+ 

irradiated 500 nm Au thin films. 

 

Ion species Fluence Grain size Nanohardness& Red. Young’s modulus& 

 [1016 ions/cm2] [nm] [GPa] [GPa] 

Sample 1 0 70* 2.57 ± 0.13 135 ±4 

7 MeV Au+ 0.5 830* 2.06 ± 0.24 143 ± 12 

7 MeV Au+ 1.0 1310* 2.16 ± 0.41 130 ± 14 

7 MeV Au+ 2.6 1560* 3.51 ± 1.02 153 ± 22 

annealed 0 90* 2.12 ± 0.16 128 ± 7 

7 MeV Au+ 1.0 1530* 1.69 ± 0.40 126 ±21 

Sample 2 0 90* 2.04 ± 0.15 124 ± 26 

1.5 MeV N+ 9 290# 2.06 ± 0.13 115 ± 6 

1.5 MeV N+ 29 400# 2.12 ± 0.30 80 ± 4 

1.5 MeV N+ 34 380# 2.12 ± 0.34 64 ± 3 

1.5 MeV N+ 39 380# 1.95 ± 0.19 123 ± 10 

Sample 3 0 460* 1.53 ± 0.29 123 ± 17 

1.5 MeV N+ 45 550* 1.83 ± 0.36 105 ± 12 
*from SEM images. 
#from EBSD. 
&for 100 nm indentation depth. 

 

 

4.4. Discussion 

According to previous theoretical and experimental investigations [5,6], changes in the 

grain size as well as in the in-plane texture of Au thin films due to ion-induced 
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selective grain growth were expected. Furthermore, it was assumed that while 

increased defect densities would lead to strengthening of the Au thin films (e.g., [22]) 

increasing grain sizes would lower the hardness (Hall-Petch effect). In the following 

we discuss the influence of the two above-mentioned competing trends on the 

mechanical properties and compare the effects of Au+ irradiation to the effects of N+ 

irradiation on the basis of structural features such as grain size and thin film texture. 

4.4.1. Thin film structure 

Grain growth 

The fluences for Au+ irradiation were much smaller (0.5·1016 to 2.6·1016 ions/cm2) 

compared to N+ irradiation (9·1016 to 39·1016 ions/cm2), Au+ irradiation had a stronger 

impact on the thin film structure. As a possible explanation, the “damage” potential of 

the two different ion species is considered. 

Fig. 4.8 presents the ion ranges as well as the collision events per ion as a function of 

the sample depth for the irradiation of a 500 nm Au thin film on Si substrate with (a) 

7 MeV Au+ and (b) 1.5 MeV N+ based on SRIM simulations (Stopping and Range of 

Ions in Matter) [23]. 
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Figure 4.8: Ion ranges as well as collision events for (a) 7 MeV Au+ and (b) 1.5 MeV N+ 

irradiation of 500 nm Au thin films on Si substrates as a function of the target depth 

obtained by SRIM simulations [23]. 

 

(a) (b) 
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For Au+ irradiation, 67% of the ions remain in the Au film while only 16% of the N+ 

ions remain in the film (compare Fig. 4.8, ion ranges). Furthermore, 89% of the 

vacancies caused by Au+ irradiation are generated in the Au film, while for N+ 

irradiation only 43% of the ion-induced vacancies are located in the Au film (compare 

Fig. 4.8, collision events). Together with the calculation that one Au+ ion induces an 

average number of ~50000 vacancies when entering the sample while one N+ ion only 

induces ~1400 vacancies (SRIM), Au+ bombardment results in the generation of ~75 

times more defects in the Au thin film compared to N+ irradiation (see Table 4.2). 

 

Table 4.2: Ion species, fluences, thin film texture, number of vacancies induced per ion, 

fraction of vacancies induced only in the Au thin film and the areal vacancy density for 

7 MeV Au+ as well as 1.5 MeV N+ irradiated 500 nm Au thin films. 

 

Ion species Fluence Texture 
# of 

vacancies& 
# of vacancies 

in Au film 
Areal vacancy

density 

 [1016 ions/cm2] 
Out-of-
plane 

In- 
plane 

per ion per ion [1020/cm2] 

Sample 1  (111) random (100%) (89%)*  

7 MeV Au+ 0.5   53240 47380 2.4 

7 MeV Au+ 1.0   53240 47380 4.7 

7 MeV Au+ 2.6 (100) bimodal 53200 47380 12.3 

Sample 2  (111) random (100%) (43%)*  

1.5 MeV N+ 9   1440 620 0.6 

1.5 MeV N+ 29   1440 620 1.8 

1.5 MeV N+ 34   1440 620 2.1 

1.5 MeV N+ 39 (111) weak 1440 620 2.4 

Sample 3  (111) random (100%) (43%)*  

1.5 MeV N+ 45 (111) random 1440 620 5.6 
*estimated from collision events plot (see Fig. 4.8). 
&from SRIM simulations 
 

It must be noted that SRIM simulations do not consider annihilation of vacancies and 

interstitials and therefore provide only an upper-limit estimate of the effective number 
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of induced defects. Furthermore, it is assumed that for the channeling case the defect 

number is further reduced compared to the SRIM simulation results. 
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Figure 4.9: Grain size as a function of (a) the fluence for Au+ and N+ irradiation and (b) 

the areal vacancy density. Comparison of the measured hardness to “theoretical” values 

calculated using the Hall-Petch equation for (c) Au+ and (d) N+ irradiation. These values 

account for the grain growth but not for the hardening caused by increased defect 

densities. 

 

Fig. 4.9 presents the grain sizes as a function of (a) the fluence and (b) the areal 

vacancy density (see also Table 4.2). In comparison to the plot in (a), the plot in (b) 

shows good agreement for both ion species indicating that the ion-induced grain 

growth is a function of the number of generated defects. This is consistent with 

previous findings reported in [1,6,24]. However, the final grain size obtained for Au+ 

(b) (a) 

(c) (d) 
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(~1560 nm) and N+ irradiation (~400 nm) differs by a factor of ~4 which will be 

discussed below in more detail. 

As well as grain growth, ion irradiation can cause film thinning. Fig. 4.2b shows that 

the film thickness is decreased by at least 100 nm after Au+ irradiation with 

2.6·1016 ions/cm2. It is known from SRIM simulations that 7 MeV Au+ ions have a 

sputter yield of ~24 atoms/ion in Au, while 1.5 MeV N+ ions only have 

~0.4 atoms/ion. For a fluence of 2.6·1016 Au+ ions/cm2, 6.2·1017 Au atoms/cm2 would 

be sputtered away corresponding to a film thickness decrease of ~105 nm. This is in 

reasonable agreement with the experimental findings. Comparable calculations for N+ 

irradiation with a fluence of 39·1016 ions/cm2 result in a maximum film thickness 

decrease of ~18 nm. 

Out-of-plane texture 

It is assumed that two groups of favorably-oriented grains acted as nuclei and grew at 

the expense of their neighboring grains because of different defect densities induced 

while irradiating them. The first group showed an initial (111) out-of-plane orientation 

(blue grains in Fig. 4.1b) together with an (110) in-plane orientation (Fig. 4.1c) 

allowing for ion channeling. In the second group, we propose that (100) out-of-plane 

oriented grains acted as nuclei as indicated by the red color in Fig. 4.1b. Commonly, 

5% to 30% of the Au grains do not show the expected (111) orientation after sputter 

deposition [25], and a subset of these grains are expected to be (100) out-of-plane 

oriented. However, the angle between the (100) out-of-plane direction and the (110) 

main channeling axes is 45° and does not fit to the ion-beam inclination angle of 35° 

to the surface normal. Tilting the out-of-plane orientation by 10° would enable ion 

channeling in a subset of the (100) out-of plane oriented grains. This tilt of 10° is 

exactly what we observe in the {100} pole figure for highest fluence (Fig. 4.1a). 

Therefore, we assume that (100) out-of plane oriented grains acted as nuclei, while the 

growing grain arranged itself with a channeling axis parallel to the ion beam leading to 

a slight distortion of 10° compared to the nucleus. 

Considering the out-of-plane grain map in Fig. 4.1b, the (100) oriented grains 

outnumber the (111) grains, indicating the preferential growth of the (100) grains. 

While N+ ions are rather small (size of an octahedral/tetrahedral gap), the Au+ ions 
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strongly distort the fcc lattice. In addition, Au exhibits a high elastic anisotropy with 

an anisotropy coefficient A of 2.9. Consequently, (100) out-of-plane oriented grains 

grow preferentially at the expense of highly strained (111) oriented grains, because 

Au+ implantation leads to significantly lower strain energy in (100) oriented grains 

compared to (111) oriented ones [26]. A similar effect is well-known for other highly 

anisotropic materials (e.g., Cu, Ni), where the out-of-plane texture changes from (111) 

to (100) at sufficient high residual stresses [27]. It must be mentioned that this effect 

also occurs in the absence of grains allowing for ion channeling. When the elastic 

strain energy is not sufficiently large, no tilt of the out-of-plane texture is expected. 

Recent findings for the implantation of Au5+ ions in an identical Au thin film confirm 

this assumption. For an ion energy of 25 MeV, a minority of 1% to 2% of the Au+ ions 

remains in the Au thin film. Thus, only a slight tilt of the out-of-plane texture is 

observed for a comparable fluence of 2.5·1016 ions/cm2. These results will be 

published in detail at a later date. 

In-plane texture 

The in-plane grain map of the Au+ irradiated thin film shows a bimodal distribution 

(green and red grains in Fig. 4.1c). This is the consequence of a second active 

channeling axis. Considering the {111} pole figure in Fig. 4.1a (right hand side), two 

superposed C4 symmetries are observed. Therefore, we assume that in addition to the 

(110) main channeling axes also secondary (112) axes allowed for ion channeling 

since the two orientations observed in the in-plane map include an angle of 45°. 

For N+ irradiation, a weak in-plane texture was observed. The peak width of ~13° 

(Fig. 4.3a) in the {111} pole figure is significantly larger than the expected width of 7° 

given by two-times the critical angle of the system (Eq. (4.1)). Therefore, we conclude 

that not only the (110) main channel axes but also channel axes with higher indices 

contributed to the selective grain growth. Potential axes are (210) and (320) which are 

inclined by 39.23° and 36.81° to the (111) out-of-plane axis. Simultaneous ion 

channeling in all the above-mentioned axes might have been possible, especially when 

taking a slight misalignment of the sample during irradiation into account. 

It was mentioned above that the grain sizes significantly vary for the two ion species. 

As shown in Fig. 4.9b, the grain sizes differ by a factor of 2 at an areal vacancy 
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density of ~2.5·1020 cm-2. This is not only a consequence of the different damage 

potential of the two ion species but also a consequence of the number of grains which 

allow for ion channeling. We assume that favorably oriented grains grow until they 

encounter a grain which is comparably “stable” under ion irradiation. Since the density 

of originally (100) oriented grains growing during Au+ irradiation is lower compared 

to the density of (111) grains growing during N+ irradiation, larger grain sizes are 

expected for Au+ irradiation.  

Continuous transitions in crystallographic in-plane orientation were observed for Au+ 

irradiated thin films (see arrows in Fig. 4.1c). For the formation of such transitions, 

relatively high densities of geometrically necessary dislocations (GND) are required. 

The GND density ρ can be estimated by: 

 
δ
θρ

⋅
≈

b
tan  (4.2) 

where θ, δ and b are the angle and width of the continuous transition and the absolute 

value of Burger’s vector, respectively. For θ = 20°, δ = 800 nm (estimations from 

Fig. 4.1b) and b = 0.283 nm, a dislocation density ρ of about 1.6·1015 m-2 is obtained. 

This corresponds well to the dislocation density of approximately 2.5·1015 m-2 which 

was estimated from the mean distance of dislocation lines (~20 nm) in the TEM image 

shown in Fig. 4.2d. 

Formation of dislocations 

Although the expected dislocation density for observed EBSD features was confirmed 

by TEM, the formation of dislocations by ion bombardment is not obvious and needs 

further consideration. According to SRIM simulations, the density of Frenkel defects 

is calculated from the fluence, the number of vacancies per ion and the fraction of the 

vacancies produced in the Au thin film. Assuming a core length L = 500 nm of an edge 

dislocation (corresponding to the thickness of the thin film) and an average width of 

about 750 nm (half the grain size) an average area of 37.5·10-14 m2 per extra half plane 

is obtained. With a lattice parameter of 4.07·10-10 m and two atoms per elementary 

unit area, an average number of 0.5·107 atoms is needed to fill an extra half plane. In 

other words, 0.5·107 Frenkel defects cover an area of 75·10-14 m2 which would result 

in two edge dislocations of the above-mentioned size. Incidentally, the formation of 
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dislocations is energetically more favorable. Assuming that all generated 

vacancies/interstitials fuse to dislocations of the above-estimated size a dislocation 

density of up to 4·1018 m-2 for highest fluence would be reached. This is three orders of 

magnitude higher than the dislocation density of 1.6·1015 m-2 to 2.5·1015 m-2 obtained 

from GND calculations and TEM micrographs (Fig. 4.2d), but consistent with the fact 

that SRIM does not consider recombination of vacancies and interstitials. In reverse, 

these numbers implicate that only less than 0.1% of the generated Frenkel defects fuse 

to dislocations while the majority of the remaining defects annihilate, which is 

consistent with literature [28,29]. In contrast, no continuous transitions of the in-plane 

orientation are observed for N+ implantation, even if the number of generated defects 

is similar. This is most probably due to the defect generation rate, which is about three 

orders of magnitude higher for 7 MeV Au+ than for 1.5 MeV N+ in Au thin films. 

However, this interpretation does not explain the alignment of the dislocations and 

requires further investigation by in situ experiments and simulations. 

4.4.2. Mechanical properties 

Young’s modulus 

The magnitude of the reduced modulus Er is in the range of 120 GPa to 140 GPa for 

non-irradiated films. Using Eq. (4.3) [19], the Young’s moduli of the samples Es can 

be calculated: 
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Here Er is the reduced modulus resulting from the indentation experiment, νs = 0.44 is 

the Poisson’s ratio of the Au samples and νi = 0.07 and Ei = 1140 GPa are the 

Poisson’s ratio and the Young’s modulus of the diamond tip. According to Eq. (4.3), 

Es is in the range of 108 GPa to 129 GPa. This reasonably agrees with values reported 

by Cao et al. [30] for Au films on Si substrate with thicknesses ranging from 100 nm 

to 2000 nm. As the aim of the present study is the relative comparison of the 

mechanical properties of thin films before and after irradiation, we omit the 

determination of “true” elastic and plastic film properties. 
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It is observed that the reduced modulus is either decreased or increased upon 

irradiation (e.g., zones with fluences of 1·1016 and 2.6·1016 Au+ ions/cm2). We assume 

that the decrease in modulus is caused by the formation of pores and/or the change in 

the out-of-plane texture as observed for the Au+ irradiated samples or by delamination 

processes as supposed for N+ irradiation. For the highest Au+ fluence, the effects of the 

pores and/or change in texture might be overshadowed by the film thinning. At equal 

indentation depth, the influence of the Si substrate (E ≈ 200 GPa) on the thinner 

irradiated zone is certainly stronger compared to a non-irradiated area. The Young’s 

modulus could decrease in maximum by a factor of 2.7 upon a out-of-plane texture 

change from (111) to (100). For Cu, Zinkle and Oliver [8] report an ~10% increase in 

the elastic modulus at 100°C irradiation temperature. 

Nanohardness 

The hardness values at 100 nm indentation depth on non-irradiated areas reported here 

lie in the range of 1.5 GPa to 2.6 GPa, depending on the grain sizes. These values 

agree with literature data for comparable Au thin films on hard substrates [30-33]. It is 

assumed that the usual indentation size effects due to GNDs do not influence the 

values at 100 nm indentation depth, but the deformation restraint by the substrate plays 

an increasing role with increasing indentation depth. As most of the films examined 

here have equal thicknesses, we consider the substrate influence also equal for each 

film allowing for relative comparisons among them. 

For the irradiated films, several competing mechanisms are expected to change the 

hardness. (i) We observe a decrease in film thickness for the Au+ irradiated film 

(Fig. 4.2b). This might lead to higher hardness values because in this case the silicon 

substrate has a stronger influence compared to thicker films. (ii) An interlayer between 

the Si substrate and the Au film formed which may change the hardness as well 

(Fig. 4.2b). (iii) The hardness of the Au+ irradiated thin films could be affected by the 

transition of the out-of-plane texture from (111) to (100) (Fig. 4.1). (iv) The grain 

growth caused by ion irradiation is expected to lower the hardness (Hall-Petch effect). 

And finally, (v) the increase in defect density increases the film strength and hence the 

hardness. Effects (i) and (ii) are difficult to estimate quantitatively, therefore we 

concentrate on effects (iii) to (v). 
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(iii) Transition of the out-of-plane texture 

Assuming that the indentation load is uniaxial and parallel to the out-of-plane texture, 

a Schmid factor of 0.27 is calculated for the (111) out-of-plane oriented thin films, 

while for the irradiated areas showing (100) out-of-plane texture the Schmid factor 

would be 0.41. The ratio of the two factors (0.66) gives a rough upper-limit estimation 

of the expected hardness change when assuming that the critical shear stress is equal in 

both cases. Considering only the transition of the out-of-plane texture and neglecting 

all possible hardening effects, a hardness decrease of approximately one third of the 

original hardness would be expected. Our data does show a slight hardness decrease 

for the two lower Au+ fluences, but this could also be attributed to grain growth. For 

the highest fluence, a hypothetical decrease due to the texture change is superposed by 

irradiation hardening. 

(iv) Hall-Petch effect 

Ion irradiation is accompanied by grain growth. This effect can be quantified using the 

Hall-Petch equation which is given by: 

 
d

k y
0y += σσ  (4.4) 

where σy is the yield stress for polycrystalline materials, σ0 is the intrinsic yield stress 

in the absence of grain size effects, ky is a constant coefficient and d is the grains size. 

The yield stress σy in Eq. (4.5) is linked to the hardness H by Tabor’s relation [34]: 

 y3 σ⋅≈H  (4.5) 

Using Eqs. (4.4) and (4.5), the Hall-Petch coefficient ky for the non-irradiated Au thin 

films was determined to be in the range of 0.1 MNm-3/2. This is in good agreement 

with values reported in [35,36] for nanoindentation experiments on Au thin films. 

Figs. 4.9c and d compare the measured hardness to “theoretical” values calculated 

using ky ≈ 0.1 MNm-3/2 and σ0 ≈ 375 MPa. These theoretical values account for the 

grain growth but not for the hardening caused by ion irradiation. For the Au+ irradiated 

films, the film thickness (~500 nm) is smaller compared to the grain sizes (~830 nm to 

~1560 nm). Assuming that in this case the film thickness instead of the grain boundary 
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is the limiting factor, a hardness of ~1.55 GPa would be predicted (see dotted line in 

Fig. 4.9c). 

It can be concluded that N+ irradiation caused hardening in the range of 0.4 GPa to 

0.6 GPa, while Au+ irradiation led to hardening in the range of 0.3 GPa to 1.8 GPa. 

When additionally accounting for the out-of-plane transition observed for highest 

fluence, hardening effects for Au+ irradiation are even higher than estimated above. 

For stainless steel, hardening of more than 40% of the non-irradiated hardness value 

due to Fe-ion irradiation with doses up to 50 dpa is reported [11]. These results are 

comparable to the hardening effects observed in this study. 

The magnitude of the hardening for N+ irradiation is additionally confirmed by 

experiments on films with large initial grain size. Together with a slight grain growth, 

the irradiation led to a hardness increase of 0.3 GPa (Fig. 4.7b) which is close to the 

above-estimated hardening of Au thin films with small initial grain size (0.4 GPa to 

0.6 GPa). 

(v) Hardening due to irradiation-induced defects 

For Au+ and N+ irradiated films, mechanical property changes are the direct 

consequence of the evolution of a damage microstructure. As reported in [9,20,21], the 

majority of the damage defects in Au are SFT, while also Frank loops can evolve 

during irradiation. In addition, N+ irradiation leads to solid solution hardening which 

might partially compensate for the hardness decrease caused by the grain growth. In 

the following we discuss the above-mentioned effects each in turn and estimate their 

contribution to the observed hardening. 

The effect of N+ ions occupying interstitial sites can be estimated using: 

 cG ⋅⋅≈Δ γτ y  (4.6) 

where Δτy is the increase of the critical shear stress, γ accounts for tetragonal distortion 

and is in the range of approximately 0.5 to 1 [37], G is the shear modulus (23.4 GPa) 

and c is the interstitial concentration. It is known from SRIM simulations that 16% of 

the N+ ions stick in the Au thin film which corresponds to a concentration of ~1·10-6 

for highest fluence. Applying these values to Eq. (4.6), a change of Δτy ≈ 12 MPa 

(with γ = 0.5) to 23 MPa (with γ = 1) in critical shear stress is found. With a maximum 
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Schmid factor of 0.5, the yield strength σy is expected to increase by 24 MPa to 

46 MPa and consequently the hardness would increase by 72 MPa to 138 MPa. These 

values represent only a minor fraction of the total estimated hardening of 0.4 GPa to 

0.6 GPa. 

In the present study, not only small defect clusters but also a dense dislocation network 

was observed which might be a consequence of the high fluences in combination with 

the high damage potential of Au+ ions. It is assumed that once nucleated the 

dislocation loops continue to grow and become indistinguishable from the network 

dislocations originally present in the material [15], while simultaneously new small 

defect clusters are generated. For both defect types, Δσy is proportional to the square 

root of the product of the defect density and size, with the proportionality constant 

dependent on the nature of the obstacles [15]: 

 dy ρασ ⋅⋅⋅⋅≈Δ bGM  for dislocations (4.7) 

 NdbGM ⋅⋅⋅⋅≈Δ ασ y  for discrete obstacles (4.8) 

Here M is the Taylor factor (set to be 3), α is the obstacle strength, G is the shear 

modulus of Au (23.4 GPa), b is the Burger’s vector (0.283 nm), ρd is the network 

dislocation density and (Nd)½ ≈ l-1 with N the obstacle volume density, d the obstacle 

size and l the obstacle spacing. 

With the network dislocation density of ρd = 2.5·1015 m-2 estimated from TEM images 

and an obstacle strength for network dislocations of α = 0.1 a maximum hardness 

increase of ~300 MPa would be expected for highest Au+ fluence according to 

Eq. (4.7). As with the N+ interstitials after N+ irradiation, this is a small possible 

contribution to the total estimated hardening of ~1.8 GPa. 

Considering Fig. 4.2d, an obstacle spacing of l ≈ 10 nm (estimated from average 

distance between two defect clusters) is observed. Using Eq. (4.8) and an obstacle 

strength of 0.2, hardening in the range of ~1.2 GPa would be expected. When 

assuming that the total strength or hardness increase is the sum of individual 

contributions [10,15], total hardening of ~1.5 GPa is expected for the Au thin film 

irradiated with highest Au+ fluence. This is close to the estimated hardening effect of 
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~1.8 GPa and it is concluded that all mechanisms outlined above need to be jointly 

active to account for the observed hardness increase. However, the agreements are not 

exact, and the sources of discrepancy are attributable to a number of factors, including 

imprecise assumptions of the obstacle strength α, the network dislocation density ρd 

and the obstacle spacing l. 

The annealing experiment (Fig. 4.6) gives evidence that there is a hardness reduction 

for irradiated thin films, showing that some or all of the irradiation-induced defects are 

“healable” by a heat treatment which is confirmed by literature [20]. Due to grain 

growth, a reduction of ~120 MPa is expected for the non-irradiated Au reference film. 

However, the entire reduction is in the range of ~500 MPa and may be related to the 

healing of sputter defects. For the irradiated film, the grain growth upon annealing was 

only marginal and no hardness change due to grain growth is expected. Therefore, we 

conclude that the observed decrease of approximately 470 MPa is caused by material 

recovery, and irradiation-defect healing might have been a major part of it. 

4.5. Conclusions 

This paper shows the effect of high energy ion irradiation on Au thin films. The 

following microstructure changes were observed: selective grain growth, texture 

changes, sputtering, interfacial degradation, the formation of geometrically necessary 

dislocations and defect clusters. The effect of these microstructure changes on the 

mechanical properties of thin films were examined with regards to several 

mechanisms, and it was found that predominantly grain growth and the formation of 

ion-induced defect clusters have the strongest influence on the observed hardness. For 

all mechanisms, bombardment by larger ions (Au+) was found to be much more 

effective than smaller ions (N+). 

Technologically, microstructure control is the key to improve the reliability of 

microdevices [38]. Ion bombardment shows potential for microstructure control 

specifically with regards to in-plane texture control. The amount of ion-induced 

defects, however, needs to be minimized or cured by subsequent heat treatments. 
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5. THE INFLUENCE OF INTERNAL LENGTH SCALES ON 

MECHANICAL PROPERTIES IN NATURAL NANOCOMPOSITES: A 

COMPARATIVE STUDY ON INNER LAYERS OF SEASHELLS 

 

In this experiment, natural materials, namely seashells, with internal features in the 

nanometer range were examined. Seashells consist of nanocomposite materials with 

organic and inorganic components organized in well-defined sub-structures. Nacre is a 

sub-structure that is particularly interesting. It is composed of mineral nanoplatelets 

which are kept together by a thin organic layer. The mineral phases of different 

seashell species differ in shape, thickness as well as in the volume fraction. In the 

following, the correlation between mineral-phase geometry and mechanical properties 

of the nanocomposite is explored by means of nanoindentation experiments.  

 

This work has been published in the full length article: 

F. D. Fleischli, M. Dietiker, C. Borgia, R. Spolenak; The influence of internal length 

scales on mechanical properties in natural nanocomposites: A comparative study on 

inner layers of seashells. Acta Biomaterialia 4 (2008) 1694–1706. 

 

Abstract 

Natural materials exhibit outstanding properties compared to their single constituents 

because of their hierarchical alignment. Therefore, they can be used as a guide to 

enhance the properties of artificial nanocomposite materials which eventually could 

excel compared to their biological counterparts. In this study, seashells of five species 

with different microstructures were compared by correlating the sizes and aspect ratios 
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of the building blocks to their mechanical behavior. The analyzed nacreous seashells 

were Trochus maculatus, Haliotis rufescens and Pteria penguin, the non-nacreous 

shells were Meretrix lusoria and Pecten maximus. The results were used to determine 

optimal values for the shape, size and volume fraction of structural elements with 

regards to hardness, Young’s modulus and fracture toughness. Surprisingly, the aspect 

ratio of the mineral phase in all seashells investigated was found to be close to an 

optimal value for strength as predicted by theory. 
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5.1. Introduction 

Most living organisms need structural tissues to survive: bones, shells, teeth, beaks or 

corals are only a few examples. Such structures often consist of micro- and 

nanocomposite materials where organic and inorganic components are organized in 

sub-structures optimized by evolution to withstand environmental stresses associated 

with their biological function. Although the technology of composite materials has 

succeeded nowadays in creating highly specialized, high performance materials, it is 

still far from being able to replicate the complexity and the elegance of most biological 

composites. A prerequisite for producing such biomimetic materials with properties 

close or even superior to biological composites is to understand the influence of the 

geometry of structural elements such as size and aspect ratio on the overall mechanical 

properties. Therefore a systematic comparative investigation on biological model 

systems is needed to understand this correlation. 

Although biological composites have various shapes, they derive their remarkable 

properties by the same concept: combination of organic and inorganic components and 

their well-defined arrangement in preferred orientations over several length scales. The 

hard inorganic phase composed of, for example, calcium carbonate, calcium phosphate 

or amorphous silica [1] is surrounded by the relatively soft organic matrix, typically 

consisting of organic macromolecules such as keratin, collagen or chitin [1,2]. While 

the hard phase provides stiffness and mechanical stability to the system, the function 

of the matrix is to maintain the geometry of the structure and to distribute mechanical 

stress among the hard constituents. At the same time, the matrix provides high fracture 

toughness and improves fatigue resistance, both typically poor in hard materials. 

The shape and the arrangement of the constituents is a crucial factor contributing to the 

excellent mechanical properties of the biological composites, e.g,. high stiffness and 

strength, on one hand, and facilitated energy dissipation in the case of fracture on the 

other hand. Menig et al. [3] in a study on quasi-static and dynamic mechanical 

response of Haliotis rufescens shells found crack deflection, plastic microbuckling 

under compressive loading and viscoelastic deformation of the organic matrix to be the 

most important mechanisms contributing to the unique mechanical properties. The 
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proteins of the matrix have a large deformation potential by domain unfolding and 

interface slipping [4-6]. Furthermore, toughening mechanisms due to nanoscale 

asperities on the platelet surfaces of the mineral phase are reported [7,8]. 

The most prominent arrangements of organic and inorganic constituents found in 

seashells are nacreous and cross-lamellar. The best investigated structure (brick-and-

mortar structure) is the nacre of Haliotis rufescens (also referred to as red abalone) 

consisting of polygonal aragonite platelets (~95 wt%) stacked in layers and embedded 

in the matrix (~5 wt%) [3,9-11]. H. rufescens grows by sequential deposition of 

aragonite and organic layers perpendicular to the platelet diameter [10]. The growth is 

guided and controlled by the organic matrix [10,12]. The cross-lamellar structure (e.g., 

inner layer of Pecten maximus) is built up by aragonite needles (third order lamellae) 

which are arranged in bundles forming second order lamellae. Parallel bundles are 

combined to form a first order lamella with plate-like shape [13]. In neighboring first 

order lamellae, the bundles of second order are rotated 60° to 90° against each other 

[13]. 

So far, most of the studies on mechanical properties focus on single species. In this 

work, five seashell species, three with nacreous structure and two with non-nacreous 

structure, were systematically investigated to relate microstructure (platelet size, 

platelet aspect ratio and matrix fraction) to mechanical properties (such as hardness, 

Young’s modulus and fracture toughness).  

5.2. Materials and methods 

The seashells analyzed in this work are Trochus maculatus, H. rufescens, Pteria 

penguin, P. maximus and Meretrix lusoria (M. lusoria). H. rufescens seashells were 

purchased from Oceanzone (Germany), all other seashells from Conchology Inc. 

(Philippines). They were stored in a dry state, in air and at room temperature. 

The top layers of the examined seashells were cut away and the inner layers were 

sectioned into parallelepipedal samples using a wire saw. For X-ray diffraction (XRD) 

experiments, these samples were used without further preparation. For 

thermogravimetric analysis (TGA), the samples (4 mg to 6 mg) were grinded in a 

mortar. For scanning electron microscopy (SEM), atomic force microscopy (AFM) 
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and Raman measurements, the specimens were mechanically cleaved by means of 

compression applied perpendicularly to the macrolayers of the seashell [14]. Cross-

sectional specimens for SEM images were produced by bending of the samples 

perpendicularly to the macrolayers until cracking. For microindentation experiments, 

samples were embedded in polymer resin (Demotec 15 plus) and grinded with abrasive 

paper (P600). For nanoindentation experiments, the specimens of T. maculatus, H. 

rufescens and P. penguin were cleaved as described above, whereas the specimens of 

M. lusoria and P. maximus were polished. The samples of M. lusoria were additionally 

put into 9 M LiBr solution [15] for 1 h and rinsed afterwards with distilled water to 

remove a distracting layer of the organic matrix on the surface. 

Microhardness was measured with a microindenter (Micro-Duromat 4000, Reichert-

Jung, Austria) using a Vickers tip (MD 4000V, Reichert, Austria). The maximum load 

was 0.5 N and the loading rate 0.1 N/s. The indent diameter was measured with an 

optical microscope. For T. maculatus, P. maximus and M. lusoria, two shells per 

species were measured. 40 measurements were placed on each shell. For H. rufescens, 

four shells were examined and 20 measurements were placed on each shell. Four 

samples of one P. penguin shell were examined. 20 measurements were placed on 

each sample. 

Nanoindentation measurements were performed using a TriboIndenter (Hysitron Inc., 

USA) with a Berkovich tip (opening angle 142.3°) in load-control mode. Before 

placing the indents, the sample surfaces were scanned (20 μm × 20 μm) with the 

indenter tip to find the optimum indent positions. A partial-unloading function 

consisting of 10 loading and unloading segments with increasing peak load (maximum 

load 2000 μN) was used. The loading and unloading rates were 300 μN/s and -

200 μN/s. At each peak load, a hold time of 1 s was added. A total of 25 to 30 indents 

were applied on one sample of each shell species. 

The unloading segments of the curves were analyzed by the Oliver-Pharr method [16]. 

For the calculation of the Young’s modulus of the specimen Esp, the following 

equation was used [16]: 
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where Er is the reduced modulus resulting directly from indentation experiments, Ei 

and νi are the Young’s modulus and the Poisson’s ratio of the diamond indenter tip 

(1141 GPa and 0.07) and νsp is the Poisson’s ratio of the specimen (here defined to be 

0.3 as valid for most materials). 

Only indentation curves with equal initial slope were used for further analysis to 

exclude the effects of unexpected surface features (e.g., surface roughness, inclined 

surface or remains of the organic matrix). As an example, the dotted grey curve of P. 

maximus (indent 3) in Fig. 5.6a was not selected because the starting slope was 

considered anomalous when compared to a proper curve (solid grey), while both 

curves of H. rufescens (black) were incorporated in the analysis. 

Hardness and Young’s moduli were merged in averaged curves for each shell species. 

The averaged curve consists of sets of 20 values, i.e., the average of the first 20 values 

(at lowest indentation depth) corresponds to the first plot point (cf. Fig. 5.6b). The data 

points were sorted by increasing effective indentation depth regardless from which 

indenting experiment they originated. 

Fracture toughness was measured by single-edge-notched three-point bending at a 

span S of 8 mm (Fig. 5.1) using a Kammrath & Weiss tensile stage at a constant linear 

speed of 100 μm/min and forces to rupture roughly ranging from 25 N to 60 N. 

Rectangular beams with cross-sectional dimensions of ~0.6 mm × 4 mm (height 

t × width b) and length L of 12 mm to 14 mm were prepared with a wire saw. 

Subsequently, the machined surfaces were polished. To isolate the contribution of the 

nacreous layer to the measurement results, the top layer was removed by means of 

mechanical polishing. Single-edge notches were prepared with a wire saw (wire 

diameter 0.3 mm) and sharpened with a razor blade, resulting in a notch depth a of 

~1 mm. The accurate notch depth as well as the sample height, sample width and 

fracture areas, were determined using an image analysis software (ImageJ 1.34s) on 

digital images from optical microscopy. Six to seven samples of one shell per species 

were tested and the fracture toughness was evaluated as follows [17]: 
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In these formulas t is the sample height, b the sample width, L the sample length, a the 

notch depth, S the span and F the load. 
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Figure 5.1: Sample geometry for single-etch-notched three-point bending test with height 

t, width b, length L, notch depth a and span S. 

 

For SEM imaging, the samples were sputter coated with gold. The SEM images were 

taken on a CamScan Scanning Electron Microscope with an acceleration voltage of 

20 kV at a working distance of 20 mm. The SEM images were used to determine the 

average size of the nacre platelets. Two images of one sample per shell species were 

evaluated using an image analysis software [18]. 

AFM images and Raman spectra were measured with a CRAFM 200 (WITec GmbH, 

Germany). Both measurements were carried out in air and at room temperature. The 

AFM images were taken in contact mode, the measured area was 20 μm × 20 μm and 

the scanning speed 10 μm/s. The images were used to determine the building block 

thicknesses by measuring the surface steps on cleaved samples. For T. maculatus and 

H. rufescens, two images of two different shells per species were evaluated. For P. 

penguin, P. maximus and M. lusoria two images of one sample per species were 

evaluated. The Raman microscope uses a wavelength of 442 nm. The measurable 
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spectra in terms of relative wave numbers lie between -540 and 1380 cm-1. To reduce 

the intensity of the Rayleigh peak, a band-pass filter was used. Therefore, no peaks at 

relative wave numbers smaller than 200 cm-1 were detected. 

TEM (transmission electron microscopy) analysis was performed in bright field mode 

at an acceleration of 300 kV using a Transmission Electron Microscope Phillips CM 

30. 

The TGA experiments were performed using a TA Instruments thermal analysis 

equipment. The temperature range was 50°C to 900°C with a heating rate of 10°C/min. 

The measurements were carried out in air. The results from TGA were used to 

calculate the matrix weight fraction and to estimate the matrix thickness. Three 

measurements on two different shells of H. rufescens and two measurements on one 

sample of M. lusoria were performed. For the other species, one measurement was 

performed on a single sample. 

XRD measurements were performed on a X’Pert Pro system (PANalytical, The 

Netherlands) in θ/2θ mode with 2θ ranging from 20° to 100° using CuKα (λ = 1.54 Å). 

The step size was 0.05°/s and the time per step 50 s. To check for crystallographic 

preferential orientations, measurements were repeated at different tilting angles ψ 

around the axis parallel to both the sample surface and the θ/2θ scanning plane with ψ 

ranging from 0° to 70° in steps of 1° (for details see [19]). 

5.3. Results 

5.3.1. Structure 

Nacreous seashells normally consist of two macrolayers: the protecting layer and the 

inner layer. The protecting layer often has a prismatic structure (e.g., H. rufescens). 

The inner layer consists of nacre (also called brick-and-mortar structure) with 

polygonal platelets stacked in an ordered manner with a slight overlap (columnar 

nacreous seashells: T.maculatus and H. rufescens) or with larger overlap (staggered 

nacreous seashell: P. penguin) (Fig. 5.2). The platelets of T. maculatus show the 

highest values in diameter (size) and thickness while the platelets of P. penguin are the 

smallest and thinnest (compare Table 5.1). 
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Figure 5.2: SEM images of cleaved surface (left) and broken cross-section (right) of the 

inner layer of (a) T. maculatus (columnar nacreous structure), (b) H. rufescens (columnar 

nacreous structure), (c) P. penguin (staggered nacreous structure), (d) broken cross-

section of the inner layer of P. maximus showing needles arranged in cross-lamellar 

structure and (e) broken cross-section of the inner layer of M. lusoria consisting of 

irregularly shaped platelets arranged in an interweaved structure. 
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The examined non-nacreous seashells consist of three macrolayers: the protecting, the 

intermediate and the inner layer. In P. maximus, the inner layer has a cross-lamellar 

structure. The building blocks (third order lamellae) are rectangular needles (see 

Fig. 5.2d, needle thickness in Table 5.1).  

The inner layer of M. lusoria exhibits a complicated interweaved structure (Fig. 5.2e) 

consisting of thin irregularly-shaped platelets (platelet thickness and estimated size in 

Table 5.1). Thickness and size of the building blocks of all species were measured or 

estimated to calculate the aspect ratio (cf. Table 5.1) which is a characteristic number 

correlating the structure to the mechanical behavior of the seashells. 

TGA experiments were conducted to estimate the weight fraction of the organic matrix 

surrounding the building blocks. Two decomposition reactions are known to lead to 

mass loss during the TGA measurements. (i) Between ~150°C and ~450°C, the 

organic matrix degrades in one or several steps and (ii) above 600°C, CO2 is released 

caused by the decomposition of calcium carbonate [20,21]. Figs. 5.3a and b show the 

TGA data of the seashells as well as their negative first derivatives. 
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Figur 5.3: (a) TGA curves for various seashells between 100°C and 800°C and (b) their 

negative first derivatives between 100°C and 550°C illustrating the mass loss due to the 

degradation of the organic matrix. 

 

The matrix weight fraction was calculated from the mass loss taking place between 

100°C and respectively for each species: 435°C (T. maculatus), 460°C (H. rufescens 

and P. maximus), 580°C (P. penguin), and 400°C (M. lusoria). 
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Table 5.1: Structural parameters of the inner layer of five seashell species as determined 

by SEM, AFM, XRD, TGA and Raman spectroscopy. 

 

Shell species Building 
block 

Building 
block 

thickness 
[μm] 

Building 
block 
size 
[μm] 

Aspect 
ratio 

 
[-] 

Matrix 
weigh 

fraction 
[wt%] 

Matrix 
thickness

 
[nm] 

T. maculatus 
Meas. 

Aragonite 
platelet 

0.77 ± 0.07 8.73 ± 1.51 11.3 3.00 ~52 

Lit.a Aragonite [14] 
0.9 ± 0.2 

[14] 
7.9 ± 1.7 

[14] 
- - - 

H. rufescens 
Meas. 

Aragonite 
platelet 

0.43 ± 0.07 6.81 ± 1.45 15.8 3.18 ± 0.72 ~31 

Lit. Aragonite [9] 
0.5 [39] 

0.4-0.5 [9] 
10 [39] 

8 [9] 
- 

5 [39] 
3.8 ± 0.3 [20] 

20-30 
[9,39] 

P. penguin 
Meas. 

Aragonite 
platelet 

0.38 ± 0.05 2.84 ± 0.68 7.5 5.88 ~51 

Lit. Aragonite [26] ~0.5b [26] ~3b [26] - - - 

P. maximus 
Meas. 

Calcite/ 
aragonite 

needle 
(70/30) 

0.21 ± 0.04 - - 0.74 ~2 

Lit. Aragonite c [13] ~0.2c [13] 1-5c [13] ~20 ~4d [21] - 

M. lusoria 
Meas. 

Irregularly 
shaped 

aragonite 
platelet 

0.05 ± 0.01 ~1-2 ~30 1.96 ~2 

Lit. Aragonite [26] - - - - - 
avalues from Trochus niloticus. 
bestimated from Fig. 2 in [26]. 
cvalues from Pectinidae. 
dvalue from Solen marginatus with comparable cross-lamellar microstructure. 

 

 

The highest mass loss was measured for P. penguin with 5.9 wt%, while the other 

nacreous seashells showed a mass loss of about 3.0 wt%. Considering non-nacreous 

seashells, the matrix weight fraction is considerably lower with 2.0 wt% and 0.7 wt% 

for M. lusoria and P. maximus. In nacreous seashells, the organic is released in two to 
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three separate weight losses corresponding to the peaks in the derivative curves at 

temperatures between ~150°C and ~580°C. In contrast, in non-nacreous seashells the 

organic is released in one rather than two steps resulting in a smaller and broader peak 

between ~150°C and ~450°C. The thickness of the organic matrix was calculated 

according to Eq. A5.1 et seq. (see appendix) and can be found in Table 5.1. 

Raman spectroscopy was applied to cleaved nacreous samples and to polished non-

nacreous samples. Although all species showed similar patterns with a major peak 

situated around 1080 cm-1 and three minor peaks around 204, 260 and 685 cm-1 

(Fig. 5.4a), two main differences were found. (i) H. rufescens and M. lusoria show a 

fluorescence background and (ii) the spectrum of P. maximus is characterized by the 

absence of the peak around 204 cm-1 and a significantly more pronounced peak around 

260 cm-1, which corresponds to a calcite standard pattern [22]. The spectra of T. 

maculatus, H. rufescens, P. penguin and M. lusoria, on the other hand, mostly 

correspond to the aragonite standard pattern with a minority fraction of calcite [22]. 

The fluorescence reported in the spectra of H. rufescens and M. lusoria could be due to 

a different chemical composition and molecular structure of the matrix compared to 

the other sea shells. 

The XRD spectra were measured from 2θ = 20° to 120° at a tilting angle of ψ = 0°. 

XRD measurements were repeated on H. rufescens, M. lusoria and P. maximus at 

varying tilting angle ψ from 0° to 70° in steps of 1° (Figs. 5.4b and c for H. rufescens 

and P. maximus). These spectra evidenced a preferential crystallographic orientation of 

the building blocks in the inner layer. 

A “summed spectrum” corresponding to a powder diffraction pattern (Fig. 5.4d) 

obtained by summing all the single spectra resulting from the measurements at 

different angles ψ was compared with the standard patterns of calcite and aragonite. 

The summed spectra of H. rufescens and M. lusoria correspond to the aragonite 

standard pattern [23]. 



5.3 RESULTS 

123 

0 200 400 600 800 1000 1200 1400
3000

4000

5000

6000

7000

8000

9000

10000

11000

 

 

In
te

ns
ity

 [c
ts

]

Relative wavenumber [cm-1]

 Trochus maculatus
 Haliotis rufescens
 Pteria penguin
 Pecten maximus
 Meretrix lusoria

a

Calcite

 

2θ [°]

ψ
[°

]

002

012
113

111 132

b

2θ [°]

ψ
[°

]

002

012
113

111 132

2θ [°]

ψ
[°

]

2θ [°]

ψ
[°

]

2θ [°]

ψ
[°

]

002

012
113

111 132

b

2θ [°]

ψ
[°

]
202

104 018

113 c

2θ [°]

ψ
[°

]
202

104 018

113

2θ [°]

ψ
[°

]

2θ [°]

ψ
[°

]

2θ [°]

ψ
[°

]
202

104 018

113 c

 

20 40 60 80 100 120
0.0

0.2

0.4

0.6

0.8

1.0

1.2

1.4

1.6

1.8

2.0
 Haliotis rufescens
 Meretrix lusoria
 Pecten maximus

 

 

R
el

at
iv

e 
in

te
ns

ity
 [-

]

2θ [°]

d

Calcite

 

Figure 5.4: (a) Raman spectra of various seashells. (b) and (c) XRD spectra of H. 

rufescens and P. maximus with 2θ = 20° to 60° and ψ = 0° to 70° (intensity in logarithmic 

scale). The numbers refer to the crystal planes in aragonite (b) and calcite (c). (d) XRD 

sum spectra of H. rufescens, M. lusoria and P. maximus (ψ = 0° to 70°); the arrows 

indicate the peaks in P. maximus which correspond to the calcite pattern. 
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Due to the strong texture of the mineral building blocks, the aragonite peaks appear at 

particular tilting angles ψ. The peak with the highest intensity appears at 2θ = 33° and 

tilting angle of ψ = 20° (Fig. 5.4b). It corresponds to the (012)-planes of aragonite. The 

widening of the (012)-peak in ψ-direction is assumed to be mostly caused by a relative 

misorientation of the platelets since the effect of the curvature of the specimen surface 

was considered not to be significant in producing a sensible angular misalignment 

during the collection of the spectra. 

The peaks of M. lusoria are wider in ψ-direction (for the (012)-peak: 7.6° half width at 

half maximum) than the ones of H. rufescens (for the (012)-peak: 5.0° half width at 

half maximum), so that the relative misorientation of the platelets in M. lusoria is 

assumed to be higher. The peak with the highest intensity at ψ = 0° corresponds to the 

(002)-planes which is known to be the preferential growth direction of the platelets 

[10]. The spectra of T. maculatus and P. penguin at ψ = 0° are similar to the one of H. 

rufescens and are therefore not shown here. 

In the summed spectrum of P. maximus, peaks corresponding to both the aragonite and 

the calcite standard patterns are detected (see Fig. 5.4d, calcite peaks are marked with 

arrows). The peak with the highest intensity (2θ = 30° and ψ = 5°, see Fig. 5.4c) 

corresponds to the (104)-planes of calcite [24]. The fact that several peaks appear in 

the spectrum at ψ = 0° and that all peaks are wider in ψ-direction than the ones of H. 

rufescens or M. lusoria gives an indication towards a reduction in the sharpness of 

texture in this sample compared to the other shells. This finding is in good agreement 

with the fact that P. maximus exhibits a cross-lamellar structure. The aragonite fraction 

was calculated on the basis of the integrated area under the aragonite peaks in the 

summed spectra of P. maximus and H. rufescens, since the building blocks of H. 

rufescens are assumed to be composed of pure aragonite. As the background is 

comparable in both measurements and both phases consist of CaCO3, the volume 

fraction of aragonite in P. maximus is estimated to be around 30%. 

Considering the structure of a single nacre platelet, several groups report on 

substructures such as intratablet sector boundaries [14], twin boundaries [25] or 

nanograins [9,26]. Fig. 5.5 shows a TEM image of a platelet from H. rufescens with 

fairly homogeneous internal volume. A selected area diffraction pattern (SAED) was 
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acquired from a relatively large area on the same sample (see inset in Fig. 5.5) 

showing a clear indication for a single-crystalline platelet. Therefore, we conclude that 

substructures as mentioned above are not explicitly formed in all of the platelets. 

 

200 nm200 nm200 nm
 

Figure 5.5: TEM image and diffraction pattern (inset) of a single H. rufescens platelet 

indicating single-crystalline platelet structure. 

 

5.3.2. Mechanical properties 

Fig. 5.6a shows characteristic load-displacement curves consisting of 10 loading and 

unloading cycles for H. rufescens and P. maximus. The horizontal segments prior to 

the unloading segments result from the 1 s hold time and can be attributed to creep. 

Based on each unloading segment, hardness and Young’s modulus values as a function 

of the effective indentation depth were calculated. Fig. 5.6b compares the hardness H 

and the Young’s modulus Esp profiles of a nacreous seashell (H. rufescens) and a non-

nacreous seashell (P. maximus). Both species show decreasing values with increasing 

indentation depth and plateaus in the region of 60 nm to 140 nm (H. rufescens) and 

80 nm to 160 nm (P. maximus). The profiles of T. maculatus, P. penguin and M. 

lusoria are not presented here but exhibit comparable curves. To determine 

characteristic values for nanohardness and Young’s modulus, the average values 

without the 50 data points at lowest indentation depths and without the 50 deepest 
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indents were calculated. In Fig. 5.6b the average hardness and Young’s modulus for H. 

rufescens and P. maximus are indicated with dashed lines (for exact values see 

Table 5.2). Comparing nacreous to non-nacreous seashells, it is observed that nacreous 

seashells are remarkably harder. 
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Figure 5.6: (a) Nanoindentation curves (load vs. effective indentation depth) of H. 

rufescens and P. maximus. Only curves with similar slope at low indentation depth were 

used for further analysis (black and red curve of H. rufescens and green curve of P. 

maximus), curves with significant lower slope due to surface effects were sorted out 

(orange curve of P. maximus). (b) Averaged hardness and Young’s modulus values as a 

function of the effective indentation depth for H. rufescens and P. maximus. The dashed 

lines indicate the average nanohardness (H. rufescens 5.8 GPa and P. maximus 2.7 GPa) 

and the average Young’s modulus (H. rufescens 72.6 GPa and P. maximus 61.8 GPa). 

 

Considering microhardness data, the columnar nacreous seashells T. maculatus and H. 

rufescens show highest values (~3.9 GPa), while P. penguin with staggered nacreous 

structure reaches ~2.8 GPa (Table 5.2). In non-nacreous seashells, the microhardness 

is remarkably lower compared to nacreous seashells (P. maximus ~1.7 GPa, M. lusoria 

~2.3 GPa). Both trends are confirmed by nanohardness data. The values measured by 

nanoindentation are significantly higher than the ones measured by microindentation 

due to the higher loads used for microtesting. 

Structural element dimensions like the building block thickness, aspect ratio of the 

building block and matrix fraction have an effect on the mechanical properties, which 
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is shown in Figs. 5.7a, b and c (for clarity, the nacreous seashells are highlighted with 

an ellipse). 

 

Table 5.2: Mechanical properties (hardness and Young’s modulus) of five seashell 

species from micro- and nanoindentation experiments. 

 

Shell species H 
microindent. 

[GPa] 

Average H 
nanoindent. 

[GPa] 

H 
literature 

[GPa] 

Average Esp 

nanoindent. 
[GPa] 

E 
literature 

[GPa] 

T. maculatus 3.86 ± 0.61 6.52 ± 1.11 10.8 ± 1.5a [14] 83.9 ± 8.3 114.0 ± 8.8 [14] 

H. rufescens 3.88 ± 0.80 5.82 ± 1.14 
~1-5b [27] 
~2c [11] 

72.6 ± 5.8 
~45-95b [27] 

~60c [11] 

P. penguin 2.83 ± 0.46 3.73 ± 0.99 - 60.3 ± 8.5 - 

P. maximus 1.72 ± 0.59 2.71 ± 1.30 5 ± 0.3d [13]  61.8 ± 14.0 87 ± 5d [13] 

M. lusoria 2.26 ± 0.74 3.27 ± 0.88 - 84.8 ± 11.4 - 
avalues from Trochus niloticus. 
bestimated from Figs. 4 and 5 in [27]. 
cestimated from Fig. 5.3 at an indentation depth of ~100 nm. 
dvalues from Pectinidae. 
 

 

For nacreous seashells, nanohardness and Young’s modulus increase with increasing 

building block thickness while the microhardness reaches a constant value of 3.9 GPa 

at 0.43 μm (Fig. 5.7a). T. maculatus exhibits the highest nanohardness and the highest 

Young’s of the nacreous shells at an aspect ratio of 11 (Fig. 5.7b). Considering the 

matrix fraction, nacreous seashells show decreasing hardness and Young’s moduli 

with increasing matrix fraction (Fig. 5.7c). 

As a further confirmation of the mechanical properties of the specimens studied in this 

work, fracture toughness tests were carried out on a restricted number of samples. 

Fracture toughness KIc was determined for H. rufescens and P. penguin by single-

etch-notched three-point bending tests. KIc was found to be 2.9 ± 0.6 MPa·m½ and 

4.4 ± 0.8 MPa·m½ for H. rufescens and P. penguin 
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Figure 5.7: Hardness and Young’s modulus from nanoindentation experiments vs. (a) 

building block thickness, (b) aspect ratio of building blocks and (c) matrix fraction 

(measured by micro- and nanoindentation). The nacreous seashells are highlighted with 

an ellipse. 

 

5.4. Discussion 

Here, we give a short review of structural magnitudes as well as hardness and modulus 

values reported in literature for comparable seashells. In a second step, the H/E ratio as 

an important indicator for the mechanical performance in terms of toughness and wear 

resistance is calculated and related to the structure of the seashells. To conclude, we 

provide some guidelines for the design of artificial nacreous systems depending on the 

mechanical properties which should be optimized. 

Building block size and thickness as well as the matrix weight fraction of the studied 

seashell species are in reasonable agreement with literature (compare Table 5.1). 
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Possible differences may originate from natural scattering which could be expected 

within biological specimens of the same species or the same family.  

Hardness and modulus values of T. maculatus and P. maximus measured by 

nanoindentation are lower than the ones reported in [13,14] (compare Table 5.2) due to 

differences in the maximum indentation load as well as variations in building block 

size and matrix fraction. For H. rufescens nanohardness is slightly higher than the 

maximum value reported in [27] and clearly higher compared to [11]. For single 

crystal aragonite a nanohardness value of 6.2 ± 0.3 GPa and a Young’s modulus of 

102.8 ± 2.4 GPa perpendicular to the crystal c axis are reported [28]. Comparing these 

data to our results, it can be concluded that the nanohardness measured for the seashell 

composed of the thickest platelets (T. maculatus) is the one of the pure aragonite 

crystal. For all the other specimens with thinner building blocks, hardness is lowered 

due to the influence of the organic matrix. Considering the modulus, T. maculatus does 

not reach the value of aragonite illustrating the strong influence of the matrix on the 

elastic properties. 

We would like to point out that both nanohardness and microhardness are important 

engineering parameters. The former is crucial for the wear behavior (a surface 

property), whereas the latter influences the fracture toughness (a bulk property). In 

artificial structures one may even try to optimize these properties by creating a 

gradient structure. We assume that the nanohardness mostly reflects the properties of 

single platelets and the irreversible deformation during indentation is accommodated 

by microcracks as well as plastic deformation of the platelet. It has been shown for 

brittle materials such as sapphire [29] or aragonite [28] that they can deform plastically 

when shear stresses are superimposed to hydrostatic compressive stresses. This is the 

case underneath an indenter tip. Microhardness, on the other hand, reflects the 

behavior of the entire brick-and-mortar system, and plasticity is mostly carried by the 

deformation of the matrix or plastic microbuckling [3]. The different deformation 

mechanism controlling nano- and microhardness are reflected in the hardness values, 

where Hnano is clearly increased in comparison to Hmicro. 
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Figure 5.8: Hnano/E ratio as well as Hmicro/E plotted as a function of the effective 

indentation depth d normalized by the structure unit thickness hsu (building block 

thickness plus matrix thickness). An approach previously used by Hu and Lawn [42] and 

Jung et al. [43] for the hardness as well as the modulus of a bilayer system was adapted 

to analyze the curves: 
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where Hmicro is the hardness measured by microindentation, E the average Young’s 

modulus measured by nanoindentation, d the effective indentation depth and hsu the 

structure unit thickness. Rnano, A and c are fitting parameters. For the ease of fitting c was 

held constant at 2. Rnano is similar to the ratio of the average nanohardness and the 

modulus Hnano/E. The curves exhibit two regions: (i) a lower plateau value given by the 

the ratio Hmicro/E which is considered as the composite ratio and (ii) a higher plateau 

value for indentation depths smaller than the structure unit thickness. 

 

In the following the relationship between structure and mechanical properties is 

discussed. The authors are aware that the mechanical properties are influenced by the 

humidity level [6,30], but assume that this effect is similar for all shells investigated 

making a relative comparison reasonable. The studied mechanical properties are 

hardness H, Young’s modulus E, the ratio Hnano/E and the fracture toughness KIc. 

While it is usually beneficial to maximize H, E and KIc, the scenario is not as clear for 
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the H/E ratio, which is a figure of merit for tribological systems. Leyland and 

Matthews [31] associated a high H/E ratio with high wear resistance. With regards to 

fracture toughness, the classical picture is that a small H/E ratio is found in ductile 

materials (compare Fig. 19 in [32]). 

It is observed that the H/E ratio decreases from the surface (Hnano/E) into the bulk 

(Hmicro/E) of the seashell samples (Fig. 5.8). Note that the difference between the 

nanohardness ratio and the microhardness ratio is more pronounced for nacreous 

structures compared to non-nacreous structures. The Hnano/E ratio increases with the 

building block thickness (Fig. 5.9a) reaching a value of ~0.08 at thicknesses higher 

than 0.5 μm. 
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Figure 5.9: Hardness-to-modulus ratio vs. (a) building block thickness, (b) aspect ratio of 

building blocks and (c) matrix fraction. The nacreous seashells are highlighted with an 

ellipse. 
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Considering only nacreous seashells, the Hnano/E ratio increases with increasing aspect 

ratio of the building blocks (Fig. 5.9b), whereas it decreases with increasing matrix 

weight fraction (Fig. 5.7c). The non-nacreous seashell exhibit clearly lower H/E ratios 

compared to nacreous shells. Since H/E is an indication for wear resistance, it is 

expected that the highest value for the set investigated would be found for nacreous 

seashells consisting of platelets with a thickness ranging between 0.43 μm and 

0.77 μm, an aspect ratio between 11 und 16 and a matrix fraction in the range of 

3 wt%. For ideal fracture toughness the opposite trends should be pursued. 

Sarikaya et al. [25] and Barthelat et al. [33] report several design guidelines for 

synthetic composites basically concerning the properties and the arrangement of the 

components as well as the nature of the interface. In contrast to Barthelat et al. [33], 

our conclusion about the aspect ratio is that it should be optimized rather than 

maximized. This is supported by theoretical considerations regarding the optimal 

aspect ratio for highest strength. Gao et al. [34] (see curves in Fig. 5.10) calculated the 

optimal aspect ratio of the building blocks ρ* in fracture resistant biocomposites thus: 

 f
p

f
mm

f
p

* 1
τ
σγπ

τ
ρ =

⋅⋅
=

h
E

 (5.7) 

where τpf is the shear strength of the organic matrix at fracture, Em the Young’s 

modulus of the mineral, h the platelet thickness, γ the surface energy and σm
f the 

tensile strength of the mineral phase at fracture. To estimate the optimal aspect ratio, 

the following values were used: Earagonite II c-axis = 82 GPa [9] and γ = 1 J/m2 [34]. A 

range of shear strengths is shown in Fig. 5.10, as this value is difficult to access 

experimentally. One study [3] reports a matrix shear strength, τpf = ~30 MPa, which 

would result in the upper curve. The shear strength is expected to depend strongly on 

the composition of the matrix. The optimal aspect ratio is achieved when the organic 

matrix and the mineral fail at the same time. The closer the points are to the curve, the 

nearer is the aspect ratio to the optimal value. 

It is instructive to compare the mechanical properties of seashells to the properties of 

other structured natural materials, high performance composites or advanced ceramics 

(Fig. 5.11). 
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Figure 5.10: Aspect ratio of building blocks vs. building block thickness including three 

curves of optimal aspect ratio according to Gao et al. [34] with matrix shear strength τpf 

equal to 30 MPa, 60 MPa and 90 MPa. 

 

Interestingly, the fracture toughness of nacre cannot compete with advanced ceramics. 

The factor of 3000 in improvement in work of fracture (Gc) as originally introduced by 

Jackson et al. [30] has frequently been cited in literature, but is difficult to find in 

Fig. 5.11. Here, fracture toughness (KIc) rather than work of fracture is shown, and 

thus one would expect a factor of ~50 ( EGK cIc = ) in difference between the best 

nacreous material and the best calcium carbonate based material, while an 

improvement of a factor of 3 to 4 only is found. This may change for hydrated 

specimens as those exhibit higher ductility [6,30]. However, although seashells show 

better fracture toughness compared to natural monolithic minerals with the same 

mineral composition, for example, limestone or marble, technical ceramics still 

perform better than natural nacre. Considering, for example, transformation-toughened 

zirconia, Young’s modulus and fracture toughness exceed the values for nacreous 

structures by a factor of ~4. As a natural material, nacre includes a high number of 

structural defects which can be eliminated in the technological counterparts. Thus, 

there remains room for the improvement of biomimetic synthetic nacre, which is 

currently the focus of the research of many groups worldwide (e.g., [35-38]). 
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Figure 5.11: Fracture toughness KIc vs. Young’s modulus E of H. rufescens and P. 

penguin in comparison to calcium carbonate based materials as well as technical 

ceramics. The guidelines with slope ½ indicate property combinations with the same 

critical energy release rate Gc. The chart was created with [44]. The values for human 

bone are taken from [45,46] and the values for dentin and enamel are taken from [47,48]. 

All other data come from [44]. 

 

5.5. Conclusions 

A systematic mechanical characterization of five seashell species with different 

microstructures led to new guidelines for the design of artificial nacreous structures. 

The findings can be summarized as follows. 

It was shown that nacreous structures evidence a significant improvement in terms of 

fracture toughness with regard to their mineral constituents, but in contrast to common 

believe, this improvement is not spectacular and better technological materials are 

currently available. However, the guidelines presented in this paper may well help in 

the design of superior artificial nacreous structures. 

The two mechanical properties hardness and Young’s modulus are straightforward and 

clear to optimize. The ratio H/E can be used as indicator for several properties. It is 

well accepted that it is a figure of merit for wear resistance, however, with regards to 
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fracture toughness, it is less clear and material dependent whether this ratio should be 

maximized or minimized. Here, we assumed that low H/E ratios result in improved 

fracture toughness. This could be verified by three-point bending tests. 

Hardness H, Young’s modulus E, and their ratio H/E have been analyzed as a function 

of inorganic building block size, aspect ratio and the organic matrix weight fraction. 

Hardness: The maximum hardness in our study can be found for brick-and-mortar 

structures with high platelet thickness, an aspect ratio of approximately 11 and a 

matrix fraction of ~3 wt% (T. maculatus). Possibly, brick-and-mortar structures with 

lower matrix fractions would exhibit even higher hardness, as predicted by theory [5]. 

Young’s modulus: For the investigated nacreous seashells, the guidelines for high 

stiffness are equal to the ones for maximum hardness. In addition, the sample with 

lamellar interweaved structure (M. lusoria) consisting of very thin platelets with high 

aspect ratio and a matrix fraction of ~2wt% shows a high Young’s modulus. 

Generally, low matrix fraction is expected to result in maximum stiffness (compare, 

e.g., the work of Ji and Gao [5]. 

H/E: According to the results of this study, it is expected that brick-and-mortar 

structures with high inorganic platelet thickness, high aspect ratio and low organic 

matrix fraction (H. rufescens and T. maculatus) would lead to an optimum wear 

resistance because of their high H/E ratios. Limited to nacreous structures, high 

fracture toughness correlates with thin platelets, a small aspect ratio and a high matrix 

weight fraction. The latter is counter-intuitive as high moduli (for small H/E) would 

require a small matrix fraction. 

It was interesting to observe that all natural species were found to exhibit a close to 

ideal building block aspect ratio as postulated by Gao et al. [34]. 

5.6. Appendix 

The matrix thickness is calculated on the basis of the matrix volume fraction by 

converting the weight fraction measured by TGA. It was assumed that the matrix layer 



NATURAL NANOCOMPOSITES 

136 

around one building block has a uniform thickness and that the building blocks are 

regularly shaped. The volume fraction of the building blocks vbb is calculated by: 

 
bbmmbb

mbb
mbb )1(

ρρ
ρ

⋅+⋅
⋅

=−=
ww

w
vv  (A5.1) 

where vm is the volume fraction of the matrix, w is the weight fraction and ρ 

(1.35 g/cm3 for the matrix [40] and 2.95 g/cm3 for the building block [41]) the density. 

The subscript m stands for matrix and bb for building block. For thin platelets, the size 

of the platelet is significantly higher than the matrix thickness. Therefore the volume 

fraction of the platelets vp is: 
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where dp is the platelet thickness and dm the matrix thickness. The matrix thickness can 

be expressed by: 
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Assuming the building blocks having the shape of needles, the volume fraction of the 

needles vn is expressed by the following equation (because the needles are significantly 

longer than the matrix thickness): 
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where dn is the needle diameter. The thickness of the matrix can be expressed by: 
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6. FAST ASSEMLBY OF BIO-INSPIRED NANOCOMPOSITE FILMS 

 

The natural nanocomposites examined in chapter 5 exhibit outstanding mechanical 

properties. For this reason, mimicking these structures is of special interest. In this 

chapter a novel technique for the production of artificial nacre is introduced. The novel 

spin-coating process is about 10 times faster compared with the conventional dipping 

procedure. To mimic the microstructure of natural nacre, the mineral phase and the 

organic “glue” of nacre are substituted by nanosized clay platelets and a polymer, 

respectively. Nanocomposite thin films on silicon substrates were prepared by the 

novel technique as well as conventionally. Subsequently the films were characterized 

by nanoindentation, and the mechanical properties were compared to conventionally 

produced films. 

 

This work has been published in the full length article: 

V. Vertlib, M. Dietiker, M. Plötze, L. Yezek, R. Spolenak, A. M. Puzrin; Fast 

assembly of bio-inspired nanocomposite films. Journal of Materials Research 23 

(2008) 1026–1035. 

 

Abstract 

This paper presents a spin-coating layer-by-layer assembly process to prepare multi 

layered polyelectrolyte-clay nanocomposites. This method allows for the fast 

production of films with controlled layered structure. The preparation of a 100-bilayer 

film with a thickness of about 330 nm needs less than 1 h, which is 20 times faster 

than conventional dip coating processes maintaining the same hardness and modulus 
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values. For validation of this technique, nanocomposite films with thicknesses up to 

0.5 µm have been created with the common dip self-assembly and with the spin-

coating layer-by-layer assembly technique from a poly(diallyldimethylammonium)-

chloride (PDDA) solution and a suspension of a smectite clay mineral (Laponite®). 

Geometrical characteristics (thickness, roughness and texture) as well as mechanical 

characteristics (hardness and modulus) of the clay-polyelectrolyte films have been 

studied. The spin-coated nanocomposite films exhibit clearly improved mechanical 

properties (hardness 0.4 GPa, elastic modulus 7 GPa) compared to the ‘pure’ polymer 

film, namely a sixfold increase in hardness and a 17-fold increase in Young’s 

modulus. 
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6.1. Introduction 

Multilayered polymer-clay nanocomposites attract considerable attention due to their 

mechanical properties, which resemble those of naturally occurring composite 

materials with layered brick-and-mortar structure such as nacre [1,2]. The composite 

materials are constituted of hard components (e.g., silica particles, fibers, carbonates 

and clay platelets) and soft material (e.g., positively charged polymers); each brings 

into the system its particular qualities. While the hard phase (the “brick”) provides 

stiffness and mechanical stability to the system, the function of the matrix (the 

“mortar”) is to maintain the geometry of the structure and to distribute the mechanical 

stresses among the hard constituents, providing at the same time high fracture 

toughness and improving the fatigue resistance. Several toughening mechanisms like 

crack blunting, branching and deflection, platelet pullout, crack bridging and sliding of 

platelet sublayers allow higher energy consumption [3-5]. 

Different layer-by-layer (LBL) assembly techniques, based on sequential adsorption of 

oppositely charged compounds, have been established for preparation of multilayered 

thin films. The driving force for the adsorption of the components, which is carried out 

from dilute aqueous solution, is electrostatic. Currently, the most commonly used 

method to prepare multilayered polyelectrolyte-clay nanocomposite films is based on a 

dip self-assembly process [6-8]. This layer-by-layer assembly simply involves dipping 

a substrate into dilute aqueous solution, so that it is relatively easy to control the 

number, type and sequence of layers added to the film even on non-planar surfaces. 

However, this method possesses a serious disadvantage of being extremely time 

consuming. In an alternative dripping self-assembly method, the solutions were 

sequentially dripped on the film surface, after some seconds rinsed with water and 

blown dry with nitrogen [7]. In addition, there are production routes using, e.g., 

directional freezing of aqueous solutions with subsequent ice sublimation [9], 

progressive evaporation of dispersions with low concentrations of delaminated 

platelets [10] or evaporation-induced self-assembly [11]. The evaporation induced film 

production is a well established method to prepare textured specimens in XRD clay 

mineralogical analysis [12,13]. The advantages are the simple building process, the 

possibility to prepare large and thick films with high ordering of the crystallites in z-
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direction. A drawback is the crack formation during drying. A further possibility to 

prepare composite films is the spin self-assembly method [14,15]. In contrast to those 

mentioned above, this method allows the rapid production of films with controlled 

layered structure and extremely low surface roughness on planar substrates.  

The aim of this research was to explore the fast spin self-assembly approach for the 

preparation of polymer-clay nanocomposite films and, using nanoindentation, to 

compare the mechanical properties of nanocomposite films prepared by spin and dip 

self-assembly processes. 

6.2. Materials and methods 

Poly(diallyldimethylammonium)chloride (PDDA) (Sigma-Aldrich) was used in the 

form of 20 wt% water solution (low molecular weight, Mw = 100’000-200’000) 

without purification. The solutions for film assembling were prepared by further 

dilution of this 20 wt% batch solution with water. Water was purified by a Millipore 

Milli-Q Gradient system. Laponite® was supplied by Laporte Industries. Laponite is 

entirely synthetic trioctahedral Na+-smectite similar to natural hectorite. The Laponite 

platelets have a disc-like shape with an aspect ratio (w/t) of 25.  

The permanent negative surface charge gives a cation exchange capacity (CEC) of 

75 meq/100 g clay. The Laponite suspensions were freshly prepared by dispersion in 

purified water and stirring for 2 h. 

The standard 6 inch +100, silicon wafers as substrates were cut in 18 mm diameter 

discs or 30 × 20 mm rectangles. The wafer surfaces were ultrasonically cleaned in 

50% aqueous ethanol and afterwards oxidized with hot (~100°C) mixture (1:1 by 

volume) of 98% sulfuric acid and 30% hydrogen peroxide (piranha). The thickness of 

the formed SiO2 layer on the oxidized silicon substrate was found, using ellipsometry, 

to be between 2 nm and 3 nm.  

The dip self-assembly has been performed using a PC operated Nima DC-multi dip 

coater with 16 dipping vessels (Nima Technology Ltd., UK). A flat rectangular 

substrate was sequentially dipped in PDDA solution and clay suspension [16-20]. The 

dip cycle program for each bilayer consisted of six steps – dipping into PDDA 
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(0.05 wt%, pH 5.7) solution for 300 s, three times rinsing with water, dipping in 

Laponite (0.05 wt%, pH 9.7) suspension for 300 s and finally two times rinsing with 

water. The preparation of a 100-bilayer film takes about 17 h. 

The spin self-assembly process of multilayer formation consisted of four continuous 

steps – some drops of the cationic polymer solution on the silicon disc until full 

coverage - spinning at 6 rps for about 30 s until dry state - spin washing with purified 

water - dropping the clay suspension on the polymer surface until full coverage – 

spinning at 60 rps for about 30 s – spin washing with purified water. A spin coater 

SCI-50 (LOT-Oriel, Germany) was used. In less than 2 h a 100-bilayer film can be 

produced. 

The geometrical characteristics of the prepared films such as thickness, roughness and 

inner structure were studied with ellipsometry measurements, X-ray diffraction, 

thermogravimetric analysis and microscopic methods. The variable angle 

spectroscopic ellipsometry (VASE) spectra were measured under ambient conditions 

in temperature and relative humidity (40-50%) at 65°, 70° and 75° and at wavelengths 

from 370 nm to 1000 nm (M-2000D, J.A. Woollam Co., Inc., USA). The VASE 

spectra were fitted with the multilayer model based on the WVASE32 analysis 

software, using the optical properties of a generalized Cauchy polymer (An = 1.625, 

Bn = 0 and Cn = 0) and clay (An = 1.57, Bn = 0 and Cn = 0) layers. Atomic force 

microscope (AFM) images were acquired with a WITec instrument (CRAFM 200, 

WITec GmbH, Germany) in contact mode using silicon nitride tips. As a measure of 

roughness the standard deviation (Stdev) of the topography was calculated using WITec 

software. Typically, 10 × 10 µm scans were acquired for this purpose under ambient 

conditions in temperature and relative humidity (40-50%). X-ray diffraction patterns 

were recorded on a PHILIPS PW1820 diffractometer (PANalytical, The Netherlands) 

with Cu Kα radiation (λ = 0.154 nm) with automatic divergence slit and a secondary 

graphite monochromator. The scan step was 0.02°2θ with a counting time of 

100 s/step. The evaluation of the pattern was carried out using DiffracPlus evaluation 

software (Bruker AXS, Germany). An X’Pert PW3070 X-ray diffractometer with 

Eulerian cradle (PANalytical, The Netherlands) was used to measure the texture of the 

clay platelets in the assembled films. The Φ scan of the (001) basal reflection at 6.2°2θ 



BIO-INSPIRED FILMS 

146 

with Cu Kα was carried out between 0° and 360° in steps of 5° with ψ angles between 

0° and 60° in steps of 1°. The evaluation was done with the X’Pert Texture program 

(PANalytical, The Netherlands). Loading of inorganic material was characterized with 

thermogravimetric analysis, (TGA) measuring the mass loss of laponite only as well as 

of composite material in the temperature range between 30°C and 1000°C in dry air 

flow using a thermobalance (SDTA851e, Mettler Toledo, Switzerland). Scanning 

electron microscopic studies were carried out using a field emission gun Leo 1530 

with Gemini optics and an InLens BSE detector (Zeiss/Leo, Germany). Cross section 

samples were prepared by freezing films on substrates in Nliq and subsequently 

breaking in pieces followed by Pt coating of the surface.  

The mechanical properties of the films were characterized with nanoindentation using 

a TriboIndenter (Hysitron, Inc., USA) under ambient conditions in temperature and 

relative humidity (40-50%) with a cube corner tip. The measurements were carried out 

in displacement controlled mode with a constant loading and unloading rate of 15 nm/s 

to depths ranging from 50 nm to 500 nm for the composite films and from 50 nm to 

350 nm for the PDDA film, respectively. The effects of creep were studied for the 

spin-coated film by adding a hold time (1 s) at constant indentation depth between the 

loading and the unloading segment. On each sample, 70 to 100 indents were made (10 

indents per indentation depth, separated by at least 30 µm). The drift rate was checked 

prior to each indentation by keeping the indenter tip at constant force (0.5 µN) in 

contact with the film surface and monitoring the displacement for 30 s. Subsequently, 

the indentation depths were corrected for the previously determined drift. Hardness H 

and reduced modulus Er were determined using the method of Oliver and Pharr [21]. It 

should be noted that the reduced modulus Er, as well as the Hardness H, is a 

combination of the properties of both thin film and substrate. In order to extract ‘true’ 

elastic film properties from nanoindentation experiments, Doerner and Nix [22] 

developed a model accounting for the influence of the substrate. This model was 

modified by King [23] who made it applicable to all film/substrate systems using flat-

ended cylindrical, quadrilateral or triangular punches for indentation. In order to 

extend King’s model to three-face pyramidal tips, it was modified by Saha and Nix 

[24] and is defined as: 
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where νi and Ei, νf and Ef, and νs and Es are the Poisson’s ratio and elastic modulus of 

diamond indenter tip, film and substrate, respectively, a is the square root of the 

projected contact area A, h is the indenter displacement, t is the film thickness and α is 

a numerically determined scaling parameter that is a function of a/t, the normalized 

punch size and the tip geometry. Saha and Nix [24] fitted King’s numerically 

determined values for α, obtaining the following equation: 
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Table 6.1 shows the properties of the indenter, the substrate and the films which were 

used for the calculation of Ef according to Eq. (6.1). Thicknesses t of the PDDA and 

the composite films were assumed to be 400 nm and 470 nm, respectively. α was 

calculated for each indentation depth according to Eq. (6.2). 

 

Table 6.1: Assumed Poisson’s ratio and modulus of the diamond indenter tip and the 

silicon substrate and assumed Poisson’s ratio of the PDDA, the spin-coated and the 

dipped composite film. 

 

νi [-] Ei [GPa] νs [-] Es [GPa] νf 
Composite [-] νf

PDDA [-] 

0.07 [25] 1141[25] 0.28 [26] 176a 0.25b 0.35 [25] 
aMeasured by nanoindentation. 
bEstimated from the Poisson’s ratio of montmorillonite ν = 0.20 [27] (2/3 portion in the volume) and 
  νf

PDDA (1/3 portion in the volume). 
 

 

6.3. Results 

6.3.1. Geometrical characteristics 

The film thickness evolution up to 11 bilayers was studied using ellipsometry. 

Thickness measurements of thicker films were not possible because the intensity of 

reflected light became too weak. The thickness of the first polymer layer deposited on 
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the SiO2 layer of the silicon substrate was always lower than the thickness of 

upcoming polymer sublayers. This might have been due to the lower charge of the 

bare silicon dioxide surface. The average thickness of clay/polymer bilayer formed by 

spin self-assembly with 0.05 wt% PDDA solution and 0.05 wt% Laponite suspension 

was 3.18 nm. The average polymer sublayer thickness was 1.06 nm while the clay 

sublayer thickness was 2.12 nm. The thickness increase versus number of bilayers plot 

is almost linear for 0.05 wt% PDDA/0.05 wt% Laponite concentration (Fig. 6.1). 

Increasing of the Laponite concentration by two times had almost no effect on the 

average thickness of bilayer (3.28 nm). The multilayer build-up of films prepared with 

the dip coater and the same 0.05 wt% PDDA solution and 0.05 wt% Laponite 

suspension shows slightly lower film thicknesses at the early stages of film formation 

and not the same linear film thickness evolution as the spin-coated sample. The high 

surface roughness and lower optical uniformity of films produced with higher PDDA 

concentrations (0.5 wt%) even at the early stage of formation (Table 6.2) make well 

reproducible ellipsometry measurements impossible. 

 

 

Figure 6.1: Film thickness evolution from the ellipsometry data. Films were prepared 

with 0.05 wt% PDDA solution and 0.05 wt% Laponite suspension. The average thickness 

of clay/polymer bilayer formed by spin self-assembly is 3.18 nm (polymer sublayer 

1.06 nm, clay sublayer 2.12 nm). 
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The thicknesses of spin self-assembly films (0.05 wt% PDDA/0.05 wt% Laponite) 

measured from the AFM scan profile of fine scratches as the difference between the 

average top and the average bottom topographical level were 150 ± 20 nm for the film 

with 50 bilayers, 330 ± 20 nm for the film with 100 bilayers and 460 ± 30 nm for the 

film with 150 bilayers. The film bilayer thickness measured by ellipsometry is 

consistent with AFM profilometry data (3.2 nm for one bilayer from ellipsometry vs. 

330 nm for 100 bilayer from AFM). A typical AFM image of the scratch is given in 

Fig. 6.2. 

 

 

Figure 6.2: AFM image of a scratch in a 0.05 wt% PDDA/0.05 wt% Laponite film with 

100 bilayers prepared with spin self-assembly. The film thickness is 330 ± 20 nm. 

 

Series of films with 5, 20, 50 and 100 bilayers using set of different PDDA and 

Laponite solution concentrations were prepared to study the surface roughness 

evolution by AFM (Table 6.2). To compare the properties of the composite films with 

one of PDDA only a pure PDDA film was prepared by one-time spin coating of 3 wt% 

PDDA water solution on the silicon substrate. The PDDA film was rough and 

nonuniform in thickness. An average thickness of 300 ± 100 nm was determined by 

AFM profilometry and nanoindentation. 

It was found that breaks in the continuous film formation process up to 24 h had no 

effect on the film quality. However, the PDDA solution concentration was discovered 

to have a very strong influence on the film surface roughness. Using 0.05 wt% PDDA 
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solution and up to 0.1 wt% Laponite solution the surface roughness for 100-bilayer 

films was similar to that of 5 bilayer films, whereas 0.5 wt% PDDA solution resulted 

in the formation of very rough films even at an early stage of formation. 

 

Table 6.2: Roughness evolution during multilayer film build-up by spin self-assembly. 

 

wt% PDDA/wt% Laponite Number of bilayers Roughness [nm] 

0.05/0.05 

5 4 

20 5 

50 5 

100 6 

0.05/0.1 

5 3 

20 5 

50 3 

100 4 

0.5/0.05 
5 12 

20 80 

0.5/0.1 
5 28 

20 111 

 

 

A high PDDA concentration (0.5 wt%) also leads to peel off and cracking during the 

spin-on process. The surface roughness of films prepared with the dipping method 

using equal concentrations is much higher as it can be seen in the typical AFM images 

of 100-bilayer films on Fig. 6.3. In the AFM image of the dipped film some thick 

stacks of clay platelets can be seen which are caused by reaggregation during dipping 

in the aqueous dispersion. In contrast, the surface of the spin-coated film is much 

smoother and homogeneous. 

TGA analysis showed high loading of the inorganic material (Fig. 6.4). Up to 220°C, 

the mass loss is caused by the release of surface and clay mineral interlayer adsorbed 

water; while above approx. 500°C by laponite dehydroxylation, which is 5%, like in 
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the ideal case. The composite shows a mass loss of about 45%. Taking into account 

the mass loss from laponite dehydroxylation a loading of inorganic material of approx. 

60 wt% can be revealed. 

(a) (b)(a) (b)

 

Figure 6.3: AFM image of 100-bilayer films prepared by dip coating (a) and spin coating 

(b) using 0.05 wt% PDDA solution and 0.05 wt% Laponite suspension showing the 

higher surface roughness of the dip self-assembly films. 

 

 

 

Figure 6.4: TGA comparison of pure Laponite and the spin-coated composite (150 

bilayers from 0.05 wt% PDDA solution and 0.05 wt% Laponite suspension). 

 

In the cross section SEM images of films prepared by spin self-assembly the lamellar, 

but wavy film structure can be clearly seen (Fig. 6.5). The observed film thickness is 
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consistent with the AFM profilometry data (compare Fig. 6.2). The dense coverage of 

the film surface with the Laponite particles can be observed in the SEM top view 

(Fig. 6.5). 

(a) (b)(a) (b)

 

Figure 6.5: SEM images of a spin-coated film (150 bilayers) using 0.05 wt% PDDA 

solution and 0.05 wt% Laponite suspension. (a) Fractured cross section and (b) top view. 

 

The XRD patterns of two Laponite/PDDA films prepared by spin and dip self-

assembly are plotted on Fig. 6.6. Only a rational series of peaks from basal reflections 

can be observed, which is indicative of clay particle ordering in z-direction and a 

lamellar film structure. The basal distance of the Laponite increased from 12.3 Å in the 

original Na-form to 14.3 Å. 

 

 

Figure 6.6: XRD patterns of multilayer films (100 bilayers for spin-coated and 135 

bilayers for dipped) using 0.05 wt% polymer solution and 0.05 wt% Laponite suspension. 



6.3. RESULTS 

153 

For assessment of the clay platelet orientation during film preparation the deviation σ* 

of the tilt angles of the clay platelets around the mean crystallite orientation (z-

direction perpendicular to the film) were measured on the same films (Fig. 6.7). 

 

Figure 6.7: XRD 2D-pole figures of the Laponite (001) basal reflection (Schmidt 

projection with ψ angles between 0° and 60°) of films prepared by dipping (a) and spin 

coating (b) using 0.05 wt% polymer solution and 0.05 wt% Laponite suspension. 

 

Zones of isointensity rings in the pole figure are indicative for the random distribution 

of the crystallite a and b axes in the film plane for the spin-coated film. The dipped 

film shows additional to this random distribution rectangular intensity features in the 

pole figure, which can be caused by the run away of the solution after each dipping 

step. A similar σ* value of 9.2° was calculated for films prepared both by dipping and 

by spinning method. 

6.3.2. Mechanical characteristics 

Fig. 6.8 compares the hardness and the reduced modulus profile of the spin-coated 

composite film using 0.05 wt% polymer solution and 0.05 wt% Laponite suspension 

with 150 bilayers with those of the pure PDDA film using 3 wt% PDDA water 

solution. The spin-coated film exhibits an U-shaped hardness curve with an initial 

decrease, a plateau region ranging from 150 nm to 350 nm indentation depth, followed 

by an increase in hardness as the indentation depths h reach the film thickness t. In this 

region, the values are strongly affected by the underlying silicon substrate, which 

(a) (b)(a) (b)
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exhibits a hardness value of approx. 12 GPa. The PDDA film shows the same initial 

decrease in hardness followed by a plateau region. Up to an indentation depth of 

350 nm, an increase in hardness cannot be observed. The hardness values in the 

plateau region vary from 0.31 GPa to 0.38 GPa for the spin-coated composite and from 

0.054 GPa to 0.060 GPa for the PDDA film (for standard deviation see Table 6.3). 
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Figure 6.8: Hardness (a) and reduced modulus (b) profile plots of the spin-coated 

composite film (0.05 wt% polymer solution and 0.05 wt% Laponite suspension, 150 

bilayers, 460 ± 30 nm film thickness) in comparison to the pure PDDA film (3 wt% 

PDDA water solution, 300 ± 100 nm film thickness) on silicon substrate as a function of 

the indentation depth. 

 

While the reduced modulus Er of the PDDA film is nearly constant with a slight rise in 

modulus for indentations deeper than 200 nm, Er of the spin-coated composite 

increases steadily from 9 GPa at 50 nm to 51 GPa at 500 nm indentation depth without 

exhibiting any plateau region. The reduced modulus Er of the films is strongly affected 

by the silicon substrate, which has an elastic modulus of 176 GPa causing the bend in 

the modulus profile plots at indentation depths of about 350 nm and 250 nm, 

respectively. Both films were analyzed according to King’s model, resulting in a film 

modulus Ef of 6.7 GPa for the spin-coated composite and 0.39 GPa for the PDDA film 

(for standard deviation see Table 6.3). 

Fig. 6.9 illustrates the results of the hardness measurements and the modulus profiles 

of the spin-coated and the dipped composite films of a similar thickness 
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(460 ± 30 nm). Note, that due to the significantly lower surface roughness, the spin-

coated film of the same thickness contained 150 bilayers, while the dip-coated only 

contained 135 bilayers. It also has to be noted that in comparison to Fig. 6.8 the 

underlying load functions do not include a hold time. Both films exhibit the above-

mentioned U-shaped hardness curve with equal values in the plateau region. 
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Figure 6.9: Hardness (a) and reduced modulus (b) of the spin-coated film in comparison 

with the dipped composite film (0.05 wt% polymer solution and 0.05 wt% Laponite 

suspension, 150 bilayers for spin-coated and 135 bilayers for dipped) on silicon substrate 

as a function of the indentation depth. 

 

The reduced modulus increases steadily from 11 GPa at 50 nm to 52 GPa at 500 nm 

indentation depth for the spin-coated film and from 9 GPa to 54 GPa for the dipped 

film. Furthermore, the results of the King analysis for both films are presented in 

Fig. 6.9. The film modulus Ef was calculated to be 8.1 GPa for the spin-coated and 

7.7 GPa for the dipped composite film (for standard deviation see Table 6.3). 

H and Er of the various films at an indentation depth of approx. 150 nm are compared 

in Table 6.3. H of the spin-coated film measured with hold time (Table 6.3, line 1) is 

about 14% lower than the hardness measured without hold time (Table 6.3, line 2). 

The behavior of Er is similar: a decrease of about 12% can be observed. Comparing the 

spin-coated (Table 6.3, line 2) to the dipped composite film (Table 6.3, line 3), the 

spin-coated film exhibits slightly higher hardness and modulus values. Table 6.3 also 

compares the properties of the PDDA and the composite film, indicating that the 
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nanocomposite is six times harder and exhibits an up to 17 times higher elastic 

modulus than the ‘pure’ polymer. 

 

Table 6.3: Hardness H, reduced modulus Er and film modulus Ef of the one layer PDDA-

film made from 3 wt% solution, the spin-coated film with 150 bilayers and the dipped 

film with 135 bilayers both made from 0.05 wt% polymer solution and 0.05 wt% 

Laponite suspension. 

 

Film h [-] H [GPa] Er [GPa] Ef [GPa]c 

Composite 1 (spin-coated)a 152 0.38 ± 0.02 11.5 ± 1.0 6.7 ± 0.8 

Composite 1 (spin-coated)b 151 0.44 ± 0.03 13.1 ± 1.1 8.1 ± 1.1 

Composite 2 (dipped)b 151 0.42 ± 0.03 11.9 ± 2.0 7.7 ± 0.6 

PDDAa 155 0.060 ± 0.009 0.67 ± 0.14 0.39 ± 0.13 

Ratio (Composite 1/PDDA)a - 6 17 17 
aLoad function with hold time. 
bLoad function without hold time. 
cAccording to King’s model [3], not depending on the indentation depth h. 

 

 

6.4. Discussion 

6.4.1. Geometrical characteristics 

The average measured thickness of clay/polymer bilayer formed by spin self-assembly 

with 0.05 wt% PDDA solution and 0.05 wt% Laponite suspension was 3.18 nm with 

average thicknesses of 1.06 nm and 2.12 nm for the polymer and the clay sublayers, 

respectively. It is interesting to compare these thickness values with literature data for 

the films prepared by dipping. Fan et al. [28] reported slightly higher thickness values 

for dip-coated films prepared with sodium montmorillonite/PDDA using similar 

concentration range to the one used in this paper and also measured using 

ellipsometry. The average bilayer thickness was 4.07 nm whereas thicknesses of 

polymer and clay sublayers were 1.547 nm and 2.563 nm respectively. Similar values 

were reported by Kotov et al. [20] determined by surface plasmon spectroscopy. The 

clay/polymer bilayer thickness was 3.9 ± 0.5 nm and for polymer and clay sublayers 
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1.6 ± 0.4 nm and 2.46 ± 0.5 nm, respectively. Kleinfeld & Ferguson [7] prepared films 

with dripping as an analogous to dipping self-assembly method. They reported a 

bilayer thickness value of 3.8 nm measured by ellipsometry which is in the same range 

as given by Fan et al. [28] and Kotov et al. [20] even while working with much higher 

concentration of hectorite (0.2 wt%) and PDDA (5 wt%) solutions. From this sublayer 

thicknesses a volume fraction of the inorganic sublayer in the films between 63 vol% 

[20,28] and 67 vol% (this work) can be calculated. The mass fraction of the inorganic 

material was determined with 60 wt%, which is lower than reported by Podsiadlo et al. 

[29], who calculated from a similar in shape TGA curve an inorganic loading of a dip-

assembled free-standing film with about 80 wt% (~42 vol%). The present volume 

fraction of 67 vol% (as calculated from the sublayer thicknesses) appears to be higher 

than the one measured with TGA. This discrepancy can be explained by intercalation 

of PDDA in the Laponite interlayer connected with an increase in clay mineral 

thickness (~20%, see XRD) and with the wavy layer structure of the films (see 

Fig. 6.5).  

The similar σ* value of 9.2° from the XRD measurements for films prepared both by 

dipping and by spinning method is indicative for high ordering of the crystallites in z 

direction and similar to the value obtained for a self supported clay film of a nontronite 

prepared by vacuum filtration [30]. The increase of the basal distance of the Laponite 

from 12.3 Å in the original Na-form to 14.3 Å is caused by the intercalation of PDDA 

in the Laponite interlayer through diffusion during the preparation of the PDDA 

sublayer [17]. The same increase in d-spacing was found by XRD measurements after 

simple exchange of the Laponite with PDDA solution. Exfoliated Laponite forms 

single smectite layers with 0.96 nm thickness and 25-35 nm diameter [31]. The 

average value of the clay sublayer thickness might indicate that each clay sublayer was 

built up by two to three clay mineral layers. The measured σ* value means that the 

Laponite clay particles with 25 nm to 35 nm diameter are more tilted as it is possible 

within a flat sublayer with 2.1 nm thickness. A simple trigonometric calculation gives 

an angle of only 4.7°. The wavy geometry of the sublayers (Fig. 6.5) explains the 

measured tilting values.  
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While the films are assembled layer-by-layer, different interference colors are 

observed as the film thickness increases, suggesting good optical uniformity and 

indicating a surface roughness which is small relative to the wavelengths of visible 

light, similar observations were done for analogous systems [7]. 

The PDDA solution concentration was found to have a very strong influence on the 

film surface roughness. Similar influence of PDDA solution concentration on the film 

roughness has already been observed for dipping self-assembly film formation process 

[32]. They explained the higher roughness using increasing concentrations of PDDA 

with higher amount of PDDA at the surface inducing aggregation of the clay particles 

and inhomogeneous incorporation of polymer. 

6.4.2. Mechanical characteristics 

The functional form of the hardness curves is in good agreement with previously 

reported work on nanoindentation of thin polymer composite films [25,28,33]. The 

increase in hardness as the indentation depth approaches the film/substrate interface is 

attributed to the influence of the hard substrate, while the initial decrease in hardness is 

related to surface effects, e.g., surface roughness. Saha and Nix [24] found that soft 

films on hard substrates accommodate all the plastic deformation, while the substrates 

begin to deform only when the indenter is very close to the film/substrate interface. 

Hence, it can be assumed that the hardness values in the plateau region are not 

significantly affected by the silicon substrate and therefore represent the ‘real’ film 

hardness. Fan et al. [28] investigated nanostructured montmorillonite/PDDA 

multilayer films with thicknesses of 267 nm and 526 nm produced by stepwise 

alternating PDDA and clay deposition from solution. They determined hardness values 

of 0.42 GPa and 0.32 GPa, respectively, at 20% indentation depth. In the present case 

20% indentation depth fall into the initial decrease in hardness. Therefore, the above-

mentioned values are compared to our data at 150 nm indentation depth 

(corresponding to approximately 30% of the film thickness): 0.38 GPa for the spin-

coated film with hold time, 0.44 GPa for the spin-coated film without hold time and 

0.42 GPa for the dipped film without hold time. 
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In contrast to Wang et al. [33] , Er does not follow the expected U-shaped curve. They 

investigated Teflon films in the thickness range of 48-1141 nm and found among the 

above-mentioned U-shaped curve type that, when the film thickness is less than 

500 nm, the modulus increases sharply as the film thickness decreases. Fan et al. [28] 

reported that the expected U-shaped curve style was not easily observable, especially 

for the 276 nm nanocomposite film. Similar to our data, the modulus increased 

steadily with increasing indentation depth. At 20% indentation depth they found for 

the 526 nm thin film a modulus of 9.5 GPa. For our films, 20% indentation depth 

corresponds to approx. 100 nm deep indents. Considering only the influence of the 

elastic properties of the diamond indenter tip (see Eq. (6.2)), a film modulus of 

11.4 GPa for the spin-coated composite (without hold time) can be calculated. This 

value is slightly higher than the film modulus reported by Fan et al. [28]. The 

difference may be attributed to variations in the volume fraction of clay or unequal 

film thicknesses. 

Several models focusing on the extraction of the ‘true’ film modulus were applied to 

our data [23,34,35]. King’s analysis [23] was found to be in good agreement with 

experimental data (see Fig. 6.9, dashed and dotted lines, respectively). In Table 6.3 the 

results of King’s analysis are presented: the film moduli Ef of 6.7 GPa and 8.1 GPa 

were calculated for the spin-coated composite measured with hold time and the spin-

coated composite film without hold time, respectively. Comparing Ef of the ‘pure’ 

PDDA sample to the spin-coated composite, an improvement of factor 22 could be 

achieved. As observed for the hardness, there is only a slight difference in modulus 

between the spin-coated (8.1 GPa) and the dipped (7.7 GPa) nanocomposite film. For 

both films, Ef is slightly lower than the value reported by Fan et al. [28] (9.5 GPa). 

However, it has to be noted that they did not account for substrate influences. 

6.5. Conclusions 

Different layer-by-layer (LBL) assembly techniques, based on sequential adsorption of 

oppositely charged compounds, have been established for preparation of multilayered 

thin films. Currently, the most commonly used method is based on a dip self-assembly 

process. The disadvantage of this method is being extremely time consuming. In 
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contrast, the spin self-assembly method, which is about 10 times faster, allows the 

rapid production of films. The production of a 100-bilayer film needs less than 2 h 

compared to about 17 h by dipping. The films show a lamellar, but wavy internal layer 

structure for both methods with the similar quality of textural arrangement of the clay 

platelets. However, the surface of the spin-coated film shows extremely low roughness 

and is much smoother and more homogeneous than the dipped film. The hardness and 

modulus values for spin-coated films are slightly higher than those of the dip-coated 

films and significantly higher than those of the ‘pure’ PDDA film: the nanocomposite 

films are six times harder (0.4 GPa vs. 0.06 GPa) and have 17 times higher elastic 

modulus (6.7 GPa vs. 0.39 GPa). 

The PDDA solution concentration was found to have a very strong influence on the 

film surface roughness. To prepare good quality film by spin self-assembly method, 

one needs to use diluted solutions of clay and PDDA (0.05 wt%). The average 

thickness of a clay/polymer bilayer formed by spin self-assembly from such solutions 

was measured with 3.18 nm with average thicknesses of 1.06 nm and 2.12 nm for the 

polymer and the clay sublayer respectively, which is comparable to values reached in 

the dipping procedure. 
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7. GENERAL CONCLUSIONS 

The aim of the thesis presented here was to measure and analyze the mechanical 

properties of various nanoscaled structures and to gain insight in the mechanisms 

underlying the observed material behavior. Therefore, nanoindentation and 

compression tests were performed on gold samples as well as on nanocomposite 

materials. The results of the experimental work were presented in five chapters, each 

dedicated to a specific material or to particular sample geometry. This chapter 

summarizes the results and gives an overview on open questions related to the topics 

presented here. Following the materials investigated, summary and outlook are each 

divided into two sections, the first section concentrating on gold thin films and gold 

pillars, the second section focusing on seashells and artificial nacre thin films. 

7.1. Summary 

Gold samples 

In a first experiment, the influence of the sample volume on the mechanical properties 

was investigated. For this, gold pillars with diameters in the range of 150 nm to 

1000 nm were produced by nanoimprinting and FIB-milling, and their mechanical 

properties were investigated by compression testing. Pillars with diameters of 1 µm 

showed nearly homogeneous deformation, while smaller pillars deformed 

inhomogeneously on localized single-slip. It was found that the flow strength shows a 

strong scaling behavior with increasing strength for decreasing pillar diameters. Fitting 

of the results revealed power-law exponents in the range of -0.6 to -0.7. No difference 

in mechanical strength and scaling was observed as a function of the fabrication route, 

implying that FIB-milling has no decisive influence on the compression behavior. Also 

the presence of grain boundaries in the pillar volume seems to have no significant 

influence on either the strength or the scaling behavior. The data distribution suggested 
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the application of Weibull statistics. The Weibull parameter m was found to increase 

with decreasing pillar diameter which might be related to the fact that the distribution 

must become extremely narrow again once the pillars are defect free. 

The second system examined here focused on the behavior of single-crystalline gold 

thin films with thicknesses ranging from 31 nm to 858 nm on salt substrates. In 

contrast to the cylindrical shaped samples presented above, nanoindentation on thin 

films reveals strain gradients, complicating the analysis of the material response on 

mechanical testing. Nevertheless, the absence of grain boundaries and alloying 

elements, the well-defined crystallographic orientation and the environmentally 

resistant material enabled the systematic study of the mechanical behavior in function 

of thin film thickness. The load-displacement curves were analyzed by the Oliver-

Pharr method and the Hertzian model. While the Hertzian model was used to analyze 

the initial load-displacement curve, providing information about the nucleation and 

activation of dislocation sources, the Oliver-Pharr method is based on the point of 

maximum load, providing more “global” information about motion and interaction of 

dislocations. Hardness and strength values obtained by the Hertzian model were thus 

found to be independent on the film thickness, approaching the theoretical strength. In 

contrast, the values obtained by the Oliver-Pharr method exhibited a distinct film-

thickness dependency, but they were by about one order of magnitude lower. For the 

Hertzian model, it was found that an appropriate separation of thin film properties 

from substrate properties is only possible with the help of FE simulations. Otherwise, 

the strength values were overestimated by a factor of approximately two. 

In a third gold system, three additional internal features, namely grain boundaries, ion-

induced defects and the crystallographic texture, were investigated. For this, 500 nm 

thin and highly (111) textured gold thin films with small initial grain size (70-90 nm) 

were irradiated with Au+ and N+ ions. The ion irradiation led to the formation of: a 

dense dislocation network, defect clusters, grain growth and changes in film texture. 

For N+ irradiation, no changes in nanohardness were observed. Thus, it is assumed that 

softening of the films caused by ion-induced grain growth is compensated by an 

increased ion-induced defect density. For Au+ implantation, the ion-induced increase 

in defect density is overcompensating the softening caused by grain growth, resulting 
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in a hardness increase in function of the ion fluence. This observation is the result of 

the significantly higher amount of defects per implanted ion introduced in the material 

by Au+ compared to N+ ions. In addition, it was shown that annealing treatments of 

irradiated specimens led to softening due to healing of ion-induced defects. 

In summary, size effects in strength and hardness were observed for gold samples as a 

function of the pillar diameter, the thin film thickness, and the grain size. The 

observations allow for more accurate dimensioning of structures with nanoscaled 

mechanical components in miniaturized devices. In terms of deformation mechanisms, 

it was shown that FIB-milling is not the cause of the increased strength. The results 

indicate that preexisting defects, such as dislocations or dislocation sources, their 

density, local position or statistical distribution decisively guide the plastic 

deformation. 

Nanocomposites 

The second part of the thesis focuses on nanocomposites, more precisely on the inner 

layer of sea shells and on its bio-inspired artificial replication. Five seashell species 

with different microstructures were mechanically tested and the influence of their 

component geometries on hardness as well as onYoung’s modulus was investigated. 

Three seashell species exhibited a so-called nacreous structure consisting of mineral 

platelets surrounded by thin layers of organic matrix. The the two other shells were 

composed of needles and irregularly shaped platelets arranged in a cross-lamellar and 

an interweaved structure, respectively. It was shown that the nanocomposites 

evidenced a significant improvement in terms of fracture toughness with regard to 

their mineral constituents. But in contrast to common belief, this improvement was not 

spectacular. Guidelines for the design of artificial nacreous structures were drawn in 

order to optimize hardness H, Young’s modulus E as well as the ratio H/E which can 

be used as a figure of merit for wear resistance. Highest hardness values and Young’s 

moduli were found for columnar nacreous structures with thick platelets, low matrix 

fraction and a platelet aspect ratio of approximately 11. Surprisingly, the aspect ratios 

of the mineral platelets in all shell species investigated were found to be close to the 

optimal value for high strength as predicted by theory. 
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The artificial replication of the nacreous structures was achieved by a spin-coating 

process. This preparation method was used for the first time to produce nanocomposite 

thin films on silicon substrates with controlled layered structure. The spin-coating 

process is about 10 times faster than the conventional dip-coating processes, still 

resulting in equal or even better film properties. Nanocomposite films with thicknesses 

up to 500 nm were produced from a poly(diallyldimethylammonium)chloride (PDDA) 

solution and a suspension of a smectite clay mineral (Laponite), and their geometrical 

as well as mechanical characteristics have been studied. In terms of platelet 

orientation, both production processes yielded similar textures. To extract “true” film 

properties from nanoindentation experiments, a model developed by Doerner and Nix 

and modified by King was applied. The hardness and modulus values for spin-coated 

films were slightly higher than those for dip-coated films and significantly higher than 

those for “pure” PDDA films. 

In summary, it was shown that size and shape of nanoscaled seashell constituents 

influence the mechanical behavior in terms of hardness, modulus and fracture 

toughness. In addition, a novel and fast technique for the preparation of artificial nacre 

was successfully established. The mechanical characteristics were found to be equal 

compared with conventionally prepared films, but not approaching the values of 

natural nacre. The differences rest in the mineral matrix fraction: in the work presented 

here, approximately 60 wt% was reached while nature accomplishes values in the 

range of 97 wt%. 

7.2. Outlook 

Gold samples 

The work presented here illustrates that nanoindentation is a valuable tool for 

analyzing mechanical properties of different categories of materials at the nanoscale. 

When reflecting on the performed measurements, most of the experimental issues 

occurred because of the sample quality. When, for example, the thin film thickness 

was varied, other parameters, such as the defect density or the surface roughness, 

changed as well. Therefore, the interpretation of the results was often based on 

assumptions or speculations. To gain deeper insight into deformation mechanisms, it is 
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crucial that only one single sample parameter varies to avoid the problem of numerous 

unknowns in one single system. In the case of the nanopillars, the aspect ratio was 

changing with the diameter, making it impossible to draw solid conclusions in terms of 

strain hardening. For future work, different sample sets, each with just one pillar size, 

should be prepared. In this way, it is ensured that the molds enable the production of 

pillars with constant aspect ratio. 

One open question remains the influence of the grain boundaries in the pillar volume 

on the deformation behavior, such as the frequency of strain bursts or the strength. One 

possibility to examine their impact on the mechanical behavior is their selective 

elimination. Therefore, the nanoimprinting process might be optimized in order to 

improve the recrystallization and to avoid the formation of grain boundaries. Maybe 

post-processing of the samples via ion-irradiation would enforce grain growth and 

would lead to quasi single-crystalline pillars. However, sputtering might destroy the 

minute samples. This could be inhibited by irradiating the samples while they are still 

embedded in the mold. Thus, new challenges might occur, because an undesired 

intermixed zone at the sample/mold interface could be formed. 

As the surface plays an important role when nanosized samples are deforming, specific 

surface modification would be interesting to study. The surface could be passivated 

with different materials, preventing, for example, the dislocations from leaving the 

sample volume. The passivation material as well as the coating thickness could be 

varied systematically in order to investigate the influence of the passivation layer on 

the mechanical behavior. 

As the theoretical strength was not yet reached, smaller pillars should be produced and 

tested. It is assumed that, once the samples are too small to contain dislocation sources 

or to allow for dislocation formation, the strength is independent of the pillar diameter, 

reaching the theoretical value.  

The expansion of nanoindentation experiments with simultaneously performed 

electrical measurements would allow for a more detailed characterization of small-

scale deformation mechanisms. Studying the electrical resistance of the pillars while 

compressing would provide information about the evolution of the defect density in 

the course of the deformation. Furthermore, the effect of preexisting dislocations could 
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be examined by varying the dislocation density. This could be achieved by testing 

samples which are annealed or, for example, ion-irradiated to increase the defect 

density.  

Nanocomposites 

Considering artificial nacre, it was possible to create thin films on silicon substrates 

with promising properties. Next steps should be taken towards the production of free-

standing films by, for example, increasing the film thickness and detaching them from 

the substrates. In addition, the matrix fraction of the mineral phase should be increased 

in order to create robust nanocomposite materials. With the production of thicker films 

or bulk-like material, it would even be possible to conduct bending tests for 

determining the fracture toughness. 

In addition, it would be instructive to study the properties of one single clay platelet. 

First experiments were already performed where single clay flakes were placed on 

silicon wafers structured with FIB-milled holes. Focusing approximately on the center 

of the hole, the indenter tip was used to bend the flakes. However, it was not yet 

possible to position the flakes precisely on top of the holes, complicating the 

interpretation and analysis of the measured load-displacement curve. The above-

mentioned approach could also be applied to single nacre platelets in order to explore 

their mechanical properties. In this case, the challenge will be the preparation of 

unattached nacre platelets and their positioning on the structured substrate. 

For further investigation of nacreous structures, the wealth of nanoindentation 

experiments could be increased by simultaneously performing acoustic measurements. 

This would provide further information about the involved deformation mechanisms, 

because the cracking of platelets could be detected during the indentation experiment. 

7.3. Concluding remarks 

I suppose that it is deeply human to try to get to the limits of every imaginable matter, 

and the thesis presented here is no exception. We tried to approach the limits of 

material strength, and, at least in one experiment, we succeeded. Defining the limit as 

the ideal strength, it was possible to approach this value by means of nanoindentation 
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on single-crystalline gold thin films, because the probed volume was sufficiently small 

to be defect-free on a local scale. However, I dare to say that the range before reaching 

the ideal strength is actually much more interesting from a material scientist’s point of 

view, because it allows for controlling the material’s mechanical properties. In this 

region, size effects dominate the material behavior, a phenomenon interestingly 

occurring in all material classes, and the strength is limited by, for example, the 

formation and motion of defects, such as dislocations or cracks. Of course, the 

mechanisms underlying the size effects are not equal when comparing ceramics, 

polymers, metals and composites. 

Considering the technical application of materials, it is obvious that knowledge of the 

strength limits in terms of the material’s “ideal strength” is important. But, in most 

cases, the focus is on optimum strength and on a predictable way of deformation 

behavior. In this context, understanding the limits of strength given by the individual 

microstructure and, in addition, control of the microstructure is crucial. Now that my 

thesis is finalized, my material-science dreams do not relate anymore to the perfect 

defect-free material but the total control of the microstructure. 
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