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Abstract

The goal of this work is the investigation of the effect of several size parameters
on the mechanical behavior of thin copper foils in tensile testing, in particular the
question is whether a smaller sample has a different mechanical behavior than a
larger one. Attention is paid to the most relevant size parameter, the thickness,
and the influence of the microstructure of the foils, a factor which has not been
accounted for systematically in literature up to now.

Copper foils with 10, 20 and 34 µm thickness are tensile tested in-house, thicker
foils (50, 100 and 250 µm) by a project partner (Laboratory of Materials for Mecha-
tronics and Electrical Engineering, University of Applied Sciences Augsburg, Prof.
Villain). For the tensile tests, a new setup was built which extends a previous setup
developed by [Mazza, 1997] and allows for an automatic testing of the samples at a
controlled strain rate. The standard strain rate applied is ε̇ = 10−4 1/s. Samples
with a dogbone shape are tested, their geometry is scaled according to the thick-
ness. The samples are produced by wet etching of rolled and electrodeposited copper
foils (standard sample type, “as-received samples”). Some of the samples are heat
treated after etching (“heat treated samples”).

As the microstructure of a crystalline solid has a significant influence on its
mechanical behavior it is characterized in detail. Different techniques such as met-
allography, X-ray diffraction and electron backscatter diffraction are applied for
this task. The rolled samples (10 and 20 µm thick) have a strong cube texture with
elongated grains with an oblate cross-section (typical length 100 µm, small diameter
5 µm, long diameter 30 µm). The electrodeposited samples have a columnar grain
structure with a weak fibre texture. Heat treatment changes the microstructure of
the rolled foils considerably. The grains are equi-axed with an average diameter of
15 µm. Thus, the 10 and 20 µm heat treated foils have only 1-2 grains per thick-
ness. Rolling texture components with 〈111〉 parallel to the rolling direction form
the preferred orientations, some grains are still in cube orientation.

The most important result of the tensile tests is that the thickness of the foils
has an influence on the mechanical behavior in the size regime studied. When
the thickness is reduced from 250 to 10 µm the fracture strain decreases for the
as-received foils from approximately 20% to 0.2% and for the samples with heat
treatment from 35% to 15%. The tensile strength increases with smaller thickness
for the as-received samples if the surface roughness is taken into account for the stress
calculations (the surface roughness of the thinner foils is a considerable fraction of the
total thickness). The 10 µm as-received foils have the highest tensile strength which
is 400 MPa. The heat treated samples do not show a pronounced size dependence
of the tensile strength.
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To explain the effects observed, in particular the size dependence of the fracture
strain and the tensile strength as well as the low fracture strain of the 10 and 20 µm
as-received foils (in the order of 0.2%), the surfaces of the fractured samples and the
microstructure of the samples are analyzed in detail.

The analysis of the fracture surfaces shows for all samples a failure by necking
in thickness direction. Meaning that samples which show macroscopically a low
fracture strain, i.e. a behavior which is typical for brittle materials, display micro-
scopically large plastic deformations, i.e. a ductile behavior. This discrepancy can be
explained by a strongly localized deformation: a sample fails as soon as the stresses
in a cross-section reach a critical value; there is hardly any redistribution of strain,
which is typical for ductile material behavior. This is also reflected by an analysis of
the microstructure after the tensile test. The as-received samples do not show large
microstructural changes with respect to the unloaded state except at the location of
breakage. In comparison to that, the heat treated foils show a moderate elongation
of the grains and a strong increase in surface roughness after tensile testing. This
increase can be explained by the formation of slip bands at the surface and by the
rotation of grains out of their original plane. The rotation of grains is facilitated by
the low number of grains per thickness in the heat treated samples, as grains, which
are in contact with the surface, can deform more easily.

The general trend that thinner samples have a smaller fracture strain is believed
to be caused by a combination of various mechanisms. Firstly, local reductions in
cross-section by an imperfect sample geometry and by statistically random, plastic
deformations are more critical for thinner samples. Secondly, surface grains can
deform more easily and hence the number of grains per thickness has an impact on
the mechanical behavior. Thirdly, in thinner samples there are less grains which
could result in a smaller number of activated gliding systems. Fourthly, dislocations
cannot build up large plastic deformations in small grains.

The influence of other parameters such as width and length of a sample, strain
rate and orientation with respect to the rolling direction were studied as well. In
comparison with the thickness, they only have a small influence on the mechanical
behavior of the foils tested.

It has to be stressed that the size dependence found in this work was measured
in a tensile test, i.e. a test where no considerable strain gradients occur. Experi-
mental verification of size effects in loading situations, where no strain gradients are
present, is scarce (e.g. [Weiss et al., 2002] and [Espinosa et al., 2004]). This work
also shows that, for the explanation of the effects observed, a thorough examination
of the microstructure of the samples tested is mandatory. As the influence of many
parameters has to be taken into account in detail, the experimental study of size
effects turns out to be a complicated topic.

Besides the experimental details, this work shows the characterization results
for the microstructure of the copper foils before and after tensile testing as well as
the tensile test results for various parameters. The influence of many factors on
the mechanical behavior of thin foils is discussed thoroughly and the tensile test
behavior is explained by means of a simple geometrical model.

xii



Zusammenfassung

Das Ziel dieser Arbeit ist die Untersuchung des Einflusses verschiedener Größen-
parameter auf das mechanische Verhalten von dünnen Kupferfolien im Zugversuch.
Gegenstand der Untersuchung ist, ob sich das mechanische Verhalten kleiner Proben
von demjenigen großer Proben unterscheidet. Dabei wurde besondere Aufmerksam-
keit auf den Einfluss des wichtigsten Größenparameter, der Dicke, sowie der Mi-
krostruktur der Folien gelegt. Insbesondere der Einfluss des letzteren Faktors wurde
bei Größeneffektstudien bisher nicht eingehend berücksichtigt.

Zugversuche an Proben mit den Dicken 10, 20 und 34 µm wurden selbst durch-
geführt, dickere Proben (50, 100 und 250 µm) wurden bei einem Projektpartner
untersucht (Labor für Werkstoffe der Mechatronik und Elektrotechnik, Fachhoch-
schule Augsburg, Prof. Villain). Für die Zugversuche wurde ein neuer Versuchs-
stand gebaut, der einen bisher bestehenden Aufbau [Mazza, 1997] erweitert und
ein automatisiertes Testen bei einer geregelten Dehnrate ermöglicht. Die Dehnrate
war typischerweise ε̇ = 10−4 1/s. Proben mit einer klassischen Zugprobengeometrie,
d.h. einer Form mit sanften Übergangsradien, wurden getestet. Die Geometrie der
Proben wurde in Abhängigkeit der Dicke skaliert. Die Herstellung der Proben erfolg-
te mittels nasschemischem Ätzen von gewalzten und elektrolytisch abgeschiedenen
Kupferfolien (Standardproben, “Proben im Lieferzustand”). Einige Proben wurden
nach dem Ätzen noch wärmebehandelt (“wärmebehandelte Proben”).

Für eine detaillierte Untersuchung der Mikrostruktur wurden verschiedene Mess-
methoden wie z.B. metallographische Schliffe, Röntgenbeugung und Elektronenrück-
streuung (EBSD) angewendet. Die 10 und 20 µm dicken, gewalzten Proben verfügen
über eine starke Würfeltextur sowie langgestreckte, flachgedrückte Körner, deren
Querschnittsabmessungen im Bereich einiger Mikrometer liegen. Die Länge der Kör-
ner kann einige 10 Mikrometer betragen. Die elektrolytisch abgeschiedenen Proben
haben ein schwache Fasertextur sowie eine Kornstruktur, die aus Stengelkristallen
aufgebaut ist. Eine Wärmebehandlung verändert die Mikrostruktur der gewalzten
Kupferfolien wesentlich. Die Körner sind nun ungefähr würfelförmig mit einer Kan-
tenlänge von etwa 15 µm, d.h. die 10 und 20 µm dicken, wärmebehandelten Proben
verfügen nur über ein bis zwei Körner pro Dicke. Die Textur weist nun neben einer
schwachen Würfellage eine beträchtliche Anzahl von Walztexturkomponenten auf.

Das wichtigste Ergebnis der Zugversuche ist, dass die Dicke der Folien einen
Einfluss auf das mechanische Verhalten hat (im untersuchten Dickenbereich). Wird
die Dicke von 250 auf 10 µm verkleinert, so reduziert sich die Bruchdehnung der
Standardproben von 20% auf 0.2% und diejenige der wärmebehandelten Proben
von 35% auf 15%. Die Zugfestigkeit der Proben im Lieferzustand steigt mit ab-
nehmender Dicke, wenn die Oberflächenrauhigkeit bei der Spannungsberechnung
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mitberücksichtigt wird (die Oberflächenrauhigkeit ist bei den dünnen Folien ein be-
trächtlicher Anteil der Dicke). Die 10 µm dicken Standardproben haben die größte
Zugfestigkeit mit 400 MPa. Die wärmebehandelten Proben zeigen keine ausgeprägte
Größenabhängigkeit der Zugfestigkeit.

Zur Erklärung der gefundenen Effekte, d.h. insbesondere die Größenabhängigkeit
der Bruchdehnung und der Zugfestigkeit sowie die sehr kleinen Bruchdehnungen
der 10 und 20 µm dicken Proben (in der Größenordnung von 0.2%), wurden die
Bruchflächen sowie die Mikrostruktur der Proben ausführlich untersucht.

Eine Analyse der Bruchbilder zeigt, dass alle Proben durch Einschnürung in
Dickenrichtung versagen. Dies bedeutet, dass Proben, die makroskopisch nur über ei-
ne kleine Bruchdehnung verfügen und deshalb als spröde bezeichnet werden könnten,
mikroskopisch gesehen große plastische Verformungen zeigen, d.h. ein Verhalten,
das für duktile Werkstoffe typisch ist. Dieser scheinbare Widerspruch kann durch
stark lokalisierte Deformationen erklärt werden: Eine Probe versagt, sobald in einem
Querschnitt eine kritische Spannung erreicht wird; es findet kaum eine Verteilung
der Dehnungen statt, wie dies für duktiles Materialverhalten typisch ist. Dies spie-
gelt sich in der Mikrostruktur der gezogenen Proben wieder. Außer im Bereich der
Einschnürung zeigen die gezogenen Standardproben keine großen mikrostrukturellen
Veränderungen im Vergleich zum Ausgangszustand. Im Gegensatz dazu kann bei den
gezogenen, wärmebehandelten Proben eine mäßige Verlängerung der Körner sowie
eine starke Zunahme der Rauhigkeit festgestellt werden. Diese Rauhigkeitszunahme
kann einerseits auf die Bildung von Gleitstufen an der Oberfläche und andererseits
auf die Rotation von Körnern aus ihrer ursprünglichen Ebene heraus zurückgeführt
werden. Die Rotation der Körner wird durch eine relativ gesehen große Anzahl von
Körnern an der Oberfläche erleichtert, da Körner, die mit der Oberfläche in Kontakt
stehen, sich leichter deformieren können.

Der allgemeine Trend, dass dünnere Folien eine kleinere Bruchdehnung aufwei-
sen, wird auf das Zusammenspiel mehrerer Mechanismen zurückgeführt: Aufgrund
der Oberflächenrauhigkeit sowie von statistisch zufällig verteilten, überhöhten, pla-
stischen Deformationen kann der Querschnitt lokal kleiner sein, was für dünnere
Proben eine größere Belastung darstellt. Körner an der Oberfläche können sich ein-
facher deformieren und beeinflussen deshalb das mechanische Verhalten. In dünneren
Proben befinden sich weniger Körner, was dazu führen könnte, dass weniger Gleit-
systeme aktiviert werden. Versetzungen können in kleinen Körnern keine großen,
plastischen Verformungen aufbauen.

Der Einfluss weiterer Parameter wie z.B. der Breite und Länge der Proben,
der Dehnrate sowie der Probenorientierung relativ zur Rollrichtung wurde auch
untersucht. Im Vergleich zur Dicke sind deren Einflüsse jedoch nur klein.

Es muss hervorgehoben werden, dass die festgestellte Größenabhängigkeit in
einem Zugversuch aufgetreten ist, d.h. einer Belastungsart, in der keine wesent-
lichen Dehnungsgradienten auftreten. Es gibt nur wenige experimentelle Untersu-
chungen, die einen Größeneinfluss unabhängig von Dehnungsgradienten gezeigt ha-
ben (z.B. [Weiss et al., 2002], [Espinosa et al., 2004]). Im weiteren zeigt diese Arbeit,
dass für die Erklärung von Größeneffekten eine gründliche Analyse der Mikrostruk-
tur unerläßlich ist. Es stellte sich heraus, dass das Studium von Größeneffekten ein
komplexes Thema ist, da der Einfluss vieler Größen berücksichtigt werden muss.
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Chapter 1

Introduction

In the last years there has been a strong trend towards the miniaturization of tech-
nical systems with the electronics industry as the most prominent example. The de-
sign of modern technical systems is often based on thermo-mechanical simulations.
Amongst other factors, these simulations require material parameters as inputs for
a proper description of a system. If the major dimensions of a system are in the
micron range and below, it is questionable whether a material is described by the
bulk parameters as, for example, free surfaces have an increasing influence. In other
words: do material parameters depend on the size of a structure?

In this chapter a brief introduction on the dependence of the mechanical material
behavior on the sample size (“size effects”) is given including an overview of the
literature in this field. It is followed by a section focussing on the properties of copper
and its applications, in particular in small dimensions. The chapter concludes with
the objective and the outline of the present work.

1.1 Size Effects

1.1.1 Overview

In Figure 1.1 an overview of length scales from the atomic level up to one me-
ter is given. A broad classification of applications, terms used and theories about
how to describe them is shown as a function of size. With the recent develop-
ment of microsystems (MST), micro-electromechanical systems (MEMS) and nano-
electromechanical systems (NEMS) the interest in the mechanical properties of ma-
terials in small dimensions has grown immensely. At the same time, a certain
terminology for the description of physical phenomena at different length scales has
evolved. The terms nanoscale and microscale are frequently used to describe objects
with dimensions in the order of a few or tens of nano or micro meters, respectively.
With mesoscale the transition range from the macro- to microscale is described. The
term micromechanics which is used frequently in this field refers to two - in principle
- different topics: On the one hand, it describes the mechanics which is influenced by
microstructural features such as voids or inclusions and on the other hand, it deals
with the mechanics and fabrication of small (usually micrometer sized) structures
[Michel, 1987]. The term nanomechanics is used for describing the mechanics of
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Figure 1.1: Typical applications, frequently used terminology and mechanical the-
ories for various length scales of metals (adapted from [Ghoniem et al., 2003] and
[Kraft and Volkert, 2001]). The ranges given for the theories are only indicative as
they depend on the current application.

nanoscale structures.

As systems on the mesoscale level and below often consist of crystalline mate-
rials, particularly true for metals, the following remarks will concentrate on these.
The mechanics of structures with small sizes cannot necessarily be deduced directly
from bulk material properties due to two reasons: Firstly, the size of microstruc-
tural features, such as e.g. the grain size, can be in the same order of magnitude
as the dimensions of a small structure and hence different interactions can be ex-
pected. Secondly, the influence of free surfaces is more important for small struc-
tures, e.g. grains at the surface of a structure can deform more easily the grains
which are surrounded by other grains.

In [Ghoniem et al., 2003] an overview of different theories and methods is given
which deal with mechanistic phenomena at various length scales. These effects do
not only differ in length but also in time scales what makes it difficult to combine.
Nevertheless, many efforts are taken to overcome these problems. The final goal
is multiscale modelling, i.e. modelling of material behavior over several length and
time scales. Another important aspect is the exploration of the limits of continuum
mechanics; as this framework has proved to be very useful in the past and allows a
treatment of mechanical behavior over many length scales.

In this work, the term size effect will be used to describe the influence of the
dimension (size) of a structure on its mechanical behavior. In the following, recent
findings of size effects in elastic and inelastic properties of engineering materials will
be reviewed briefly. Table 1.1 gives a broad overview of experimental studies which
deal with size effects. The categorization is based on the type of loading and the
mechanical properties of interest. The materials covered are amongst others Al, Au,
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concrete, Cu and epoxy. The specimen geometry varies between wires, foils, thin
films, bars and cubes.

Loading Elastic Inelastic
Plastic Failure

WH Hardness σY σF εF Fatigue
Bending a,b,c g g,F,G r,u r
Compression d,J E r,s
Indentation h,i,j,k,

l,m,n
Tensile e f, g,q,A f,g,q,o, r,y,C o,v,w, r,w,x,

t,y,A,G, x,y,z, B,F,H
I,K H,K

Thermal p
Torsion b f f,D

Table 1.1: Literature review of size effects in experimental studies. The cat-
egorization is based on type of loading and the properties of interest. WH:
Work hardening, σY yield stress, σF stress at fracture, εF strain at frac-
ture. The references are: a [Wong et al., 1997], b [Lakes, 1986], c [Namazu et al., 2000],

d [Lam et al., 2003], e [Sharpe et al., 2001], f [Fleck et al., 1994], g [Stolken and Evans, 1998],

h [Atkinson, 1995], i [Ma and Clarke, 1995], j [McElhaney et al., 1998], k [Nix and Gao, 1998],

l [Poole et al., 1996], m [Saha et al., 2001], n [Stelmashenko et al., 1993], o [Keller et al., 1996],

p [Keller et al., 1998], q [Hommel and Kraft, 2001], r [Bazant, 1999], s [Carpinteri et al., 1999],

t [Hommel et al., 1999], u [Minoshima et al., 1999], v [Irwin, 1960], w [Hadrboletz et al., 2001],

x [Klein et al., 2001], y [Villain et al., 2002], z [Simons et al., 2004], A [Espinosa et al., 2004],

B [Hofbeck et al., 1986], C [Wellinger and Pröger, 1968], D [Horstemeyer et al., 2002],

E [Chen and Fleck, 2002], F [Heckel and Köhler, 1975], G [Kals and Eckstein, 2000],

H [Weiss et al., 2002], I [Raulea et al., 2001], J [Potter et al., 2000], K [Il’inskii et al., 1979].

1.1.2 Elastic Material Behavior

No experimental results could be found which show a size effect on elastic properties
in micrometer sized metallic structures. This is confirmed by several studies in which
no size dependence of the Young’s modulus was found (e.g. [Namazu et al., 2000],
[Sharpe et al., 2001]). Conversely, in [Mizubayashi et al., 1992] measurement results
are reported which show a decrease of the Young’s modulus for Al films thinner than
100 nm.

For more complex materials with large structural features as, for examples foams
or bones, there seem to be size effects for elastic properties (see e.g. [Lakes, 1986] and
[Potter et al., 2000]). Generalized continuum theories which incorporate a length
scale have been developed for explaining these findings (micropolar and nonlo-
cal elasticity, gradient theories). Further references can be found in [Lakes, 1991],
[Lam et al., 2003] and [Pisano and Fuschi, 2003].

The size independence of the elastic behavior of metals in the micron and sub-
micron range can be understood by the following simple consideration: If stress
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is applied to a metallic structure the atoms are displaced from their equilibrium
position. For an elastic deformation, this displacement is regarded as very small
because after releasing the applied stress the atoms move back to their initial posi-
tion. Therefore, it seems intuitive that there is no size effect on elastic properties
of metals unless the dimensions of the structure considered are in the atomic range
where other deformation mechanisms can be relevant.

1.1.3 Inelastic Material Behavior

In inelastic material behavior of crystalline structures other deformation mechanisms
than those relevant for elasticity are important, such as dislocation motion and grain
boundary sliding [Van Swygenhoven, 2002]. These mechanisms are directly coupled
to the microstructure and in particular to the grain size. If the size of a structure
is in the order of its microstructural features it is questionable whether the same
mechanisms hold as those which describe larger structure sizes. Therefore, it is not
surprising that for inelastic material parameters size effects have been frequently
reported (see e.g. Table 1.1).

Experiments

Plastic Properties [Fleck et al., 1994] investigated thin Cu wires in tension and
torsion. They found that the amount of work hardening increased for thinner wires
in torsion whereas there was no such effect in tension. This was explained by an
increase in the density of geometrically necessary dislocations in torsion; as in tor-
sion there exists a macroscopic strain gradient responsible for the storage of geo-
metrically necessary dislocations in contrast to tension. Similar results were found
by [Stolken and Evans, 1998] for bending of thin Ni foils. Thinner foils required a
larger equivalent moment for producing a certain amount of surface strain. Various
authors made indentation experiments of thin films of different materials such as
Al or Cu (e.g. [Stelmashenko et al., 1993], [Atkinson, 1995], [Ma and Clarke, 1995],
[Poole et al., 1996], [McElhaney et al., 1998], [Nix and Gao, 1998], and recently by
[Saha et al., 2001]). The general result of these experiments was that the inden-
tation hardness is higher in thinner films. These findings were explained by hard-
ening due to the strain gradient in the vicinity of the indenter tip. It must be
stressed that due to the complexity of the stress field in indentation, size effect
studies using this technique are difficult to interpret. An increasing yield stress
with decreasing thickness in thin Cu films was found by [Hommel and Kraft, 2001],
[Keller et al., 1996], [Keller et al., 1998], and [Read, 1998] which was explained by
models which consider the misfit dislocation formation in thin films. Recent exper-
iments of [Espinosa et al., 2004] showed an increase in yield stress for very thin free
standing Au, Al and Gold films (thickness 0.3 - 1.0 µm) which was interpreted to
be independent of the misfit dislocation formation.

Failure Properties Size effects in fracture strength (ultimate tensile strength in
tensile testing) were found by a number of authors (e.g. for quasibrittle materials as
concrete and rocks by [Bazant, 1999], [Carpinteri, 1994], and [Carpinteri et al., 1999],
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for fcc metals such as Cu by [Hommel et al., 1999] and [Keller et al., 1996], for Si
by [Minoshima et al., 1999]). Although the reason for this behavior differs with the
type of material the general finding is that the thinner a structure the higher its ul-
timate tensile strength. In tensile testing (in a macroscopically uniaxial stress field)
a decrease in the strain at fracture with decreasing thickness was found for thin
Cu foils by [Il’inskii et al., 1979], [Hadrboletz et al., 2001], [Klein et al., 2001], and
[Villain et al., 2002] and for thin Au and Al foils by [Espinosa et al., 2004]. Simi-
larly, a decrease of fracture toughness was found by [Irwin, 1960] in tensile testing
of sheets (several mm thick) containing a central crack. In this paper, the size effect
was attributed to a change in fracture mode. A size dependence of fatigue life was
found in tension-tension fatigue of thin Au and Cu wires by [Hofbeck et al., 1986] as
well as of thin Cu foils by [Judelewicz et al., 1994]. The smaller the size of a struc-
ture the higher the number of cycles performed before failure. [Weiss et al., 2002]
showed that thin Cu foils, in multiple step tests of tension-tension fatigue, have a dif-
ferent plastic strain amplitude then in the stabilized state (higher for thinner foils).
A change in crack growth rate was observed by [Hadrboletz et al., 2001] in tensile
fatigue of thin Al, Cu and Mo foils (applied stress ratio R = σmin/σmax = −1): Foils
thinner than 150 µm show an intermittent crack arrest.

Theory

Several models were developed for explaining size effects e.g. strain gradient the-
ories ([Aifantis, 1999a], [Aifantis, 1999b], [Fleck and Hutchinson, 1997] with a re-
formulation of the latter in [Fleck and Hutchinson, 2001], and [Gao et al., 1999]),
models with dislocations confined in thin films ([Freund, 1987], [Nix, 1989], and
[Thompson, 1993]), discrete dislocation dynamics theories ([Zbib and Aifantis, 2003]
and [Needleman and Van der Giessen, 2003]), fracture mechanics theories (especially
for concrete, [Atkins, 1999], [Bazant, 1999]), and models based on microstructural
and dimensional constraints [Arzt, 1998]. Statistical models were proposed already
by [Irwin, 1964] and later by [Liu and Zenner, 1995] and [Seifried, 2004].

Summary

Different kind of size effects are reported in the literature. Whereas for standard
crystalline materials there are no substantial indications for size effects of the elastic
properties, plastic and failure properties seem to be dependent on the size to a
certain extent. The general trends are that a smaller structure has higher strength
and lower ductility than a larger one. Several models are proposed to explain these
kind of effects but still there is no common agreement on the “right” model. This
disagreement can be explained to a certain extent through the fact that most size
effect studies due not include a thorough and systematic characterization of the
microstructure of the materials tested. Therefore, it is not always clear whether a
certain effect is due to the microstructure, the size of a structure or the interaction
of both factors. This work tries to overcome this limitation by the testing of samples
of different sizes which were systematically analyzed by means of modern material
characterization methods.
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Property Symbol Value Dimension
Atomic number 29 -
Atomic weight 63.55 atomic units
Boiling temperature at 101.325 kPa Tb 2563 ◦C
Crystal structure fcc -
Density ρ 8.96 g/cm3

Electrical resistivity at 25◦C ρE 1.71 · 10−8 Ωm
Enthalpy of fusion at melting point ∆Hfus 207 J/g
Melting temperature Tm 1085 ◦C
Lattice constant a 3.6152 Å
Linear expansion coefficient at 25◦C αT 1.65 · 107 K−1

Specific heat capacity at 25◦C cp 0.385 J/gK−1

Thermal conductivity at 27◦C λT 4.01 W/cmK−1

Table 1.2: Physical properties of copper [Lide, 1992].

1.2 Copper

Copper is one of the oldest materials used by mankind. Already used by the old
Egyptians, it found a wide number of applications in the first half of the 18th
century when rolling of copper sheets began. From then on, the interest in copper
has grown continuously. Nowadays, copper and copper alloys are widely used with
a consumption of more than 13 Mtons yearly (1998) ranking third behind iron
and aluminium [Kuper-Institut, 2000]. Copper is extracted from either oxidic or
sulfitic ores and then refined to higher purity before it is further processed. The
most frequent alloying elements of copper are aluminium, nickel, silicon, tin and
zinc. Regarding the composition of copper there are several standards which define
the amount of other elements: [BS 2870, 1980] (old), [DIN EN 13599, 2002] and
[DIN EN 61249-5-1, 1996]. Frequently used terms are electrolytic tough pitch (ETP)
copper and oxygen-free high conductivity copper (OF or OFHCTM) copper. Whereas
ETP has a copper content of minimum 99.90% with oxygen being the principal
secondary element, OF copper contains a minimum of 99.95% Cu where oxygen is
virtually eliminated.

1.2.1 Properties

Copper has its major application in the electronics industry owing to its excel-
lent electrical conductivity which lead to the definition of the IACS (International
Annealed Copper Standard) which assesses the electrical conductivity of materials
relative to copper (e.g. Ag 106% IACS or Al 65% IACS). The electrical resistivity
at 25◦C of Cu is 1.71·10−8 Ωm, which is defined to be 100% IACS. Besides the
electrical conductivity, it is the good thermal conductivity, the excellent corrosion
resistance, the ease of fabrication, the color, good strength and fatigue resistance
which makes copper and copper alloys such extensively used materials. In Table 1.2
several physical properties of copper are listed. The mechanical properties of copper
depend strongly on the microstructure and hence the heat treatment applied during
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Property Soft Half hard Hard
Ultimate Tensile Strength [MPa] 105-175 180-350 350
Fracture Strain [% ] 5-20 0.5-20 0.5-1

Table 1.3: Minimal required ultimate tensile strength and fracture strain at room
temperature for rolled copper foils of different temper [DIN EN 61249-5-1, 1996].
The ranges given depend on the area density of the foils (mass per unit area) which
is a technical measure of the thickness of a foil. Thinner foils have lower numbers
in strength and fracture strain.

fabrication. The latter itself is strongly dependent on the prior degree of cold work.
For hot working of copper the temperatures are typically in the temperature range
between 750 and 875◦C, for annealing between cold working steps they lie between
375 and 650◦C and stress relieving is usually performed at temperatures between
200 and 350◦C. Highly deformed copper can be recrystallized at temperatures in
the order of 250◦C [Davis, 2001]. The annealing time depends on the size of the ma-
terial and lies, in general, in the order of 2 h. The most frequent tempers of copper
are termed soft, half hard and hard. For rolled foils, soft means that a sample was
annealed at the end, half hard means a reduction in thickness by 10-30% after the
last annealing process and hard a reduction up to 90%. In [DIN EN 61249-5-1, 1996]
the minimal required value of the ultimate tensile strength and the fracture strain
for rolled copper foils are defined. Table 1.3 gives a summary of these values.

More details on diverse properties of copper can be found e.g. in [Davis, 2001],
[Dies, 1967] and [Wieland, 1986].

1.2.2 Applications

The most important fields of application for copper and copper alloys are the elec-
tronics industry due to the excellent conductivity (about 60% of the consumption)
and the building industry. In the latter, copper is used mainly due to its corrosion
resistance, its heat transfer capabilities, its beneficial aging properties and bacteri-
cidal properties. It is used for sanitary purposes for heat and water transportation
as well as a material for buildings as it develops a protective patina. Copper and
its alloys are also used for coins and in certain decorative applications due to their
characteristic colors.

Copper in Modern Microelectronics

Copper has always been a very attractive candidate for interconnects in electronic
circuits due to its excellent electrical conductivity surpassed only by silver, which
has a conductivity by about 5% higher ([IBM, 1997], [Knorr and Tracy, 1995] and
[Murarka and Hymes, 1995]). Further advantages over aluminium, which has also
been used extensively over the last 40 years, are its chemical resistance to various
chemicals (amongst others HF), a higher melting point, higher electromigration
resistance (i.e. less self-diffusion along an interconnect caused by an electrical current
flow), lower adiabatic temperature rise due to Joule heating, higher mechanical
resistance at room temperature and its versatility in terms of deposition methods
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[Murarka and Hymes, 1995]. There are several reasons why it has not been used
so extensively in microelectronics earlier. Amongst others this is due its strong
diffusion into Si and SiO2 (and hence a large change of the electrical properties of
these materials), its poor adhesion, its poor oxidation resistance which creates a
need for good passivation and finally the lack of suitable patterning methods. These
problems were overcome in the last couple of years by the development of appropriate
layers which stop the diffusion, improve the adhesion and act as a passivation, e.g. Ta
and TaN layers, and suitable processing methods such as the damascene process
[Li et al., 2004]. Together with other improvements this has led to a minimal feature
size in electronic circuits of currently 90 nm. This will be reduced further in the
near future.

Copper Foils

The differentiation of the terms foils, sheets and strips is not well defined. Generally
the term foil is used for flat rectangular products with a thickness less than 150 µm.
As it is also the case for thin steel products, the term sheet is applied when the
thickness lies in between 150 µm and 400 µm and where the width is larger than
600 mm. The thickness of a strip is also between 150 µm and 400 µm but the width
is smaller than 600 mm. In [DIN EN 13599, 2002] and [DIN EN 61249-5-1, 1996]
certain properties of copper foils are defined such as purity, electrical conductivity,
geometrical dimensions or surface properties.

Copper foils are widely used in the semiconductor industry as they combine
high conductivity and high flexibility. Relatively thick sheets (about 400 µm) are
used in high power applications such as in the automotive industry. Copper foils
of about 30-50 µm thickness are most frequently used in leadframes and printed
circuit boards (PCB). In the latter, copper foils are often attached to a layer of
epoxy, polyimide or polyester. Also multilayer structures of these components are
commonly used. Leadframes are thin layers of a metal (often copper) that connect
the wiring from electrical components on a semiconductor surface (e.g. integrated
circuits) to the large-scale circuitry on electrical devices. As leadframes are part of
nearly all semiconductor devices they are widely used components. Leadframes are
usually manufactured in large quantities by stamping, whereas for smaller batches
etching technologies are applied. Very thin copper foils (3-9 µm) have applications
in high speed circuits. Foils also exist which have a special application e.g. as
an integrated thin film resistor or thin dielectric capacitor. Copper foils are further
used in shields against radio frequency interference or electrical fields and as cathode
current collectors in lithium ion batteries. In [Dietz, 2001] an overview of current
manufacturers, their products and more specific applications is given.

1.3 Objective and Outline of the Present Work

The objective of this work is to study the dependence of the mechanical properties
of thin copper foils on their size. For a conclusive treatment of this topic a detailed
characterization of the microstructure of the material tested is required. In this
sense, this work tries to synthesize the two aspects of micromechanics mentioned
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in Section 1.1.1: It is a study of the mechanical behavior of small structures with
a strong reference to microstructural features. Therefore, it incorporates, besides
the mechanical testing of samples, a detailed analysis of the microstructure of the
materials tested.

The motivation for performing such a study is manifold. As laid out in Section 1.1
new technologies enable the use of materials at small sizes. For a reliable design of
NEMS and MEMS thermo-mechanical simulations have to be carried out which in-
corporate the relevant design parameters of the materials used. These parameters
cannot necessarily be deduced from macroscopic samples as the microstructure of
the materials used in small dimensions can differ considerably due to different man-
ufacturing processes. Furthermore, limited dimensions place constraints not present
in macroscopic systems, e.g. when the grain size in a micro beam is in the order of
its thickness. Although the interest in size effects has grown enormously in the last
couple of years there is still a lack of studies which consider the influence of the mi-
crostructure from an experimental point of view. In particular, there are hardly any
size effect studies which incorporate a systematic characterization of the microstruc-
ture of the samples tested. Sophisticated theories have been developed which are
based on experiments which often do not take the microstructure into account suffi-
ciently. Hence, there is a need for experiments which consider the influence of both,
the microstructure and the dimensional constraints. To achieve this, a thorough
and systematic characterization of the microstructure of the materials tested is nec-
essary. The importance of the analysis of mechanical behavior of materials in small
dimensions is also reflected in the fact that very recently, June 1st 2004, a project
within the 6th framework program of the European Commission was launched which
deals with this field. It is titled “SizeDepEn - Engineering Mechanics Based on Size-
dependent Materials Properties” (for details see http://www.sizedepen.net).

A technique which is widely used for the mechanical characterization of materials
in small dimensions is nanoindentation. Although its application is relatively easy
the interpretation of its results is difficult due to the complex stress state which
is present in the vicinity of the indenter. To simplify the interpretation tensile
testing is chosen as the mechanical loading technique for the present work, as it
provides the simplest possible stress field. Furthermore, an experimental system
could be developed based on a concept of [Mazza, 1997] which demonstrated to be
appropriate for testing small structures.

The reason for the selection of copper foils as the material for this study is
twofold. On the one hand, the importance of copper is enormous and is still increas-
ing, especially in small dimensions such as those present in the field of microelectron-
ics (see Section 1.2.2). Therefore, a detailed examination of microstructural features
as well as an insight in the deformation processes at small dimensions promises to be
very fruitful. In addition, the availability of rolled copper foils in various thicknesses
facilitates the procurement of samples for such a study.

The thickness regime studied in this thesis is in the order of a few to several
tens of micrometers. For the grain size typically present in thin copper foils this
means that the material can neither be modelled as a single crystal nor as a “true”
polycrystal. Together with the fact that plasticity is governed by properties at the
micron scale this makes the study of size effects in copper foils of this thickness
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range a challenging topic.
These investigations, especially the experiments of samples thicker than 50 µm,

were accomplished in collaboration with the Laboratory of Materials for Mecha-
tronics and Electrical Engineering at the University of Applied Sciences Augsburg
(Germany) under the direction of Prof. Dr. J. Villain.

The organization of this work follows the requirements mentioned earlier in this
section. Chapter 1 serves as an introduction. In Chapter 2 the influence of mi-
crostructural features on the mechanical behavior is treated from a theoretical point
of view and implications for mechanical testing are discussed. Chapter 3 deals with
the fabrication of the samples for the tensile test whereas in Chapter 4 the methods
applied for the characterization of the microstructure and the determination of the
mechanical behavior are described. Furthermore, the experimental challenges which
had to be overcome are mentioned. In Chapter 5 the results of the materials char-
acterization and the tensile tests are presented. These are discussed and interpreted
in Chapter 6. Finally, in Chapter 7 the results are summarized and an outlook is
given.

10



Chapter 2

Theoretical Considerations

This chapter gives a broad overview of how the mechanical behavior of a structure,
i.e. the response of a structure to applied loads, can be modelled theoretically based
on microstructural features. All models presented are based on continuum mechanics
although nowadays results for atomistic simulations already give important answers
for certain types of problems. Furthermore, the implications for mechanical testing
will be given with a special focus on tensile testing of fcc metals. The chapter is
organized as follows. First, the influence of the microstructure of a material on its
mechanical behavior is shown. Then follows a section dealing with the mechanical
testing of materials and the implications of the geometry of structure and the type
of loading applied. Finally, a methodology for an experimental study of size effects
is presented.

2.1 Mechanics of Materials

The motivation for this section is to show the importance of the microstructure of
a crystalline material on its mechanical behavior. In a top down approach (going
from large to small elements) the microstructure can be categorized as follows. First
of all, a sample can be made up of different materials and phases. The treatment
here will be restricted to single phase materials, i.e. materials which consist of parts
with relatively uniform chemical composition and physical properties. These parts,
commonly called grains or crystallites, are domains with a periodic arrangement
of atoms. The grains differ from each other in morphology (size and shape) and
orientation of the crystal lattice. In a first approximation grains can be regarded as
single crystals. In a polycrystal these are separated from each other by the grain
boundaries. Within a grain (or at the grain boundaries) the crystalline structure can
have defects such as dislocations or impurities. All these elements together form the
microstructure of a crystalline material. The effect of the microstructural elements
on the mechanical behavior is discussed in the following including their mutual
interaction. The presentation is bottom up, starting at the smallest microstructural
features relevant.
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2.1.1 Influence of Crystal Defects

The influence of microstructural defects on the mechanical behavior is manifold.
The defects can be categorized according to their spatial extension (further details
e.g. [Phillips, 2001]).

Point Defects Zero dimensional defects are substitutional impurities, vacancies
or interstitial atoms and mainly affect the hardening behavior of metals (solid so-
lution hardening, precipitation hardening) as they act as obstacles and hinder the
movement of dislocations. The behavior of point defects is strongly influenced by
diffusion and thus shows a high temperature dependence.

Line Defects Line defects are dislocations and these are responsible for an impor-
tant part of the plastic deformation of metals. They can move under an applied stress
and, especially at higher temperatures, by diffusion. Their occurrence is usually
characterized by the dislocation density and by their spatial distribution (regions of
high and low dislocation density, e.g. cell size [Shankaranarayan and Varma, 1995]).
The dislocation density affects the critical resolved shear stress τcrit, i.e. the stress
necessary for generating slip on a slip plane, and hence the yield stress as was
shown by several researchers e.g. [Argon and Brydges, 1968], [Brydges, 1967] or
[Schoeck and Frydman, 1972]. A square root dependence was found for the criti-
cal resolved shear stress τcrit in fcc metals (going back to [Taylor, 1934]):

τcrit = τ0 + αTGb
√
ρD (2.1)

τ0 is the intrinsic strength of a material independent of dislocation activity, αT < 1
a constant depending on the dislocation distribution, G the shear modulus, b the
magnitude of the Burgers vector of a lattice dislocation, and ρD the dislocation
density. Typical values for Cu are: τ0 < 0.5 MPa, αT ≈ 0.3, G ≈ 45 GPa, b ≈
0.3 nm, ρD ≈ 1011 m−2 (well annealed) and ρD ≈ 1015 m−2 (highly deformed);
data from [Hull, 1975], [Courtney, 2000] and [Kubin and Mortensen, 2003]. For a
well annealed sample this yields τcrit ≈ 1.3 MPa, for a highly deformed sample
τcrit ≈ 130 MPa. Thus, there can be large differences (factor of 100 or more)
depending on the dislocation density. The influence of τ0 is often neglected as it
only contributes a considerable amount for very low dislocation densities.

The average velocity of mobile dislocations vm and the density of mobile dislo-
cations ρDm

is related to the effective plastic strain rate γ̇ by the Orowan equation
(for example in [Courtney, 2000], b is again the Burgers vector):

γ̇ = ρDm
bvm (2.2)

The dislocation velocity is limited by the material sound velocity. Thus, for an
increasing strain rate γ̇ ρDm

has to increase as well to accommodate plastic strain.
Dislocations can be obstacles for other dislocations when they intersect the glide

plane of others (forest dislocations). If the dislocation density increases it is more
difficult for a dislocation to move through a crystal. Macroscopically, an increased
accumulation of dislocations manifests itself in work hardening (strain hardening)
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which is described by (2.1). This equation and the concept of geometrically necessary
dislocations (GND) are the basis of so called strain gradient plasticity theories used
for explaining certain types of size effects (e.g. [Fleck and Hutchinson, 1997]). The
idea of GND is to split the total dislocation density ρD into two parts, ρD = ρS+ρG.
ρS is the density of statistically stored dislocations. These dislocations are already in
an unloaded material and can increase by multiplication processes during straining.
ρG describes dislocations which are necessary to accommodate for internal plastic
strain gradients present e.g. in torsion or bending. For very high strain gradients ρG
can be significantly larger than ρS and influences by (2.1) the hardening behavior.
As the strain gradient depends on the size of the structure (e.g. in torsion of a wire
the strain gradient will be higher in thinner wires for a given shear strain at the
surface) the accumulation of GND results in a size effect. This size effect will be
noticeable only if the structure size is in the order of a few micrometers or smaller
[Fleck et al., 1994]. There are several disputes on the universality of this theory.
A critical review of the strain gradient plasticity theory based on geometrically
necessary dislocations can be found in [Kubin and Mortensen, 2003].

Wall Defects Two dimensional defects such as grain boundaries, stacking faults,
material interfaces or free surfaces also play an important role in the deformation
behavior of metals. Grain boundaries act as obstacles for dislocations and typically
have a high concentration of impurities. They influence amongst other properties
hardening and yield stress (for details see [Hirth, 1972]). The effect of grain bound-
aries on brittle fracture is discussed e.g. in [Watanabe, 2002].

In nanocrystalline materials grain boundaries play an even more important role
than in metals with larger grain sizes, as an additional deformation mechanism is
activated besides dislocation motion [Kumar et al., 2003]. Grains can relief stresses
by moving along the grain boundaries. This mechanism is called grain boundary
sliding and can account for supplemental plastic deformation.

Volume Defects These can be voids, precipitates, cracks, impurities or similar
objects. They have a strong influence on the mechanical behavior as they often
act as stress concentrators and hence represent weak links. For example, voids can
nucleate (if not already present), grow and coalesce under an applied load leading
to ductile failure [Pardoen and Hutchinson, 2000]. In certain structures, volume
defects can have beneficial effects as well e.g. in precipitate hardening.

2.1.2 Single Crystal Behavior

This section shows the basic deformation behavior of single crystals under load.
More detailed descriptions can be found e.g. in [Hosford, 1993] and [Courtney, 2000].

Elasticity

Elastic deformations are conservative, meaning that a structure recovers its original
shape when all loads are removed. These deformations can often be modelled as
being linearly dependent on the applied load and are generally described by Hooke’s
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law which defines a constitutive behavior, i.e. a relation between stresses and strains:

σ = Cε or ε = Sσ (2.3)

σ is the stress tensor (2nd order), ε the strain tensor (2nd order), C the stiffness
tensor (4th order) and S the compliance tensor (4th order, S = C

−1 ). In general
C has 21 independent components and all of these are necessary for the description
of triclinic crystals. For a fcc crystal like Cu there are only 3 independent moduli
placing it in between an isotropic material (2 constants) and a transversal isotropic
material (5 constants). The components ofC for cubic crystals are (in index notation
with δij being the Kronecker delta symbol):

Cijkl = C12δijδkl + C44(δikδjl + δilδjk) + (C11 − C12 − 2C44)
3
∑

r=1

δirδjrδkrδlr (2.4)

C11, C12 and C44 are material constants, their indices stem from the contracted index
notation of Hooke’s law (see e.g. [Hosford, 1993]). Cubic crystals are not necessarily
isotropic which is shown in the elastic anisotropy ratio ρEA:

ρEA =
C11 − C12

2C44

(2.5)

If ρEA = 1 the material behavior is isotropic meaning that it does not show any
orientation dependence. This is clearly not the case for Cu single crystals as can be
seen in Table 2.1 which lists the elastic constants and the anisotropy ratio. Therefore,
Young’s modulus E[hkl], i.e. the stiffness which relates the stress applied in a direction
[hkl] to the strain generated in the same direction, depends on the orientation. This
dependence has a convenient form in terms of compliances:

1

E[hkl]

= S11 − 2(S11 − S12− 1

2
S44)(α

2
100α

2
010 + α2

100α
2
001 + α2

010α
2
001) (2.6)

where α100, α010 and α001 are the direction cosines of the [hkl] direction and the
cubic axes [100], [010] and [001], respectively. E[hkl] can be also expressed in terms
of E[100] and E[111]:

1

E[hkl]

=
1

E[100]

− 3(
1

E[100]

− 1

E[111]

)(α2
100α

2
010 + α2

100α
2
001 + α2

010α
2
001) (2.7)

It can be shown that E[100] = 65.4 MPa is the minimum and E[111] = 191.1 MPa
the maximum of the Young’s modulus for a Cu single crystal. Hence, the material
behavior shows a strong anisotropy as the elastic properties can differ by a factor of
3 in the extreme case.

Plasticity

In single crystals plastic deformations are accommodated by slip which occurs by
the motion of dislocations through the lattice. In fcc crystals the slip plane (plane
with most atoms, close packed) is the family of {111} planes, the slip direction
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C11 C12 C44 S11 S12 S44 ρEA
[GPa] [GPa] [GPa] [TPa−1] [TPa−1] [TPa−1] [-]
166.1 119.9 75.6 15.3 -6.4 13.2 0.31

Table 2.1: Elastic constants for Cu single crystal at room temperature in contracted
index notation [Simmons and Wang, 1971].

(shortest distance between two atoms in slip plane) is in 〈110〉 direction. There
are several possible combinations of slip planes and slip directions yielding a total
of 12 slip systems for fcc crystals. Under loading slip occurs if the critical shear
stress is reached in a slip system. This is the system with the highest Schmid
factor [Hosford, 1993]. The critical shear stress depends in general on temperature,
strain rate and the initial dislocation density. In fcc crystals the critical shear stress
does not show a strong dependence on temperature in comparison to bcc crystals.
Nevertheless, it decreases with increasing temperature due to a higher mobility of
dislocations. In [Diehl, 1956] results of tensile tests of Cu single crystals can be
found showing the hardening behavior for various orientations.

2.1.3 Polycrystal Behavior

In a simplified view a polycrystal can be regarded as an aggregate of many single
crystals where the latter can differ in shape and size. For the determination of
polycrystalline behavior often certain averaging schemes are applied which consider
the orientation and the properties of the single crystals. This can be appropriate for
elastic properties but for plastic properties special care has to be taken as plastic
flow differs substantially from single crystal slip.

Elasticity

The elastic behavior of a polycrystal depends on the single crystal it is made up
of and the orientation distribution of the grains, i.e. the texture. The calculation
of upper and lower bounds is rather simple; whereas, the calculation of a rigorous
average is difficult, as strain compatibility and stress equilibrium for all the grains
have to be satisfied.

In the Reuss approximation [Reuss, 1929] uniform stresses are assumed in con-
trast to the Voigt approximation [Voigt, 1910] where uniform strains are assumed.
The Reuss approximaton gives a lower bound for Young’s modulus, the Voigt approx-
imation yields an upper bound. Better upper and lower bounds for cubic crystals
were derived by [Hashin and Shtrikman, 1962]. In Table 2.2 the values obtained
for the elastic modulus of copper derived from various approximation schemes are
listed.

In [Kocks et al., 1998] the elastic properties for copper are calculated based on
large strain simulation techniques. A polycrystal with rolling texture (not very
pronounced) is compared to a non-textured one. In addition, the effect of grain
morphology is studied. A microstructure consisting of equi-axed grains is compared
with one consisting of flat grains. The differences for these textures, as well as for
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E[111] E[100] ER EV EH ES Eexp

[GPa] [GPa] [GPa] [GPa] [GPa] [GPa] [GPa]
191.7 66.9 109.8 145.2 139.0 125.0 128.0

Table 2.2: Young’s modulus for copper calculated with various average schemes
[Hosford, 1993]: Single crystal in [111] direction, in [100] direction, Reuss, Voigt,
Hashin-Shtrikman (upper and lower bounds, EH and ES respectively), experimental
value.

these grain shapes, are low and lie in the order of a few percent. For other ma-
terials, the differences due to texture can be up to 20%. Experimental values of
Young’s modulus for copper sheets in [Wassermann and Grewen, 1962] show vari-
ations of ±20% depending on the orientation to the rolling direction for samples
with a (100)[001] recrystallization texture. In the same book, differences of Young’s
modulus of ±30% for a rolling and a recrystallization texture are reported. Thus,
the elastic properties of polycrystals seem to be influenced by pronounced textures.

Plasticity

Although slip is the basic deformation mechanism for both single and polycrystals
their plastic behavior differ considerably. In polycrystals there are always some
grains whose orientation is more favorable to slip than others. Thus, yielding starts
in such grains and their deformation must be accommodated in the local vicinity.
To account for arbitrary ductile behavior in volume preserving plastic deformation
five independent slip systems are necessary. For fcc metals this is the case at room
temperature. The different deformation of individual grains imparts restraints and is
the cause of why polycrystals have a greater strength than single crystals. Hence, it is
expected that there are effects due to the type of crystal, the grain size and shape, as
well as their orientation, on the macroscopic mechanical behavior of polycrystalline
materials.

Polycrystal Behavior Derived From Single Crystal Behavior Several mod-
els have been proposed to deduce polycrystal behavior from single crystal behavior
(see e.g. [Hosford, 1993]). The main idea is to relate the critical resolved shear stress
on a slip plane with the macroscopic yield stress:

σY =Mτcrit (2.8)

where σY is the yield strength and M the Taylor factor which depends on the
microstructure of the polycrystal. The following considerations are based on fcc
polycrystals with {111}〈110〉 slip systems and a critical resolved shear stress τcrit
which is assumed to be the same for all active slip systems. In the Sachs modelM =
2.238 which is calculated by averaging all possible Schmid factors. As this model
assumes that there is only one slip system active per grain, it gives a lower bound of
the yield strength in uniaxial tension. In the classical Taylor analysis it is assumed
that all grains undergo the same shape change to satisfy strain compatibility. Then
the slip systems are identified which can produce a specific shape change with the
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Figure 2.1: Taylor factor M vs. plastic anisotropy ratio ρPA. Left: Considerable
differences depending on the sheet texture: Random, (112)[111̄] (deformation) and
(100)[001] (cube). Right: Moderate influence of specimen orientation (rolling and
transverse direction) for (112)[111̄] texture.

least amount of energy. For a randomly oriented polycrystal this model yields M =
3.06 which is much more realistic. In the Bishop and Hill model all stress states are
identified which can simultaneously activate five or more slip systems. For a given
shape change the appropriate stress state is selected by means of the principle of
maximum virtual work (see [Hosford, 1993]).

The latter model can be used to show the influence of the texture of a material
on the Taylor factor M and thus the yield strength. For textured sheets the plastic
anisotropy factor ρPA can be defined [Hosford, 1993]. It should not be mixed up
with the elastic anisotropy ratio ρEA:

ρPA =
RL

RL + 1
where RL =

dεw
dεt

(2.9)

RL is called the Lankford parameter or revalue and gives the ratio of the plastic
strain change in the width and thickness directions when a specimen is strained in
a tensile test. For a plastic isotropic material, i.e. one in which the shrinking in the
width and thickness directions is the same, RL = 1 and ρPA = 1/2. In the following,
the influence of the plastic anisotropy factor ρPA on the Taylor factor M will be
shown as a function of the texture of a sheet.

Figure 2.1 on the left shows a comparison of three textures which can be found
in Cu sheets, a polycrystal with a random orientation, a (112)[111̄] deformation
texture (one of the numerous texture components observed in rolled sheets of cop-
per [Wassermann and Grewen, 1962]) and a (100)[001] recrystallization texture (also
termed cube texture). The figures clearly indicate the influence of texture on the
Taylor factor M and thus on the yield strength. It can vary several tens of percents
depending on the texture. The right image of Figure 2.1 shows the influence of the
orientation of the specimens axis with respect to the rolling direction. Although the
differences are not so large as for different textures the Taylor factor still can differ
up to more than 10% for the textures shown.
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Grain Boundaries Grain boundaries act as efficient dislocation barriers. The
more barriers there are in a polycrystal, the higher the yield strength (see also
Section 2.1.1). The influence of grain boundaries on the mechanical behavior can
be modelled by the Hall-Petch relation. It shows a direct influence of the size
of a microstructural feature, the grain size d, on the mechanical behavior (e.g. in
[Courtney, 2000]):

σY = σ0 + kyd
− 1

2 (2.10)

Here σ0 is the intrinsic yield stress independent of grain size and ky the Hall-Petch
coefficient, for copper ky = 0.112MN/m3/2. The physical basis of (2.10) is a pile-up
of dislocations at the grain boundaries.

The effect of the shape of the grains in a polycrystal is difficult to describe
quantitatively as often local conditions at grains are responsible for the deforma-
tion. Nevertheless, the following simple consideration can be made: The more grain
boundaries which are perpendicular to the major direction in which dislocations
move, the harder is their resistance to dislocation motion, i.e. a polycrystal with
elongated grains should have a hardening behavior depending on the direction of
the applied stress. In the direction where dislocations are blocked the yield stress
should be higher and the ductility lower.

Ductility measures the ability of a material to undergo plastic deformation with-
out fracturing. As with other properties, ductility depends on grain size and ori-
entation. The smaller the grain size or, more exactly, the more grains there are
per cross-section, the higher the probability that a grain has an orientation which
is suitable for slip. Therefore, materials with smaller grain size (for a given cross-
section) have more grains which are in a favorable slip condition and hence can
accommodate plastic strain better than those with larger grains. Thus, materials
with smaller grains show - in general - a larger ductility. This trend is not nec-
essarily valid for grains which are either very small or large. On the one hand,
single crystals can have ductilities superior to polycrystals if the crystal orientation
favors slip (e.g. in [Courtney, 2000]). On the other hand, nanocrystalline materials
(materials with grain sizes smaller than 100 nm) commonly show small values for
ductility ([Kim and Estrin, 2001] and [Ma, 2003]) as due to the limited size of the
grains hardly any dislocation activity can take place within the grains. If the mi-
crostructure of nanocrystalline copper contains micrometer sized grains the ductility
is increased substantially as these grains can accommodate large amounts of strain
[Wang et al., 2002]. The latter illustrates the possible influence of the grain size
distribution on the mechanical behavior.

Residual Stresses Residual stresses in materials often arise from manufacturing
processes e.g. when a structure is exposed to strong temperature gradients. They can
be modelled by the introduction of eigenstrains [Mura, 1982], a combination of non-
elastic, incompatible strains which originated from processing in a non-equilibrium
state. The effect of residual stresses on the mechanical behavior of a structure is
of a complex nature as they change the state of stress in every point and hence
influence all properties that are affected by the applied stress. For example, the
fracture mechanism could change by means of a certain residual stress distribution
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from ductile (dominated by shear stress) to brittle (dominated by normal stress), in
a similar way the toughness could alter. In addition, the measured yield stress in
a compression test could be smaller in a sample with compressive residual stresses,
than would be expected if the stress is just computed by dividing the applied force
by the cross-section of the sample.

2.2 Testing of Mechanical Properties

For the testing of the mechanical behavior of materials several decisions have to be
made in terms of the type of test and type of samples. In the following, considera-
tions are presented which are important for studying size effects.

2.2.1 Loading

Large freedom exists in the type of loading applied on a sample (e.g. bending,
tensile, torsional load or indentation). The load determines what kind of properties
of a material are tested. In addition, it is important to define how the load is applied
as a function of time as material properties are in general time dependent.

Stress Field

In all types of loading setups except tensile loading strain gradients are usually in-
duced. As mentioned in Section 2.1.1, strain gradients are the basis for geometrically
necessary dislocations and these are suspected to have an influence on the hardening
behavior of metals. Therefore, for studying size effects independent of the influence
of strain gradients the tensile test is the appropriate choice. Furthermore, in a ten-
sile test the stress field is uniaxial in the main regions of the sample. This yields, in
comparison to other type of tests, a simple interpretation of the data measured. In
practice however, the stress field in tension will never be perfectly uniaxial due to
imperfections in the geometry, the boundary regions and errors in the alignment of
the specimen, as well as due to non-uniformly distributed residual stresses.

Strain Rate

The time dependence of the applied load influences the strain rate in the mate-
rial. Inelastic deformation of a body is typically considered to be strain rate de-
pendent, in contradiction to elastic deformation. Experiments conducted with Cu
(e.g. [Gourdin and Lassila, 1991] and [Nemat Nasser and Yulong, 1998]) show a de-
pendence of flow stress on strain rate and temperature. For a higher strain rate the
flow stress is higher. At room temperature, the differences are clearly recognizable
only when the strain rates differ at least by a factor of 100. At elevated temperatures
the influence of the strain rate is much more significant.

2.2.2 Samples

Several types of geometries are used for materials testing as e.g. rods, bars, beams,
sheets, foils or thin films on substrates. The composition of the samples is typically
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homogeneous. Nevertheless, for special applications compounds of materials are
tested where typically the mechanical behavior of one part is known.

Geometry

For studying size effects experimentally, samples of different dimensions have to be
tested. Therefore, it is advisable to design the specimens in such a way that the
influence of the size is pronounced. One approach is based on geometric similarity.
By keeping the ratios of characteristic lengths of a specimen constant its geometry
can be described by one parameter. In other words, the geometry scales with that
parameter. Such a design guarantees geometrically similar flow conditions in plastic
behavior and emphasizes the role of the underlying microstructure. For example,
if size effects in wires were studied this would mean that the length of the wire
should be a fixed multiple of its radius. The fact that certain parameters do not
scale linearly with the overall geometrical dimensions cannot be neglected. This is
particularly important in structures containing cracks as for example the size of the
plastic zone ahead of a crack does not scale linearly with the length of the crack.

Surface Roughness

The effect of surface roughness on the mechanical behavior in a tensile test is a
scarcely investigated topic as ideally the samples tested have a surface roughness
whose influence is negligible. In practice this is not always the case, however. Any
flaw due to the roughness of the surface can be regarded as a small crack. Hence,
its effects can be treated by means of fracture mechanics models if the relative crack
size (crack size divided by relevant length of structure) is large enough. For samples
of different sizes with the same absolute roughness the relative roughness is different
and hence can have an influence on the quantities measured.

Most of the studies on the influence of roughness deal, on the one hand, with its
influence on fatigue life ([Andrews and Sehitoglu, 2000], [McGreevy and Socie, 1999],
[Takahashi and Murakami, 1997]) and, on the other hand, with the roughness of
crack surfaces ([Charkaluk et al., 1998], [Pokropivnyi and Skorokhod, 1995]). A re-
lation between fracture toughness and surface roughness based on the size of a crack
and the intensity of roughness was established by [Palasantzas, 1998].

2.2.3 Environmental Conditions

For comparable results of material tests the environmental conditions, under which
the tests are made, have to be the same. Temperature is the environmental condition
which influences materials behavior most, as many physical mechanisms, such as
for example diffusion, show a great dependence on it. Other factors which can
influence the material behavior are, for example humidity and external disturbances
that affect the loading of a sample, such as vibrations. For the testing of metals,
however, standard laboratory conditions (temperature of 22◦C and vibration free
mounting of test apparatus) are assumed to be sufficiently constant.
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2.3 Methodology for Studying Size Effects

As it was laid out in the preceding section, there are many factors which influence
the mechanical behavior of a material and hence a structure. Therefore, for an
experimental study of size effects a suitable testing methodology has to be developed.
This study is based on the following main considerations:

• Comparable microstructure for all specimens: As showed before, the mi-
crostructure of a material (grain size, texture, etc.) has a strong effect on
the mechanical behavior. Therefore, for a meaningful interpretation of the
results of a size effect study the microstructure of the samples tested must be
the same1 for all sample sizes tested.

Hence, in this study the microstructure is determined before2 conducting the
experiments to check whether the specimens are comparable or not.

• Testing of specimens of different thicknesses: The testing region has a scaled
geometry where the dimensions are multiples of the thickness. The relationship
is fixed to ensure geometrically similar flow conditions for all specimens.

• No macroscopic strain gradients: The tensile test is chosen as the testing
method because of its macroscopically homogeneous stress field which induces
no macroscopic strain gradients. Furthermore, the interpretation of the mea-
surement data is simpler than for other tests.

• Same test conditions for all specimens: To exclude strain rate effects the strain
rate is controlled to be constant during the tensile test. The environmental
conditions are kept constant.

Sticking to the statements mentioned above a conclusive study of size effects in
thin copper foils seems to be feasible.

1In practice however, it is very difficult, if not even impossible, to produce samples with exactly
the same microstructure. The consequences of this problem will be discussed further in Chapter 6.

2For the analysis of the deformation mechanisms the microstructure of the specimens is analyzed
after loading as well.
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Chapter 3

Samples

For assessing materials which are used at a small scale it is mandatory to test them
in a small configuration as was laid out in Section 1.1. The need for small samples
introduces several difficulties:

• The fabrication of the samples is not straightforward.

• The handling of the samples requires particular care.

• The measurement of forces and displacements poses high demands on precision
and resolution.

This chapter will focus on the first two points whereas the third point is dealt
with in Section 4.5. The fabrication of copper foils is discussed briefly. Then, the
geometry of the samples is presented as well as the patterning process. Furthermore,
subsequent heat treatments of the samples are discussed.

3.1 Foil Fabrication

Thin copper foils are either produced by electrodeposition or rolling. For elec-
trodeposition high grade copper has to be dissolved in an acid to produce a copper
electrolyte. This electrolyte solution is pumped into partially immersed, rotating
drums which are electrically charged. On these drums a thin film of copper is elec-
trodeposited. This process is also known as plating. Coils of thin foils are formed
and undergo subsequent chemical and mechanical treatment until they are formed
into their final shape.

A schematic overview of the rolling process of copper foils is given in Figure 3.1.
A block of casted copper (approximate dimensions: 5 m× 1 m× 130 mm) is heated
up to 750◦C. Then, it is hot rolled reversibly in several steps down to 1/10 of its
original thickness. Before the first cold rolling the scales which originate from the
heat treating are taken away by milling. In the cold rolling process the thickness is
reduced to about 4 mm and the sheets are formed to coils. The process is controlled
in such a way that the material only gets larger and does not change its width.
As the sheets cannot be formed any further in this state (the material has work
hardened extensively) they undergo a heat treatment where they are heated to
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Hot rollingPreheating Milling

 1st cold rollingIntermediate annealing

Pickling, washing, drying

Drying, washing, pickling, continuous annealing

Cold rolling

Optional

Cutting to sheets

Figure 3.1: Rolling of copper foils (adapted from [Wieland, 1986]).
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about 550◦C. In modern furnaces this is performed under a 100% H2 atmosphere to
prevent any oxidation. In a further step, the sheets undergo several cleaning steps
(pickling, washing in water and drying) to get rid of oil residues, oxide layers and
other contaminations. What follows then is a cold rolling step to a defined thickness.
If the thickness has to be further reduced the sheets undergo a cycle of annealing,
cleaning and cold rolling. Depending on the desired grade of the copper foils there
is a final heat treatment at the end. At the end, the foils are cut to a defined length
and width.

The samples used in this work are made from thin copper foils (50 × 50 mm2)
which were bought from Goodfellow Cambridge Limited and were manufactured by
rolling (10 µm and 20 µm thick) and by electrodeposition (34 µm). Unfortunately,
the production procedure was not disclosed to us. Their composition is according to
the (old) British standard [BS 2870, 1980] grade C101 (electrolytic tough pitch high
conductivity copper). The maximum amount of impurities is stated to be 0.03%
which means a purity of >99.97% Cu. The major impurities are Pb (0.005%) and
Bi (0.0010%), excluded are Ag and O.

3.2 Geometry

One problem when dealing with small structures is handling them. To a certain
extent this problem can be overcome by including larger sections in the sample
design which are exclusively for handling purposes. For this work a layout is cho-
sen which is very similar to designs which proved to be useful in previous work
(e.g. [Mazza, 1997], [Schiltges, 1999] or [Schlums, 2001]): The sample consists of a
(small) beam which connects two relatively large plates. The beam itself is the
actual testing region. In addition, the plates are connected by a stabilizing frame
which ensures the integrability of the small beam during handling (Figure 3.2). The
large beam is cut off before starting the experiment.

L

R

W

P

P

Testing region

Stabilizing frame

Figure 3.2: Sample geometry with major dimensions indicated: L = length of testing
region, W = width, R = transition radius, P = length of plates.
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Thickness L R W
[µm] [µm] [µm] [µm]
10 2000 1000 200
20 4000 2000 400
34 6800 3400 680

Table 3.1: Standard dimensions of specimens for the three thicknesses tested.

As was laid out in section Section 2.2.2 a prerequisite for studying size effects is
a scaled geometry of the samples tested. For a standard geometry all dimensions are
scaled according to the thickness, H, of the foil: The length of the testing region, L,
is 200 times the thickness (L = 200 ×H), the width, W , is 20 times the thickness
(W = 20 × H) and the radius, R, is 100 times the thickness (R = 100 × H). The
plates usually have a dimension of 5×5 mm2. In Table 3.1 the standard dimensions
of the samples are given for the three thicknesses examined. Samples with other
ratios were tested as well. An overview is given in Section 3.5.

3.3 Foil Patterning

The structuring of the foils can in principle be achieved by various methods: mechan-
ical cutting (e.g. waterjet machining or precision milling), thermal cutting (e.g. laser
cutting or spark erosion) or by photochemical machining. The major advantage of
the photochemical method is that all the edges of the sample are cut simultane-
ously whilst for the other methods this occurs sequentially. Another advantage of
the before mentioned process is that in the cutting zone the material is not heated
and hence no local microstructural changes are induced. The major drawback of
photochemical patterning for small structures is the need for an elaborate equip-
ment which includes amongst other things the possibility of working in a cleanroom
environment. As at the labs of IMES at ETH Zurich those facilities are available,
photolithography and wet etching were chosen as the method for producing the
small structures.

50×50 mm2 large copper foils of varying thickness are the starting point for the
patterning of the foils to their desired shape. In our case, this is a small dogbone
shaped tensile bar which connects two larger plates. As thin foils are quite fragile it
is useful to mount them on a firm substrate. For further processing it proved to be
useful if this substrate has the dimensions of a standard wafer as then all the tools
for cleanroom work can be used. The following procedure was applied for fabricating
small samples of arbitrary design. It is illustrated in Figure 3.3:

• Coating of a Si wafer with photoresist: A 3” Si wafer with a polished surface
is spin coated with Clariant AZ 4562 photoresist which acts as a glue in the
following processes. The film thickness of the photoresist is approximately 6
µm. As the Si wafer is just used as a substrate its crystal orientation does not
matter.

• Gluing of foils: The foils are carefully laid on the coated wafers. Particular
care has to be taken to ensure that foils are as flat as possible. Therefore, the
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3” Si wafer 3” Si wafer spin coated

with glue

copper foil spin coated

with photo resist

patterned copper foil

released from wafer

patterned copper foil on

Si wafer after etching

3” Si wafer with copper

foil glued to it

Figure 3.3: Sequence for the patterning of a copper foil from its raw shape (rectangle
50× 50 mm2) to its final dogbone shape.
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glued foils are pressed by covering them with an additional wafer and putting
a weight on it. After several hours the top wafer is removed and the foils
remain glued to the substrate wafer.

• Spin coating of the foil: The wafer with the copper foil glued on it is spin
coated with a 10 µm thick film of Clariant AZ 4562 photoresist. This rather
thick film is applied to ensure that all parts of the copper foil are covered with
photoresist. Finally, the wafer is put into an oven for 30 minutes at 85◦C to
make the photoresist photosensitive.

• Mask alignment and exposure: In a mask aligner (Karl Suss MA 6) the pho-
tomask which contains the desired design and the wafer are brought into cor-
rect position. This means that the orientation of the connecting beam with
respect to the rolling direction of the foil has to be chosen. The rolling di-
rection is in the same direction as the grooves seen on the surface of the foil
under a light microscope Figure 3.4. For the electrodeposited 34 µm thick
foils surface features are visible which allow a distinction of two perpendicu-
lar directions as well (net-like structure in Figure 3.4 and Figure 5.2). Then
the wafer is exposed to UV light with 365 nm wavelength for several tens of
seconds. In the exposed areas which were not covered by the features of the
mask the photoresist gets more soluble (AZ 4562 is a “positive” photoresist)
and can be removed in a developer solution (Microposit 351 Developer). To
induce a further evaporation of the solvents in the photoresist the wafer is put
on a hotplate with 110◦C for 50 s.

• Etching: The etching of the copper foils is performed in a 50◦C sodium per-
sulfate (Na2S2O8) solution for several seconds to a few minutes depending on
the thickness of the foil. This is the only difference in the patterning process
for copper foils of varying thickness. The best etching results were achieved
with Seno 3207 Feinätzkristall which contains sodium persulfate and some
unspecified additives.

• Removing of foil: The foil is removed from the wafer by putting it into a strong
solvent (Microposit 1165 Remover). After several hours the foil is released from
the wafer. Final cleaning of the foil is performed using acetone, isopropanol
and highly purified water.

With this procedure bars of 50 µm width can be produced. The under etch-
ing is negligible in comparison with the width which is 20 times the thickness in
the standard design. A detailed analysis of the etching results can be found in
Section 5.1.1.

Concerning the design of the mask several issues are of importance. The number
of samples per foil should be as large as possible to make use of the 50 × 50 mm2

area of the base material. At the same time, the integrity of the samples during
processing and a proper way of handling has to be secured. Furthermore, a design
which allows easy detaching of the samples is necessary. Several special features
besides the tensile bar and the stabilizing frame can be included: Small bars or
holes can be utilized for assessing the quality of the etching and give an indication
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Figure 3.4: Light optical images of the surfaces of the foils tested. The rolling
grooves for the 10 µm and 20 µm foils can be clearly be seen. There is a net-like
structure with regular lines on the shiny surface of the 34 µm foils which allows
alignment.

of the internal stresses in the foil, large rectangles can be used as representative
parts for various materials characterization techniques. In Figure 3.5 an example of
the final mask design is shown and special features are explained such as for example
a larger area in right upper corner which is used for grabbing the foil with tweezers
during fabrication.

DCBA

50 mm

5
0
 
m
m

Figure 3.5: Mask with the layout for 10 µm thick samples showing some character-
istics of mask design: Tensile test sample itself (A), the small beams connecting the
samples (B) can be easily cut with scissors but are necessary for the stability of the
whole structure, on the larger beams are small structures for the assessment of the
etching quality (C), in the right upper corner there is a larger area for grabbing the
foil with tweezers (D).
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3.4 Heat Treatment

Several heat treatments were made to check their influence on the microstructure. In
[Dies, 1967] and [Tuschy, 1963] indications are given which annealing temperatures
can be expected to cause major property changes in rolled copper foils. Figure 3.6
shows the influence of the amount of prior cold work, expressed in reduction in
thickness, and the annealing temperature on the amount of crystallites which have
a cube orientation after the heat treatment. Higher amounts of cold work and higher
annealing temperatures favor the formation of cube oriented grains. Figure 3.7 shows
the influence of the annealing temperature on the tensile strength, Rm, and the
fracture strain, A. For temperatures higher than 250◦C Rm decreases significantly
whereas A increases up to 50%. This indicates that the heat treatment has a strong
influence on the mechanical properties of rolled copper products. This influence can
be explained, to a certain extent, by the fact that the grain size is altered during
heat treatment if the temperatures are high enough such that recrystallization can
take place. As seen in Figure 3.7 this is the case in highly cold worked foils for
temperatures above 250◦C. At lower temperatures the grain size does not change,
the material recovers by the reduction of the dislocation density.

Considering the presented influence of the temperature on the mechanical be-
havior, several types of heat treatments were performed:

• H150a: 2 h at 150◦C in N2 atmosphere for studying the influence of stress
relieving.

• H300: 2 h at 300◦C in a vacuum for studying the influence of annealing and
hence a change of microstructure. The temperature and pressure distribution
over time is shown in Figure 3.8. The heat treatment was made in a vacuum
to avoid any surface oxidation.

• H300a: 2 h at 300◦C in N2 atmosphere for studying the influence of oxidation.

• H300c: Same heat treatment as H300a but after heat treatment the samples
were additionally dipped for 10 s in 37% HCl to remove copper oxides at the
surface1.

The dwell time was set to 2 h to guarantee a uniform heating. Due to a residual
oxygen concentration in the oven with a N2 atmosphere there was a light change
in color for the foils under the H150a treatment. Samples from H300a showed a
strongly oxidized surface.

3.5 Samples Fabricated and Tested

Samples with several geometries and orientations were fabricated. Besides the thick-
ness, which is of major interest, other factors were varied to test their influence on
the mechanical properties and in order to cancel out secondary effects. The sample
geometry for the 20 µm thick foils was varied with respect to the standard geometry

1Chemical reaction: CuO + 2HCl → CuCl2 +H2O
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Figure 3.6: Temperature dependence of recrystallization and formation of cube ori-
entated grains as a function of reduction in thickness (dwell time not given). The
formation of cube oriented grains is favored by higher temperatures and higher
amounts of cold work (adapted from [Dies, 1967]).

Figure 3.7: Influence of heat treatment (30 minutes at temperatures indicated)
on the tensile strength, Rm, and the fracture strain, A, for highly cold worked
copper sheet samples of 50.8 mm length (prior amount of cold work and annealing
temperatures are not given). Above approximately 250◦C the tensile strength drops
significantly, the fracture strain increases greatly (adapted from [Dies, 1967]).
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Figure 3.8: Pressure and temperature curves for a heat treatment in a vacuum oven
at EMPA Dübendorf. The annealing temperature was 300◦C and the dwell time
2 h. The pressure when reaching 300◦C was always smaller than 10−6 mbar.

mentioned in Table 3.1 in length and width of the testing region each by the factor
of 0.5 or 2. For the rolled samples, the orientation was either in rolling direction or
normal to it (transverse direction). For the electrodeposited foils, the tensile axis is
parallel or perpendicular to the long diagonal axis of the rhombi which can be de-
tected on the surface. Furthermore, heat treatments of several foils were performed.
In Table 3.2 an overview is given which includes all tested specimen geometries. The
samples are abbreviated with a code consisting of the thickness in µm (10, 20 or
34), the orientation (for rolled foils: RD rolling direction or TD transverse direc-
tion, for electrodeposited: ED tensile axis parallel to long diagonal axis of surface
rhombi and EP perpendicular to it), a special geometry indicator (L long, S short,
N narrow, W wide), the heat treatment temperature in ◦C (H150 or H300) and, if
it was not annealed under vacuum, the ambient conditions of the heat treatment
(a N2 atmosphere, c chemical dipping). Samples without additional heat treatment
are termed “as-received”. Typically, 5 samples were tensile tested for each of the
combinations mentioned.
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Code H L R W Orientation TA
[µm] [µm] [µm] [µm] [◦C]

10RD 10 2000 1000 200 RD –
10TD 10 2000 1000 200 TD –
10RDH300 10 2000 1000 200 RD 300
20RD 20 4000 2000 400 RD –
20TD 20 4000 2000 400 TD –
20RDL 20 8000 2000 400 RD –
20RDS 20 2000 2000 400 RD –
20RDN 20 4000 2000 200 RD –
20RDW 20 4000 2000 800 RD –
20RDH150a 20 4000 2000 400 RD 150
20RDH300 20 4000 2000 400 RD 300
20RDH300a 20 4000 2000 400 RD 300
20RDH300c 20 4000 2000 400 RD 300
20RDLH300 20 8000 2000 400 RD 300
20RDSH300 20 2000 2000 400 RD 300
34ED 34 6800 3400 680 ‖ long diagonal –
34EP 34 6800 3400 680 ⊥ long diagonal –
34EDH300 34 6800 3400 680 ‖ long diagonal 300

Table 3.2: Summary of all tested tensile specimen sizes and heat treatments: H =
thickness, L = length, R = transition radius, W = width, RD = rolling direction,
TD = transverse direction, TA = annealing temperature.
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Chapter 4

Material Characterization
Techniques

In this thesis several techniques for characterizing copper samples were applied.
These are presented and discussed in this chapter. The physical quantities which
can be measured are briefly stated. Furthermore, the physical principles underlying
the testing methods are discussed and technical details are presented. This chapter
contains mainly aspects concerning the measurement techniques, whereas the results
of the characterizations are shown in Chapter 5.

4.1 Determination of Sample Geometry

The determination of the sample geometry is an essential part in performing me-
chanical experiments, as the geometry of a sample directly influences the results
obtained. For small samples, this can be a tedious and quite difficult task as the
sample’s integrity has to be ensured during all steps. For the determination of the
width and thickness of the testing region of the thin copper samples two measure-
ment techniques proved to be practicable. For thickness measurements a height
gauge with an inductive measurement head (Cary Compare, TESA SA) was used,
for the determination of all other geometric features a non-contact laser profilometer
(Autofokusprofilometer 2010, UBM Messtechnik). If not otherwise mentioned, the
geometry was determined prior to the tensile test.

4.1.1 Width

The sensor of the UBM laser profilometer works based on an autofocus principle:
A laser beam with a diameter of approximately 1 µm is directed on the object of
interest. If the surface reflectivity is high enough the laser beam is reflected by
the surface and the spot size of the reflected beam is measured. By changing the
z-position of a collimator the laser beam can be focussed in such a way that the spot
size of the reflected beam is minimal. In this way, a relative height quantity (position
of the object’s surface relative to measurement head) is inferred. The profilometer is
equipped with a translation stage in the x-y plane allowing a surface to be scanned.
This permits the acquisition of a three dimensional image of the sample. From this
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image the width of the testing region can be determined with a maximum resolution
of 1 µm. For a standard sample, the width of the testing region was measured by
three line scans at different points. Further details on the width determination can
be found in [Mazza, 1997].

The distance between a point of a foil and its underlying support cannot be taken
as the foil’s thickness as the copper foils are slightly bent due to the rolling process
preventing the foils to lie perfectly flat on a support or a sharp edge.

4.1.2 Thickness

To avoid the problem of the pre-bending of the foils, the thickness is determined
in a way in which the foil is in contact with a measurement head. The Cary Com-
pare height gauge is based on the following principle: First, the measurement head
(diameter approximately 1 mm) is calibrated by pressing it softly on a flat surface.
Then the sample can be put on the flat surface. Again, the measurement head is
lowered carefully and presses the sample towards the surface. The position of the
measurement head which is determined by an inductive sensor yields the thickness
of the foil. This device allows an easy, reproducible and fast determination of the
thickness with a resolution of 0.1 µm.

4.1.3 Roughness

The surface roughness of the foils is determined with the UBM profilometer by
making line scans with a scan length of 2.5 mm and a step size of 1 µm. Roughness
parameters are determined from these scans according to [DIN 4776, 1990].

4.2 Metallography

Metallographic specimens were prepared at the Materials Characterization Depart-
ment of EMPA Thun (Switzerland) for a qualitative assessment of the microstruc-
ture of the copper foils. The preparation procedure was as follows: First, the copper
samples are glued on a Al substrate. Then, this compound is put into a transpar-
ent embedding medium. The next step is grinding with various SiC paper (down
to a grit size of the grinding paper of 4 µm) and water. The polishing consists of
two steps: First, a diamond lubricant with 3 µm particles is used whereas the final
polishing is achieved with a 0.04 µm SiO2 suspension. Contrasting is performed by
ion etching with Ar ions of 7 keV and a current of 1.5 mA for 10 minutes.

4.3 X-Ray Diffraction

Experiments using the technique of X-ray diffraction can be performed to give in-
formation on the crystalline structure of a metallic sample. The technique is non-
destructive as the atoms or molecules in a metal are not ionized under X-rays due
to the availability of free electrons. This is not the case, for example, in biological
materials where damage occurs. The quantities measured are the angles at which
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diffraction peaks appear and the form of the peaks under various conditions. De-
pending on the type of the experiment and the models applied (i.e. the assumptions
made) information can be gathered on the orientation and/or size of crystallites,
the composition of the sample and the straining of the crystal lattice and hence the
residual stresses in the surface layer of the material.

4.3.1 Physical Principle

X-ray radiation is a type of electromagnetic radiation with a relatively short wave-
length or a high energy. X-rays are the part of the electromagnetic spectrum where
the wavelength, λ, is roughly between 0.1 and 100 Å, or whose energy, E, lies between
0.1 and 100 keV, respectively. An introduction to the physics of X-ray diffraction
can be found for example in [Hammond, 2001] or [Jenkins and Snyder, 1996].

When a beam of X-ray radiation hits a crystalline solid structure the electric field
of the beam interacts with the atomic structure, i.e. photons collide with electrons,
and scatter occurs which means that energy is absorbed or reradiated. The scatter
can be divided into two parts: coherent and incoherent scatter. Coherent scatter
occurs when a photon is reflected elastically by an electron and there is no loss of
energy at the collision. Incoherent scatter (also known as Compton scatter) refers
to the effect when a photon hits an electron and looses energy. Coherent scattering
is the determining factor for the application of X-rays in the investigation of the
crystalline structure of a material. It depends on the type of atoms, their electron
structure and the arrangement of the atoms in the unit cell of the crystal.

The amount of scatter influences the intensity which is transmitted if a beam
falls onto an absorber. There is an exponential decay of the incident intensity I0(λ)
with the penetration depth x

I(λ) = I0(λ)e
−(µ

ρ
)ρx (4.1)

where I(λ) is the transmitted intensity, ρ the density, and µ the linear absorption
coefficient. The latter depends on the electron density of the material. µ

ρ
is called the

mass attenuation coefficient and depends on the atomic number, Z, of the material
and the incident wavelength, λ.

In [Jenkins and Snyder, 1996], on p. 47, diffraction is defined in the following
way:

“When a periodic array of objects each scatter radiation coherently, the
concerted constructive interference at specific angles is called diffrac-
tion.”

Under this assumption the diffraction of X-rays at crystallographic planes (i.e. the
superposition of all scattered X-rays) can be described with Bragg’s law where the
diffraction of X-rays is simply described by the reflection of the incident beams at
lattice planes (see Figure 4.1).

The reflected beam 1’ interferes constructively with the reflected beam 2’ if their
phase difference is an integer multiple of 2π which means that the distance ABC
must be a multiple of the wavelength of the incident beam. This is the case when

nλ = 2dhkl sin θ (4.2)
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Figure 4.1: Bragg’s law: An incident beam is reflected at a lattice plane. There is
constructive interference if the distance ABC corresponds to an integer multiple of
the wavelength λ.

where n is an integer that defines the order of the reflection and θ is the angle of
incidence. The distance between two lattice planes dhkl is given for cubic crystals
by with a being the lattice constant

dhkl =
a√

h2 + k2 + l2
(4.3)

These two equations show why X-ray radiation has to be used for diffraction ex-
periments of (metallic) crystals. A typical lattice constant is in the order of a few
angstroms, the reflection angle must be 0◦ < θ < 90◦, and usually lattice planes
of low indices are interesting for a diffraction experiment. If, for example, the first
order of diffraction of a copper (111) plane is investigated at an angle close to 45◦

(4.2) yields λ = 2.95 Å. X-rays are the electromagnetical radiation with such a
small wavelength.

4.3.2 Texture Goniometry

For the measurement of the texture of copper foils that is the average orientation of
the crystallites in a sample volume, a diffractometer using a Bragg-Brentano setup
was used (see Figure 4.2).

The X-ray tube is at a fixed position whereas the sample is rotated by the angle
θ and at the same time the detector is rotated by 2θ (“θ − 2θ setup”). With a
θ-scan the position of the diffraction peaks can be determined. According to (4.2)
the wavelength λ can be determined if the lattice plane distances dhkl are known or -
vice versa - the lattice plane distances can be found if the wavelength is known. For
measuring pole figures the θ angle is held constant at a position where the Bragg
condition is fulfilled and the sample is rotated by the two axes α (polar angle) and
β (azimuthal angle). From measurements of (at least) 3 independent pole figures
the complete crystallographic texture can be calculated.

For sheet specimens a texture component is usually specified by g ={hkl}〈uvw〉
which means that the {hkl} plane (family) is parallel to the surface plane of the
sheet and that the crystallographic direction 〈uvw〉 is parallel to the rolling direction
(see Figure 4.3).
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Figure 4.2: Bragg-Brentano setup of diffraction experiment in a texture goniometer:
Besides the adjustment of the diffraction angle θ the sample can be rotated about
the α and β axes which allows the recording of pole figures. The electromagnetic
radiation is generated in an X-ray tube, the intensity of the diffracted beam is
measured with a photomultiplier tube.

RD

TD

ND

<uvw>

Figure 4.3: Texture in sheets: The {hkl} plane is parallel to the RD×TD plane
and 〈uvw〉 direction is parallel to RD (size of cube exaggerated with respect to foil
thickness).

An alternative description of the orientation of the crystallites with respect to the
sample are the Euler angles. In the notation according to [Bunge and Morris, 1982]
they have the following form g = {ϕ1,Φ, ϕ2}. The first rotation ϕ1 is around
the z-axis of the sample’s coordinate system. The second rotation Φ is around
the x-axis of the rotated coordinate system and ϕ2 is a rotation around the z-
axis of the coordinate system which originates from the two preceding rotations.
Other definitions of rotation angles and their relation to each others can be found in
[Kocks et al., 1998]. Euler angles can also be used to parameterize the orientation
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Figure 4.4: Texture goniometer at the Institute of Virtual Production (ETHZ): 1
scintillation counter, 2 sample on sample holder, 3 collimator, 4 X-ray tube, 5 major
rotation axis θ.

distribution function (ODF). The ODF returns the frequency of every orientation in
a sample with respect to a random distribution. Frequently, the ODF is represented
by a series of graphs where one angle is held constant (see e.g. Figure B.1).

Hardware Setup

The texture measurements were performed with a Seifert XRD3000 PTS goniometer
at the Institute of Virtual Production at ETH Zurich, see Figure 4.4. The device has
the classical Bragg-Brentano setup (Figure 4.2 with a Co X-ray tube). The path of
the X-rays is the following: The X-rays generated by the Co anode, through electron
bombardment in point focus, are sent through an Fe filter. The Fe filter narrows
the spectrum of the X-rays as it filters out most of the Co Kβ line and lets the Kα

line pass almost unattenuated. Then the X-rays pass through a collimator which
forms the X-rays into a parallel beam of approximatively 2 mm diameter. This
beam hits the sample mounted on a stage which allows positioning of the sample
with respect to all 6 spatial degrees of freedom (e.g. the diffraction angle θ between
the incident X-ray beam and the sample). At an angle of 2θ a scintillation counter
is positioned, which measures the intensity of the X-rays reflected at the sample. In
the scintillation counter X-rays excite a phosphorus substance so that it emits short
light pulses which can be converted into electrical pulses. The higher the intensity
of the incoming X-rays the higher is the electrical output. Phase information of
the diffracted radiation cannot be established as its frequency is much too high
for the phase to be measurable. The corresponding frequency for λ = 1.79 Å is
f = 1.68 · 1018Hz.
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Measurement Parameters

The Co source emits X-rays with a wavelength of λKα = 1.7902 Å. The penetration
depth of X-rays in Cu can be calculated from (4.1): Setting the mass attenuation
coefficient to macCu = 81.6 cm2/g (from [Randle and Engler, 2000]) yields an at-
tenuation of 50% of the intensity at 10 µm depth, an attenuation of 75% at 20 µm
and a attenuation of 95% at 40 µm. Thus for thin samples (several tens of microns)
it is virtually the entire cross-section which is participating in the diffraction, for
thicker sample it is only the first 40 µm. The part of the radiation which is trans-
mitted through the foil is diffracted at the substrate. The copper foils are glued with
a double sided adhesive tape to a substrate made of iron (Feα with a bcc crystal
structure).

For measuring the texture, pole figures were recorded at the four 2θ angles
(50.79◦, 59.36◦, 88.90◦ and 110.41◦), which represent the following crystal planes
for Cu for a wavelength of λKα = 1.7902 Å: (111), (200), (220) and (311). An
example of a pole figure is shown in Figure 5.9. The step size was chosen according
to the needs of the evaluation software: For the rotation around the horizontal axis,
α, the step size was 5◦ over a range of 0◦ - 70◦ and for the rotation around the axis
normal to the sample surface, β, it was 3.6◦ (0◦ - 356.4◦).

Data Analysis

Data analysis was performed making use of the harmonic expansion method of
Bunge [Bunge and Morris, 1982]. The idea of this method is to calculate the ori-
entation distribution function from (incomplete) pole figure measurements. The
general assumption is that the texture function f(g) can be developed into a series
of generalized spherical functions

f(g) =
L
∑

l=0

M(l)
∑

µ=1

N(l)
∑

ν=1

Cµν
l · T µν

l (g) (4.4)

where the harmonic functions Tmn
l (g) are defined as

Tmn
l (g) = Tmn

l (ϕ1,Φ, ϕ2) = eimϕ2 · Pmn
l (Φ) · einϕ1 (4.5)

with Pmn
l (Φ) being functions similar to the associated Legendre functions. Cµν

l in
(4.4) are the unknown coefficients which have to be determined by experimentation
(for details see [Dahlem-Klein et al., 1993]).

The calculation of the harmonic expansion function coefficients was performed
with the program ODF - Analysis [Dahlem-Klein et al., 1993]. For the graphical
representation the program PolySim was used [Thieme-Marti, 1999].

4.4 Scanning Electron Microscope

A scanning electron microscope (SEM) is a versatile instrument which is used in
many fields. In comparison to an optical microscope a SEM has a greater resolution
and greater depth of field allowing an investigation of non-flat samples. In addition,
compositional and orientation data can be obtained.
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Figure 4.5: Signals from the interaction of high energy electrons with matter in an
electron microscope (adapted from [Randle and Engler, 2000]).

4.4.1 Physical Principle

In a scanning electron microscope a beam of electrons hits the surface of a sample
and the results of this interaction are analyzed. The source of the electrons is usually
a tungsten filament or a field emission gun. The electrons emitted are focused by a
series of electromagnetic lenses and accelerated to an energy which is in the range
of 1 keV up to 30 keV. Then, the beam is deflected by scan coils to direct it to a
specified position on the sample.

The interaction products of the high energy electrons with a sample are quite
diverse (see Figure 4.5). This can be explained by the fact that in a sample the
primary electrons experience elastic and inelastic scattering.

Elastic Scattering When elastic scattering occurs a primary electron interacts
with the nucleus and all the electrons of an atom where the electrostatic charges play
a major role (Rutherford scattering). An elastically scattered electron might proceed
in a direction different to the primary electron, however its energy is the same (in
the order of several keV ). Although the final direction of an electron is random the
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probability that the scattering angle is small is much greater than that it is large.
Electrons which travel in a direction opposite to the primary beam and leave the
sample are called backscattered electrons. The amount of scattering is related to the
mean free path which itself depends on the atomic number of the scattering atom.
For electrons with 100 keV the mean free path is in the order of several nm to a
few hundred nm depending on the atomic number [Goodhew et al., 2001].

Hence, the analysis of backscattered electrons can yield a compositional con-
trast, if a sample consists of atoms with a sufficiently large difference in the atomic
number. Elastically scattered electrons are also mainly responsible for diffraction
patterns. As diffraction depends on the crystallography of a sample the analysis of
electron backscatter diffraction patterns (EBSP) can yield a crystallographic contrast
(Section 4.4.3).

Inelastic Scattering Inelastic scattering of electrons refers to various processes,
which have the common feature that a primary electron loses a detectable amount
of energy. Through subsequent scattering an electron can finally come to rest in the
sample. Most of the kinetic energy of the primary electron will be transferred into
heat whereas some of the energy can leave the sample as X-rays, light or secondary
electrons (i.e. electrons that leave the sample). These electrons usually have an
energy less than 50 eV.

Most secondary electrons are generated in a zone very close the surface (several
nm) and thus give a topographic contrast of the sample, this is the most frequent
operation mode of a SEM. For more details on the use of the various signals generated
in a SEM see [Goodhew et al., 2001].

All electrons that cannot leave the sample are absorbed. To avoid charging, a
sample has to be electrically conductive or the accelerating voltage must be such
that the same amount of electrons enters as leaves the sample. The electron beam
which hits the sample has a diameter of several nm. The spatial resolution of a
SEM is in the order of several nm. As the electrons strongly interact with gases all
optical paths have to be evacuated to a pressure below 10−4 Pa.

4.4.2 Contrast Methods

As already mentioned in Section 4.4.1 the usual contrast method used in a SEM is
the topographic contrast which is due to secondary electrons. For a flat sample, the
backscatter contrast is dominated by the atomic numbers of the elements present in
a sample. A common position for a backscatter detector (BSD) is shown in the top
Figure 4.6. It is applied for imaging of compositional contrast. A forescatter detector
(FSD) is useful in a setup used for EBSD with an inclined sample position (see
Figure 4.6, further details can be found in [Prior et al., 1996]). The signal provided
by such a detector is dominated by orientation contrast (OC), i.e. a contrast which
is due to different crystallographic orientation. OC images allows a quick assessment
of interesting regions for detailed EBSD investigations. In contrast to backscatter
imaging, the atomic number contrast is less significant.
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Figure 4.6: Position of fore- and backscatter detectors and formation of Kikuchi lines
from an inclined sample in a SEM: Electrons are scattered diffusely in all directions
when entering a crystal (not shown in figure), some of these scattered electrons fulfill
the Bragg condition and are diffracted at a lattice plane. The locus of the reflection
is a flat cone and its image on a phosphor screen is a nearly straight line.

4.4.3 Electron Backscatter Diffraction (EBSD)

Kikuchi Patterns

By analyzing the directional distribution of backscattered electrons information on
the crystallographic structure of a sample can be gained. The analysis is based on
the interpretation of Kikuchi patterns. These are formed by primary electrons which
are scattered incoherently (with little loss of energy but loss of phase coherence) in
the sample and then interfere by diffraction at a lattice plane (hkl) under a Bragg
angle θ (Figure 4.6). As the wavelength of electrons is very short (e.g. 0.009 nm for
electrons with 20 keV ) the Bragg angles at which diffraction occurs are very small,
i.e. smaller than 2◦ (cf. (4.2)). The reflection of electrons at a lattice plane can
occur in all directions resulting in a cone of radiation (Kossel cone). As the apex
angle of the cone 180◦− 2θ is very close to 180◦ its projection on a plane screen will
be very close to a straight line (Kikuchi line). Every lattice plane which fulfills the
Bragg condition will produce a pair of lines (band) and hence a complex pattern is
formed on a screen which is suitably positioned. The arrangement of these bands
is dependent on the orientation of the crystal with respect to the incident electron
beam and the crystal structure itself. An example of a Kikuchi pattern recorded in
a SEM is shown in the left image of Figure 4.7.
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Figure 4.7: Kikuchi pattern from a copper grain: Original pattern (left), pattern
with crystal planes marked and zone axes indexed (right).

Data Retrieval

Since [Adams et al., 1993] the arrangement of the Kikuchi bands can be identified
automatically. Commercial systems are available for performing this task. If the
crystal structure and the lattice constants of the phases investigated are known the
Kikuchi bands in the diffraction image can be indexed, i.e. the lines can be related
to the corresponding lattice planes as shown in the right image of Figure 4.7. For
automatic identification of the bands, the Hough transformation is applied to an
image of the Kikuchi patterns (e.g. in [Kunze et al., 1993]): Lines in the original
image are transformed to a point in the Hough transformed image which makes
it easier to detect certain bands. From any 3 non-coplanar reflection bands, the
crystal orientation can be determined. Typically up to 8 bands are indexed to
ensure uniqueness and reliability. By this way, the orientation of the crystalline
material at a certain point on the specimen surface can be determined. Sequential
analysis of EBSD patterns obtained from sampling points on some predefined raster
allows to map the crystal orientations and phases at fast rates (currently up to
60 points per second). This operation is called orientation mapping, orientation
imaging microscopy (OIM) or automatic crystal orientation mapping (ACOM).

Measurement Data

A modern OIM system collects several parameters for every measurement point:
orientation, coordinates, indexing confidence indicator, phase identity and pattern
quality. The orientation of individual measurement points can be identified with an
accuracy better than 1◦. By looking at the orientation differences between several
points for example grain boundaries or orientation variations within a grain can be
identified. The quality of the indexing procedure is assessed by a number called
confidence index which has a value between 0 and 1 for every point. The closer
this value is to 0 the more doubtful is the result. The image quality of the Kikuchi
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patterns, i.e. the sharpness of the Kikuchi lines, gives an indication of the distortion
of the lattice which can be due to defects (e.g. dislocations) or lattice deformation;
the worse the image quality the higher, in general, the defect density. In addition,
the image quality is influenced by surface artifacts.

A graphical representation of the results (“mapping”) proves to be very useful
and intuitive: To each orientation a color is assigned as given for example by inverse
pole figure look-up tables. Other parameters can be mapped in the same way, for
example Schmid factor, Taylor factor or twin boundaries. Furthermore, the texture
of a certain part of the sample can be determined and represented by pole figures
or orientation distribution functions.

Technical Parameters

When making EBSD measurements several points have to be taken into account:

• Electron backscatter diffraction only occurs in a region very close to the surface
(10-50 nm depth). Thus, EBSD is a surface sensitive technique and does not
give volume information.

• To increase the amount of electrons which can reach the detector the sample
is tilted to an angle between 60-70◦ with respect to the horizontal position.

• The resolution in lateral direction is approximately 0.5 µm for conventional
equipment and reaches 50 nm for state-of-the-art equipment (scanning electron
microscope with field emission gun, FEG-SEM).

• Typically the acquisition of an image with a resolution 124×124 pixels is suf-
ficient for indexing. This allows the indexing of up to 60 patterns per second.
Thus, it takes about half an hour for scanning an area of 300×300 µm2 with
a step size of 1 µm.

Sample Preparation

For the investigation of the crystalline structure of copper samples it is necessary
to have specimens with flat surfaces and low defect content near the surface. If
a surface contains topographical features which are too large then shading occurs
and no indexable Kikuchi patterns are recorded. To get a complete picture of the
microstructure three perpendicular sections of a sample were studied. Figure 4.8
shows a tensile test sample where three sections cuts are indicated: Sections 1 and
2 are cuts through the entire thickness, 1 in longitudinal direction (plane of tensile
axis and sheet plane normal) and 2 in transverse direction (plane perpendicular to
tensile axis). Section 3 lies parallel to the sheet plane. Cuts 1 and 2 were made by
ion beam slope cutting (IBSC) which is a technique developed at the Institut für
Festkörperphysik, Technische Universität Dresden, in the laboratory of Prof. W.
Hauffe. The ion beam cuts were made using a Gatan Precision Etching Coating
System (PECS) Model 682. Section 3 was accessed by wet etching.
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1: Cut with IBSC
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Figure 4.8: Section cuts made for EBSD investigations: 1: longitudinal section, 2:
cross-section and 3: in-plane section.

Ion Beam Slope Cutting An overview of this technique is given in [Hauffe, 1991].
The principle of IBSC is to cut a sample by the bombardment with high energetic
ions. These ions penetrate into the surface layer of a material and displace the atoms
from their equilibrium position in a way that they are torn out of the sample. This
process is also known as sputtering.

In Figure 4.9 the setup of IBSC is shown. The ion beam consists of Kr ions with
an energy of 7 keV and a current density of up to 40 µA/mm2. It has a width of
several mm. The beam first passes a screen made of Ta. The geometry of this screen
forms a slope in the sample at a desired inclination angle α. The sum of the angles
β and θ must be in between 80◦ and 89◦ to avoid redeposition on the screen edge.
By a continuous variation of φ during the cutting process (“rocking”) the surface is
smoothed and ion beam induced furrows are avoided. φ is the in-plane angle between
a reference direction and the direction of the beam. The amplitude of the rocking is
30◦ and the frequency is 1 Hz. There are virtually no changes in the microstructure
through the ion sputtering process, as only few layers of atoms are affected by the
ion beam and as the sputtering process in metals is very fast. Furthermore, the
prepared slope is free from mechanical deformation. The width of the ion beam
allows long cuts to be made (e.g. up to several mm length with e.g. 10 µm thickness
in about 100 minutes), which is not feasible with a focused ion beam (FIB). For
IBSC the area under ion bombardment is about 10000× larger than in a FIB. The
cutting of a sample can be monitored optically in order to be able to stop the process
at a desired state. For removing artifacts, such as redeposition on the slope, two
methods can be applied: The first method is a short time bombardment of the slope
with ions whose incident direction is perpendicular to θ. This leads to a selective
etching depending on the orientation of the crystals. In the second method the
incident angle θ is changed slightly accompanied by rocking.

The sample preparation procedure for the copper foils was as follows: The parts
of the foils which are of interest are put on a sample holder in such a way that
usually 4 samples are cut at the same time. The fixing of the samples requires
particular care to ensure that the samples are cut at the correct position. Due to
the screen edge the samples are cut along a line. If during cutting too much material
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Figure 4.9: Setup for ion beam slope cutting: The sample is cut by a wide beam of
Kr ions, the angle φ is changed continuously to get a smooth surface. φ characterizes
the direction of the beam with respect to a reference direction in the beam plane
(adapted from [Hauffe, 1991]).

is redeposited at the slope an additional cleaning step is performed, either of the
two mentioned above.

Wet Etching To access structures which lie below the surface of the foil, the
copper samples were wet etched. To remove any oxide from the surface, which could
hinder the following etching process, the foils were first put in a 37% HCl solution
for 20 s. Then, the foils were dipped into the same etchant as for structuring the foils
(sodium persulfate solution at 50◦C). The etching time was typically 30 s in a fresh
solution. After etching, the surface roughness was found to increase by a factor of
two. Nevertheless the surface quality is still good enough for EBSD measurements.

4.4.4 Measurement Setup Used

For topographic SEM investigations, for example for imaging of fracture surfaces,
a Zeiss DSM 962 (W filament) at the FIRST laboratory of ETH Zurich was used.
Acquisition of BSD/FSD contrast images and EBSD was done on a CAMSCAN
CS44LB (LaB6 filament) SEM from the Electron Microscopy Center of ETH Zurich
(EMEZ). The software used for EBSD analysis was OIM 3.5 from EDAX-TSL with
a DigiViewFW camera system.

4.5 Tensile Testing

In principle, the tensile test is the simplest mechanical test to interpret as if the sam-
ple’s geometry is chosen suitably and the alignment is perfect a uniaxial stress field
is present in the sample. Besides critical stresses and strains it yields information
on the elastic and plastic behavior of a material.
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Figure 4.10: Tensile test setup: 1 lead screw drive of translation stage, 2 translation
stage, 3 stand for coarse positioning, 4 illumination, 5 sample glued to support, 6
rigid support, 7 horizontal translation stage for fine positioning, 8 balance for force
measurement, 9 objective of CCD camera.

For tensile testing of thin copper foils a new setup was built based on a testing
device developed by [Mazza, 1997]. The mechanical setup is rather simple (see
Figure 4.10): A sample is glued at one end to a vertical translation stage and at the
other to a rigid support which rests on a balance. By moving the translation stage
into the upwards direction, the weight on the balance is reduced and hence yields
the force transmitted. The straining of the foil is measured optically by means of
image processing based on the least squares template matching (LSM) algorithm,
an adaptive least squares correlation technique [Mazza et al., 1996].
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With the new setup, experiments can be run automatically (except for the fix-
ing of samples). All parameters necessary for the determination of stress-strain
curves can be defined in a computer program. This program allows for an online
determination of the strain and a control of the strain rate.

4.5.1 Strain Measurement

The LSM algorithm is an estimation method which works with images and hence
yields two dimensional results. It tries to match a subimage of an image in a de-
formed state (patch image) to the subimage of a reference image which is usually
in the undeformed state (template image) by minimizing an objective function Ω
which consists of the intensity differences between the two subimages:

Ω =
N
∑

x=−N

M
∑

y=−M

(g(xp, yp)− f(xt, yt))
2 (4.6)

In this equation g(xp, yp) is the intensity of the patch image and f(xt, yt) the one of
the template image. The intensity is given in terms of grey values. Whereas (xt, yt)
are the coordinates in the original template image space (xp, yp) are coordinates
which were subject to a linear transformation:
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(4.7)

This transformation corresponds to a homogeneous two dimensional deformation of
the template image where (x′p, y

′
p) are the coordinates in the original patch image.

The goal of the LSM algorithm is to find a set of the deformation parameters (∆x,
∆y, mx, my, sx, sy) which minimizes the objective function Ω. This is achieved by
a least squares optimization routine. With the identification of the displacement
vector u

u :

(

ux
uy

)

=

(

xp − x′p
yp − y′p

)

=

(

(mx − 1)x′p +∆x + sxy
′
p

(my − 1)y′p +∆y + syx
′
p

)

(4.8)

the deformation parameters can be correlated to rigid body motion parameters and
strain values:

x-translation: ∆x

y-translation: ∆y

z-rotation: rxy = (ux,y − uy,x)/2 = (sx − sy)/2
x-strain: εx = ux,x = mx − 1
y-strain: εy = uy,y = my − 1
xy-shear: εxy = (ux,y + uy,x)/2 = (sx + sy)/2

It must be stressed that the parameters determined by the LSM algorithm are
the average value for the homogeneous transformation applied. Therefore, the ob-
ject which is studied should deform in a way which can be described by such a
transformation. For a tensile test with the tensile axis parallel to the y-direction
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∆y and εy are the parameters of major interest. More information on the concept
of the LSM algorithm and its implementation can be found in [Mazza et al., 1996]
and [Danuser, 1997]. The LSM algorithm was applied for the strain measurement
for several reasons:

• Its superresolution capabilities: Deformation values can be estimated up to a
factor of 100 better than predicted by the Rayleigh limit which describes reso-
lution of a microscope in the separation of two objects. The LSM algorithm is
limited by the resolution in localization which is considerably higher as changes
in the grey values in the pixels are being considered. It was demonstrated by
[Danuser and Mazza, 1996] that a deformation (localization) resolution down
to 20 nm can be achieved.

• The LSM algorithm accounts for rigid body translations. This eliminates
errors which are due to a soft clamping of the sample. This is particularly
important when measuring small displacements.

• No need for markers: By an appropriate design of the specimens there is no
need for attaching markers which can be difficult for small specimens.

• No need for calibration of camera: As the strain is a direct output of the LSM
algorithm the camera does not have to be calibrated, i.e. it is not necessary to
know the actual dimensions of the camera image.

• The availability of the source code allowed an integration of the strain mea-
surement into the tensile test control program which permits strain (and not
only displacement) controlled tests.

• A moderate strain rate control of the test is feasible due to the relatively fast
evaluation of a measurement. One estimation with the LSM algorithm takes
approximatively 0.5 s on a Pentium IV processor running at 1.5 GHz.

Template Geometry

The selection of the template image, i.e. the reference image in relation to which
the deformation parameters are determined, is a task which is governed mostly by
practical issues. Firstly, the template image must contain sections in which a change
of the grey value is expected during deformation as the algorithm can only detect a
deformation by observing changes in image intensity. Secondly, it should be a part of
the image which (approximately) deforms homogeneously to meet the assumptions
made by the LSM algorithm.

In the following, a study of the influence of the template geometry, on the param-
eters determined by the LSM algorithm, is presented. For a simplified interpretation,
the deformation is applied only in one direction. In Figure 4.11 three pairs of an
undeformed (left) and a deformed image (right, marked with an arrow) are shown.
All grey value changes take place in the transition zone from black to white. The
rectangles which are marked in the images show a possible choice for a template
image and its corresponding patch image. All the three templates could be taken as
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Figure 4.11: LSM templates with different geometries which are deformed uniformly
in one direction. The LSM algorithm computes the average strain in the areas
marked by a rectangle.

a template image from a sample with the geometry presented in Section 3.2. Tem-
plate A and B consist of a white region in the middle (length L0) which is bounded
by two dark regions on the lower and upper side. Template C is taken from a sample
including part of the transition radius. The right image of each pair is deformed in
such a way that the lower black part is strained vertically whereas the upper part is
translated and strained in the upwards direction for template A and B. This can also
be interpreted as a straining and translation of the white part in vertical direction.
For template C the deformation is such that only the length of the bar is changed.

Template A Template A can be described by four parameters: Its width Wt, its
total length Lt = Dl+L0+Du. Dl is the distance from the lower end of the template
to the lower horizontal line which marks the transition from the black into the white
part. Its counterpart on the upper side is Du. If the sample is strained vertically as
shown in Figure 4.11, the lower black part moves up by ∆Dl and the white part of
the image is strained to its new length L. There is no straining of the white part in
horizontal direction. The corresponding strain in vertical direction is an engineering
strain:

εy = εeng =
∆L

L0

=
L− L0

L0

(4.9)

The point in the middle of the template image (marked by ‘×’) is translated by ∆y

which is due to a rigid body translation. ∆y is related to ∆Dl by

∆y = ∆Dl +
L− L0

2
(4.10)
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If this set of images is analyzed by the LSM algorithm, it will exactly yield the pa-
rameters which describe this deformation (∆y andmy = 1+εy) as the deformation of
this template image is truly a homogeneous one. The other deformation parameters
of the LSM algorithm do not change from the undeformed to the deformed image,
i.e. ∆x = sx = sy = 0 and mx = 1. Thus, the number of free parameters in the LSM
algorithm can be reduced from 6 to 2 (∆y and my) which reduces the computation
time by about one fourth. This restricts the ability of the LSM algorithm to detect
a general plane deformation field, but for a template of type A horizontal deforma-
tions cannot be observed anyhow. If, for example, the black upper part of template
A would be translated or strained horizontally it could not be detected by the LSM
algorithm as there are no changes in grey values related to it.

For the selection of a template two further parameters have to be considered:
The width of the template Wt and the size of the black parts Dl and Du. To study
their influence images from real samples with a shape similar to Figure 4.11 were
taken. These images were processed offline by image manipulation software. The
upper and the lower black part of the image were shifted by different amount of
pixels to simulate a straining and translation of the white part. Then, the modified
images were evaluated with the LSM algorithm and its results were compared to
the applied image manipulations. The tests revealed that templates with a width of
approximately 25 pixels yield satisfying results. Templates which are much narrower
do not deliver stable results and wider templates do not increase the robustness any
further but increase the computation time. If Dl and Du were chosen to be the
same value the applied translation and strain was determined correctly by the LSM
algorithm. A different choice of Dl and Du resulted in a correct strain but there
were deviations in the order of a few percent in the translation.

Template B The only difference between template B and template A is that
transition from the white part of the image to the black part is at an angle ψ.
This template geometry can be seen as an approximation of a template which is
bounded by arcs. When a deformation in the vertical direction is applied by moving
the upper part and lower part by a different amount of pixels the results from the
LSM algorithm are not as easy to interpret as for template A. In Figure 4.12 some
important results of the strains determined by the LSM algorithm are summarized.
In the left image the angular dependence of the ratio of the vertical strain εyI
of an inclined template and the vertical strain εyh of a template with shape A is
shown. The latter corresponds to the strain actually present in the images. One
curve corresponds to the case where all 6 LSM parameters are used for parameter
estimation (“full”) and the other where only straining and translation in vertical
direction is allowed (“reduced”). There is hardly any difference between the two
curves. The larger the inclination the smaller the measured strain in the y-direction.
The calculated strain for inclined templates is smaller than that found for template
A. The right diagram of Figure 4.12 shows the calculated horizontal strain divided
by the calculated strain in vertical direction for the inclined template. Already for
small inclination angles the horizontal strain is in the order of one half of the vertical
strain. For angles larger than 45◦ the horizontal strain is larger than the vertical
strain. The horizontal strain is determined to be positive. Although the applied
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reduced

full

Figure 4.12: LSM results for inclined templates. Left image: Ratio of the vertical
strain of a template with inclined borders (εyI , “template B”) and the corresponding
vertical strain for a template with horizontal borders (εyh, “template A”), “full”
refers to the case where all 6 LSM parameters are estimated, for the “reduced” case
there are only 2 parameters. Right image: Horizontal strain εxI normalized by the
vertical strain εyI as a function of the inclination angle.

deformation in this study consists only of a vertical stretching for the whole sample,
the interpretation of the strain values returned by the LSM algorithm is difficult.

The inclination angle in Figure 4.12 does not cover the whole theoretical range of
0-90◦ as for small angles it is difficult to generate appropriate images and for larger
angles the algorithm shows convergence problems.

Template C Template C covers the region of a sample which includes the beam
and part of the transition radius. It can be characterized by the amount of the
transition radius Rr (in %) which is not included in the template at the lower and
upper side of the template. Rr = 0 means that the whole radius is included, whilst
Rr = 30% that the template does not cover 30% of the transition radius. The
template is chosen in a way that its corners always lie on the transition radii. In
Figure 4.13 strain values similar to Figure 4.12 are given. Again, the strain values are
those determined by the LSM algorithm. The left graph shows the vertical strain
calculated as a fraction of the transition radius. It is normalized by the vertical
strain calculated from the displacement of the horizontal lines which are fringes of
the transition radius and thus correspond to a template of shape A. The estimation
using all 6 LSM parameters is again marked by “full”, just 2 parameters are used
in the “reduced” case. The smaller the template image the larger the vertical strain
determined; as the strain is smaller in regions which are further away from the beam.
The right image of Figure 4.13 shows the horizontal strain determined, normalized
by the vertical strain as a function of the fraction of the transition radius. This
negative strain is not due to a narrowing of the beam as in the images used for
this investigation only the length of the beam was changed. In a real sample this
narrowing is present and would lead to an increased absolute value of the horizontal
strain. Thus as for template B, the strain values determined by a template with
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Radius reduction Radius reduction

Figure 4.13: LSM results for a template which is similar to the testing region. Left
image: Ratio of the vertical strain of a template where part of the transition radius
is included (εyR, “template C”) and the corresponding vertical strain for a template
with horizontal borders (εyh, “template A”), “full” refers to the case where all 6
LSM parameters are estimated, for the “reduced” case it is only 2 parameters. Right
image: Horizontal strain εxR normalized by the vertical strain εyR as a function of
the amount of radius which is not part of the template.

geometry C are difficult to interpret. For convergence of the LSM algorithm the
radius reduction Rr is limited to about 60%.

The results of this study suggests the use of a template of shape A, as it has the
following advantages:

• Its results are easy to interpret: The strain measured by the LSM algorithm
is the engineering strain between two horizontal lines. In Section 4.5.3 it is
shown how it can be converted to the strain in the testing region in a real
sample.

• Only 2 parameters have to be estimated: The computation is faster and more
robust. Nevertheless, the rigid body translation in vertical direction is included
in the model.

• The template shape is suitable for determining large strains as the assumption
that the deformation can be described by a homogeneous transformation is
fulfilled almost perfectly.

• LSM analysis of real samples with templates of shape B and C shows incon-
sistent results for strains smaller than 1%.

• The template geometry can be realized experimentally quite easily by illumi-
nating a sample from behind and recording its shadow image by a camera.

• The selection of a template of shape A is easier and more reproducible: Changes
in height, width and position of the template image influence the result only
by a small amount.
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Engineering Strain vs. True Strain

The strain returned by the LSM algorithm from a template of shape A is an en-
gineering strain. In an analysis usually all images are compared to the first image
which typically represents an undeformed state. Hence, for every image j the corre-
sponding strain εeng,j is (with L0 being the unstrained length and Lj the deformed
length, respectively):

εeng,j =
∆Lj

L0

=
Lj − L0

L0

(4.11)

The so called “true strain” (or “logarithmic strain”) εtrue,j is defined by the integral
of infinitesimal elongations and is related to εeng,j by:

εtrue,j =

∫ Lj

L0

dl

l
= ln

Lj

L0

= ln (1 + εeng,j) (4.12)

For small strains equation (4.12) yields approximately the same values as (4.11),
i.e. εtrue,j ≈ εeng,j . The relative difference of these two strains is 0.5% for εeng,j = 0.01
and 2.5% for εeng,j = 0.05. Due to practical reasons (e.g. convergence or large rigid
body motions) it is sometimes necessary to introduce a new template image in a
measurement which is defined for the image k. These LSM strains εeng,j|Lk are
related to the strains with respect to the unstrained state εeng,j|L0

by (the length
noted after the | sign refers to the base length of the template used, if it is L0 it is
usually omitted)

εeng,j|Lk =
Lj
Lk
− 1→ Lj = Lk(1 + εeng,j|Lk)

εeng,j|L0
=

Lj
L0

− 1 =
Lk(1+εeng,j|Lk )

L0

− 1 = (1 + εeng,j|Lk)(1 + εeng,k|L0
)− 1 (4.13)

For small strains (4.13) reduces to εeng,j|L0
≈ εeng,j|Lk+εeng,k|L0

. When defining a new
template in a measurement it is necessary to ensure that the new template contains
the same geometric region as the original template, as only then well defined results
are obtained. One output of the LSM algorithm is the position of the middle point
of the template image in coordinates of the patch image. This information can be
used for defining a new template. It ought to be noticed that images are defined on
a pixel basis, whereas the LSM algorithm returns positions in fractions of a pixel.

4.5.2 Setup

Hardware

The tensile test setup shown in Figure 4.10 consists of a PI M-126.DG translation
stage which allows a maximum movement of 25 mm and maximum force (push/pull)
of 50 N. A PI Mercury controller sets the position and the velocity of the stage which
is connected to a computer by an RS-232 interface. The balance used for measuring
the force is a Precisa SuperBal 1212M with a weight resolution of 1mg corresponding
to 10−5 N and a maximum weight of 1212 g. It is connected to a computer by a RS-
232 cable. Further details on the balance can be found in [Mazza, 1997]. The images
for the LSM algorithm are acquired by a Jai CV-M1 CCD camera with 1300 (H) x
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1030 (V), 6.7 µm square pixels equipped with a Navitar UltraZoom 12X objective
and a National Instruments IMAQ PCI-1408 framegrabber. The field of view in
the smallest magnification is approximately 29 (H) x 23 (V) mm2. The exposure
time is set to 1/12 s. The illumination is made by a cold light source LQ 1600
from Fiberoptic-Heim. The samples are glued with HBM X60, a two component
adhesive. To reduce the influence of external vibrations the whole setup is mounted
on an optical table.

Software

The whole experiment is computer controlled by a LabView VI. This VI deals with
the initialization of the hardware, provides a tool for the vertical alignment of a
sample, allows an interactive selection of the template image and deals with file
handling. It reads and saves the actual images and weight values and defines the
velocity of the translation stage. The latter depends on the strain rate defined.
Continuous or cyclic loading experiments are possible. For controlling the strain
rate the strain is measured online by the LSM algorithm. As this requires quite
a long time (≈ 0.4s) not every image acquired is evaluated online by the LSM
algorithm. It turned out to be a good comprise if only for every 4th image the
strain is computed online, which allows enough computer time for 4 images/s to be
acquired.

Accuracy of LSM Algorithm

The accuracy of the whole measurement system, i.e. the hardware in combination
with the LSM algorithm, was tested by measuring the displacement of the upper
and lower part of a broken sample and comparing it to the displacement which is
given by the encoder of the translation stage. Again, a template of shape A was
chosen. The left image of Figure 4.14 shows the scattering of the displacement values
for a series of static images. The maximal scattering is in the order of ±0.4 µm.
As the base length for this image is 8000 µm, which corresponds to approximately
600 pixels, a conservative estimation of the accuracy in terms of strain is in the
order of ±5×10−5. This means that deformations as small as 1/30 of a pixel can be
measured. The accuracy can be increased if several measurements are averaged. For
the given example the standard deviation is ±0.15 µm. This yields an accuracy in
terms of strain of ±2×10−5 or 1/80 of a pixel. The latter value is similar to the value
of 1/100 given by [Danuser and Mazza, 1996] for the super-resolution capabilities of
the LSM algorithm. The remaining differences can probably be explained by the
fact that a different template image was used (difference in grey value chances).
Furthermore, two different hardware setups were used.

When the upper part of the sample is translated at a speed of 100 encoder
counts/s (≈ 0.84 µm/s), which is a typical velocity for experiments with 20 µm
foils, the results of the LSM algorithm display more scatter. In Figure 4.14 on the
right the differences of the displacement measured by the LSM algorithm and the
encoder are shown. Typically, the values of the LSM algorithm are smaller than the
encoder values. This can be explained by the delay of the image acquisition, i.e. the
exposition time and the time which is necessary for the storage of the images. The
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Figure 4.14: Accuracy at a low magnification typical for strain measurements of
20 µm thick foils (0.65X). Left image: Scattering of displacements detected by LSM
at a static sample. Right image: Difference in displacements of the encoder of the
translation stage and displacements detected by LSM for a sample which is moved
by 100 encoder counts/s (≈ 0.84 µm/s).

LSM values are up to 1 µm larger than the encoder values. Thus, if a conservative
estimation is made, the accuracy in strain is reduced and lies in the order of 10−4.

To sum up, strains which are of interest in a tensile test, i.e. strains in the order
of 10−3 and larger, can be measured by the LSM algorithm in the current setup with
sufficient accuracy.

Measuring the Strain at the Sample

If a tensile test is performed the whole setup is strained. Due to the stiffness of the
clamping the encoder position of the translation stage does not correspond to the
straining of the sample. This is demonstrated in Figure 4.15. The left image shows
displacement of a sample where the beam is already broken, i.e. there is only rigid
body motion of the upper part. The LSM results and the encoder values match
very well as in this case only the upper part of the sample is translated. The right
image of Figure 4.15 shows the values obtained if a tensile test is performed. The
translation of the stage is compared to the straining of the sample for increasing
load over time. This illustrates the necessity to measure the strain at sample. If the
encoder position would be taken for computing the strain in the sample the latter
would be overestimated by a factor of 2 or more. This demonstrates the necessity
of measuring the strain directly at the sample.

Strain Rate Control

If the sample would be fixed in a perfectly rigid support no strain rate control would
be necessary, as the velocity of the translation stage could be defined by the desired
strain rate, ε̇d, times the length of the specimen, L. As the whole setup has several
sources of stiffness (glued parts, translation stage, joint elements) the strain rate
has to be controlled to ensure an appropriate loading. In Figure 4.16 the controller
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Figure 4.15: Rigid body motion vs. elongation. Left image: Comparison of the dis-
placements measured by the encoder of the translation stage and the LSM algorithm
for two ends of a sample which are no longer connected by a beam. Right image:
Displacements measured by the translation of the stage compared to the elongation
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Figure 4.16: Controller design for strain rate control.

scheme is shown: A feedforward control, ud, is derived from the desired strain rate,
ε̇d, by multiplication of the length of the sample, L, and an empirical factor, ks,
which accounts for the stiffness in the support (usually ks = 1.5). The control value,
u, which is in this case the velocity of the translation stage is composed of the
feedforward control, ud, and the controller value, uc. The latter originates from a
standard control loop for the strain, ε. The control is made using ε and not ε̇d as the
former is the quantity measured. A time derivation of ε yields values which scatter
a lot, this cannot be solved by averaging as the sampling frequency is too low (in
the order of a few Hz ). The desired strain values εd can be calculated from ε̇d by
simple integration. The controller itself only consists of a proportional gain for the
error in strain ∆ε. In Figure 4.17 an example for several strain rates is shown. The
controller meets the requirements for the strain rates within the necessary accuracy,
which is rather low (several tens of percent), and enables a smooth change of the
strain. Only at the end of the curves shortly before the specimens breaks, a strong
increase in the strain rate can be seen. This is due to the low sampling frequency
and the time constant of the translation stage. Nevertheless, the overall behavior of
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Figure 4.17: Measured strain vs. time curves for different desired strain rates. The
curves are taken from measurements of 20 µm thick foils and meet the requirement
of linearity for a constant strain rate.

the strain rate control is sufficient especially when keeping in mind that the material
behavior of common materials usually is influenced notably only if the strain rate
is changed by several orders of magnitude [Courtney, 2000].

4.5.3 Post Processing

For a proper interpretation, the data which results from the tensile test is not eval-
uated directly, but several adjustments are made.

Strain Conversion

For a template with the geometry as proposed in Section 4.5.1 the strain determined
by the LSM algorithm is not the strain which is present in the testing region of the
sample. It is the engineering strain which results from the vertical elongation of
the distance between the two horizontal edges of the samples which are defined by
the selection of the template image. Conversely, the stress which is determined in
the tensile test is the engineering stress which prevails in the testing region (applied
force divided by the undeformed cross-section area). For proper statements on the
material behavior the LSM strain has to be converted to the strain present in the
testing region as well. In particular, this is important when samples with a different
geometry are compared.

This conversion can be done by application of the final element method (FEM).
For the FEM simulations in this work the program ANSYS 7.1 was used. The
simulations were conducted for large deformations with PLANE182 elements (2-D 4-
node structural solid elements) in plane stress. The material model used consisted of
an isotropic linear elastic law for the elastic range (Young’s modulus E and Poisson’s
ratio ν which was set to ν = 0.3) whereas plastic deformations were modelled with a
nonlinear isotropic hardening law based on the Voce hardening law [Kohnke, 2001]:

σeq = kV +R0ε̂
pl +R∞(1− e−bV ε̂

pl

) (4.14)
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Figure 4.18: Voce hardening law and the meaning of its parameters kV , R0, R∞ and
bV [Kohnke, 2001].

σeq is the equivalent stress (a “true” stress), ε̂pl the equivalent plastic strain, kV
is the elastic limit, R0, R∞ and bV three parameters determining the shape of the
hardening law. Figure 4.18 illustrates the meaning of the model parameters. This
hardening law was chosen as it turned out to describe the material behavior of the
copper foils very well.

What follows is the description of two methods which can be applied for the
conversion of the strain measured by the LSM algorithm to the strain of the testing
region. One method relies on finding optimal material parameters for the FEM
model, whereas, the other involves a procedure using more approximations.

Material Model Optimization The goal of this method is to generate a FEM
model, in particular, a material model with properly chosen parameters, which
matches the experimental results in an optimum way. This means that for a set
of given force values the strains measured by the LSM algorithm in an experiment
should match the corresponding strains which can be deduced from the FEM model
with the “correct” material model. If such a material model is found, then the strain
in the testing region can be taken directly from the FEM simulation. This gives a
direct conversion of the LSM strain and the strain in the testing region, for every
applied load.

To achieve this, a representative FEM model of the tensile test has to be gen-
erated, which has as input parameters the geometry of the sample, the boundary
conditions, the loads and the material behavior. While the geometry, the boundary
conditions and the loads are defined by the tensile test setup (in the FEM model the
lower part of the sample remains fixed, and a uniform stress distribution in vertical
direction acts on the upper part) the material model and its parameters have to
be chosen iteratively. In ANSYS this can be achieved by making use of the De-
sign Optimization toolbox where a semi-automatic optimization can be performed.
The optimization criterium is defined as the error between the strain measured ex-
perimentally and the corresponding strain calculated from the results of the FEM
simulations. For a series of applied loads this error is computed and the program tries
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to change the materials parameters in such a way that the error is minimized. For
the material model chosen this means an adjustment of kV , R0, R∞ and bV . In Fig-
ure 4.19 the results of such an optimization are shown. The images show the stress
and strain distributions in vertical direction where the total strain is the addition
of the elastic and plastic strain as computed by the FEM approach: εtot = εel + εpl.
The force applied corresponds to an engineering stress of σeng = 150MPa in the
testing region. As can be seen in the left upper image, the true stress is approxima-
tively 165 MPa. This is 10% higher than the engineering stress which results from
the reduction in cross-section during straining. The right upper image shows the
total strain, which is a “true” strain as well. Here, the strain in the testing region
is approximatively εtrue = 9.92% (slightly smaller than the maximum indicated in
Figure 4.19) or εeng = 10.43%, respectively. The corresponding engineering strain of
the horizontal edges which results from their relative displacement is εLSM = 6.43%.
Thus, the engineering strain in the testing region is approximatively 62% larger than
the strain which is measured by the LSM algorithm. This means that for the ap-
plied load the LSM strain must be multiplied by a factor of 1.62 to convert it to the
corresponding strain in the testing region. For every applied load the corresponding
conversion factor can be determined directly from the FEM simulation. Although
it is in principle possible to find a suitable material law including its parameters
for any “standard” material, it is a complicated and tiring procedure, as for several
choices of material parameters, convergence problems are experienced with the FEM
program. Therefore, a method is sought which accomplishes this task in an easier
way.

Approximate Strain Conversion This method tries to find an approximate
conversion by the decomposition of the total strain in its elastic and plastic part. In
the two lower images of Figure 4.19 the decomposition of the vertical strain in its
elastic and plastic part is shown as was calculated by the FEM approach. Whereas
the elastic strain has a similar distribution as the stress (due to the linear elastic
material model) the plastic strain has a similar distribution to the total strain. The
latter stems from the fact that for the stress level applied, the maximum plastic
strain is nearly 50 times the maximum elastic strain. For a further discussion, the
following terms are introduced: εytot is the total strain in the testing region, εye
and εyp its elastic and plastic part, respectively, σtrue the true stress in the testing
region, σeng the engineering stress, σY the yield stress in tensile testing, εLSM the
strain which would be measured by the LSM algorithm for a template of geometry
A, εLSMe

and εLSMp
the parts which can be attributed to an elastic and plastic

deformation of the testing region (εLSM = εLSMe
+ εLSMp

), ke and kp factors which
relate the elastic and plastic part of the LSM strain, respectively, with the strain in
the testing region:

εytot = εye + εyp
= keεLSMe

+ kpεLSMp
(4.15)

As the decomposition of εLSM into εLSMe
and εLSMp

is unknown (4.15) has to be
further modified. If it is assumed that there is a uniaxial stress state in the testing
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Figure 4.19: FEM computation of stress and strain distributions for a force applied
in vertical direction, which results in an engineering stress of σeng = 150MPa (all
values shown are “true” stresses and strains). Lp marks the region where most of
the plastic deformation takes place.
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region, i.e. εye = σtrue/E, and that the material behavior is linear elastic for σtrue <
σY , then kp and εLSMp

vanish in the elastic regime which yields together with (4.15):

εytot = keεLSM (if σtrue < σY ) (4.16)

If ke is known (4.16) gives a simple conversion for the elastic strains and allows, for
example, the determination of Young’s modulus E from the experimental data as it
can be assumed that σtrue ≈ σeng. If the stress level is higher than the yield stress
(4.15) can be rewritten as taking into account that keεLSMe

= σtrue/E:

εytot = keεLSM + kp(εLSM − εLSMe
)

=
σtrue
E

(1− kp
ke

) + kpεLSM (4.17)

This can be further simplified if σtrue is approximated to σeng:

εytot ≈ σeng
E

(1− kp
ke

) + kpεLSM (if σtrue ≥ σY ) (4.18)

The approximation of σtrue to σeng in (4.18) can be made without introducing large
errors. As the first part of (4.18) reflects the elastic strain, it only plays a major
role for small strains. For large strains, when σtrue and σeng differ significantly, the
elastic strains only contribute a small part to the total strain. FEM computations
showed that the error introduced is less than 1 per mil if σtrue is approximated to
σeng. Thus, (4.16) and (4.18) can be used to convert εLSM into εytot if ke and kp are
known. Here, it must be stressed that, as the strain measured by LSM is inherently
an engineering strain, εytot is an engineering strain as well, if these formulae are used.

In a FEM model εLSM can be determined as well as εytot . Thus equations (4.16)
and (4.18) can be used for the determination of ke and kp for various stress levels.
As long as all deformations are elastic kp is zero. Hence, ke can be derived from
FEM by just dividing εytot by εLSM at stress levels smaller than the yield stress. This
computation has to be made only once for one geometry, as ke is independent of the
stress level and Young’s modulus, E, for linear elastic material behavior. It is valid
even in the plastic regime1. For the determination of kp the total strains have to
be determined as well as the corresponding LSM strain (displacement of horizontal
edges divided by initial length). For every applied stress, kp can be found by (4.18).

In Figure 4.20 the dependence of ke and kp on the engineering stress is shown. As
mentioned above ke can be regarded as independent of the applied stress. kp is zero
in the elastic range and increases rapidly as soon as yielding begins. As the point of
yielding cannot be determined exactly in practice, it was assumed that the increase
of kp can be distributed linearly in the range between σY1

and σY2
. The following

choice proved to yield reproducible results: σY2
= Rp and σY1

= 0.5Rp where Rp is
the stress which causes a permanent extension of 0.2%. The determination of these
stresses will be dealt with in a subsequent paragraph. After the point of yielding kp
is decaying constantly until it reaches a plateau. This decay can be approximated

1Strictly speaking this holds only for small deformations. But in the case of large deformations
the contribution of the elastic strains in (4.18) is only marginal and hence a small change of ke due
to large geometric changes can be neglected.
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Figure 4.20: Factors for converting εLSM to εytot as a function of applied stress.

by an e−σeng function with appropriate constants. The approximation function is
indicated by the dashed line in Figure 4.20. It fits well with values taken from a
FEM simulation which are marked by stars.

An interpretation of the physical meaning of kp is given in Appendix A. As it
is shown there in detail, kp is the ratio of the distance between the two horizontal
edges and the size of the plastic zone. At the beginning of yielding, the extent of
the latter can be approximated to the beam of the testing zone, and then increases
into the transition zone if the stress is further increased. In the images on the right
of Figure 4.19 the plastic zone is marked with Lp. At higher stresses the increase
in the plastic zone is small leading to a nearly constant kp. Other parameters than
the stress influence ke and kp as well:

• Geometry of sample: The geometry of the sample is the factor which influences
ke and kp most. ke is related to the overall geometry: The more similar the
testing region of the specimen is to a rectangle the smaller ke is. For example,
in Figure 4.21 geometry C has the smallest values for ke as it has the highest
width to radius ratio. The length of the testing region has an influence on ke
as well: For specimen with a longer testing region the stress distribution is
more homogeneous leading to a value of ke closer to 1 (compare B and D in
Figure 4.21). The major factor which influences kp is the specimen length as
can be seen in Figure 4.22. For specimen D the testing region has only half
the length of the standard geometry which results in a much larger kp. The
differences for other geometries are much smaller. kp for A, B and E differ
from each other less than 0.5% (except at the point of yielding), B has values
for kp which are approximately 7% higher than those for C.

• Horizontal position where εLSM is measured: As the displacement of the hori-
zontal lines which are close to the testing region is not perfectly homogeneous
there is a slight dependence on the position where the LSM strain is measured.
Figure 4.21 shows the conversion factor for elastic strains (ke) as a function
of position where the strain is measured. The influence of the position is
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Figure 4.21: Dependence of ke on geometry and on the position where LSM strain
is computed. Different sample geometries: A standard geometry for 10 µm sample,
B standard geometry for 20 µm, C double width of standard geometry for 20 µm, D
half testing length of standard geometry for 20 µm, E standard geometry for 34 µm.

low (maximum deviation for sample A with 5%). For kp the dependence is
much smaller (less than 0.05%). By choosing the template always at the same
position this source of error can be eliminated entirely.

• Material behavior: As the material behavior has an influence on the evolution
of the plastic zone a parameter study was performed to check the impact of the
values of the material parameters of the Voce hardening law. The parameters
were changed in the order of 20% or more, which allows for the description
of the curves measured in the tensile tests. ke turned out to be virtually
independent of the material parameters which stems from the assumption of
linear elastic material behavior. The deviations for kp were larger than 2%
(up to 10%) only for changes of the yield strength. A change of the other
material parameter (R0, R∞ and bV ) had only a small influence on kp. If the
stress levels are adjusted to the yield stress (horizontal shift of curve for kp in
Figure 4.20) the deviations were smaller than 2% as well.

The aforementioned analysis shows that the concept of separating strains in an
elastic and plastic part, and using this to convert the LSM strain into the strain in
the testing region holds for samples which can be modelled by the Voce hardening
law. The application of ke and kp for converting the LSM strain is as follows: For a
typical sample a suitable material model has to be found (e.g. by the optimization
method shown before). Then, the values of ke and kp can be determined from a
FEM model for certain stress levels making use of the material model determined
earlier2. Afterwards, a sensitivity analysis on the influence of the material model

2If large strains are measured in the experiment the FEM computation should be made incor-
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Figure 4.22: Dependence of kp on the geometry of the sample as a function of the
applied stress. A-E are the sample geometries shown in Figure 4.21.

Figure 4.23: Side view of a copper foil: Exaggerated curvature of foil before loading
(left), stretching of foil under increased load (right).

parameters on ke and kp has to be made to define a range where the conversion is
applicable. What follows is the determination of the yield stress for each sample
and then the conversion of the strain can take place.

The decomposition method shown here is not limited to the conversion of the
strains measured by LSM to the strains in the testing region. It is a general way
of connecting the strains at certain locations in an approximate manner for simple
geometries.

Data Extraction from Tensile Test

Besides the strain conversion, several experimental issues have to be considered for
the extraction of data from a real tensile test:

Flatness of Foils The copper foils in their raw condition are not perfectly flat
but slightly bent which is due to reeling in the production of the foils (Figure 4.23).
In the tensile test data this is reflected often in a slow increase of the stress at small
strains until the foil is entirely stretched. From here, the curve is linear up to the
point were yielding starts. If it is assumed that a foil shows a linear elastic behavior
in the beginning the curvature of a foil can be eliminated from the data by shifting
the strain values in such a way that the linear part of the stress-strain curve passes
the origin of the coordinate system. As the amount of shifting does not depend on
the slope this modification can be made before the LSM strain is converted. An
example including the shifting is shown in Figure 4.24. As the initial curvature

porating large deformations.
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Linear fit

Figure 4.24: Adjustment of measurement data from a tensile test: The original data
is shifted in the strain εeng such that the linear part of the curve passes the origin
of the coordinate system.

scatters quite largely, the best results resulted, if the linear part of the stress-strain
curves is determined by the user. By this method, the variation of the stress-strain
values is reduced dramatically.

Last Data Point For the determination of the last valid data point of a measure-
ment the sampling frequency as well as the deformation mechanism play a role. In
the standard tensile test setup about 4 images per second are acquired. As the expo-
sure time of the camera is 1/12 s a crack can propagate through the entire specimen
within the acquisition of one image, in between in the acquisition of two images,
or on a longer period. Depending on the velocity of crack propagation the cracked
state of a sample can be determined by analysis of the images. For brittle materials
the velocity of crack propagation is in the order of 1000 m/s which yields an easy
interpretation for this type of material behavior. If a crack can be recognized in an
image the specimen can be regarded as broken and as a consequence this data point
is not valid any more. If the material is more ductile several ways of failure can be
observed. The failure can be due to necking in the thickness direction, due to the
forming of one or two cracks in the transverse direction, due to the expansion of a
void in the middle of the specimen, or due to a combination of these mechanisms.
All these processes can have time constants of several seconds, i.e. their evolution is
recorded by several images. By observation of the images taken during the experi-
ment it is possible to identify the data points in which the first crack is formed and
in which the sample is broken entirely. The interpretation of the stress and strain
values after the first crack is formed is highly complex.

Extracted Values Several values can be extracted from a tensile test. The fol-
lowing values could be determined for most of the samples (Figure 4.25). All values
are given in engineering terms, i.e. σeng = F/A0 and εeng = L/L0. The labeling is -
where applicable - according to [DIN EN 10002, 1991]. Strain values with subscript
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Slope: E

Figure 4.25: Schematic view of the stress and strain values determined from a tensile
test (FC: first visible crack, TC: crack going through entire specimen, subscript t
denotes total strain values).

t are total strain values, i.e. the sum of elastic and plastic strain:

• Young’s Modulus (E): The linear elastic part of the stress-strain curve.

• Proof Stress (Rp): Stress that causes a specified small, permanent extension
corresponding to a strain of 0.2%. The total strain at Rp is denoted ε0.2%t

.

• Tensile Strength (Rm): Maximum stress attained in the tensile test. The
corresponding total strain is Agt, its plastic part is Ag = Agt − Rm/E. Up
to this point all cross-sections of the specimens experience the same strain.
Afterwards, necking occurs and further straining is limited to a small region.

• Stress Before First Crack (σFC): Stress at the data point immediately before
a crack is visible in the acquired images. The corresponding total strain is
εFCt

, its plastic part is εFC = εFCt
− σFC/E.

• Stress Before Specimen Breaks (σTC): Stress at the data point immediately
before a crack going through the entire specimen is visible in the acquired
images. The corresponding total strain is At, its plastic part is A = At −
σTC/E.

Hence, after a tensile test is conducted the procedure for evaluation of the data
is the following: The remote strain is computed for all images by selection of an
appropriate template image (or several if the strain is too large for the algorithm
to converge). For the determination of the amount of shifting the linear part of
the stress-strain curve is identified manually. Now, the stress and strain values
can be converted as described earlier in this section. By analysis of the images
the data points are extracted when a first crack is visible and when the specimen is
broken. After having determined all necessary quantities the stress and strain values
characterizing the tensile test can be extracted automatically by means of suitable
data processing.
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Chapter 5

Results

The experimental results of the measurements made are divided into three sections
following a chronological order. First, the raw material for the tensile test, i.e. the
foils after being etched to the final shape, are analyzed. Then, the tensile test results
are presented. Finally, the analysis of samples after tensile testing is presented.
Different types of samples will be abbreviated with the acronyms mentioned in
Table 3.2, for example 10RD is the 10 µm thick sample with the tensile axis parallel
to the rolling axis. In several images, the normal (ND), rolling (RD) and transverse
(TD) direction is indicated.

5.1 Characterization of Unstressed Specimens

5.1.1 Geometrical Characterization

Overall Geometry

The geometry of samples after etching can be seen in Figure 5.1. This figure shows
images taken by the camera which is used for the strain measurement. The samples
have a shape which is suitable for tensile testing. A closer look at the edges of the
samples (left upper image of Figure 5.2) reveals irregularities due to the etching
process. The other SEM images of Figure 5.2 show the surface of the three sample
foils tested. For both, the 10 and 20 µm thick foils, grooves from the rolling process
can be observed. Furthermore, there are other deformation structures visible which
probably also stem from the rolling process. For the 10 µm foils these defects are
more frequent than for the 20 µm. The 34 µm foils show a net-like surface structure
where the dominant features have a rhombic shape. Neither of the foils show surface
defects stemming from the etching process, meaning that the photo resist used has
enough resistance to the etchant.

Thickness and Width

In Table 5.1 the mean values and standard deviations for the thickness and the
width of all samples tested are given. They are based on three measurements per
foil (thickness) and sample (width), respectively. The variation of foil thickness
between different foils is within the limits specified by the manufacturer (±15%).
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Figure 5.1: Camera images of samples of all three thicknesses (10, 20 and 34 µm)
after etching. The samples have standard geometry as defined in Table 3.1.

Figure 5.2: SEM images of an edge and samples’ surfaces before tensile test. Left
upper: Edge of a 20 µm sample. Right upper: Surface of 10 µm sample. Left lower:
Surface of 20 µm sample. Right lower: Surface of 34 µm sample (shiny side).
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HN HE σHE
σHfoil

WN WE σWE
σWsample

[µm] [µm] [-] [-] [-] [µm] [-] [-]
10 9 4.2% 1.4% 200 198 5.8% 1.2%
20 20 1.0% 0.7% 400 400 5.3% 1.0%
34 31.5 2.0% 1.2% 680 640 3.1% 0.9%

Table 5.1: Variation of samples’ geometry. HN and WN are the nominal thickness
and width, respectively. HE (WE) and σHE

(σWE
) are the mean and standard

deviations of all experimentally determined values. The length variations within one
foil and one sample are described with the standard deviations σHfoil

and σWsample
,

respectively.

The differences within a single foil are considerably smaller. A similar result holds
for the width where the deviations between different samples are considerably larger
than within a sample. This confirms the need for the determination of the geometry
of each sample. The samples do not show any measurable change in geometry due
to heat treatment.

Surface Roughness

When determining the surface roughness of a foil, two parameters have to be chosen:
the side of the foil and the measurement direction with respect to the rolling direc-
tion. For the 10 µm and 20 µm foils no significant difference between the surface
roughness on the upper and lower side of the foils can be measured. Conversely, the
34 µm foils show a strong difference in roughness between the two sides, whereas
there is no difference due to the orientation. In Table 5.2 the average roughness
values of copper foils along the rolling direction, before tensile testing, are given.
Also included are the roughness values for the copper foils tested at the Univer-
sity of Applied Sciences Augsburg (50RD, 100RD, 250RD). The roughness in the
transverse direction is approximately 10-20% higher than in the rolling direction for
the 10 and 20 µm foils. The applied heat treatment does not change the roughness
measurably.

Except for the matt side of the electrodeposited foils the absolute values of the
surface roughness parameters lie in the same order of magnitude with the 250RD
foil being the roughest of all rolled foils. Thus, this means that for thinner foils
the relative surface roughness (surface roughness with respect to the thickness) is
higher. For the 10RD and 20RD foils the surface roughness is a substantial fraction
of the foil thickness.

Figure 5.3 shows the cross-section of a sample with H being the thickness de-
termined by the Cary Compare height gauge which is applied for measuring the
thickness. Due to the finite size of the measurement head of the height gauge (di-
ameter approximately 1 mm) the surface roughness is included in the thickness
measured by this instrument (the measurement head is several times larger than the
average width of a groove which stems from the rolling process). For a statistically
distributed surface roughness the height H∗ carries the vast majority of the stresses
in a tensile test, as in the shaded areas of Figure 5.3 hardly any stresses can be built
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Code Ra Rpm Rz

[-] [µm] [µm] [µm]
10RD 0.27 1.11 2.24
20RD 0.15 0.70 1.76
34ED matt 1.68 7.03 13.65
34ED shiny 0.50 2.00 4.51
50RD 0.32 1.51 2.69
100RD 0.33 1.55 2.77
250RD 0.32 1.88 3.50

Table 5.2: Surface roughness parameters of foils of unloaded samples in the rolling
direction. In the lower part, the data for the copper foils tested in Augsburg is
shown. Ra and Rpm were computed for a curve filtered according to [DIN 4776, 1990]
whereas Rz was determined for the unfiltered curve which includes the waviness of
the foils.

H H
 *

Figure 5.3: Relevant thickness for tensile test. H is the thickness which is determined
by the height gauge. For a statistically distributed surface roughness, the thickness
which carries the vast majority of the stresses is H∗. The roughness shown in the
this figure is exaggerated in the sense that in a real sample the radii of the grooves
are much larger (at least 15 µm).

up. If it is assumed that Rpm describes the height of the shaded areas in Figure 5.3,
H∗ can be approximately calculated in the following way:

H∗ = H − (Rlower
pm +Rupper

pm ) (5.1)

Rlower
pm and Rupper

pm are the roughnesses of the lower and upper side of a foil, respec-
tively. Table 5.3 lists the values for H and H∗ for the tested samples. For the 10RD,
20RD and 34ED foils the reduced thickness values are substantially lower than the
values measured. In the following, all symbols with a “∗” denote a stress value which
is calculated with the reduced thickness H∗. In Section 6.3.5 the meaning of the
different stress values is discussed.

5.1.2 Materials Characterization

As was shown in Chapter 2 the microstructure of a material has a considerable
influence on the mechanical behavior. Therefore, various methods are applied to gain
further insight, for example metallographic samples, EBSD and X-ray diffraction.
In this subsection, firstly some general remarks on the application of EBSD on thin
copper foils are made. These are relevant for all further EBSD measurements results
presented in this work. Then, the actual results for samples without and with heat-
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Code H H∗

[-] [µm] [µm]
10RD 9 6.8
20RD 20 18.6
34ED 31.5 25.0
50RD 50 47.0
100RD 100 96.9
250RD 250 243

Table 5.3: Relevant thickness for tensile test H∗ as calculated from the measured
thickness H minus the surface roughness Rpm of each side of a foil. In the lower
part, the data for the copper foils tested in Augsburg is shown.

treatment (2 h at 300◦C in a vacuum) are shown separately as the microstructure
is significantly different.

EBSD Sample Preparation and Measurement Parameters

As for EBSD measurements and the representation of the results, many parameters
have to be chosen, they will be stated here in a compact way. Furthermore, the
considerations presented in this section will hold for all samples tested including heat
treated samples and samples which were loaded in the tensile testing apparatus.

Preparation of Samples As described in Section 4.4.3 three perpendicular sec-
tion cuts of samples were prepared to get a three dimensional impression of the grain
structure by means of an EBSD analysis. In Figure 5.4 SEM images of samples pre-
pared for EBSD measurements are shown. The left image displays a longitudinal ion
beam cut in a 20 µm thick foil. The cutting area is smooth whereas the underlying
carbon tap is partly decomposed. The right image shows an etched surface of a
20 µm thick foil. The surface roughness is increased in comparison with the original
samples by a factor of two.

For the analysis of the sheet plane it is possible to take samples of rolled copper
foils without any further preparation. Figure 5.5 shows a comparison of the EBSD
image quality map for a sample without any further preparation (left) and an etched
sample (right). The image quality of the etched samples is much better (the average
image intensity is higher) than for the unprepared samples although the surface
roughness is higher by a factor of two. This can be explained by the fact that
the grains at the surface of the unprepared sample are highly deformed due to the
rolling process. Consequently, these grains have a high defect content and thus yield
Kikuchi patterns which are not so sharp. Therefore, for detailed grain structure
analysis etched samples yield better results. An indication of this can be seen in
Figure 5.5 on the right side. The image quality map already gives a rough idea of
the grain structure. Nevertheless, the surfaces of unprepared samples yield enough
points for a reproducible determination of texture. The image quality of the samples
cut with the IBSC technique is adequate for EBSD measurements.
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Figure 5.4: SEM images of specimens prepared for EBSD experiments: Sample cut
with the ion beam slope cutting technique (left), sample etched in sodium persulfate
(right).
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Figure 5.5: EBSD image quality map for the sheet plane of two 20 µm samples with
and without preparation. Left: No sample preparation. Right: Etched sample.

Type of Scans Bulk textures were typically analyzed from scans over an area of
300×1200 µm2 with a step size of 2 µm. This area is large enough that the equivalent
scans on different surfaces and samples gave reproducible results. Finer scans of the
in-plane areas (RD-TD plane) were made on 300×300 µm2 with a step size of 1 µm.
The cross-sections (RD-ND plane and TD-ND plane) were typically scanned over
25 × 360 µm2 with a step size of 0.5 µm. In Section B.2 orientation maps from
EBSD measurements are shown which can be compared to their counterparts which
were measured by X-ray diffraction. The results match well.
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Details of Representation of Results In the inverse pole figure maps every
single measurement point is color coded depending on its orientation. The color
code is shown later in Figure 5.8 in the triangle in the lower left corner. Typically,
the reference axis for the inverse pole figures is [100] which corresponds to the
rolling direction in a standard sheet coordinate system. The color assignment for
this direction will also be used for highlighting certain directions in the pole figures.
If other reference axes are used it will be mentioned separately. Grey values are
overlaid on the inverse pole figure maps which are based on the EBSD image quality,
areas of lighter color indicate a higher image quality. The image quality is a measure
of the sharpness of the EBSD patterns and hence an indicator of the defect content
around the analyzed spot. The pole figure plots show contoured density estimates
from Gaussian filtering (half width 10◦) through harmonic series expansion up to
24th order. The contouring of the plots is logarithmic and is the same for all pole
figures. These assigned values hold for all inverse pole figure maps and pole figures
shown.

Samples As-Received

Macrotexture X-ray diffraction is applied to determine the macrotexture of the
samples (see Section 4.3). The term macrotexture is used to describe the distri-
bution of the crystallographic orientations, i.e. the texture, of a sufficiently large
crystalline sample [Randle and Engler, 2000]. The non-heat treated samples 10RD
and 20RD show a strong cube texture (100)[001] and some rests of a rolling texture
(for interpretation of the notation see Figure 4.3). This texture is usually consid-
ered to originate from recrystallization [Dies, 1967]. The electrodeposited 34ED foils
have a weak 〈100〉 fiber texture (〈100〉 parallel normal direction) which originates in
the production process. Orientation distribution maps of the samples tested can be
found in Section B.1.

Grain Structure and Microtexture Figure 5.6 shows metallographic samples
which were etched to reveal the grain structure for 10, 20 and 34 µm thick foils.
In the RD-ND plane of the 10 and 20 µm foils there are long grains (length up
to 100 µm and more) parallel to the rolling direction which have a width of a few
microns. Thus, there are only a few (up to 10) grains per cross-section. In the
ND-TD plane the grains are oblate as well although the elongation is much smaller
(up to a few tens of microns). In addition, several small grains can be observed. No
systematic difference between the upper and lower side is observed. The elongated,
oblate grain structure is a result of the rolling process where originally equi-axed
grains are deformed when the foil is forced through the roll gap. An analysis of the
polished surface shows for both the 10 and 20 µm foils inclusions of copper oxide
within the samples in small amounts (Figure 5.7).

For the 34 µm foils the situation is different. Conversely to the rolled foils, the
microstructure does not show systematic changes in directions which lie in the sheet
plane. Rather, the grains have a columnar structure in the normal direction. This is
due to the electrodeposition process where the crystals grow from the drum side, in
a way so that the long axes are at right angles to the surface. The surface roughness
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Figure 5.6: Etched metallographic specimens prepared at EMPA Thun. 10 and
20 µm foils have oblate, elongated grains whereas 34 µm foils have a columnar grain
structure.

Figure 5.7: Polished metallographic specimens prepared at EMPA Thun. In the 10
and 20 µm foils copper oxide can be found.

is much higher on the outer side (in Figure 5.6 the lower side) than on the drum
side which confirms the roughness measurements shown earlier. No copper oxide is
detected in the 34 µm foils.

In Figure 5.8 the inverse pole figures maps for three reference directions of the
sheet plane of a 20RD foil are shown. A strong cube texture (high texture index of
J=12) is formed by the majority of the grains (red color in all inverse pole figures)
whereas some highly deformed grains still carry a rolling texture (blue color in IPF
[100]). In the left image of Figure 5.9 the pole figure is color highlighted according
to the IPF [100] and clearly shows the different texture components. Although the
deformed grains cover as much as a quarter of the specimen area (and thus the
volume), the rolling texture components are hardly detectable in the contoured pole
figure plots (right image in Figure 5.9). To check whether these findings also hold
in other planes of the sample, section cuts were made by ion beam slope cutting
(Section 4.4.3). In Figure 5.10 the inverse pole figures of a 20RD foil for three
perpendicular section cuts are shown. The grain structure revealed is very similar
to the images of the etched metallographic specimens and hence confirms both types
of measurements. As indicated by the colors, the texture across the thickness of the
foil is similar to the one in the sheet plane. This visual impression is also confirmed
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Figure 5.8: EBSD inverse pole figure map for the sheet plane of a 20RD foil. The
color coding is according to the color legend in the lower left corner. The grey values
overlaid are based on the EBSD image quality. The reference axis for the inverse
pole figures is indicated in the left upper corners of the maps.
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Pole figures Contoured pole figures

Texture Name: L=24, HW=10.0
Calc. Method: Harmonic Series Expansion
Series Rank (I): 24
Gaussian Smoothing: 10.0°
Sample Symmetry: Triclinic

max=14.899
16.000 
8.000 
4.000 
2.000 
1.000 
0.500 
min=0.000

Figure 5.9: Pole figures for the sheet plane of a 20RD foil. The color coding of the
pole figure is according to the inverse pole figure map for the [100] direction.

by the pole figures for the different section cuts. The three different views allow a
detailed characterization of the grain structure.

Figure 5.8 shows that is difficult to define an average grain size for the material as
the orientations often vary gradually and make it difficult to define grain boundaries.
In addition, if some structures are defined to be grains then the sizes of these vary a
lot. The dominant grain shape in this foil can be approximated in the following way.
The grains are highly elongated in the rolling direction and have a flat ellipsoidal
shape in a plane normal to the rolling direction. The major diameter of this ellipse
is in the range of a few microns and is approximately five times the minor diameter.
The length of the grains is 5-20 times the major diameter. There are only a few
grains in the thickness direction.

The elongated grains are cube oriented and show deformation structures induced
after recrystallization, such as lattice bending and an orientation spread with ro-
tations preferentially around the rolling direction. This is presumably due to cold
rolling after heat treatment. The sections analyzed contain hardly any twins. De-
spite some heterogeneities observed in the spatial distribution of grain shapes and
texture components, there are no indications for systematic microstructural or tex-
tural gradients across the foils.

The 10RD foils have a similar microstructure in absolute terms as the 20RD
shown here in detail. The major difference is relative in the sense that there are less
grains per cross-section. The 34ED foil was not studied in detail by EBSD as the
microstructure is much more inhomogeneous as can be seen in Figure 5.6.

Samples With Additional Heat Treatment

Macrotexture For the samples which have been heat treated in a vacuum (2 h at
300◦C), the macrotexture is also determined by X-ray diffraction. When comparing
the orientation maps of Section B.1 it can be noticed that there are texture changes
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Figure 5.10: Inverse [100] pole figures for three perpendicular section cuts give an
impression of the three dimensional microstructure of a 20RD foil.

in comparison to the non-heat treated samples for the 10 and 20 µm foils. There
are now more rolling texture components present. Their increase coincides with a
decrease of the strength of the cube texture. Nevertheless, the cube texture is still
discernible in the orientation maps. For the 34 µm foils no systematic changes could
be observed.

Grain Structure and Microtexture The heat treatment induces major changes
in the microstructure of the 10 and 20 µm foils in comparison to the as-received state.
This can be seen by comparing Figure 5.10 and Figure 5.11. The grain shapes are
no longer elongated but are equi-axed. As can be seen from the lower orientation
map of Figure 5.11 which represents a through thickness cut the grains frequently
extend over the entire thickness. There is still a considerable variation in grain sizes.
An average grain has a diameter of approximately 15 µm. Only a few grains are
in cube orientation. Rolling texture components with 〈111〉 parallel to the rolling
direction form the preferred orientations. However, the texture index is low (J=2)
which is also reflected in the pole figures as there are no strong maxima. Annealing
twins after (111) can be observed frequently.

As the macrotexture for the 34 µm foils did no show large changes after heat
treatment, the microstructure was no tested in detail for these foils.

5.2 Tensile Tests

The stress-strain curves shown in this section were measured with the setup pre-
sented in Section 4.5 at standard laboratory conditions. The postprocessing and
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Texture Name: L=24, HW=10.0
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Series Rank (I): 24
Gaussian Smoothing: 10.0°
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Figure 5.11: Microstructure for annealed foil 20RDH300. The orientation maps are
for the sheet plane (upper) and a plane perpendicular to it (lower). The contoured
pole figures have a low maximum indicating a weak texture.

data extraction was performed according to Section 4.5.3. Several types of samples
were tested. The samples differed in geometry, heat treatment and applied strain
rate where 10−4 1/s was chosen as the standard strain rate. Typically, 5 specimens
were tested per sample type yielding a total of about 100 tensile tests performed.
Foils of 20 µm thickness were used as a reference for many types of comparisons.

Firstly, results for samples which did not receive any further treatment after
etching are presented. Then, the samples which were exposed to additional heat
treatments are dealt with (the heat treatments are listed in Section 3.4). In this
section, the main results of the tensile tests are shown. A complete listing of all
values extracted from the tensile test including their mean values and standard
deviations are given in Table B.1 and Table B.2. In Table B.3 the stress values
based on the thickness reduced by the surface roughness are given. In Section 5.2.3
a comparison of the tensile test results of samples of different thicknesses is shown.
It includes results for copper foils of 50, 100 and 250 µm which were tested at the
University of Applied Sciences Augsburg (Germany) in the Laboratory of Materials
for Mechatronics and Electrical Engineering (Prof. Villain). The relation of the
tensile test results and the microstructure of the samples tested is discussed in
Chapter 6.

In the following paragraphs, the term fracture strain will be used for describing
the strain when a sample breaks in a very general way. In this sense, it is a com-
pound of the strain values defined in Section 4.5.3. In general, the comparisons are
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made with respect to the samples with standard geometry in the as-received state,
i.e. 10RD, 20RD and 34ED. The stresses and strains mentioned are defined as shown
in Section 4.5.3 and Figure 4.25. The stress-strain curves shown in the following
section represent typical curves of the experiments for a certain parameter set, if
not otherwise mentioned.

5.2.1 Samples As-Received

In Table 5.4 a summary of measurement results for non-heat treated samples of the
thicknesses 10, 20 and 34 µm are given (sample codes as in Table 3.2). The values
with a “∗” are based on a cross-section calculated with the reduced thickness, H∗.
Typically, the stresses Rm (tensile strength) and σFC (stress at appearance of first
crack) have the lowest standard deviation (maximum 10.4%, in average smaller 5%)
followed by the Young’s modulus, E, with a maximum of 14%. For total strains at
maximum stress, Agt, and at the appearance of the first crack, εFCt

, the standard
deviation is generally smaller than 20%. For their plastic counterparts Ag and εFC
it is already considerably higher with up to 60%. In Figure 5.12 the variation for
10 µm and 20 µm thick foils with the standard geometry is illustrated.

A comparison of the values for E and E∗ shows that the variation within dif-
ferent sample types is smaller for the E∗ values which are in average just below
100 GPa. These results lie well in between the Young’s modulus for a single crystal
strained in [100] direction E[100] = 65.4 GPa (theoretical value, see Section 2.1.2)
and an experimental value for an isotropic copper polycrystal Eexp = 122.6 GPa
[Dies, 1967].

Code ε̇ E E∗ Rp R∗
p Rm R∗

m A
[-] [1/s ] [GPa] [GPa] [MPa] [MPa] [MPa] [MPa] [-]
10RD 10−4 75.8 100.6 - - 300.8 399.2 0.0018
10TD 10−4 73.6 97.6 - - 285.0 378.2 0.0006
20RD 10−4 93.0 100.0 - - 357.2 384.0 0.0029
20TD 10−4 82.6 88.8 - - 308.7 331.9 0.0015
20RDL 10−4 85.4 91.8 - - 309.2 332.4 0.0019
20RDS 10−4 85.3 91.7 321.1 345.2 322.3 346.5 0.0161
20RDN 10−4 79.1 85.1 - - 277.7 298.5 0.0023
20RDW 10−4 93.0 99.9 328.1 352.7 334.8 359.9 0.0037
20RD 10−5 90.9 97.7 - - 319.1 343.1 0.0031
34ED 10−4 73.7 92.9 203.6 256.5 301.9 380.4 0.0614
34EP 10−4 76.3 96.2 190.0 239.4 279.1 351.7 0.0516

Table 5.4: Tensile test results for samples without additional heat treatment (mean
values of typically 5 samples), values with a “∗” are calculated for the reduced cross-
section (substraction of surface roughness). The complete set of values and standard
deviations can be found in Table B.1 and Table B.2. The sample codes are listed in
Table 3.2.
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Figure 5.12: Variation of some tensile test curves for 10 µm (left) and 20 µm foils
(right) with standard geometry. Variation occurs in both stresses and strains.

Standard Samples

The 20 µm foils (20RD) show an average Young’s modulus of 93 GPa, a relatively
high tensile strength of approximately 357 MPa (highest of all measured samples)
with a corresponding total strain of 0.6%. For the 10RD samples all of the parame-
ters mentioned are smaller by about 15% as can be seen in Figure 5.12. Both types
of samples show a linear increase in stress for moderate strain values followed by
a small part of strain hardening and an even smaller part of necking (strain after
having reached the maximum engineering stress). The plastic deformation is very
small for both foils which can be seen from Ag and εFC . As these values are typically
in the order of or smaller than 0.2% there were only a couple of specimens which
had a remaining plastic strain sufficiently large enough for determining Rp. This is
the reason for the absences of data in this column in Table 5.4. The small amount
of necking is also reflected in the values for σFC which are only slightly smaller than
Rm. If the stresses based on the reduced cross-sections are compared the 10 µm
foils have the highest values surpassing the 20 µm foils.

The 34ED foils (Figure 5.13, tensile axis parallel long surface features) also show
a linear increase at the beginning and then a small increase in stress during strain
hardening. The fracture strain is considerably larger than for the other two thick-
nesses at about 6%. The tensile strength is similar to the 10RD foils.

Influence of Sample Orientation

In Figure 5.14 the stress-strain curves for 10 µm and 20 µm samples with the
tensile axis in rolling (RD) and transverse direction (TD), respectively, are shown.
The impression given by the figure that the transverse direction samples have a
smaller fracture strain and a smaller tensile strength is supported by the numerous
tests made. In particular, the 10TD foils have the smallest fracture strain of all
samples tested whereas the 20TD foils behave similar to the 10RD foils. There
are also some differences for the electrodeposited foil (Figure 5.13). 34EP (tensile
axis perpendicular to the one of 34ED) has a smaller tensile strength and a smaller
fracture strain than 34ED.
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Figure 5.13: Influence of specimen orientation for tensile test curves of 34 µm foils
without heat treatment (typical curves). Samples with orientation ED have a higher
tensile strength and fracture strain than samples with a perpendicular orientation
EP.
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Figure 5.14: Influence of specimen orientation for tensile test curves of 10 µm and
20 µm foils without heat treatment (typical curves). Samples with tensile axis per-
pendicular to the testing direction, i.e. in transverse direction (TD), have a smaller
fracture strain.

Influence of Sample Geometry

There are some differences in the stress-strain curves for samples with varying ge-
ometry as shown in Figure 5.15. What distinguishes these samples is the size of the
testing zone as the ratio between length and width differ by factor of 2 with respect
to the standard geometry. The transition radius is the same for all samples. There
are small differences in the fracture strain values for the samples varying in length.
Shorter samples have a higher fracture strain. The influence of the width is not so
clear. The narrow samples have relatively low stress and strain values which could
be due to the increasing importance of imperfection of the samples’ geometry. This
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Figure 5.15: Tensile test curves for 20 µm foils with different geometries (typical
curves). There are some deviations in tensile strength and fracture strain.

supposition is supported by the observation that the wide samples have the lowest
standard deviations for the stress values determined (smaller than 2%, Table B.1).
In addition, the strain values for the wide samples are larger than for the standard
sample geometry although the stress levels are lower.

Influence of Strain Rate

For the strain rates tested (10−4 and 10−51/s) there is no strong influence detectable
on the 20 µm foils (Figure 5.16). The foils which experienced the lower strain rate
had, on average, a smaller tensile strength (10% less) and a smaller fracture strain.
The most significant difference is in σFC . For the samples tested at 10−51/s it is
20% lower.
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Figure 5.16: Tensile test curves for 20 µm foils with different strain rates (typical
curves). Foils with higher strain rate display a slightly higher tensile strength.
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ξ

Figure 5.17: Fracture modes for non-heat treated samples (samples with shorter
testing region geometry): Image immediately before cracking and image with first
sign of crack. Left: Immediate fracture (standard case). Right: Appearance of two
cracks (exception).

Failure Behavior

From the analysis of the images acquired during the tensile test, several observations
can be made about the failure of the samples:

• Type of fracture: For all three thicknesses considered, the samples typically
break in a brittle way. The fracture mode is brittle in the sense that the
fracturing of the samples cannot be monitored by the image acquisition sys-
tem used. This means that in the last image before cracking no crack can be
detected and in the next image it is broken (two images on the left of Fig-
ure 5.17). This type of fast failure holds for nearly all specimens and is why
the values of σFC and σTC are so similar in Table B.1. The few exceptions
break with a sudden appearance of two cracks (right part of Figure 5.17).

• Location of failure: The samples do not always break at the same position.
The section where the radius changes into a straight line is the area with the
highest stress for samples with a perfect geometry (see Figure 4.19). Due to
imperfections in the etching process the failure of the samples takes place at
sites where the sample has a slightly smaller cross-section.

• Geometry of fracture: The samples are usually broken into two pieces in the
tensile test in such a way that there is a horizontal break (perpendicular to
the tensile direction) as indicated in the left images of Figure 5.17. For some
samples the angle of breakage, ξ, is up to 20◦ (Figure 5.17). The geometry at
the location of breakage differs in the plane imaged by the camera; they can
be flat, a combination of shear lips with a flat part in the middle or irregular.

• Necking : No necking in the width direction can be observed. The reduction
in cross-section takes place in the thickness direction as can be seen from an
analysis of the fracture surfaces (see Section 5.3.1).
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Code ε̇ Rp R∗
p Rm R∗

m Agt A
[-] [1/s ] [MPa] [MPa] [-] [MPa] [-] [-]
10RDH300 10−4 48.6 64.5 159.2 211.3 0.1470 0.1655
10RDH300 10−3 52.5 69.6 171.3 227.3 0.1620 0.1692
20RDH300 10−4 56.9 61.2 210.4 226.2 0.2229 0.2255
20RDH300 10−3 58.8 63.2 218.1 234.5 0.2176 0.2157
34EDH300 10−4 160.9 202.7 256.0 322.6 0.1194 0.1225

Table 5.5: Summary of the tensile test results for samples with additional heat
treatments (mean values of typically 5 samples), values with a “∗” are calculated
for the reduced cross-section (substraction of surface roughness). The complete set
of values and standard deviations can be found in Table B.1 and Table B.2. The
sample codes are listed in Table 3.2.

5.2.2 Samples With Additional Heat Treatment

In Table 5.5 a summary of the measurement results for samples with heat treatment
of the thicknesses 10, 20 and 34 µm are given. In comparison to the non-heat treated
samples the variation in stresses is much lower with a maximum of 5% (compared
to 10%). Conversely, a systematic determination of the Young’s modulus is not
possible. This is due to the fact that the yielding of the foils starts at low stresses
(Rp ≈ 50 ∼ 60 MPa) and therefore there is hardly any linear part of the stress-
strain curves making it difficult to fit a straight line. In Figure 5.18 the variation
for 10 µm and 20 µm foils with the heat treatment at 300◦C in a vacuum is shown.
It can be seen that there are only small differences in strain hardening, whereas
there is considerable variation in the strains which confirms the statistical nature of
fracture. Albeit, for the plastic parts of the strain the standard deviations are low
in comparison with the samples without additional heat treatment. This is due to
the higher average of the fracture strain.

If the values with a “∗” are compared with the standard values it can be noticed
that the difference in the stresses for the 10 and 20 µm thick foils is smaller for R∗

p

and R∗
m than for Rp and Rm.

Standard Samples

The heat treatment of 10 µm and 20 µm thick samples at 300◦C in a vacuum (sam-
ples 10RDH300 and 20RDH300 in Figure 5.18) changes the stress-strain behavior
drastically in comparison with the non-heat treated samples. The samples experi-
ence a substantial softening. The yielding of the samples starts at approximately
50 MPa. The maximum stresses are reached at 160 MPa and 210 MPa with a
fracture strain of 15% and 22%, for 10RDH300 and 20RDH300 respectively. This
means that due to the heat treatment, the tensile strength dropped by approxi-
matively one third whereas the fracture strain increased by a factor of fifty. The
increase in strain after having reached Rm is larger for 10RDH300 in particular for
At and A. The corresponding stress values σFC and σTC are lower for 10RDH300.
What is noticeable is the very low value of σTC which is reflected by the tensile test
curves in the left graph of Figure 5.18 which end almost at 0 MPa.
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Figure 5.18: Variation of some tensile test curves for annealed 10 µm (left) and
20 µm foils (right). There is a considerable variation only in the point of fracture.

Figure 5.19: Engineering stress-strain (left) and true stress-strain curves (right) for
34 µm foils with and without heat treatment (typical curves). The Voce hardening
material model fits the strain hardening part very well, the dashed lines of the fit
curves (right graph) are hardly visible as they lie on top of the experimental results.

The 34 µm foil (ED34H300) experienced some softening too (left graph in Fig-
ure 5.19) but not to such a large extent compared to the rolled foils. The Young’s
modulus is virtually the same, the tensile strength dropped by 10% and the fracture
strain increased by a factor of two. There is hardly any difference between the σFC
and σTC values.

In Figure 5.19 and Figure 5.20 the stress-strain curves are given in engineering
stress and strain as well as in true stress and strain. Of course, the true stress-strain
curves display smaller strains and higher stresses. For fitting of the strain hardening
part of the curves several types of material laws can be used. The simplest is a
power law of the form:

σtrue = Bεntrue (5.2)

with B being a constant (“strength coefficient”) and n the strain hardening ex-
ponent. A material law with four parameter is the Voce hardening law used in
Section 4.5.3 (4.14). Obviously, the Voce hardening law gives a better fit than the
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Figure 5.20: Engineering stress-strain (left) and true stress-strain curves (right) for
10 µm and 20 µm foil with heat treatment (typical curves). Differences in strain
hardening, tensile strength and fracture strain. The Voce hardening material model
fits the strain hardening part very well, the dashed lines of the fit curves (right
graph) are hardly visible as they lie on top of the experimental results.

Power law Voce hardening law
Code ε̇ B n kV R0 R∞ bV
[-] [1/s ] [MPa] [-] [MPa] [MPa] [MPa] [-]
10RDH300 10−4 462 0.47 50 366 131 8
20RDH300 10−4 548 0.45 60 387 143 11
34ED 10−4 417 0.10 226 522 59 79
34EDH300 10−4 395 0.15 184 334 67 28

Table 5.6: Fit parameters for heat treated samples. For non-heat treated samples
fitting of the strain hardening part of the stress-strain curve is not feasible as it is
too small.

power law. Therefore, it is shown in the right graphs of Figure 5.19 and Figure 5.20.
In Table 5.6 the fit parameters for the curves shown are given. The major differ-
ence between 10RDH300 and 20RDH300 lies for the power law in the value of the
strength coefficient B as the strain hardening coefficient is nearly the same. In the
Voce hardening law all parameters differ moderately. The strain hardening expo-
nent for 34ED and 34EDH300 were much lower than for the thinner foils. When
comparing the 34 µm foils differences in all parameters can be observed.

Influence of Type of Heat Treatment

Several types of heat treatments were performed on the 20 µm foils. Figure 5.21
shows the stress-strain curves for each. The samples with the heat treatment with
the lowest temperature (150◦C) show some softening as the tensile strength drops
by 20% and the fracture strain increases by 30%. Nevertheless, there is hardly any
plastic deformation as the fracture strain is still smaller than 1%. This indicates
that there was no considerable change in microstructure due to heat treatment and
that only some recovery had taken place. There is a much larger softening effect
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Figure 5.21: Tensile test curves for 20 µm foils with and without heat treatments
(typical curves). Strong decrease in tensile strength and increase in fracture strain
for samples annealed at 300◦C.

for the 20RDH300 samples (heat treated in a vacuum) suggesting that there are
microstructural changes during annealing. 20RDH300a and 20RDH300c are the
samples which are heat treated in a N2 atmosphere. As the samples’ surface is oxi-
dized this indicates that the atmosphere was not pure in the oven. For 20RDH300c
the scales at the surfaces are taken away by etching. There are no large differences
for the curves, which indicates that a (moderate) surface oxidation is only of minor
influence on the stress-strain behavior of the thin rolled foils. If the samples had
been annealed for a longer period this would not necessarily have been the case
any more as the thickness of the oxide layer would have been larger. In the right
graph of Figure 5.19 samples with different heat treatment are shown as well. The
differences between 34EDH300 and 34EDH300a are larger than for the thinner foils
but still do not indicate a strong influence of surface oxidation.

Influence of Sample Geometry

The influence of sample length on stress-strain curves is shown in Figure 5.22. No
clear trend is deducible from the tensile tests as strain hardening is very similar
for all the samples and the differences lie only in the point of fracture. Both the
longer and the smaller samples show a smaller fracture strain than the samples with
standard geometry. This is probably a statistical effect.

Influence of Strain Rate

In Figure 5.23 stress-strain curves for two 20RDH300 foils are shown. Similarly as
for the samples with different length, no substantial differences occur. The samples
tested with ε̇ = 10−3 1/s show a slightly increased strain hardening. Again, there is
a considerable variation in the fracture strain.
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Figure 5.22: Tensile test curves for annealed 20 µm foils with different geometries
(typical curves). There are only differences in the point of fracture.
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Figure 5.23: Tensile test curves for annealed 20 µm foils with different strain rates
(typical curves). Foils with a higher strain rate display a slightly increased strain
hardening.

Failure Behavior

Regarding the failure of the samples several observations can be made from the
analysis of the images acquired during the tensile test:

• Type of fracture: In addition to the way of fracture for the non-heat treated
samples (fast failure and failure by forming two cracks simultaneously) failure
by the slow formation of a single crack is frequent. Figure 5.24 shows the
evolution of a single crack up to separation. The 20 µm and 34 µm foils
typically show failure by one crack or in a brittle manner. For the 10 µm foils
the forming of either one or two cracks is the dominant way of fracturing. This
explains the very low value of σTC .
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• Location of failure: Similarly to the non-heat treated samples there is no pre-
ferred position for the samples to break in the testing region. As the geometry
of the samples did not change during heat treatment this can be attributed to
the imperfect shape of the samples.

• Geometry of fracture: For the separation of the heat treated samples no pre-
dominant type can be observed. Several types occur: the fracture paths are
horizontal or slightly inclined with respect to the tensile direction, the sur-
faces are smooth or irregularly shaped, sometimes moderate necking in width
direction can be observed and some samples have shear lips.

• Necking : For some samples a moderate necking in the width direction can
be observed. Nevertheless, the major part of reduction in cross-section takes
place in thickness direction (see Section 5.3.1).

Figure 5.24: Evolution of a single crack from left to right in a heat treated sample:
Uncracked (image immediately before first crack) → first crack → grown crack →
sample broken. Sample with standard geometry.

5.2.3 Comparison of Samples of Different Thicknesses

In Figure 5.25 stress-strain curves for copper foils of various thicknesses are shown.
In Figure 5.26 and Figure 5.27 the tensile strength, Rm, and the fracture strain,
A, are plotted as a function of the thickness of the foil. Figure 5.28 shows the
corresponding stress values for the reduced thicknesses. These figures summarize the
results of the previous sections for the 10 and 20 µm thick foils as well as results for
50, 100 and 250 µm thick foils which were tested at the University of Applied Sciences
Augsburg (Germany) in the Laboratory of Materials for Mechatronics and Electrical
Engineering (Prof. Villain). All these samples have the following properties in
common: Scaled geometry as defined in Section 3.2, comparable microstructure
(texture and grain size), similar absolute surface roughness, tested at same strain
rate (ε̇ = 10−4 1/s) and tensile axis parallel to the rolling direction. The main
results of this thesis are shown in these figures.
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Figure 5.25: Stress-strain curves for copper foils of various thicknesses (typical
curves). All copper foils have the same scaled geometry, a comparable microstruc-
ture and were tested at ε̇ = 10−41/s.

2010

Figure 5.26: Tensile strength for rolled copper foils of various thicknesses (mean
values).

As can been seen from Figure 5.27, there is a decrease in fracture strain with
decreasing foil thickness. This decrease is not only discernible for A but also for all
other types of fracture strains defined in Section 4.5.3. The decrease is pronounced
for very thin foils as they show hardly any plastic deformation whereas the thicker
foils show the large ductility typical for copper. For the tensile strength a trend can
also be derived, although it is not as clear as for the fracture strain and has with the
20RD foil an exception: the thinner a foil the higher its tensile strength. If the stress
values are analyzed based on the thickness reduced by the surface roughness, there
is a clear trend: thinner foils have a higher tensile strength. Due to the relatively
high surface roughness the 10RD foils yield a higher tensile strength than the 20RD
foils.
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Figure 5.27: Fracture strain for rolled copper foils of various thicknesses (mean
values). Heat treated refers to a heat treatment for 2 h at 300◦C in a vacuum.

2010

Figure 5.28: Tensile strength for rolled copper foils of various thicknesses (mean
values). Strength calculated based on the reduced cross-section (measured thickness
minus surface roughness).

In Figure 5.26, Figure 5.27 and Figure 5.28 data for the heat treated samples is
also shown. The trend for the fracture strain, A, still holds but the differences are
much smaller. For the tensile strength, Rm, no clear dependence of the thickness can
be found for the samples with standard cross-section. For the samples with reduced
cross-section the results, i.e. R∗

m, suggest that there is hardly any influence of the
thickness on the tensile strength. These results clearly indicate that there is a strong
interaction of the thickness and the microstructure of the foils. This interaction is
discussed in detail in Chapter 6.
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5.3 Characterization of Specimens After Tensile

Testing

The characterization results mentioned in this chapter are limited to tensile test
samples where the rolling direction (“RD”) coincides with the tensile axis.

5.3.1 Geometrical Characterization

Overall Geometry

As has already been shown in the previous section when dealing with the failure
behavior of the samples with and without heat treatment there are no major geo-
metrical changes in the sheet plane detectable. An exception is the region very close
to the final crack where larger deformations can occur. The major geometrical mod-
ifications take place in the thickness direction what can be observed in SEM-images
of the fracture surface.

Surface Roughness

The surface roughening after tensile test in quantified in Table 5.7 which gives
surface roughness values in the testing region of loaded and unloaded samples. For
as-received samples there is only a minor increase detectable for all foils. For the 10
and 20 µm heat treated foils a strong increase after tensile testing is observed. The
variation in surface roughness is small for the 34 µm foils, both for samples with
and without heat treatment in unloaded and loaded state.

The influence of the stress level is shown in Figure 5.29 which displays two surface
scans of samples with (right) and without heat treatment (left) after tensile testing.
The horizontal axis is a length coordinate as indicated by the sample sketched below
the graph. The scan starts at a point where the sample is wide and ends in the testing
region. The vertical axis shows the deviations from the nominal surface. As soon
as the stress level is more elevated (smaller cross-section) the surface roughening
increases. This increase is considerably larger for the heat treated foil.

Unloaded Loaded
Thickness Ra Rpm Rz Ra Rpm Rz

[µm] [µm] [µm] [µm] [µm] [µm] [µm]
10RD 0.27 1.11 2.24 0.35 1.23 2.53
10RDH300 0.55 1.43 3.54
20RD 0.15 0.70 1.76 0.25 1.14 2.09
20RDH300 0.68 2.35 5.88
34ED shiny 0.50 2.00 4.51 0.53 2.16 4.68
34EDH300 shiny 0.60 2.37 5.06

Table 5.7: Surface roughness parameters of samples after being stretched to rup-
ture. Ra and Rpm were computed for a curve filtered according to [DIN 4776, 1990]
whereas Rz was determined for the unfiltered curve which includes the waviness of
the foils.
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Scan path Scan path

Figure 5.29: Roughness scan of samples after loading: There is only a minor increase
of the surface roughness in a sample without further heat treatment (20RD, left),
whereas heat treated samples (20RDH300) show a strong increase of the surface
roughness in areas with high stresses (right).

Fracture Surfaces

In Figure 5.30 the fracture surfaces of non-heat treated samples in a cross-sectional
view are shown. The 10RD and 20RD foils have flat surfaces with a knife edge profile
(approximate angle of 45◦). The tip of the knife edge runs along the middle plane
of the sheet. Hardly any reduction in cross-section can be observed. Occasionally,
inclusions are visible at the fracture surfaces which could stem from the copper
oxides observed in Figure 5.7. The 34ED foil has a rough surface showing dimples
and voids indicating a fracture with a larger consumption of energy as more new
surfaces are created.

Top views of fracture surfaces are shown in Figure 5.31 for samples with and
without heat treatment. For the non-heat treated 10RD and 20RD foils deformation
structures as slip lines at 45◦ angles to the rolling direction can be observed very
close to the crack front. They obviously result from the tensile test. At distances
in the order of the thickness away from the crack deformation structures can also
be noticed which increase the surface roughness to a certain extent. If images on
the left of Figure 5.31 are compared to the unloaded samples in Figure 5.2 it seems
that some deformation structures already existed in the unloaded foils. The grooves
from rolling are still clearly visible in the loaded samples.

At the crack fronts of the heat treated samples 10RDH300 and 20RDH300 slip
lines can be seen as well a shear lips for certain samples. In addition, substantial
surface roughening can be noticed all over the entire testing region. This can be
attributed to the high stresses of the testing region. In regions of the samples which
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Figure 5.30: Fracture surfaces of non-heat treated samples. The foils 10RD and
20RD have smooth fracture surfaces with a knife edge profile whereas foil 34ED has
dimples and voids.

are loaded only to a moderate stress level no surface roughening is observed. This
surface roughening due to high stresses is also encountered in metal forming and is
called orange peel effect. The reason for this is usually a coarse grain size and an
uneven flow behavior.

For the 10RDH300 and 20RDH300 foils the surface roughening can be explained
by the interpretation of two factors. Firstly, a lot of slip bands can be seen on
the surfaces of the deformed samples. This indicates that plastic deformation is
accommodated by dislocation slip in a substantial amount. These slip bands increase
microscopically the surface roughness. Secondly, as there are only a few grains per
cross-section of the annealed samples these grains are not strongly constrained in
their deformation as they are bounded by free surfaces. As will be shown later,
these grains have, in general, a different orientation. Thus, in order to accommodate
plastic deformations these grains can rotate out of their initial position by gliding
along the grain boundaries. This mechanism yields the surface roughening which is
seen on a larger scale than roughening due to slip bands. However, grain boundary
sliding is not the rate limiting deformation mechanism for the heat treated foils as
then sharp separations of grains should be formed on the surface. These separations
could not be observed on the samples tested. To sum up, the surface roughening can
be explained by formation of slip bands and by the rotation of grains out of their
initial position which is possible as there are only a few grains per cross-section.

For the 34ED and 34EDH300 no clear differences can be found. The crack tips
of both samples consist of irregular structures. Whether the visible lines are slip
lines or lines which result from manufacturing is difficult to state.

Three dimensional perspectives of a loaded 20RD and 20RDH300 sample are
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Figure 5.31: Top view of fracture surfaces for samples with (right) and without
(left) heat treatment. In the vicinity of the crack front deformation structures can
be noticed for all samples. For 10RDH300 and 20RDH300 surface roughening is
present also in considerable distances from the crack front.

shown in the top images of Figure 5.32. For the 20RD foil the deformation is
strongly localized in the region of the crack. The knife edge profile of the crack is
clearly visible, the opening angles are approximately 30-45◦. This indicates that the
reduction in thickness is due to shear. The 20RDH300 foil has a similar fracture
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Figure 5.32: Comparison of fracture surfaces for 20 µm foils with (right) and without
heat treatment (left). Top images: In the heat treated samples there is a strong
increase in surface roughness. Bottom images: Fracture surfaces are similar, the
cross-section of the heat treated sample is reduced.

zone as can be seen in the lower images of Figure 5.32. There are no substantial
differences in the crack surface except that the heat treated sample has a smaller
cross-section. This reduction in thickness can be seen in other parts of the sample as
well. Often, the reduction is localized in a certain region. The 10RD and 10RDH300
foils show a similar behavior as the 20RD and 20RDH300 samples.

5.3.2 Materials Characterization

For the characterization of loaded samples the EBSD method was applied.

Samples As-Received

In Figure 5.33 orientation maps for three perpendicular planes for a 20RD foil af-
ter tensile testing are shown. No microstructural changes are detected in a tensile
tested specimen compared to the as-is material. The grain shape does not change,
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Figure 5.33: Inverse [100] pole figures for 20RD foil after tensile testing.

the defect content, as inferred by EBSD image quality, is similar and the texture
is equally strong (right image of Figure 5.34). However, there is a minor increase
in surface roughness very close to the crack tip (in distance of the order of the foil
thickness), where grains display additional deformation structures. These deforma-
tion structures can be seen in the left image of Figure 5.34 where the elongated
grains close to the crack tip are bent.

Samples With Additional Heat Treatment

In opposition to the as-is material (Figure 5.11), microstructural changes can be
detected after the tensile tests. In comparison with the unloaded sample there is a
moderate elongation of the grains (Figure 5.35). Furthermore, the rolling texture
components are slightly stronger and the defect content is higher as well. There is
also a strong increase in surface roughness. These findings can be detected over the
entire specimen length that was exposed to high stress during the tensile test, which
accumulated strain equally over this length in contradiction to the non-heat treated
samples. As seen in Section 5.2, the microstructural changes due to heat treatment
have a considerable impact on the mechanical behavior.

In the next chapter, the results presented here will be further discussed and the
influence of several parameters is highlighted.
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Figure 5.34: Orientation map of crack tip in magnification (left) and contoured pole
figure for 20RD after tensile testing.
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Figure 5.35: Microstructure for annealed foil 20RDH300 after tensile test. Orien-
tation maps show a moderate elongation after tensile testing. The contoured pole
figures have a low maximum indicating a weak texture.
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Chapter 6

Discussion

In this section the results of the tensile tests (Section 5.2) are discussed based on
the observations made in Section 5.1 and Section 5.3. Firstly, a comment on the
variation of the tensile test data is made. Then, the cause of the small fracture
strains for the 10 and 20 µm foils are discussed from a microstructural point of
view. Furthermore, a geometrical model for the evolution of the fracture strain
measured is presented. Then follows a discussion of the influences of the strain
rate, orientation, length and width, thickness and heat treatment on the mechanical
behavior of the copper foils tested. The chapter concludes with a comparison and
discussion of results from other size effect studies.

The samples are abbreviated as before with the codes defined in Table 3.2. The
complete set of the tensile test data is given in Table B.1.

6.1 Variation of Tensile Test Data

If Table B.2 (standard deviation of the tensile test results) is studied in detail it can
be seen that for some properties there is a considerable variation (especially plastic
strains). This variation can be attributed to various factors which are discussed in
the following.

Causes of Variation

Imperfections in Sample Geometry Due to the etching process samples do
not have a perfect shape with straight edges. On the contrary, the outline of the
samples has an irregular shape which is, to a certain extent, responsible for local
reductions of the cross-section. Due to the simple geometry of the samples, the
etching quality for a given foil thickness does not depend on location as there are no
specific geometrical features which could limit the interaction of the etchant with
the copper. Therefore, samples with a smaller cross-section are expected to be more
sensitive to local variations. This is confirmed by Table B.2 as the samples with the
largest width have the smallest deviations in tensile strength. In addition, the nar-
rowest samples show a small Young’s modulus and tensile strength indicating that
the geometrical dimensions, which were determined for these samples, overestimated
the actual size of the cross-section.
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Measurement Errors In [Mazza, 1997] an assessment of the measurement errors
present in a tensile test was made. As, in this aspect, the setup developed in this
work is similar to that of [Mazza, 1997], the major results from there are adopted.
Large errors stem from the determination of the dimensions of the cross-section
and from torsion and bending due to misalignment of the sample. These account,
together with the limited accuracy of the balance, for errors in the stress determined
in the order of ±5%. The error in the determination of the strain caused by the
LSM algorithm is ±2% of the measurement value for a strain of 0.5%. As was shown
in Section 4.5.3, the approximate strain conversion adds an uncertainty of ±2% of
the measurement value. Thus, the error in strain determination is up to ±4% of
the measurement value. Another source of error is the limited sampling rate of the
image acquisition system (camera, framegrabber and storage of data). For samples
which fracture in a fast way, this means that not all parts of the fracturing process
are recorded and hence the strain is underestimated. These strains can be as large as
approximately 0.1% which is substantial for the as-received samples with fracture
strains in the order 0.5%. This is especially important for the determination of
necking strains as will be shown in Section 6.2.2.

In addition, there is the problem of the handling of the samples which induces,
due to the small size, further uncertainties not present in larger samples.

Statistical Nature of Fracture As the fracture in tensile testing is triggered
by the appearance of a random reduction in cross-section there is always a certain
amount of variation if fracture mechanical data is processed. The probability that a
structure has a defect of a certain size increases with the size of the structure. The
probability that such a defect causes the failure of a structure is higher for smaller
samples. As for small samples the surface properties cannot be controlled in such
a way as for macroscopic sample (e.g. polishing), they are more prone to fail from
surface defects.

Amount of Samples Measured As has been mentioned earlier typically 5 sam-
ples were tested for any combination of thickness, orientation, geometry and strain
rate. By testing a larger amount of samples the variation in the tensile test results
could be reduced remarkably.

Variation of Material Properties The samples tested stem from different foils
which were part of the same delivery from one supplier. Hence, it is assumed that
all foils from one thickness stem from the same batch, but, there is no guarantee for
this. As the fabrication process was not revealed to us, the original size (width and
length) of the copper foils before cutting to 50 x 50 mm2 was not clear. Hence, there
is no indication on the position where the copper foils were cut out, e.g. whether close
to the edge or from the middle of the original foil. In addition, as seen in Figure 5.7
there are some inclusions of copper oxide in the as-received foils although they do
not seem to be very frequent. The presence of other material defects could not be
confirmed, though it cannot be excluded. Furthermore, as discussed in Section 4.5.3
the foils are not perfectly flat but are slightly bent which originates in the production
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process of the foils. With respect to the tensile tests, this pre-deformation was
accounted for but still it is a further source of uncertainty.

To sum up, there are several causes why the material properties of the foils could
not be constant for all foils tested. The microstructural investigations made, showed
that there are no considerable differences, but still a certain degree of variation can
be expected.

Conclusions

Despite the relatively large amount of variation present in the results for some
tensile tests, it turned out that many of the parameters studied, do not have a large
influence on the stress-strain relations determined as will be shown in the following
sections. The thickness of the foils and the heat treatment of the samples are the
most important factors and their effect can clearly be extracted from the data. Thus,
the variation in the results is not so large that general trends cannot be seen in the
available data, e.g. the 10 µm have consistently the smallest fracture strains.

6.2 Modelling and Interpretation of Tensile Tests

Firstly, the deformation behavior of the copper foils in the tensile tests is analyzed
taking into account the influence of the microstructure. Secondly, a simple model
is described which tries to explain the fracture strains measured in the tensile tests
from a geometrical point of view.

6.2.1 Microstructural Basis of Deformation

Three different types of material behavior can be identified for the deformation of
the 10, 20 and 34 µm foils:

• The macroscopically nearly brittle behavior of the 10RD and 20RD foils (as-
received samples, Figure 5.12).

• The ductile behavior of the 10RDH300 and 20RDH300 foils (annealed samples,
Figure 5.18).

• The ductile behavior of the 34ED and 34EDH300 foils which show less ductility
but higher strength than the annealed 10 and 20 µm foils (electrodeposited
samples, Figure 5.19).

In the following, these stress-strain relations are discussed in general and related to
the microstructure.

Elastic Behavior

As described in Section 2.1.3, the texture has a strong impact on the elastic prop-
erties of a material.
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As-Received Samples (Rolled) The as-received 10 and 20 µm samples have a
pronounced cube texture with only a minor fraction of other texture components.
The tensile axis is parallel to the cube orientation for both the RD and TD samples,
i.e. the tensile axis is either parallel to the rolling or transverse direction, respec-
tively. Therefore, no large differences in the Young’s modulus are expected. This is
supported by the values from Table B.1 which yield a Young’s modulus of approxi-
mately 75 and 85 GPa for the 10 and 20 µm samples, respectively. These values are
lower than most of the values listed in Table 2.2 but are higher than E[100] which is
the value for a single crystal strained in [100] direction. As the grains in a material
with a nearly ideal cube texture have an orientation similar to that of a single crys-
tal, the elastic properties for both should not differ greatly. Hence, for the strong
cube texture found, a Young’s modulus similar to E[100] is expected. As there are
still some remains of a rolling texture in the foils (slightly higher fraction in the
20 µm foils than in the 10 µm foils), the experimentally determined moduli match
well with these considerations, as the rolling texture is stiffer than the cube texture.

If the thickness for the determination of the stresses is reduced by the surface
roughness of the foils (as shown in Section 5.1.1), the values for the Young’s moduli
are in the order of 90 to 100 GPa and show less scatter between the different thick-
nesses. As the Young’s modulus is not expected to be a function of the thickness
in the thickness range investigated, this indicates that the inclusion of the surface
roughness in the interpretation of the stress values seems to be important. However,
it must be stressed that for these kind of interpretations the important role of the
texture must not be neglected.

Annealed Samples (Rolled) The samples with heat treatment, 10RDH300 and
20RDH300, have a texture which differs from the as-received samples. This should
be reflected in different elastic properties. Unfortunately, the stress strain curves
of the heat treated samples do not allow a reliable determination of the Young’s
modulus as due to the low yield stress and the initial curvature of the specimens
there is hardly a linear part.

Electrodeposited Samples For the 34 µm foils the Young’s modulus is approx-
imately 75 GPa, when the thickness roughness is included it is roughly 95 GPa. No
considerable influence of the orientation and the heat treatment can be found. A
direct relation to the microstructure is difficult due to the complex fibre texture,
however.

Plastic and Failure Behavior

Plastic deformation in Cu requires the storage of dislocations. During plastic defor-
mation the dislocation density is raised which causes an increase in yield strength
(work/strain hardening). The rate of work hardening, i.e. the increase in stress with
further deformation, depends on the absolute value of the dislocation density. As
shown in [Courtney, 2000], the higher the dislocation density the lower the fraction
of mobile dislocations. Thus, a further increase in dislocation density only produces
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a smaller increase in strength for higher dislocation densities. This fact is also re-
flected by the Taylor equation (2.1) as, for the same absolute increase in dislocations,
the increase in the critical shear stress is smaller at higher dislocation densities than
at lower dislocation densities. In a tensile test, the increase in yield strength com-
petes with the decrease in cross-section (geometrical softening). For any increase of
the strain beyond the point defined by

dσtrue
dεtrue

= σtrue or
dσeng
dεeng

= 0 (6.1)

the geometrical softening through reduction in cross-section area is larger than the
additional strengthening through work hardening. At the smallest cross-section of
a sample a neck will be formed. This neck increases in size, i.e. the cross-section
area decreases, accompanied by a decrease in load until failure (plastic instability).
As can be seen in (6.1), the point of plastic instability is given as the point with
maximum stress in the engineering stress-strain curve, Rm. Failure by forming of a
neck is the failure mode which can be observed for the copper foils tested.

As-Received Samples (Rolled) If the stress-strain curves are analyzed for both,
the 10RD and 20RD samples (Figure 5.12), a very small amount of work hardening
can be noticed. From a macroscopical point of view, this behavior could be described
as being nearly brittle as there is hardly any plastic deformation. Microscopically
however, i.e. in the necking zone, the failure is by no means brittle as it occurs by
considerable plastic yielding. The low amount of plastic deformations is reflected
in the strain until necking, Agt, which lies in the order of only 0.5%. These small
fracture strains are supported by microstructural observations made of the 10RD
and 20RD foils after tensile testing. There is hardly any influence of tensile loading
on the microstructure of these samples. No microstructural changes are detectable
at a moderate distance away from the crack tip (Figure 5.31 and Figure 5.33). Only
very close to the crack tip additional deformation structures are clearly visible. This
lack of microstructural changes fits well with the low fracture strains measured in
the tensile test.

Thus, these findings suggest that the deformation behavior of the 10RD and
20RD foils can be attributed to a high level of the dislocation density in the as-
received material which is caused by cold working during rolling. The high dis-
location density causes a relatively high yield stress and a low fracture strain.
In [Hull, 1975] dislocation densities for metals in different conditions are given:
ρD ≈ 1010 − 1012/m2 (well annealed), ρD ≈ 1014 − 1015/m2 (after large plastic
deformations) and ρD ≈ 5 · 1015/m2 (heavily cold rolled). These quantities are sup-
ported by a study of [Haberjahn et al., 2002] where the dislocation density of copper
single crystals after cold rolling was determined: ρD ≈ 2 · 1014/m2 (10% thickness
reduction) and ρD ≈ 1015/m2 (90% thickness reduction). Thus, if a sample has a
dislocation density in the order of ρD ≈ 1015/m2, then in a tensile test the disloca-
tion density cannot be raised much more due to work hardening as the samples only
show small resistance to failure by necking. The latter is caused by the low work
hardening rate at such high dislocation densities. The forming of a neck is a highly
localized process and depends on random local reductions in cross-sections.
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If the values obtained in the tensile test are compared to Table 1.3, then the
10RD and 20RD foils lie very close to, or in, the “hard” temper regime.

Annealed Samples (Rolled) In contrast to the as-received samples, the heat
treated samples (10RDH300 and 20RDH300) show a stress-strain behavior with
a large amount of work hardening followed by a failure caused by necking. The
large plastic deformations accompanied by work hardening cause microstructural
changes. This can be seen in the EBSD analysis of samples which were tensile
tested (Figure 5.35). Annealed samples show a moderate elongation of the grains
after tensile testing and a strong increase in surface roughness (see also Table 5.7).
Furthermore, a thickness reduction is seen in the analysis of the fracture surfaces
(Figure 5.32).

Obviously, these samples have the ability to work harden substantially. This can
be explained by the heat treatment applied. Through the heat treatment at 300◦C
and the observed recrystallization the dislocation density is considerably smaller
than in the as-received samples. Thus, the lower dislocation density of the annealed
samples explains why these samples have a smaller yield and tensile strength and a
considerably larger fracture strain than the as-received samples.

The 10RDH300 and 20RDH300 samples are close to the “soft” regime of Ta-
ble 1.3.

Electrodeposited Samples The 34EDH300 samples experienced a considerable
softening with respect to the 34ED samples, the tensile strength drops by 10%
and the fracture strain increases by 50%. Nevertheless, the strength and fracture
strain values for the 34ED and 34EDH300 lie in between the ones observed for
the as-received and the annealed samples of 10 and 20 µm thickness. As can be
seen from the tensile test curves (Figure 5.19) and Table 5.6 the work hardening
rate is substantially lower than for the annealed 10 and 20 µm foils. No detailed
analysis of the microstructure was made for these foils, so no comments can be made
concerning microstructural changes during tensile testing. The fracture images for
the electrodeposited samples show a rough fracture surface, in contrast to smooth
surfaces formed by shearing of the 10 and 20 µm samples. In addition, a reduction
in thickness can be detected.

As the microstructure of the electrodeposited samples is different to the other
foils, no direct comparisons can be made. Nevertheless, the tensile test curves
suggest that the dislocation density lies in between the as-received and the annealed
samples what yields fracture and stress values which are comparable to the “half
hard” temper of Table 1.3.

6.2.2 Geometrical Model for Fracture Strain

The as-received 10 and 20 µm foils, 10RD and 20RD, show hardly any plastic part
in the stress-strain diagram and hence a small fracture strain εFCt

in the order of
0.5%. The plastic part of this strain, εFC , from which the elastic deformations are
subtracted, is even smaller (0.2% to 0.3%). In addition, an inspection of the fracture
surfaces shows hardly any reduction in cross-section, except close to the crack front
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Figure 6.1: Model for calculation of fracture strain (side view). The upper sample
is loaded horizontally and is deformed to the lower shape with a reduction in thick-
ness and a localized neck resulting in a total elongation ∆L. H0 and H1 are the
thicknesses of the sample before and after loading, respectively. It is assumed that
there are no variations in width direction.

which shows a knife edge type of rupture with opening angles up to 45◦. Conversely,
the annealed 10 and 20 µm foils show rather large fracture strain in the order of
15-20% accompanied by a considerable reduction in thickness.

Model

These observations can be used to establish a simple geometrical model of the defor-
mation in a tensile test without taking specific material properties into account: In
Figure 6.1 a bar (upper image) with original length, L0, thickness, H0 and width,W0

is loaded horizontally to deform in such a way that after failure it has the idealized
shape of the lower image. This bar has a reduced thickness of H1, a width, W1 and
consists of two rectangular parts with the lengths, L1a and L1b, and a neck which
is characterized by two triangles with an opening angle, γ. The total elongation of
the bar due to loading to failure is ∆L. The volume for each bar is given by

V0 = L0H0W0 and V1 = (L1a + L1b)H1W1 + 2(
h

2
H1W1) (6.2)

A simple relation for the strain at fracture can be derived, if it is assumed that there
is no variation in thickness direction, i.e. W1 = W0 = W , and that volume is not
changed during plastic deformation, i.e. V0 = V1. These assumptions yield together
with L1 = L1a + L1b

L1 =
L0H0

H1

− h (6.3)

The height of the triangles in the neck, h, is related to the opening angle, γ, by

h =
H1

2tanγ
(6.4)

Finally, this yields for the fracture strain (plastic strain after fracture):

εtot =
∆L

L0

=
L1 + 2h− L0

L0

=
H0 −H1

H1

+
H1

2L0tanγ
(6.5)
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Figure 6.2: Fracture strain from geometric model for a 20RD sample. Left: Influence
of opening angle γ on the necking strain εN for sample with no thickness reduction.
Right: Influence of thickness reduction on total strain εtot = εt+εN for γ = 45◦. The
necking strain εN is shown as well but is negligible for moderate thickness reductions.

The fracture strain in this model, εtot, can be interpreted to be the fracture strain
εFC in the tensile test, as after the appearance of the first crack the strain increase
is small accompanied by an inhomogeneous deformation, i.e. εtot ≈ A. For further
interpretation the following two abbreviations are introduced

εt =
H0 −H1

H1

and εN =
H1

2L0tanγ
(6.6)

where εt represents the strain due to reduction in thickness and εN is the necking
strain, which depends on the unloaded length of the sample and the opening angle
γ. In Figure 6.2 on the left, the dependence of the necking strain on γ is shown for
a sample with standard dimensions, i.e. L0 = 200H0, and no thickness reduction,
i.e. H1 = H0. The necking strain for angles larger than 20◦ is always smaller than
0.7%. In the right graph of Figure 6.2, the total strain due to reduction in thickness
and necking is shown for a constant angle γ = 45◦. In addition, the necking strain is
plotted separately (values very close to zero). Only for small thickness reductions the
necking strain is a relevant part of the total strain. For thickness reductions of about
20% (H1/H0 = 0.8) the fracture strain is approximately 25%, nearly independent of
the opening angle γ.

Comparison of Model with Measurements

For angles from 30-45◦, which are the angles observed in the fracture images of
10RD, 10RDH300, 20RD and 20RDH300 samples, the necking strain from this model
is between 0.25% and 0.43%. The necking strain resulting from the experimental
data can, in principle, be deduced from A − Ag, as up to the tensile strength the
deformation can be assumed to be uniform. At the point, when the maximum
engineering stress is reached, the formation of a neck starts. For the as-received
samples the experimental data yields necking strains which vary largely but are in
general smaller than 0.1%. This variation is due to an experimental limitation: the
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forming of a neck happens fast and therefore, it is not recorded by many images of
the camera which is used for the strain measurement. Thus, whether all or only a
part of the strain formed during necking is recorded by the camera system depends
on the sampling rate, which is, for the camera system configuration used, in the
order of 4 Hz. Hence, it is possible that the process of necking is only recorded by
a few images giving rise to considerable variation in strain values determined. This
effect cannot be seen for the heat treated foils as for these the necking process is
slower. The variation is much smaller and the necking strain is in the order of 0.5%.

Although there are some differences with respect to the measurement data, this
purely geometric model illustrates the contribution of the necking strain to the total
fracture strain in the correct order of magnitude. Furthermore, it suggests a simple
explanation for the very small fracture strain of the 10RD and 20RD foils: The
foils fail by forming a localized neck and without any major reduction of the foil
thickness outside of the necking region as already the forming of a neck with the
idealized shape of Figure 6.1 induces strains in the order of 0.3%. This suggestion
is also confirmed by SEM images of fractured samples where hardly any thickness
reduction can be detected except at the point where the neck is formed (Figure 5.32).

Such a type of failure mechanism means that a sample breaks as soon as the
yield strength is reached in the smallest cross-section. The smallest cross-section
stems from the imperfect shape of the etched samples. It has no preferred location
in the testing region as it is randomly formed in the etching process. This explains,
why no trends could be observed in the location at which a sample fails in a tensile
test.

For heat treated samples this model illustrates that, in order to produce the
strains measured, the sample must experience a substantial reduction in thickness.
The right graph of Figure 6.2 shows that a thickness reduction of 20% yields a
fracture strain of 25% which is the order of magnitude of the experimental values.
This value for the reduction can be confirmed by the analysis of fracture images of
the heat treated samples (see e.g. Figure 5.32). The contribution of the necking
strain to the total strain is nearly negligible, especially if the variation of the fracture
strain is taken into account as well.

Although this model explains the order of magnitude of the fracture strains
observed in the tensile tests, it does not explain the difference in fracture strain
for samples of different thickness. Only for samples with very low fracture strain
(in the order of 0.5%) the opening angle γ influences the result substantially. The
experimental basis for relating different opening angles to samples with different
thickness is too weak, so that other mechanisms are believed to play an important
role as well.

6.3 Factors Influencing Material Behavior

As discussed in Chapter 2 there are many factors which influence the mechanical
behavior of a material. Several parameters were studied in the tensile tests. Their
results are summarized and interpreted in the following. The actual motivation for
the investigation of the influence of various parameters is to identify the parameters
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which are responsible for size effects in thin copper foils in the thickness regime
studied.

6.3.1 Influence of Strain Rate

The strain rate was varied for the samples 20RD, 10RDH300, 20RDH300 and
34EDH300 with respect to the standard strain rate of ε̇ = 10−4 1/s (see Figure 5.16
and Figure 5.23). For the 20RD foils the alternative strain rate was ε̇ = 10−5 1/s,
for the 10RDH300, 20RDH300 and 34EDH300 foils ε̇ = 10−3 1/s. As expected, an
increase of strain rate caused a moderate increase in tensile strength for all samples.
The fracture strain decreased only for the 20RD and 20RDH300 foils, for the others
it increased slightly. This unexpected increase in the fracture strain is attributed
to stem from the fact that the differences in strain rate were too small to induce
changes which are larger than the variation of the fracture strain values.

Typically, the dependence on the strain rate is modelled by a simple power law
expression in terms of true stress and strain (e.g. in [Courtney, 2000])

σtrue = K ′εntrueε̇
m
true (6.7)

where σtrue is the true stress in the tensile test, εtrue the true strain, and K ′ a
constant. n describes the strain hardening and m the hardening due to strain rate
where m is being called the strain rate sensitivity. Typically, m is in the order of
0-0.1 for metals at room temperature. The tensile data presented here suggests a
value for m of approximately 0.03, thus marking only a small influence. For more
reproducible results, a larger range of ε̇ has to be studied.

6.3.2 Influence of Orientation

The samples tested show a moderate influence of the orientation of the sample axis
with respect to the rolling direction for the two cases tested (sample axis paral-
lel to the rolling direction or perpendicular to it, sample curves in Figure 5.14).
Samples in the rolling direction have generally a higher tensile strength and higher
fracture strain. The differences are up to 15%. The higher fracture strains could be
explained by the microstructure of the 10RD and 20RD foils. As the grains have
an elongated shape, there are less grain boundaries perpendicular to the rolling di-
rection. Thus, there are less obstacles for dislocation motion in rolling direction
yielding an increased resulting slip and a larger straining.

For the tensile strength, this microstructural argument would predict a lower
value for samples in rolling direction which is in contradiction to the measurement
data. If the texture is taken into account, the differences should not be so large
anyhow. Both types of samples have a pronounced cube texture and this yields an
behavior which is independent of rotations in the sheet plane by 90◦. Thus, there
should not be large differences due to texture. Perhaps the difference stems from a
variation of the mechanical properties from foil to foil. A comparison of the fracture
surface images does not yield much further information. Both types of samples only
show pronounced deformation structures very close, i.e. at distances in the order of
the thickness, to the crack front.
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Surprisingly, there is a similar influence of the orientation for the electrodeposited
34 µm foils. Samples which are oriented in the direction of the long traces observable
on the surface have a higher tensile strength and a higher fracture strain. The
differences are up to 15% as well. The reason for this orientation dependence remains
unclear as the samples have a fiber texture with fibers perpendicular to the sheet
plane.

6.3.3 Influence of Volume and Shape of Samples

The following considerations will hold for samples with a cylindrical shape, i.e. sam-
ples where one dimension is much larger than the other two. The cross-section of
the sample does not have to be circular. This is the standard shape of samples for
a tensile test.

Sample Volume For a given grain size and dislocation density, the number of
dislocations, dislocation sources and grain boundaries (and their surface) is lower
in samples with a smaller volume. Thus, in very small samples, or in other words
in samples with only a few grains per cross-section, the ability to deform plastically
could be limited as there are not enough mobile dislocations and the amount of
grain boundary sliding is also lower due to the smaller grain boundary surface. As
a consequence, this would yield a higher yield stress and a lower fracture strain for
smaller samples. However, it must be stressed that if there is only a limited number
of grains per cross-section the fraction of the grains which are at the surface of the
sample is higher. These grains do experience less constraints during deformation
than grains in the interior and hence can deform more easily. This would yield an
effect which is opposite to the one mentioned before: a sample with a lot of grains
at the surface can deform more easily and hence, the yield stress is lower and the
fracture strain higher. This effect will be discussed in detail in Section 6.3.5.

To sum up, there are two effects which have opposite consequences for the de-
formation of samples with small volumes. One is the limited number of dislocations
and grain boundaries, the other is increased fraction of grains at the surface. Which
of the two effects plays a more important role in a sample, depends on the config-
uration of the microstructure, i.e. the distribution and number of dislocations, the
orientation and size of the grains, the properties of the grain boundaries and the
number of grains per cross-section.

Sample Shape The shape of a sample, or more accurately the shape of its cross-
section, has influences on the fraction of grains which are on the surface of a sample.
In Figure 6.3 different cross-sections are shown where the grains which have a grain
boundary lying on the surface are shaded. For samples with the same cross-sectional
area and the same grain size (hence the number of grains per cross-section is the
same), a circular cross-section has the smallest number of grains at the surface as
a circle is the geometric object with the smallest perimeter for a given area. For
samples with a cross-section which has the highest aspect ratio, i.e. the ratio of
the longest and the smallest dimension of the cross-section, the fraction of grains
which are on the surface will be highest. For example, a sample with a rectangular
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Figure 6.3: Samples with different cross-sections and equal area but different number
of grains which have a grain boundary lying on the surface (shaded area): circular,
square and rectangular. The circular shape has the lowest fraction of grains at the
surface.

cross-section and a width to thickness ratio of 50:1 has more surface grains than a
sample with a square cross-section of the same area. Grains on a surface are not so
constrained in deformation as grains in the interior and hence can be deformed more
easily, i.e. have a smaller flow stress. Therefore, samples with a circular cross-section,
i.e. wires, should show the highest flow resistance. It must be stressed that these
considerations only hold if the microstructure in different samples is the same. As
this is hardly the case in the practice, these considerations should only be taken as a
rough indication. Furthermore, it will only be of significance if the number of grains
per thickness or width, respectively, is relatively low. For a “real” polycrystalline
sample the grains in the interior will dominate the behavior.

Another factor which is influenced by the sample shape is the flow behavior. If
the texture is not very strong, which means that the orientation of single grains
varies considerably, and if the fraction of surface grains is rather high, a tensile
deformation can be accommodated by uneven flow as was observed in the 10RDH300
and 20RDH300 samples (see Figure 5.31 and Figure 5.32, formation of an “orange
peel”).

6.3.4 Influence of Length and Width

The influence of length and width was studied for the as-received and heat treated
20 µm thick foils.

Length As can be seen in Figure 5.15 and Figure 5.22, the length has no large
influence on the data measured. The influence of the sample length is not obvious
and is probably due the variation of the measurement values. Equation (6.6) suggests
that there is an influence of the sample length on the necking strain. It incorporates
the ratio of the thickness and the length of a sample. The necking strain can be
determined for the sample with different geometries and heat treatments as 20RDS,
20RD and 20RDL and 20RDSH300, 20RDH300 and 20RDLH300, respectively. The
experimental results confirm (6.6). The longest samples have the smallest necking
strain (half of the others), the standard and the shorter samples do not differ very
much from each other. Thus, there is a moderate influence of the length of the
samples on the strains measured. This shows the necessity of testing samples with
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scaled geometry in size effect studies. A discussion on converting the fracture strain
of samples of different length is given by [Schmidt and Khaled, 1974].

Width For studying the influence of the width the sample types 20RDN, 20RD
and 20RDW have to be compared (Figure 5.15). The narrow samples seem to have
the smallest tensile strength. This probably stems from the increased influence
of the imperfect shape of the testing region as small changes in width have a more
pronounced effect for narrow samples. This effect is further increased by the fact that
there is a slightly higher stress concentration for narrow samples at the end of the
transition radius than for the other samples (smaller ratio of thickness to transition
radius). In summary, there is hardly any influence of the width of the sample in the
size regime studied. Due to the imperfect sample geometry wider samples have a
smaller variation in stresses as the cross-section varies comparatively less.

The samples with the smallest width in this study are the 10RD, 10RDH300
and 20RDN foils with a width of 200 µm. For these foils there are 10-15 grains
per width, for the other this number is considerably higher. Thus, the influence
of the grains at the lateral margins are not expected to exert a strong influence
on the overall mechanical behavior of the foils. This result is in good agreement
with the studies of [Espinosa et al., 2004] who found in the tensile testing of very
thin metallic membranes (1 µm and thinner) that the width only influences the
mechanical behavior when there are less than 10 grains per width.

6.3.5 Influence of Foil Thickness

As can be seen from Figure 5.26 and Figure 5.27, the thickness of a foil seems
to have a considerable influence on the mechanical behavior. Thinner foils have a
smaller fracture strain. This tendency holds for both the as-received and the heat
treated foils. In addition, there is another size dependence for the as-received foils:
thinner foils have a higher tensile strength. Thus, the mechanical behavior of thin
foils display size effects. As it was stated in Section 2.3 the samples tested had a
comparable microstructure (except the 34 µm foils), i.e. texture and grain size.

In the following, a set of possible mechanisms explaining a thickness dependency
are discussed, where some are based on mechanical and others more on microstruc-
tural considerations. They are discussed separately and then summarized.

Mechanical Effects

Surface and Edge Roughness As was shown in Section 5.1, the surface rough-
ness is more or less the same for all foils tested (excluding the matt side of the 34 µm
foils). This means that for thinner foils the relative surface roughness is higher than
for thicker foils. A flaw originated in the surface has more serious effects for thin-
ner foils. As a consequence, samples would break at smaller macroscopic stresses
and smaller strains if this effect plays a role, either through stress concentration or
through a reduction in cross-section. The same considerations hold for the roughness
of the edges, a small reduction in cross-section can mean a considerable weakening
for the sample.
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Code a t ρ αk
[-] [µm] [µm] [µm] [-]
10RD 3.4 1.1 15 1.10
20RD 9.3 0.7 15 1.28

Table 6.1: Form factor, αk, for copper foils 10RD and 20RD with typical values for
half width, a, depth of a notch, t, and notch radius, ρ.

The surface roughness values of Table 5.2 lie in the order of 1 µm which can
cause a considerable weakening for a 10 µm foil, but will hardly have an influence
on a 100 µm foil. This is also seen in the reduced thickness values, H∗, introduced in
Section 5.1.1. The thicknesses for the 10RD and 20RD foils are reduced considerably
if the corresponding surface roughness is subtracted and hence the stresses calculated
are higher.

The weakening of the foils by surface and edge roughness can be estimated by
considering the increase in local stresses by notches. As there is a homogeneous
distribution of notches which stem from the surface roughness, their effect will not
be as important as in a sample which contains only one notch. Thus, an upper
bound for the stress concentration can be calculated if the case of a bar with only
one notch is regarded. The locally increased stress at a notch, σ̂, can be described
by the form factor, αk. The latter is defined as αk = σ̂/σ where σ is the uniaxial
stress in tensile testing. For a flat bar with symmetrical notches αk is given by
[Beitz and Grote, 1997]

αk = 1 +
1

√

A 1

( tρ)
k +B

(

(1+a
ρ)

a
ρ

√
a
ρ

)l

+ C
a
ρ

(aρ+ t
ρ) (

t
ρ)

m

(6.8)

2a is the width of the bar (corresponds to H∗), t the depth of notch (corresponds to
(H−H∗)/2), ρ the radius of the notch (can be estimated by making line scans with
a profilometer on the surface of a sample); for tension A = 0.1, B = 0.7, C = 0.13,
k = 1.0, l = 2.0 and m = 1.25. The form factor strongly depends on the radius
of the notches, ρ, the smaller the radius the higher the local increase in stresses.
Typical values for the 10RD and 20RD foils are given in Table 6.1. These values
are in the same order of magnitude as the increase in stresses which results if the
reduced thickness, H∗, is taken for the stress calculation instead of the measured
thickness H. As this increase in local stresses is considerable and could be even
higher for sharper notches it can be expected that a very sharp notch can act as
a source of a local weakening of a cross-section which gives rise to the failure of a
sample.

As the foils are very thin it is not expected that a triaxial stress state can develop
at a notch as throughout the thickness hardly any stresses can be built up. Typically,
the stress state in thin foils with notches in tensile testing is even regarded as one-
dimensional [Macherauch, 1983] as in lateral directions no large stresses occur (stress
component in lateral direction must be zero at the notch surface).

Two types of stress values were presented in this thesis: one based on the thick-
ness determined by the Cary Compare height gauge, the other based on the same
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thickness minus the surface roughness (“*” values). The question could be raised
which of the two values represents the “correct” stress. For an answer of this ques-
tion two experimental issues have to be kept in mind. Firstly, the Cary Compare
height gauge measures the thickness by pressing a foil between two flat surfaces
with a certain force. Thus, it cannot be excluded that some surface features which
form the surface roughness are flattened during the measurement which results in a
smaller measurement value than that expected. Secondly, it is not a priori “clear”
how the effective cross-section can be determined as the surface of a sample is defined
by a complicated geometric curve. This curve can be described by various surface
roughness parameters, such as, for example, by Ra, Rpm or Rz, but these parame-
ters approximate the surface only to a certain extent. Furthermore, the mechanical
impact of a certain surface structure (e.g. notch effect) can be rather complicated.
For this study, Rpm was selected as a representative quantity. It describes the aver-
age of the five largest deviations within the measurement range which is believed to
describe the relevant surface features, other choices are conceivable as well, however.

As was discussed before, there are several sources of uncertainty when deter-
mining the reduced thickness. A definite answer to the previously stated question
can only be given if the influence of different surface roughnesses is investigated
in detail. For such an evaluation, several surface roughness parameters have to be
taken into account as the structure of a surface cannot be described sufficiently by
only one number. The diagrams given in this thesis show the stress values which
result directly from measurements (force divided by cross-sectional area) without
any modifications due to surface roughness in order to exclude complicated inter-
pretations in the presentation of the raw data. In several tables, however, the stress
values of a simplified surface roughness model (“*” values) are compared to the pure
measurement values. It is believed that the “real” value lies in between these two.
It depends on the current surface roughness which one is the better approximation.

Stress State and Fracture Mode As shown in the previous paragraph, small
imperfections of the geometry could act as cracks. In Figure 6.4 on the left such
a situation is depicted. The influence of a crack on the mechanical behavior of a
structure is commonly treated with fracture mechanics, in addition to the consider-
ations presented in the previous paragraph. In this theory, failure can occur either
by cracking, if the fracture toughness, K, is equal to the critical fracture toughness,
Kc, or by yielding, if the stress in a cross-section, σ, is equal to the yield stress,
σY , and a neck forms. A sample will fail by the failure mode whose criteria is first
met if the stress is raised in a structure. Kc is known to depend on the thickness of
the specimen tested [Irwin, 1960]. In Figure 6.4 its size dependency is shown. Only
for a thickness larger than HPN the critical fracture toughness is constant and is
denoted KIc [Hertzberg, 1983]. This critical thickness is given by

HPN >
5

2

(

KIc

σY

)2

(6.9)

If this condition is fulfilled, the deformation state close to a crack is plane strain
and a triaxial stress state prevails. In comparison to plane stress the shear stresses
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Figure 6.4: Cracked specimen and size dependency of fracture toughness. Left:
Sample with crack of length, a. Right: Fracture toughness, Kc, as a function of
thickness, H, including the stress states (adapted from [Courtney, 2000]).

in plane strain are lower and hence the probability that a sample fails by cracking
instead of yielding is higher.

For bulk copper (6.9) yields with KIc ≈ 100− 350 MN/m3/2 and σY ≈ 60 MPa
(values from [Ashby and Jones, 1996]) HPN > 7 m. This size is very large and
indicates the very high ductility of copper (high fracture toughness and low yield
strength). It also explains why there are hardly any experimental results available
for the fracture toughness of copper. Furthermore, HPN is much larger than the
thickness of the foils of this study. Therefore, it is not expected that a macroscopic
triaxial stress state caused by plane strain influences the failure behavior (locally, at
grain boundaries a triaxial stress state is probable). This assumption is supported
by the fact that the samples break by forming a neck which indicates a shear failure.
The plastic zone size in plane strain is approximately given by (see [Hertzberg, 1983])

ryPN ≈
1

6π

(

K

σY

)2

(6.10)

For the critical fracture toughness of copper the plastic zone size is ryPN ≈ 15 cm
which is 50 times smaller than HPN .

For thicknesses smaller than HPN two regions for Kc can be distinguished. For
intermediate thicknesses, if the stress state changes from plain strain to plain stress,
Kc increases with decreasing thickness until the stress state in a sample is fully plane
stress. For thinner samples, i.e. H < HPS, Kc is approximately given by

Kc ≈
√

2EσYH (6.11)

where H is the thickness of the foil [Knott, 1973]. This is derived from a KIII mode
shear separation model for very thin sheets. Thus, for the 20RD foils (E ≈ 85 GPa,
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σY ≈ 250 MPa) (6.11) yields Kc ≈ 30 MN/m3/2. The plastic zone size in plane
stress can be approximated by [Hertzberg, 1983]

ryPS ≈
1

2π

(

K

σY

)2

(6.12)

which yields a value of ryPS ≈ 2.3 mm for 20RD foils at Kc. This means that the
plastic zone is extended over the entire thickness and that a state of plane stress is
present in the thin foils. As stated above a sample will fail by cracking if K = Kc.
For a sample geometry as shown in Figure 6.4 K ≈ 1.1σ

√
πa [Hertzberg, 1983],

which yields a critical crack length of a ≈ 3.8 mm at σ = σY . Thus, only if a crack
of this length is present in a sample, the sample will fail due to that crack otherwise
the failure will be due to the formation of a neck. Obviously, for the sample sizes
tested, the crack size cannot be so long (the width of the 20RD samples is 400 µm)
and hence the samples fail by necking what is confirmed by the experimental results.

To sum up, a crack which is due to an imperfection of the geometry or through a
defect in the microstructure cannot grow in a stable way as the toughness of copper
is too high for the sample geometry studied. Thus, the failure of the samples is by
necking and not cracking. The effect of the surface defects is that they reduce the
cross-section and not that they act as cracks. This also excludes a large influence of
the stress state on the type of failure. In the thin foils, plane stress is the general
stress state until a neck is formed. In the vicinity of the neck the stress state is then
three dimensional, but due to the plastic instability the growth of the neck cannot
be stopped.

Localization The deformation of a material is the sum of large number of dis-
crete events such as for example dislocation motion and grain boundary sliding.
Due to statistical superpositions of deformation mechanisms it is possible that at
a certain time and location the deformation is increased significantly. For samples
with different thicknesses but with a similar microstructure such a local increase in
deformation should be in the same order of magnitude as they primarily depend on
the movement of dislocations in grains. Thus, for thinner samples such an effect
would yield a larger relative reduction in cross-section than for a thicker one. If
the stress level is high enough, such a statistical reduction of the cross-section could
lead to the formation of a neck and hence an instable deformation until failure. The
occurrence of such an event, in particular in combination with a local reduction in
cross-section caused by the surface roughness, and the subsequent localization of
deformation could, to a certain extent, explain the lower fracture strain of thinner
foils.

Microstructural Effects

Dislocations As was discussed in Section 6.2.1 the dislocation density can have a
significant influence on the mechanical behavior of crystalline structures, explaining
a nearly brittle and a highly ductile behavior. In [Sevillano et al., 2001] an addi-
tional effect is mentioned which is related to dislocation motion. There it is stated
that the work hardening behavior is dependent on an intrinsic size, Li, of a single
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ζ10RD ζ20RD ζ10RDH300 ζ20RDH300

3-5 5-10 1-2 1-2

Table 6.2: Grains per thickness, ζ, for the rolled copper foils tested.

crystal if strong obstacles are present, as, for example, forest dislocations. For crys-
tals with smaller sizes than Li, the rate of work hardening is strongly reduced as
the dislocation interaction with obstacles is different (dislocation can cut obstacles
instead of bowing out between them). Li is inversely proportional to the square root

of the dislocation density, Li ≈ 27ρ
−1/2
D . For ρD = 1014 m−2 this yields Li ≈ 3 µm.

This size is close to the grain size in the thickness direction of the as-received sam-
ples. Consequently, the different dislocation-obstacle interaction in this size regime
could be an additional explanation for the reduced work hardening of the 10RD
and 20RD foils. For the annealed samples, the dislocation density is presumably
considerably lower and hence this effect does not play a role.

Grains per Thickness Several studies were performed which investigated the
influence of the number of grains per cross-section or per thickness, respectively. In
[Thompson, 1974] it is stated that at least 5 grains per thickness must be present
for polycrystalline behavior. This was confirmed by [Buchheit et al., 1997] by FEM
simulations incorporating single crystal plasticity. If there are less grains per thick-
ness the material is termed to be a “multicrystal”. [Fleischer and Hosford, 1961],
[Miyazaki and Fujita, 1978], [Miyazaki et al., 1979] and [Il’inskii et al., 1979] showed
that for metals (amongst others for copper foils) the ratio of thickness, H, to grain
size, d, or, in other words, the average number of grains per thickness, ζ = H/d, is
important for their mechanical behavior. If ζ is smaller than a critical value, the
flow stress in tensile testing decreases with decreasing ζ. This critical value depends
on the absolute grain size and is higher for smaller grains, and is in the order of 5-10.
The dependence of the flow stress on ζ can be explained by the increasing importance
of the free surfaces. Surface grains experience a smaller constraint in deformation
than grains in the interior as no strain compatibility must be fulfilled at the free sur-
faces. Thus, they can deform more easily which requires a smaller flow stress. This
is also reflected in the dislocation distribution as shown by [Miyazaki et al., 1979].
In surface grains the dislocations are concentrated at the grain boundaries, whereas
in the interior grains the dislocations are spread more homogeneously. Hence, there
are more obstacles to dislocation motion in interior grains which explains why there
the flow stress is higher than in the surface grains. This special type of dislocation
distribution shows why the Hall-Petch relation (2.10) is no longer valid in its original
sense in this size regime. The grain size in (2.10) should be exchanged by the mean
free path of dislocations [Miyazaki and Fujita, 1978].

The consequences for the copper foils tested in this study will now be analyzed.
Table 6.2 shows the number of grains per thickness in the rolled foils which were
tested. For the as-received samples of the 10 and 20 µm foils the grain size in the
thickness direction is in the order of a few microns, i.e. ζ < 10. The annealed 10
and 20 µm foils have even less grains per thickness, down to ζ = 1. Thus, all
these foils have about 5-10 grains per thickness or less (so called “multicrystals”)
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and their flow stress is expected to be lower for smaller ζ. In fact, this is the case
for the tensile strength as ζ20RD > ζ10RD > ζ20RDH300 ≥ ζ10RDH300 and Rm20RD

>
Rm10RD

> Rm20RDH300
> Rm10RDH300

. Although, this relation holds for all of these
samples it must be stressed that the yield stress, the hardening behavior and the
tensile strength is strongly influenced by other factors as well, such as, for example,
the dislocation density (cf. Chapter 2). In addition, it is known that for very
small specimens the yield stress increases with decreasing size (e.g. misfit dislocation
model from [Nix, 1989]), as dislocation motion is limited by dimensional constraints.
Therefore, the effect of the number of grains per thickness must not be considered
in isolation but as one of the factors influencing the plastic behavior of metals.

In comparison to the thin samples, the thicker samples (50, 100 and 250 µm)
tested in Augsburg can be regarded as polycrystals (ζ > 10) and hence no effect of
ζ is expected.

In the presented studies, only an influence of ζ on the flow stress is reported, no
influence on the fracture strain.

Reduction in Active Gliding Systems It could be assumed that the number
of active gliding systems in thin copper foils is reduced due to a dimensional con-
straint and the limited number of grains per cross-section. In other words, less grains
would be oriented in such a way that their gliding systems can be activated during
loading. Hence, the material behavior would be more brittle for thinner samples.
This could be seen as a cause for the reduced fracture strain in thinner foils. In
contrast to this conjecture, in [Fleischer and Hosford, 1961] and [Fleischer, 1987] it
is pointed out that a reduction in active gliding systems does not have to mean that
the sample behavior is brittle. Usually, for polycrystal deformation the von-Mises
criterion is considered, which states that for a uniform, arbitrary and volume pre-
serving deformation 5 independent gliding systems have to be active. Experimental
observations in [Fleischer, 1987] showed that in the deformation of brass (has a fcc
crystal structure) for 40% of the grains only 4 or fewer gliding systems are active
without introducing a brittle behavior, meaning that a non-uniform deformation
takes place. Especially, for surface grains which are less constrained a reduction in
gliding systems is not expected to cause major reductions in the ability of the plastic
deformation.

Grain Boundary Sliding Besides dislocation slip and twinning plastic deforma-
tion can be accommodated by grain boundary sliding, i.e. through the movement
of grains past each other. Typically, grain boundary sliding is important for su-
perplastic material behavior at higher temperatures (T > Tm/2, where Tm is the
melting temperature, [Courtney, 2000]). However, grain boundary sliding was also
observed at room temperature in submicron-grained Cu by [Valiev et al., 1994]. As
in nanocrystalline materials the dislocation activity is limited due to small disloca-
tion motion paths, grain boundary sliding can be an important deformation mech-
anism for accommodating plastic strain in such materials, as, to a certain extent,
these small grains can be regarded as rigid bodies. It is dependent on many factors
such as the ratio of grain boundary area and volume, the properties of the grain
boundaries, the absolute size of the grains, the number of grains per cross-section,
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the geometry of the grains, the stress state and the temperature.
For samples with larger grains (micron sized or larger), dislocation slip is typically

the rate limiting deformation mechanism. This was also seen in the samples tested
(10RD, 20RD, 10RDH300 and 20RDH300), as for all samples the formation of slip
bands on the surface was observed (at least in the region of the neck). Conversely,
no large local separations of grains, as it would be typical for grain boundary sliding,
could be observed on the specimens’ surface. This indicates that dislocation slip is
the rate limiting deformation mechanism for the tested samples. However, this does
not mean there is no grain boundary sliding. For the 10RDH300 and 20RDH300,
the strong increase in surface roughness can partly be explained by the rotation of
grains out of the initial planes. This rotation takes place by gliding along the grain
boundaries and is facilitated through the fact that there are only very few grains (1-
2) per thickness. It is difficult to quantify the effect of the rotation of several grains
on the total elongation measured in a tensile test. However, as no large separations
of grains could be observed it is believed that for the heat treated samples grain
boundary sliding only contributes to a minor part of the total plastic deformation.
For the as-received samples, no indication for grain boundary sliding could be found.
Thus, the influence of the volume of a sample on its mechanical behavior and, as
discussed in Section 6.3.3, as a consequence a reduction of the grain boundary area
for smaller samples (assuming a constant grain size) does not seem to be of major
importance for the deformation behavior of the samples tested.

Other Effects Impurities as observed in Figure 5.7, act as both obstacles to
dislocation motion and weak links in a cross-section. Thus, they are a source of
embrittlement (higher stresses, lower strains).

Residual stresses can have complex influences on the overall mechanical behavior
of a structure such as a change in the fracture mode (e.g. from ductile to brittle).
However, this effect could not be observed as microscopically the samples always
failed in a ductile way. As an exact determination of the residual stresses in the foils
is rather difficult, it remains unclear whether they have a considerable effect on the
observed material behavior.

Summary

As discussed above, several mechanisms can reduce the ability for plastic deforma-
tion with smaller thickness. Due to the complexity of the mechanical behavior in
the multicrystal regime it is believed that the thickness dependence observed is due
to a combination of various effects:

• If the dislocation density is very high the plastic deformations are low as the
work hardening ability is reduced. Thinner foils have experienced a higher
amount of cold reduction during production. As the exact production pro-
cess was not revealed to us, the type of intermediate annealing is unknown.
Furthermore, the work hardening ability is as well reduced for smaller grains
[Sevillano et al., 2001] yielding in a reduction in fracture strain.

• For thinner foils statistical effects are more important. In thinner foils local
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reductions in cross-section caused either by geometrical imperfections stem-
ming from the surface roughness or by randomly increased plastic deforma-
tions result in a mechanical behavior which is more sensitive to a failure by
localization.

• The number of grains per thickness has clearly an effect on the flow stress, as it
decreases with decreasing ζ. Grains lying at the surface can deform more easily
which can be observed e.g. in the orange peel of the heat treated samples.

• In thinner foils, less grains are oriented such that a gliding system can be
activated easily. Hence, there could be a reduction in the number of active
gliding systems which can, but does not have to, cause a more brittle behavior.

As discussed before, it is not believed that the stress state nor strain gradients
have a considerable influence. Although minor grain boundary sliding was observed
in the heat treated samples (rotation of grains) it is not seen as the rate limiting
deformation mechanism.

6.3.6 Influence of Heat Treatment

Three types of heat treatments were applied. The most important heat treatment,
and that studied in most depth, consisted of 2 h at 300◦C in a vacuum. The other
two heat treatments were performed in a N2 atmosphere for 2 h at 150◦C and 300◦C,
respectively. As shown in Chapter 5 the heat treatment has a strong influence on
both the mechanical behavior and the microstructure.

Mechanical Behavior

In Figure 5.21 the influence on the mechanical behavior is shown. The samples which
were annealed at 150◦C show some softening as the tensile strength drops and the
fracture strains increase moderately. This can be attributed to a moderate reduction
in dislocation density (recovery) without a considerable change in microstructure.

For both heat treatments at 300◦C the stress-strain curves are significantly dif-
ferent with respect to the as-received samples. The yield strength drops by a factor
of 3 or more, the fracture strain increases by a factor of 50. In contrast to the
as-received samples there is considerable work hardening. The samples, which were
heat treated in N2 atmosphere, had oxidized surfaces. Their influences on the me-
chanical behavior is small, as is confirmed by comparison with samples annealed in
a vacuum and with samples where the scales were taken away by etching. Samples
with a heat treatment in a vacuum show a strong increase in surface roughness after
tensile testing (orange peel effect). This can be explained by the reduced constraints
of surface grains which experience considerable plastic deformation.

As will be seen in the next paragraph, the difference in mechanical behavior for
these foils lies in a significant change in the microstructure.
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Microstructural Changes

Only the influence of the heat treatment in a vacuum was studied in detailed. The
grains are no longer elongated but equi-axed (see Figure 5.8). The texture is not so
pronounced anymore and consists of a mixture of rolling and cube texture compo-
nents. After annealing, a texture change with a strengthening of the rolling texture
is not commonly expected, but there are other studies where a recrystallization tex-
ture was similar to a rolling texture [Hatta and Pavlidis, 1975] or showed an increase
of rolling texture components [Huh et al., 1998]. In [Hatta and Pavlidis, 1975] this
effect was observed in thin foils of Fe-3.4%Si. It was attributed to the limited
grows possibilities of grains in thin foils and a reduced freedom in the rotation of
crystals. In [Huh et al., 1998] copper sheets of 0.45 mm thickness were subjected
to various heat treatments different in duration and temperature. An increasing
intensity of rolling texture components was observed for relatively short anneal-
ing times at a moderate temperature (10 min at 400◦C). The cause for this was
seen “in a rearrangement of dislocations in the as-deformed state during recovery”
([Huh et al., 1998], p. 156).

Through the large plastic deformation in the tensile tests microstructural changes
were also observable for samples annealed in a vacuum (Figure 5.35). Annealed
samples show a moderate elongation of the grains after tensile testing which displays
the accommodation of the plastic strain in the grain structure.

6.4 Comparison with Results From Other Studies

There are only a few experimental studies which show a size effect on the mate-
rial behavior, as observed in this work, in the absence of strain gradients. Strain
gradients are present, for example, in bending and torsion. Furthermore, in many
size effect studies the influence of the microstructure is not studied systematically
making an interpretation of the results difficult. This study shows the necessity of a
detailed characterization of the microstructure for size effect studies. Otherwise, the
totally different behavior of, for example, the 10RD and 20RDH300 foils could not
be explained. In the following, the results from this study are first compared with
two other studies which were made with rolled copper foils ([Il’inskii et al., 1979] and
[Klein et al., 2001]). Then, other works are taken for comparison as well. Table 6.3
lists the basic experimental parameters of [Il’inskii et al., 1979], [Klein et al., 2001]
and this study.

The major experimental difference between the other two studies and this study
is the size and the shape of the samples. In this study, the sample sizes are geometri-
cally scaled whereas in the other studies only the thickness is changed. The samples
of this study have a dogbone shape to minimize the influence of the clamping and
ensure a uniaxial stress state in the testing region. The major methodological differ-
ence is the depth of microstructural characterization of the samples before and after

1For the tensile strength values the 20 µm foils are an the exception. They have higher values
than the 10 µm foils. If the surface roughness is included in the stress calculations then there is a
clear trend with the 10 µm having the highest tensile strength.
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Property [Il’inskii et al., 1979] [Klein et al., 2001] This study1

Sample shape unknown rectangular dogbone
Sample size unknown 10 x 40 mm2 scaled
Thickness 7-300 µm 9-250 µm 10-250 µm
Grain size (I) 14 µm 15-45 µm ND: 2-5 µm

RD: 20-100 µm
Texture (I) “no noticeable” cube texture cube texture
Grain size (II) same as thickness - 15 µm
Texture (II) “no noticeable” - mixed texture
Strain rate 6.6 · 10−4 1/s 3.3 · 10−4 1/s 1.0 · 10−4 1/s
Fracture strain (I) 5% to 45% 7% to 28% 0.2% to 20%
Tensile strength (I) 50 to 210 MPa no trend 300 to 160 MPa
Fracture strain (II) 8% to 25% - 15% to 35%
Tensile strength (II) 60 to 180 MPa - no trend

Table 6.3: Comparison of different size effect studies for thin copper foils in tensile
testing. In [Il’inskii et al., 1979] and this study, samples with different microstruc-
ture are tested, they are marked with (I) and (II). For this study (I) are the as-
received samples, (II) the annealed samples. In the lower section of the table, the
results of the tensile test studies are shown. The values given for the fracture strain
and the tensile strength are those which result when increasing the thickness of the
foils tested from minimum to maximum thickness. For example, when going from
10 to 250 µm the fracture strain in [Klein et al., 2001] increases from 7% to 28%.

tensile testing. In this study, this characterization was performed in most detail. No
detailed information on the experimental procedure is given in [Il’inskii et al., 1979].

Samples with different microstructure were tested in [Il’inskii et al., 1979] und
this study, they are marked with (I) and (II). For [Il’inskii et al., 1979], (I) means
samples where the grain size was kept constant and (II) are samples where the grain
size was the same as the thickness. For this study, (I) are the as-received samples,
(II) the annealed samples.

In the lower half of Table 6.3 the results of the different studies are presented in
compact form. The values indicated show how the fracture strain and the tensile
strength decrease or increase, if the thickness is increased from the minimum to the
maximum as given by Table 6.3. For all three studies the fracture strain decreases
with decreasing thickness. For the tensile strength, the situation is more compli-
cated. No clear trend could be found in [Klein et al., 2001]. In [Il’inskii et al., 1979]
the tensile strength decreases for both types of samples with decreasing thickness.
In this study, it increases for the as-received samples1, for the annealed samples no
clear trend is found.

The decrease in fracture strain is explained in [Klein et al., 2001] by a reduced
number of activated slip systems, and in [Il’inskii et al., 1979] by differences in the
stress state and the increased importance of microcracks which are formed during
plastic deformation.

For a detailed comparison of the results several experimental issues have to be
considered:
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• As already mentioned the studies differ in the shape of the samples. A sample
with the shape of a rectangular parallelepiped will always produce an inho-
mogeneous stress state at the location of clamping which makes the sections
close to the clamping prone to be the ones where failure occurs. This is not
the case for samples with a dogbone shape. Thus, the stress field in samples
with a dogbone shape will be more homogeneous.

• The sample volume is different for the samples investigated, as in this study the
sample size is scaled, in the other studies only the thickness is changed. Thus,
the length and the width of the samples is different, in particular the number
of grains per width. However, the work of [Espinosa et al., 2004] showed that
the width of a rectangular sample only influences the mechanical behavior of a
structure if there are less than 10 grains per width. Only in that case the grains
at the lateral surfaces influence the mechanical behavior detectable according
to this study. For all studies the samples contain more than 10 grains per width
so that this factor should not influence the results significantly. There are two
effects of the length of the samples. Firstly, an almost uniaxial stress field can
only develop if a sample is long enough. Secondly, as shown in Section 6.3.4
there is an influence of the sample length on the necking strain. According to
(6.6), the necking strain is higher for thicker samples of the same length. For
samples with a scaled geometry there is no such influence.

• As was shown in Section 5.1.1 and Section 6.3.5 the surface roughness is an
important factor for the mechanical behavior of the copper foils tested in this
study. In the other studies, the influence of the surface roughness was not
discussed and remains unclear.

A comparison of the three studies presented shows that there seems to be a
clear effect of the thickness of a foil on the fracture strain. For the tensile strength,
different trends were found which probably stem from the fact that it is affected
by various mechanisms. Typically, the hardening of thin films is attributed to the
formation of geometrically necessary dislocations in situations where a strain gradi-
ent is present (strain gradient plasticity, e.g. [Fleck and Hutchinson, 1997]), to the
misfit dislocation mechanism in the presence of a thin film with a boundary layer,
which can be, for example, an oxide layer [Nix, 1989], and Hall-Petch like effects
which account for the distance of grain boundaries (e.g. in [Arzt, 1998]). Further-
more, [Espinosa et al., 2004] found a hardening mechanism independent of the pre-
viously mentioned for thin free-standing metallic fcc films which are thinner than
1 µm. Conversely, there is also an effect which reduces the strength of thin films.
The flow stress decreases if the number of grains per thickness is reduced due to
the relaxed constraint of grains at the surface (e.g. [Miyazaki and Fujita, 1978] and
[Raulea et al., 2001]). Thus, the differences found in the thickness dependence of
the tensile strength can be related to two factors: the experimental issues discussed
before and the differences in the microstructure of the samples tested and as a con-
sequence to the different importance of the mechanisms mentioned earlier. However,
the effect of hardening through strain gradients is considered to be negligible, as a
tensile load is applied.
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Due to the lack of detailed information of the microstructure, a further discus-
sion must be speculative. This shows one of the problems, or “the” problem, when
comparing size effect studies, in particular, when comparing stress values: without
a thorough knowledge of the microstructure of the samples, only vague compar-
isons can be made as the yield behavior of thin metallic films is affected by various
mechanisms.

With these considerations this chapter concludes. In the following chapter the
results of this work are summarized and an outlook is given.

127



128



Chapter 7

Conclusions

In this chapter the results of this thesis are summarized including the achievements
in the experimental methods as well the findings for the mechanical behavior of
thin copper foils. The chapter concludes with an outlook and suggestions for future
work.

7.1 Summary of Results

The major achievements of this thesis can be categorized in an experimental part, a
methodical part, a part containing the characterization results and a part with the
interpretation of the results.

7.1.1 Experimental Achievements

• Successful fabrication of tensile test samples by photolithography and wet
etching.

• Adaption of several techniques for geometrical and microstructural character-
ization of small copper samples, in particular for EBSD measurements.

• Design of an automatic tensile test setup which allows for an online determi-
nation of the strain and is suitable for efficient testing of a variety of small
samples.

7.1.2 Methodical Achievements

• Implementation of a methodology for studying size effects in thin copper foils:
samples of varying thickness but with a similar microstructure have to be
tested.

• Examination of the influence of template geometry on the deformation param-
eters determined by the LSM algorithm.

• Development of an approximate method for the conversion of strains deter-
mined by the LSM algorithm based on FEM calculations.
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7.1.3 Characterization Results

• As-received, rolled foils of 10 and 20 µm thickness have elongated grains with
an oblate cross-section (typical length 100 µm, small diameter 5 µm, long di-
ameter 30 µm). These foils have a pronounced cube texture. Electrodeposited
34 µm foils have a columnar grain structure with a weak fibre texture.

• Tensile tests of copper foils of 10, 20 and 34 µm thickness are performed. The
influence of various parameters is investigated: specimen geometry (length,
thickness and width), strain rate, sample orientation, and heat treatment.

• An effect of the thickness of the as-received foils can be observed if the results
for 50, 100 and 250 µm thick foils tested at the University of Applied Sciences
Augsburg are included. These foils have a similar microstructure as the tested
10 and 20 µm foils. Thinner foils have a smaller fracture strain which is for
the 10 and 20 µm foils in the order of 0.2% as compared to e.g. the 100 µm
foils with a fracture strain of 15%. This is the main result of this thesis. A
trend can be observed as well in terms of stresses: thinner foils have a higher
tensile strength than thicker ones.

• A heat treatment for 2 h at 300◦C induces strong changes in the microstructure
of the 10 and 20 µm foils. The grains are no longer elongated but equi-axed.
The texture is not so pronounced and consists of a mixture of rolling and cube
texture components. There is also a large impact on the tensile test behavior.
The tensile strength is reduced by one third for the very thin foils, the fracture
strain is increased by a factor of fifty. Still, there is a size effect for the fracture
strain: thinner foils have a smaller fracture strain than thicker foils. However,
no clear trend is observable for the tensile strength.

• After tensile testing, no microstructural changes are detectable at a moderate
distance away from the crack tip by EBSD for the as-received foils. Conversely,
annealed samples show a moderate elongation of the grains after tensile testing
and a strong increase in surface roughness.

• The surface roughness determined is nearly the same for all samples tested.
For the thinner foils, the surface roughness is a substantial fraction of the
thickness (up to 30%). Thus, it can be assumed that the actual cross-section
which carries the load is smaller than the measured one. If the cross-section is
reduced by the surface roughness the resulting stresses are up to 30% higher.

• The influence of changes in length and width of the tensile test samples is
small in comparison to the influence of the thickness. The same holds for the
influence of the strain rate in the range tested (10−3, 10−4 and 10−5 1/s). The
influence of the specimen’s orientation with respect to the rolling direction is
only moderate. Samples in transverse direction have a slightly smaller tensile
strength and smaller fracture strain.

• It has to be stressed that, as the stress field is uniaxial in a tensile test, the size
effects found in this study cannot be explained by means of strain gradients.
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Up to now, there has not been much experimental evidence of such an effect
in literature.

7.1.4 Interpretation

• The as-received 10 and 20 µm foils hardly show any plastic deformation and
fail by localized necking without any considerable reduction in thickness. The
heat treated 10 and 20 µm foils have a thickness reduction of up to 20%
and fail by necking as well. The 34 µm foils are in between the previously
mentioned. The failure behavior, in particular the fracture strains observed,
can be explained by a simple geometric model which incorporates an elongation
of the sample through reduction in thickness and the formation of a neck. The
strain through necking is in the order of 0.5% for the geometry chosen.

• The general behavior of the as-received 10 and 20 µm foils (high tensile
strength, hardly any plastic deformation, low fracture strain) can be explained
by a relatively high dislocation density in the as-received state. The softening
of the annealed 10 and 20 µm foils is (partly) due to a reduction in dislocation
density.

• There are several mechanisms, which could explain a decrease in fracture strain
with decreasing thickness. Due to the complexity of the grain structure it is
believed that various factors are responsible: Firstly, local reductions in the
cross-section due to an imperfect sample geometry (surface roughness) and
due to statistically random plastic deformations are more critical for thinner
samples. Secondly, surface grains can deform more easily and hence the num-
ber of grains per thickness influences the mechanical behavior. Thirdly, in
thinner samples there are less grains which could result in a smaller number of
activated gliding systems. Fourthly, dislocations cannot build up large plastic
deformations in small grains.

• Only for the heat treated samples there is experimental evidence for grain
boundary sliding. For these samples, a strong roughening of the surface can
be observed which can be explained by a rotation of grains out of their original
planes. However, these rotations do not account for large plastic deformations
in tensile direction, i.e. no indications could be found that grain boundary
sliding is the rate limiting deformation factor. The major fraction of plastic
deformation is carried by dislocations.

• The stress state does not seem to influence the mechanical behavior of the
foils as estimations based on fracture mechanics indicate a plane stress state
for the thickness regime studied.

• The studies performed showed that the investigation of size effects is a com-
plicated topic. There are several mechanisms which influence the mechanical
behavior and these mechanisms can even have opposite effects. Therefore, for
a meaningful interpretation a detailed characterization of the microstructure
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of the samples tested is mandatory. This can be seen, for example, from a com-
parison of the as-received and heat treated samples, which show a significantly
different behavior for the same foil thickness. In literature however, there is a
lack of studies which account for the important influence of the microstructure
in size effect studies. This study tries to help filling this gap.

7.2 Outlook

The investigation of the mechanical properties of structures with dimensions in
the micrometer range is an interesting topic as it includes the interaction of many
different phenomena such as grain size and free surfaces.

The work done in this study could be extended in various directions to get an
improved understanding of the important physical mechanisms of deformation in the
size regime investigated. From an experimental point of view, several improvements
could be made to the current setup:

• Testing of foils with a known fabrication history.

• Improved etching methods for the fabrication of samples to reduce the imper-
fections in geometry (e.g. by dry etching which has a better edge sharpness
quality).

• Faster image acquisition will yield less scattering in the fracture strain data
for the nearly brittle samples.

Additional tests can be performed with the existing samples to gain further insight:

• TEM investigations for the study of the dislocation density and the arrange-
ment of dislocations. The dislocation density is expected to be a function of
the thickness [Miyazaki and Fujita, 1978].

• Tensile tests with online X-ray diffraction for the study of texture changes
during straining. First tests already showed that the existing samples can
be tested in a setup at the Swiss Light Source (SLS) at the Paul Scherrer
Institut (PSI) in Villigen, Switzerland. This setup is also used for the study
of nanocrystalline materials [Budrovic et al., 2004].

The variation of further parameters could yield interesting results in terms of size
effects:

• Further heat treatments to study the influence of the grain size and a reduction
in dislocation density in a systematic way.

• Continuous reduction of width from 20:1 (width:thickness) to 1:1 to study the
influence of two free surfaces and the effect of an increased number of grains
which are at the surface of a sample.

• Selective variation of the surface roughness to investigate the influence of sur-
face defects.
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• Cyclic experiments to study the fatigue behavior.

• Other types of experiments, in particular torsion tests, as for this loading type
the experimental basis in literature is very limited.

• Measurement of the change in electrical conductivity during tensile testing
would provide for a trigger to image the fracture process with a high-speed
camera.

The present study showed that the investigation of size effects is a difficult topic
as many parameters influence the mechanical behavior of structure. A prerequisite
for the study of pure size effects is the similarity of the microstructure of samples
of different size. For polycrystals, this is very difficult to achieve in practice as the
formation of their microstructure during fabrication cannot be controlled entirely.
From this point of view, there will be always some uncertainty. This has to be kept
in mind when interpreting results from size effects studies.

Nevertheless, the final goal of studies like the present one is to deliver some rules
which allow for a reliable and efficient design of microsystems. It was shown that
in certain situations there can be a considerable size dependence of the material
behavior of copper.
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Appendix A

Interpretation of kp

In this appendix the relation of kp, a factor for the conversion of the strains measured
by the LSM algorithm to the strains in the testing region (cf. (4.18)), and the size
of the plastic zone in a tensile specimen is discussed.

In Figure A.1 the distribution of the plastic strains in tensile direction for 4 load
cases (upper image) and the corresponding displacement for 150 MPa (lower image)
is shown. The stresses indicated refer to the engineering stress in the testing region.
The location of the path ABCD is given in the inset in the lower image. The yield
stress is assumed to be 65 MPa. The upper image of Figure A.1 shows that there is a
steep decrease in strain outside of the testing region (left to point B and right point
C). Together with the fact that there are no large variations of strains in lateral
directions close to points B and C the strong decrease can be used to make the
following simplification: As the integral of the plastic strains represents all plastic
deformation in a sample this deformation can be approximated by a simplified strain
function which has the same value for the integral. The simplest distribution has
the shape of a rectangle. The strain is zero everywhere except within the rectangle
where the strain is maximal. The width of the rectangle is the length of the testing
region plus approximatively 20% of the transition radius on both sides.

The lower image of Figure A.1 shows an interpretation of this simplification in
terms of displacement in tensile direction. The slope of the tangent of the dis-
placement in the testing region corresponds to the strain in the testing region. The
intersection of this tangent with the displacements at the points A respectively D
defines the zone where the plastic deformation can be confined to. It is marked by Lp

and corresponds to the width of the rectangle of the approximate strain distribution.
The size of the plastic zone Lp allows an estimation of kp. In (4.15) the term

εLSMp
is mentioned which refers to the plastic strain of the two horizontal edges.

It is the ratio of the elongation (∆LLSMp
) and the length between the two edges

which is the initial length of the testing region plus twice the transition radius
(L0LSM = L0 + 2R), i.e. εLSMp

= ∆LLSMp
/L0LSM . The strain in the testing region

εyp is the slope in Figure A.1: εyp = ∆LLSMp
/Lp. From εyp = kpεLSMp

it follows

kp =
L0LSM

Lp

(A.1)

Thus kp can be interpreted as the ratio of the distance between the two horizontal
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Figure A.1: FEM results of plastic strain and displacement for a 20 µm thick foil
with standard geometry. Upper Image: Relative plastic strain in tensile direction
for different loads given as engineering stresses, the strain can be approximated
by an stepwise distribution. Lower Image: Displacement in tensile direction for
σeng = 150 MPa, the slope of the tangent shown corresponds to the average strain
in the testing region.

edges for the LSM strain evaluation and the (fictitious) size of the plastic zone Lp.
The size of Lp is zero as long the strains are purely elastic. For stresses a bit larger
than the yield stress Lp is slightly larger than L0. With further increase of stresses
it grows quickly until it includes about 20% of the transition radius on both sides.
At this stage Lp ≈ L0 + 2 · 0.2R which yields kp ≈ 1.66 and is in good agreement
with the results from the FEM simulation. The further increase of Lp is rather small
and as a consequence kp hardly changes.
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Appendix B

Detailed Results

B.1 Texture Measurements by X-ray Diffraction

In the following six figures the orientation distribution map of 10, 20 and 34 µm thick
copper foils are shown. The data was measured using X-ray diffraction as mentioned
in Section 4.3. The orientation distribution functions (ODF) were calculated using
the harmonic expansion method by Bunge [Bunge and Morris, 1982].
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Figure B.1: Texture of 10 µm thick copper foil: Orientation distribution map with
Euler angles according to [Bunge and Morris, 1982].
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Figure B.2: Texture of 10 µm thick copper foil after heat treatment in a vac-
uum at 300◦C: Orientation distribution map with Euler angles according to
[Bunge and Morris, 1982].
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Figure B.3: Texture of 20 µm thick copper foil: Orientation distribution map with
Euler angles according to [Bunge and Morris, 1982].
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Figure B.4: Texture of 20 µm thick copper foil after heat treatment in a vac-
uum at 300◦C: Orientation distribution map with Euler angles according to
[Bunge and Morris, 1982].
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Figure B.5: Texture of 34 µm thick copper foil: Orientation distribution map with
Euler angles according to [Bunge and Morris, 1982].
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Figure B.6: Texture of 34 µm thick copper foil after heat treatment in a vac-
uum at 300◦C: Orientation distribution map with Euler angles according to
[Bunge and Morris, 1982].
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B.2 Texture Measurements by EBSD

For reference follow two orientation distribution maps as determined by EBSD (Sec-
tion 4.4.3). For comparison of the maps determined by X-ray diffraction and EBSD
it has to be taken into account that the contour lines are not distributed equally (lin-
ear color code for X-ray diffraction results, logarithmic color code for EBSD results).
The results agree well, differences can be probably attributed to the different sample
volume. In X-ray diffraction the entire cross-section is measured while for EBSD it
is only the first layers of atoms of a surface. Typically, also the area investigated is
larger in X-ray diffraction.

Sample:

10RD

Figure B.7: Texture of 10 µm thick copper foil measured by EBSD.
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Sample:

10RDH300

Figure B.8: Texture of 10 µm thick copper foil after heat treatment in vacuum at
300◦C measured by EBSD.

B.3 Tensile Tests

The following two tables show detailed results of the tensile test performed. Ta-
ble B.1 shows the mean values and Table B.2 the corresponding relative standard
deviations.
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Code ε̇ E Rp ε0.2%t
Rm Agt Ag σFC εFCt

εFC σTC At A
[-] [1/s ] [GPa] [MPa] [-] [MPa] [-] [-] [MPa] [-] [-] [MPa] [-] [-]

10RD 0.0001 75.8 - - 300.8 0.0051 0.0011 295.8 0.0057 0.0018 295.8 0.0057 0.0018
10TD 0.0001 73.6 - - 285.0 0.0044 0.0005 287.2 0.0045 0.0006 287.2 0.0045 0.0006

10RDH300 0.0001 - 48.6 0.0044 159.2 0.1470 0.1391 128.5 0.1514 0.1448 4.0 0.1657 0.1655
10RDH300 0.001 - 52.5 0.0045 171.3 0.1620 0.1536 152.7 0.1651 0.1578 62.8 0.1728 0.1692

20RD 0.0001 93.0 - - 357.2 0.0060 0.0022 351.2 0.0067 0.0029 351.2 0.0067 0.0029
20RD 0.00001 90.9 - - 319.1 0.0053 0.0018 290.5 0.0063 0.0031 290.5 0.0063 0.0031
20TD 0.0001 82.6 - - 308.7 0.0049 0.0011 308.3 0.0052 0.0015 308.3 0.0052 0.0015
20RDL 0.0001 85.4 - - 309.2 0.0051 0.0015 305.1 0.0055 0.0019 305.1 0.0055 0.0019
20RDS 0.0001 85.3 321.1 0.0058 322.3 0.0065 0.0027 318.7 0.0073 0.0035 258.8 0.0191 0.0161
20RDN 0.0001 79.1 - - 277.7 0.0050 0.0015 270.8 0.0057 0.0023 270.8 0.0057 0.0023
20RDW 0.0001 93.0 328.1 0.0055 334.8 0.0068 0.0032 334.1 0.0073 0.0037 334.1 0.0073 0.0037

20RDH150a 0.0001 87.3 274.0 0.0052 285.5 0.0083 0.0050 267.1 0.0103 0.0072 267.1 0.0103 0.0072
20RDH300 0.0001 - 56.9 0.0029 210.4 0.2229 0.2196 195.1 0.2258 0.2227 165.4 0.2279 0.2255
20RDH300 0.001 - 58.8 0.0036 218.1 0.2176 0.2117 209.9 0.2200 0.2143 202.0 0.2210 0.2157
20RDH300a 0.0001 - 64.7 0.0036 228.5 0.2036 0.1980 220.3 0.2055 0.2001 220.2 0.2055 0.2001
20RDH300c 0.0001 - 68.3 0.0037 217.8 0.1995 0.1938 201.7 0.2035 0.1982 118.6 0.2074 0.2036
20RDLH300 0.0001 - 56.0 0.0030 200.1 0.1889 0.1854 188.6 0.1909 0.1876 155.4 0.1934 0.1905
20RDSH300 0.0001 - 58.5 0.0034 197.6 0.1864 0.1817 175.1 0.1914 0.1872 62.8 0.2051 0.2039

34ED 0.0001 73.7 203.6 0.0048 301.9 0.0607 0.0566 295.3 0.0639 0.0599 285.8 0.0652 0.0614
34EP 0.0001 76.3 190.0 0.0045 279.1 0.0497 0.0461 274.5 0.0509 0.0473 224.8 0.0545 0.0516

34EDH300 0.0001 75.8 160.9 0.0041 256.0 0.1194 0.1160 247.7 0.1258 0.1225 247.7 0.1258 0.1225
34EDH300a 0.0001 67.7 187.1 0.0048 283.3 0.1055 0.1013 272.9 0.1136 0.1095 240.8 0.1211 0.1176

Table B.1: Mean values of results from tensile test (typically 5 samples). The meaning of the sample code is given in Table 3.2, the
stress and strain values are explained in Section 4.5.3.
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Code ε̇ E Rp ε0.2%t
Rm Agt Ag σFC εFCt

εFC σTC At A
[-] [1/s ] [-] [-] [-] [-] [-] [-] [-] [-] [-] [-] [-] [-]

10RD 0.0001 14.0% - - 10.1% 11.4% 36.8% 10.4% 18.4% 57.6% 10.4% 18.4% 57.6%
10TD 0.0001 4.0% - - 4.0% 7.1% 49.4% 4.1% 8.2% 40.1% 4.1% 8.2% 40.1%

10RDH300 0.0001 - 3.7% 18.5% 3.5% 8.5% 7.7% 13.9% 8.1% 7.4% 96.2% 6.4% 6.5%
10RDH300 0.001 - 15.5% 13.4% 5.3% 10.9% 13.2% 17.2% 9.4% 10.9% 82.6% 10.7% 12.6%

20RD 0.0001 8.0% - - 6.1% 16.9% 42.0% 6.1% 14.7% 30.9% 6.1% 14.7% 30.9%
20RD 0.00001 11.0% - - 6.3% 9.8% 19.7% 5.5% 8.5% 11.9% 5.5% 8.5% 11.9%
20TD 0.0001 7.0% - - 3.0% 8.1% 21.5% 4.2% 10.0% 43.6% 4.2% 10.0% 43.6%
20RDL 0.0001 4.0% - - 2.7% 6.6% 26.0% 2.6% 12.9% 37.8% 2.6% 12.9% 37.8%
20RDS 0.0001 7.0% 3.9% 6.5% 3.6% 5.3% 19.4% 4.3% 7.3% 21.3% 52.0% 139.3% 174.7%
20RDN 0.0001 8.0% - - 4.2% 8.8% 14.3% 3.5% 14.6% 26.7% 3.5% 14.6% 26.7%
20RDW 0.0001 6.0% 1.6% 3.9% 1.6% 9.9% 20.1% 1.8% 2.8% 4.0% 1.8% 2.8% 4.0%

20RDH150a 0.0001 10.0% 1.2% 5.5% 2.7% 2.0% 1.5% 1.5% 1.1% 6.6% 1.5% 1.1% 6.6%
20RDH300 0.0001 - 2.0% 10.8% 3.0% 9.3% 9.4% 8.6% 9.0% 9.0% 29.1% 8.6% 8.5%
20RDH300 0.001 - 1.3% 18.3% 2.6% 16.3% 16.3% 5.7% 16.4% 16.3% 12.4% 16.2% 16.1%
20RDH300a 0.0001 - 11.0% 16.1% 5.0% 8.6% 8.7% 2.9% 8.8% 9.0% 3.0% 8.8% 9.0%
20RDH300c 0.0001 - 6.4% 22.1% 8.6% 14.2% 13.4% 11.4% 14.9% 14.0% 93.6% 12.3% 10.7%
20RDLH300 0.0001 - 3.1% 10.1% 0.1% 1.7% 2.3% 3.3% 1.3% 1.8% 23.0% 0.6% 1.3%
20RDSH300 0.0001 - 4.7% 13.6% 3.2% 11.5% 11.0% 6.4% 11.2% 10.7% 82.4% 14.6% 15.2%

34ED 0.0001 5.0% 4.6% 4.9% 4.9% 22.9% 24.1% 4.6% 23.6% 24.7% 2.6% 24.0% 25.3%
34EP 0.0001 8.0% 0.9% 3.9% 1.3% 13.6% 15.0% 2.3% 13.6% 14.9% 51.1% 17.3% 20.7%

34EDH300 0.0001 2.0% 4.1% 2.3% 3.3% 6.2% 6.3% 6.8% 8.1% 8.2% 6.8% 8.1% 8.2%
34EDH300a 0.0001 11.0% 1.7% 7.6% 1.3% 20.0% 20.3% 4.4% 24.1% 24.4% 1.5% 16.0% 16.1%

Table B.2: Relative standard deviation of results from tensile test (typically 5 samples). The meaning of the sample code is given
in Table 3.2, the stress and strain values are explained in Section 4.5.3.
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Code ε̇ E E∗ Rp R∗
p Rm R∗

m σFC σ∗FC σTC σ∗TC
[-] [1/s ] [GPa] [GPa] [MPa] [MPa] [MPa] [MPa] [MPa] [MPa] [MPa] [MPa]

10RD 0.0001 75.8 100.6 - - 300.8 399.2 295.8 392.6 295.8 392.6
10TD 0.0001 73.6 97.6 - - 285.0 378.2 287.2 381.2 287.2 381.2

10RDH300 0.0001 - - 48.6 64.5 159.2 211.3 128.5 170.6 4.0 5.3
10RDH300 0.001 - - 52.5 69.6 171.3 227.3 152.7 202.7 62.8 83.3

20RD 0.0001 93.0 100.0 - - 357.18 384.0 351.2 377.6 351.2 377.6
20RD 0.00001 90.9 97.7 - - 319.1 343.1 290.5 312.3 290.5 312.3
20TD 0.0001 82.6 88.8 - - 308.7 331.9 308.3 331.4 308.3 331.4
20RDL 0.0001 85.4 91.8 - - 309.2 332.4 305.1 327.9 305.1 327.9
20RDS 0.0001 85.3 91.7 321.1 345.2 322.3 346.5 318.7 342.6 258.8 278.2
20RDN 0.0001 79.1 85.1 - - 277.7 298.5 270.8 291.1 270.8 291.1
20RDW 0.0001 93.0 99.9 328.1 352.7 334.8 359.9 334.1 359.1 334.1 359.1

20RDH150 0.0001 87.3 93.9 274.0 294.6 285.5 306.9 267.1 287.1 267.1 287.1
20RDH300 0.0001 - - 56.9 61.2 210.4 226.2 195.1 209.7 165.4 177.8
20RDH300 0.001 - - 58.8 63.2 218.1 234.5 209.9 225.6 202.0 217.1
20RDH300a 0.0001 - - 64.7 69.6 228.5 245.7 220.3 236.8 220.2 236.7
20RDH300c 0.0001 - - 68.3 73.5 217.8 234.1 201.7 216.8 118.6 127.5
20RDLH300 0.0001 - - 56.0 60.2 200.1 215.1 188.6 202.7 155.4 167.0
20RDSH300 0.0001 - - 58.5 62.9 197.6 212.5 175.1 188.2 62.8 67.5

34RD 0.0001 73.7 92.9 203.6 256.5 301.9 380.4 295.3 372.0 285.8 360.2
34TD 0.0001 76.3 96.2 190.0 239.4 279.1 351.7 274.5 345.8 224.8 283.2

34RDH300 0.0001 75.8 95.5 160.9 202.7 256.0 322.6 247.7 312.1 247.7 312.1
34RDH300a 0.0001 67.7 85.3 187.1 235.8 283.3 356.9 272.9 343.9 240.8 303.4

Table B.3: Mean values of stress values (typically 5 samples) from tensile test for standard cross-section and the cross-section
reduced by the surface roughness (values with a “∗”, see Section 5.1.1). The meaning of the sample code is given in Table 3.2, the
stress values are explained in Section 4.5.3.
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