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Summary 

The functionality of many devices in modern technology is based fundamentally on the 

application of thin brittle layers. However, the loss of integrity of the incorporated thin layers 

may lead to failure of the entire device. Hence, there is a strong interest in understanding the 

mechanisms of thin film failure and characterizing their cohesive and adhesive strength. In 

this work, tantalum layers on the commercially available polyimide substrates Kapton® E and 

Kapton® HN (DuPontTM) are used as a model system to study failure of thin brittle coatings 

on compliant polymeric substrates. The technical relevance for this research is given by the 

widespread use of Ta films as diffusion barriers and adhesive layers in microelectronics, and 

by their application as protective coatings. 

For Ta layers on polyimide substrates, application of uniaxial load leads to the formation of 

straight cracks perpendicular to the loading direction. At higher strains the formation of 

buckles occurs. The aim of this work is to establish a correlation between the processes of 

failure and the biaxial stress-strain response of the coating. The experimental results and 

models are used to characterize and quantify the cohesive and adhesive properties of the thin 

films as a function of film thickness, crystallographic phase of Ta, and substrate quality. For 

this purpose, complementary methods of in situ analysis are applied during uniaxial tensile 

testing. The crack and buckle morphology are investigated by light microscopy and scanning 

electron microscopy. White light interferometry and atomic force microscopy are used for 

topography analysis, and synchrotron X-ray diffraction is applied to measure the lattice strain 

and determine biaxial stress-strain curves of the coatings. 

The experiments reveal that the different modes of coating failure are reflected in the biaxial 

stress-strain response of the coating. Fragmentation leads to relaxation of stress in tensile 

direction and simultaneously to the formation of compressive stress in transverse direction. 

This relation is confirmed analytically by using a two-dimensional shear lag model, which is 

developed in this work. However, the application of this model is limited to strains below the 

onset of localized substrate yielding and buckling. Finite element simulations are used to 

calculate the stress field in a fragmented and buckled coating over a large strain range. By 

application of an elastic-plastic material model for the substrate, a qualitative correlation 

between the modeled and the experimentally determined biaxial stress-strain curves can be 

achieved. In order to obtain a quantitative match, fit parameters have to be introduced, which 

account for time-dependent substrate deformation and the development of sample curvature. 

The two-dimensional shear lag model is applied as a basis for determining the residual stress, 

the fracture strength and the fracture toughness of the coatings as a function of thickness, 
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crystallographic phase and substrate. Increasing film thickness leads to decreasing fracture 

strength. By taking into account models on the propagation of channeling cracks, it is 

indicated that the fracture strength of a coating is significantly determined by the stress 

transfer length, which itself depends on the film thickness. The fracture strength and the 

fracture toughness of α-Ta are generally higher compared to β-Ta. Although the cohesive 

failure of the samples is generally characterized by brittle fracture, local plasticity may act to 

reduce stress concentrations at crack tips for α-Ta. The cohesive strength is generally larger 

for Ta layers on Kapton® E substrates compared to Kapton® HN substrates. This effect can be 

related to the different defect density of the substrate surfaces, which is reproduced in the film 

during sputter deposition. The presence of a copper interlayer reduces the fracture strength of 

Ta coatings slightly. Stress-strain curves obtained by synchrotron X-ray diffraction reveal that 

catastrophic failure of Cu/Ta multilayers can be retarded by generating irregularly structured 

layers. 

Experimental determination of the transverse stress-strain response indicates that relaxation of 

transverse stress during buckling occurs not only in the delaminated sections, but also within 

the stress transfer zones of the attached coating in the vicinity of the buckles. This relation is 

confirmed by the reversible formation of undulation patterns at the fragment edges. Hence, 

considering the buckle as a rigidly clamped plate is not appropriate for the material system 

under investigation. A finite element model is used to calculate the difference of strain energy 

before and after buckling, which is taken as a basis for determining the energy release rate for 

propagation of an interface crack. The values, which were obtained by application of this 

approach, are generally higher than reference values of the adhesion energy. Possibly, plastic 

deformation of the substrate during delamination contributes to this difference. In order to 

confirm or revise the applicability of the proposed model, future work should focus on the 

refinement of the finite element model in a three-dimensional geometry. 

The experimental results and theoretical conclusions presented in this work significantly 

depend on lattice strain measurements by synchrotron X-ray diffraction. However, irradiation 

damage in the focal spot of the synchrotron beam leads to a significant loss of adhesion 

between Ta and polyimide, and to severe delamination of the coating, if compressive stress is 

present. While this effect does not affect the method for determination of the cohesive 

properties, it has to be taken into account for characterization of adhesive failure by 

monitoring the transverse stress-strain response of the coating. The experimental results 

presented here indicate that the Cu/polyimide interface is less sensitive to synchrotron 

irradiation damage compared to the Ta/polyimide interface. 
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Overall, the application of complementary methods for in situ analysis provides the possibility 

to investigate and develop models, which describe failure mechanisms of thin brittle coatings 

on compliant substrates, and to directly check their conditions of validity. Hence, a correlation 

between the successive events of coating failure and the biaxial stress-strain response of a 

coating is established. These considerations are used to characterize and quantify the cohesive 

and adhesive properties of Ta layers on polyimide substrates. Based on these results, methods 

for reducing the susceptibility to failure of thin brittle coatings may be derived. 
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Zusammenfassung 

Der Einsatz von dünnen, spröden Schichten ist weit verbreitet und von wesentlicher  

Bedeutung für viele technologische Anwendungen. Hierbei kann das Versagen einer 

einzelnen Schicht zum Ausfall eines vollständigen Gerätes führen. Aus diesem 

Zusammenhang ergibt sich ein wesentliches Interesse darin, Versagensmechanismen in 

Dünnschichtsystemen zu verstehen und Methoden zur Charakterisierung der kohäsiven und 

adhäsiven Festigkeit der Schichten zu entwickeln. Im Rahmen dieser Arbeit wird das 

Versagen von dünnen, spröden Schichten auf Polymersubstraten untersucht, wobei ein 

Modellsystem betrachtet wird, welches aus Tantalschichten und den handelsüblichen 

Polyimidsubstraten Kapton® E und Kapton® HN (DuPontTM) besteht. Technische Relevanz 

dieser Untersuchungen ist gegeben durch die Verwendung von Tantal als Diffusionsbarriere 

und Adhäsionsschicht in der Mikroelektronik sowie als harte und korrosionsbeständige 

Schutzschicht. 

Die einachsige Belastung einer Probe, welche aus einer Tantalschicht auf einem 

Polyimidsubstrat besteht, führt beim Zugversuch zur Rissbildung in der Schicht, wobei die 

Ausbreitung der Risse quer zur Zugrichtung erfolgt. Bei höheren Dehnungen erfolgt die 

Bildung von Knickinstabilitäten in Verbindung mit Delamination der Schicht. Das Ziel dieser 

Arbeit ist es, eine Korrelation zwischen dem Auftreten von spröden Versagensmechanismen 

und der biaxialen Spannung in der Schicht während dem Zugversuch herzustellen. Basierend 

auf den experimentellen und theoretischen Ergebnissen dieser Betrachtung werden die 

kohäsive und adhäsive Festigkeit der Schichten charakterisiert und quantifiziert, wobei der 

Einfluss der Schichtdicke, der Kristallstruktur von Tantal und der Substratqualität betrachtet 

und interpretiert werden. Zu diesem Zweck erfolgt der Einsatz verschiedenartiger, 

komplementärer in situ-Analyseverfahren während Zugversuchen unter uniaxialer Belastung. 

Die Risse und Knickinstabilitäten in der Schicht werden hinsichtlich Gestalt, Grösse und 

Dichte mittels Lichtmikroskopie und Rasterelektronenmikroskopie charakterisiert. Die 

Untersuchung des Oberflächenprofils erfolgt mit Hilfe von Weisslicht-Interferometrie und 

Rasterkraftmikroskopie. Unter Verwendung einer Synchrotron-Strahlenquelle wird 

Röntgenbeugung zur Messung der Gitterdehnung und zur Bestimmung von biaxialen 

Spannungs-Dehnungskurven durchgeführt. 

Das Auftreten verschiedener Versagensmechanismen bei uniaxialer Belastung spiegelt sich in 

den biaxialen Spannungs-Dehnungskurven wider. Rissbildung führt zur Relaxation der 

Zugspannung und gleichzeitig zum Auftreten einer Druckspannung in Querrichtung. Im 

Rahmen dieser Arbeit wird ein Modell entwickelt, das diesen Zusammenhang analytisch 
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erklärt. Die Anwendung dieses Modells ist jedoch auf relativ geringe Dehnungen beschränkt, 

bei denen weder Dehnungslokalisation im Substrat noch Ausknickung der Schicht auftreten. 

Mit Hilfe von Simulationen, welche auf der Finiten Elemente-Methode basieren, kann das 

Spannungsfeld in einer Schicht über ein grosses Intervall der aufgebrachten Dehnung 

bestimmt werden, in dem sowohl die Bildung von Rissen als auch von Knickinstabilitäten 

erfolgt. Wird dem mechanischen Verhalten des Substrats ein elastisch-plastisches Modell 

zugrunde gelegt, kann eine qualitative Übereinstimmung zwischen der gemessenen und 

berechneten Spannungs-Dehnungskurve erzielt werden. Zum Erreichen einer quantitativen 

Übereinstimmung ist es jedoch notwendig, variable Fitparameter einzuführen, welche 

zeitabhängiges Verformungsverhalten des Substrats und Probenkrümmung berücksichtigen. 

Das analytische Modell, welches abgeleitet wurde, um eine Beziehung zwischen dem 

Rissabstand und der biaxialen Spannung in der Schicht herzustellen, kann verwendet werden, 

um die Eigenspannung, die Bruchspannung und die Bruchzähigkeit der Schicht als Funktion 

ihrer Dicke, der Kristallstruktur und des Substrats zu bestimmen. Die Bruchspannung wird 

mit zunehmender Schichtdicke geringer. Betrachtungen über stationäres Risswachstum 

weisen darauf hin, dass ein wesentlicher Einflussparameter  auf die Spannung zur Rissbildung 

durch die Spannungstransferlänge gegeben ist, welche wiederum von der Schichtdicke 

abhängt. Die Bruchspannung und die Bruchzähigkeit von α-Tantal sind grösser als diejenigen 

von β-Tantal. Obwohl Versagen unter Zugspannung für die betrachteten Schichten durch 

Sprödbruch erfolgt, tritt für α-Tantal möglicherweise lokale plastische Verformung an der 

Rissspitze auf, was zur Verringerung von Spannungskonzentrationen führt. Die kohäsive 

Festigkeit der Schichten ist grösser, wenn Kapton® E-Substrate anstelle von Kapton® HN-

Substraten verwendet werden. Dies kann auf die unterschiedliche Defektdichte der 

Substratoberfläche zurückgeführt werden, welche beim Beschichtungsprozess auf die Schicht 

übertragen wird. Die Bruchspannung von Tantalschichten wird durch das Vorhandensein von 

Kupfer-Zwischenschichten leicht reduziert. Spannungs-Dehnungskurven, die durch 

Synchrotron-basierte Röntgenbeugung ermittelt wurden, weisen darauf hin, dass plötzliches 

Versagen von Kupfer/Tantal-Mehrschichtsystemen durch das Vorhandensein einer 

unregelmässigen Struktur und damit durch Rissablenkung verzögert werden kann. 

Durch experimentelle Bestimmung der Druckspannung in Querrichtung wird aufgezeigt, dass 

Spannungsrelaxation nicht nur im delaminierten Bereich, sondern auch in den 

Spannungstransferzonen der haftenden Schicht in der Nähe einer Knickinstabilität auftritt. 

Dieser Zusammenhang wird durch reversible, wellenförmige Faltenbildung am Rand der 

Fragmente bestätigt. Dies zeigt, dass einem Modell, welches die Bildung von 
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Knickinstabilitäten im betrachteten Dünnschichtsystem beschreibt, nicht das Modell zur 

Knickung einer beidseitig geklemmten Platte zugrunde gelegt werden kann. Um die 

Energiefreisetzungsrate für die Ausbreitung eines Risses an der Grenzfläche zu bestimmen, 

wird die Änderung der elastischen Dehnungsenergie vor und nach der Bildung einer 

Knickinstabilität mittels der Finiten Elemente-Methode bestimmt. Die im Rahmen dieser 

Arbeit bestimmten Werte sind generell grösser als Referenzwerte für die Adhäsionsenergie. 

Möglicherweise trägt plastische Deformation des Substrats während dem Ausknicken der 

Schicht zu diesem Unterschied bei. Um die dargestellten Zusammenhänge zu bestätigen oder 

zu widerlegen, sollte das vorliegende Finite Elemente-Modell im Rahmen weitergehender 

Forschungsarbeit verfeinert werden. 

Die in dieser Arbeit dargestellten experimentellen Ergebnisse und theoretischen 

Zusammenhänge basieren wesentlich auf in situ-Röntgenbeugung unter Verwendung einer 

Synchrotron-Strahlenquelle zur Bestimmung der Gitterdehnung und der biaxialen Spannung 

in der Schicht. Durch intensive und hochenergetische Bestrahlung wird jedoch die Haftung 

zwischen Tantal und Polyimid beträchtlich reduziert, was beim Vorhandensein von 

Druckspannungen zu erheblicher Delamination der Schicht führt. Dieser Effekt beeinträchtigt 

zwar nicht die beschriebenen Methoden zur Bestimmung der kohäsiven Festigkeit, muss 

jedoch bei der Charakterisierung der adhäsiven Eigenschaften berücksichtigt werden. Die hier 

dargestellten Ergebnisse zeigen, dass die Grenzfläche zwischen Kupfer und Polyimid weniger 

anfällig in Bezug auf Strahlenschädigung durch Synchrotronstrahlung ist. 

Unter Verwendung der vorgestellten, komplementären Analysemethoden können Modelle 

entwickelt werden, welche Versagensmechanismen in Dünnschichtsystemen auf 

Polymersubstraten beschreiben, und ihr Gültigkeitsbereich kann direkt überprüft werden. Auf 

diese Weise wird eine Beziehung zwischen dem Versagen der Schicht und der Änderung der 

biaxialen Spannung hergestellt. Diese Betrachtungen werden verwendet, um die kohäsive und 

adhäsive Festigkeit von Tantalschichten auf Polyimid zu beschreiben. Die Resultate können 

als Basis zur Erarbeitung von Methoden dienen, welche die Schadensanfälligkeit von dünnen, 

spröden Schichten reduzieren. 
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1 Introduction 

1.1 Motivation 

The functionality of many devices in modern technology relies on the application of thin 

layers and their mechanical integrity during service life. For example, protective coatings play 

an important role for reducing wear and corrosion in mechanical engineering [1-3]. The 

deposition of thin silicon oxide layers on polymers leads to a significantly reduced gas 

permeability and subsequently to their widespread use in food packaging applications [4]. 

Additionally, the functionality of many optical devices is based on the application of thin 

functional layers [5-6]. Insulating, dielectric, conducting, or semiconducting layers are 

fundamental components in microelectronics. A prominent example for the application of thin 

films, where high requirements with regard to functionality are combined with the necessity 

of high mechanical stability, is the fabrication of flexible and stretchable electronics, where 

the incorporated layers have to withstand high strains during bending and torsion [7-9]. For  

interconnects, which are basically composed of ductile metals like copper or aluminum, high 

local stress or strain may be accommodated by plastic deformation, while brittle 

semiconductor, isolating or diffusion barrier layers are prone to fracture, which may 

eventually lead to failure of the entire device. This gives rise to the motivation for 

understanding failure mechanics of thin brittle films and for elucidating possibilities to reduce 

their susceptibility to fracture or delamination. Tantalum is suited perfectly as a model system 

for studying failure of thin brittle films, since it is frequently applied in microelectronics as a 

barrier layer to prevent diffusion of copper into silicon [10-11], to enhance adhesion [12-13] 

and to reduce electromigration of the interconnect metal [14]. Additionally, Ta layers exhibit 

promising capabilities as hard and wear-resistant protective coatings [15]. Ta is a refractory 

metal with an atomic number of Z = 73. Since it is usually obtained as a crystalline material 

during sputter deposition, the intensity of diffracted X-rays is high. This provides the 

possibility to determine the lattice strain and the biaxial stress of a coating for very small 

thicknesses down to 20 nm during application of load. 

In the first part of this chapter basic concepts on thin film failure are introduced, where the 

role of stress transfer and stress distribution during fragmentation and a one-dimensional 

model for buckle formation are taken into account. After reviewing the current state of 

research, the aim and outline of this thesis is presented. Here, the necessity for establishing a 

correlation between fragment size and biaxial coating stress in order to describe and quantify 

cohesive and adhesive failure is highlighted. 
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1.2 Basic Concepts of Thin Film Failure 

1.2.1 Fragmentation 

During uniaxial loading of a thin brittle coating on a polymeric substrate, formation and 

growth of cracks perpendicular to the loading direction occurs at macroscopic strains ε larger 

than the strain at onset of fragmentation εon. As ε is increased, more and more cracks evolve, 

generating a statistic crack pattern. The location of newly formed cracks is determined on the 

one hand by the distribution and strength of defects, and on the other hand by the stress field 

within existing fragments, which by itself is defined by the stress transfer at the interface. 

The tensile stress distribution within a fragment can be described in a first approach by a one-

dimensional shear lag model, where stress transfer between the coating and the substrate is 

governed by the interfacial shear stress τ. In this section the special case of constant  

(|τ(x)| = τc = const.) and linear elastic (τ(x) ~ uc - us) shear stress transfer at the interface is 

examined. The results are used to elucidate the role of stress relaxation during formation of 

crack patterns. The line of argumentation in this section is based on Refs. [16-20]. 

A schematic representation of the model used for one-dimensional shear lag analysis is given 

in Figure 1.1, where a cross section of the fragment parallel to the xz-plane is observed. The 

loading direction corresponds to the x-direction, and the z-direction is parallel to the out-of-

plane extension of the film. It is assumed that the stress σ(x) is homogeneous through the film 

thickness and hence independent of the z-coordinate. Furthermore, the substrate is supposed 

to deform uniformly, which means that the strain εs of the substrate equals the 

Figure 1.1: By using a one-dimensional shear lag model the mechanism of stress transfer between the
substrate and a fragment of length L and thickness h can be illustrated. Coating stress σ(x) in tensile
direction arises due to the presence of interface shear stress τ(x). 

0-L/2 L/2 x

z
dx

σ(x) σ(x+dx)

τ(x)

h
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macroscopically applied strain ε at every point x. The fragment boundaries are stress free, and 

hence σ(x = ±L/2) = 0 holds. Stress transfer from the substrate to the coating is caused by the 

interface shear stress τ(x). Taking into account that the forces acting on a volume element of 

length dx and thickness h have to be balanced yields the condition 

( )xd
dx h

τσ
=

.
     (1-1) 

 

Constant shear stress transfer 

For perfectly plastic deformation of the substrate the shear stress transfer at the interface can 

be regarded as constant. A stress transfer zone and a region of constant coating stress have to 

be distinguished, which means that the function τ(x) is discontinuous. Denoting the 

displacements of coating and substrate by uc and us, it can be found that |uc(x)| < |us(x)| and 

sgn(uc - us) = -sgn(x) holds within the stress transfer zone. Hence, the shear stress τ(x) at the 

interface is given by 

( ) ( )sgn cx xτ τ= − ⋅ ,     (1-2) 

where τc is a constant, and eq. (1-1) can be rewritten as 

sgn( ) cxd
dx h

τσ − ⋅
=

.
     (1-3) 

Eq. (1-3) is only valid in the stress transfer zone of width ξc next to the fragment edges, where 

the tensile stress σ(x) is smaller than the homogeneous tensile stress of the non-cracked 

coating . In the region of constant tensile stress with |x| ≤ (L/2 - ξc), the displacement 

difference (uc - us) equals zero and, since sgn(0) = 0 and dσ/dx = 0 hold, it follows that  

σ(x) = const. = . The value of ξc can be obtained by integration of eq. (1-3) [4, 21]: 

c
c

hσξ
τ

= ⋅
.
     (1-4) 

With given values of τc and h, ξc depends only on the macroscopically applied strain ε via  

 = Ecε, where Ec is the Young’s modulus of the coating. The parameter ξc is often referred to 

as the stress transfer length or recovery length. 

In Figure 1.2 the distribution of tensile stress σ(x) is given for different macroscopic strains ε. 

The size of the region with constant stress  = Ecε decreases and the stress transfer length ξc 

grows with increasing strain ε. For ε = ε* the stress plateau disappears and σ(x) obtains its 

maximum at x = 0. Thus, a critical fragment length Lcr = 2 ξc(ε*) can be defined, where 

additional straining of the sample does not lead to further increase of tensile stress σ(x) in a 

fragment with L ≤ Lcr. 
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Linear elastic shear stress transfer 

The one-dimensional shear lag model for linear elastic shear stress transfer at the interface 

was first used by Cox [16] in order to quantify the distribution of tensile stress in a single 

fiber within composite structures. This model can be transferred straightforwardly to describe 

the stress distribution within a fragmented thin layer on a substrate (see e.g. [18]). The shear 

stress τ(x) at the interface is proportional to the difference of the displacements uc and us of 

coating and substrate: 

( ) ( ) ( )if c sx u x u xτ μ= −⎡ ⎤⎣ ⎦ ,
     (1-5) 

where the interfacial shear modulus is denoted by μif. Since a two-dimensional shear lag 

model is derived in chapter 3.1 in a similar way, only the resulting equation, which describes 

the distribution of tensile stress within a fragment, is given here (see e.g. Refs. [16, 18]): 

( )
cosh

1
cosh

2

el
c

el

x

x E
L
ξ

σ ε

ξ

⎛ ⎞⎛ ⎞
⎜ ⎟⎜ ⎟

⎝ ⎠⎜ ⎟= ⋅ −⎜ ⎟⎛ ⎞
⎜ ⎟⎜ ⎟⎜ ⎟⎝ ⎠⎝ ⎠ .

     (1-6) 

The stress transfer length 

c
el

if

E hξ
μ

=      (1-7) 

Figure 1.2: Tensile stress distribution σ(x) in a fragment of length L as a function of applied strain ε
for constant shear stress transfer at the interface (|τ(x)| = τc). 
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for linear elastic transfer of shear stress at the interface quantifies the size of the region near a 

fragment boundary, where σ(x) has recovered 1 - 1/e = 63% of the stress of a non-cracked 

coating. For a fragment with length L the tensile stress distribution σ(x) is illustrated in Figure 

1.3 for different applied strains ε. Depending on the ratio ξel/L, the σ(x) vs. x curves may 

obtain a plateau of tensile stress with σ(x) = Ecε in the center of the fragment (ξel << L), or σ(x) 

may simplify to a parabola, and a plateau of stress cannot be observed (ξel >> L). In contrast 

to the case of constant stress transfer at the interface, the increase of coating stress dσ/dx 

within the recovery length ξel depends on the applied strain ε, whereas ξel is only determined 

by the film thickness h and the elastic properties of coating and interface, and is independent 

of the macroscopic strain ε. 

 

Fragmentation of a coating during uniaxial loading 

The mechanism for the successive development of crack patterns during application of 

uniaxial load is described following the explanations of Curtin [17], where the interfacial 

shear stress is taken as constant (|τ(x)| = τc). In this case, the tensile stress σ(x) increases 

linearly with increasing distance from the fragment edges. If the fragment is larger than the 

length L = 2 ξc(ε), a plateau of tensile stress with σ(x) = Ecε =  exists in the interval  

|x| ≤ (L/2 - ξc). In brittle films cracking is initiated at randomly distributed defects, where an 

individual fracture strength σf can be attributed to every defect. As soon as the local stress σ(x) 

Figure 1.3: Distribution of tensile stress σ(x) in a fragment of length L as a function of applied strain
ε. For the calculation of the curves linear elastic shear stress transfer at the interface (τ(x) ~ (uc - us)) 
was assumed, and the value ξel/L = 0.1 was taken. 
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exceeds the defect strength σf, cracking of the coating occurs. Figure 1.4 illustrates the 

relation between crack formation and stress distribution σ(x). The five defects 1, …, 5 in the 

coating fail at tensile stresses σ1 < σ2 < σ3 < σ4 < σ5. During tensile testing the successively 

increasing strain ε is applied to the sample. 

As the stress  = Ecε for the non-cracked coating reaches σ1, fragmentation occurs at defect 

no. 1. Within a range of ξc(σ1) next to the crack the tensile stress relaxes. For ε = σ2/Ec a 

second crack develops at x = x2. However, cracking does not occurs for ε = σ3/Ec, although for 

a non-cracked coating the applied stress would exceed the strength of defect no. 3. Since this 

defect is located within the recovery length of defect no. 2, the local tensile stress σ(x3) is 

smaller than σ3. Even as the applied strain is increased to ε = ε4 and ε = ε5, the local tensile 

stress at defect no. 3 is constant, which means that the defect remains uncritical. After 

Figure 1.4: Tensile stress distribution σ(x) during thin film fragmentation, which is induced by 
application of the macroscopic strain ε. Defects with fracture strengths σf = σ1, …, σ5 are randomly 
distributed in the coating. Due to stress relaxation near cracks the local stress at a defect may never
exceed its fracture strength, and for the strain ε ≥ ε5 the fragment size distribution attains a stationary 
state. 
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exceeding ε5 further fragmentation of the coating is prevented, since any defect with a fracture 

strength σf > σ5 is located within the recovery range of already existing cracks. The fragment 

size distribution attains a stationary state, where the maximum fragment length is given by  

L = 2 ξc(σ5). For linear elastic shear stress transfer at the interface the stress distribution σ(x) 

can be calculated with eq. (1-6). For this case the value of dσ/dx in the stress recovery zone 

increases with increasing applied strain ε. Consequently, defect no. 3, which is stable for 

constant interface shear stress, may get subsequently critical for the case of linear elastic 

stress transfer, which means that a stationary fragment size is not achieved in this case. Note, 

however, that localization of substrate strain may occur in real systems at high macroscopic 

strains, where plasticity and viscoelasticity may play a role (see chapter 5). This effect also 

contributes to the relaxation of coating stress in tensile direction. Hence, a stationary mean 

fragment size may be also achieved for systems, which are initially characterized by linear 

elastic stress transfer at the interface. 

 

1.2.2 Buckling 

In a conventional approach for the description of adhesive coating failure, a one-dimensional 

blister model is taken into account, where the layer is treated as a plate with clamped edges, 

and the von Karman nonlinear plate theory is applied. The remarks given in this section are 

taken from Refs. [22-24]. 

The geometry of a one-dimensional buckle model is illustrated in Figure 1.5. A film with the 

thickness h is rigidly clamped to the substrate at y = ±a/2. The compressive stress σy, which is 

Figure 1.5: Buckling of a thin film is described by taking into account a one-dimensional model, 
where a buckle of width a forms due to the presence of compressive stress σy in y-direction. The film 
of thickness h is regarded as rigidly clamped at y = ± a/2. 
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applied in y-direction, leads to buckling of the coating in z-direction, where the deflection is 

denoted by w(y). The two-dimensional equation of equilibrium for a plate with the lateral load 

p and the forces Nx, Ny and Nxy per unit length acting on the middle plane of the plate is [25]: 
4 4 4 2 2 2

4 2 2 4 2 2

12 2x y xy
w w w w w wp N N N

x x y y D x y x y
⎛ ⎞∂ ∂ ∂ ∂ ∂ ∂

+ + = + + +⎜ ⎟∂ ∂ ∂ ∂ ∂ ∂ ∂ ∂⎝ ⎠ ,
     (1-8) 

where 

( )
3

212 1
cE hD

v
=

−
     (1-9) 

is the flexural rigidity of the plate. Taking into account that the deflection w is not a function 

of the x-coordinate for the one-dimensional buckling model, and that the lateral load is 

equivalent to zero, eq. (1-9) simplifies to 
4 2

4 2 0yhw w
y D y

σ∂ ∂
− =

∂ ∂ .
   (1-10) 

Here, the force per unit length was substituted by Νy = σy·h, since Νy is independent of y [23]. 

For a clamped plate the boundary conditions w(y = ±a/2) = dw/dy(y = ±a/2) = 0 hold. A 

suitable ansatz for eq. (1-10) is given by 

( ) 0 21 cos
2
w yw y

a
π⎛ ⎞= +⎜ ⎟

⎝ ⎠ .
   (1-11) 

The critical compressive stress σc, which is required to induce a buckle in a film with a 

debonded zone of size a, is calculated by determining the nontrivial solution of eq. (1-10). 

This yields 

( )
222

2 2

4
3 1

c
c

c

ED h
a h a

ππσ
ν

⎛ ⎞= − = − ⋅⎜ ⎟− ⎝ ⎠ .
   (1-12) 

For σy < σc the film is unbuckled. The deflection amplitude w0 for σy > σc is given by 

( ) ( )
2 2

2
0 2

4 1 c
y c

c

a
w

E
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σ σ
π

−
= ⋅ −

,
   (1-13) 

and, taking into account the released edge force due to buckling, the interface energy release 

rate is [24]: 

( ) ( )( )
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σ σ σ σ
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1.3 Current State of Research 

In this work tantalum layers on polyimide substrates are used as a model system to investigate 

cohesive and adhesive failure of thin brittle films during application of uniaxial load. The 

thermodynamically stable α-phase of Ta is body-centered cubic. The metastable tetragonal  

β-Ta is obtained frequently during sputter deposition or electrodeposition. Moseley and 

Seabrook [26] proposed that β-tantalum is isomorphous to β-uranium, while single-crystal  

X-ray diffraction performed by Arakcheeva et al. [27] suggested space group 42  rather 

than P42/mnm. The presence of oxygen-containing impurities plays an important role for the 

nucleation and growth of β-Ta during sputter deposition [28]. Growth of the α-phase is 

promoted by increasing the adatom energy, which can be achieved by raising the substrate 

temperature [29] or by biasing the substrate [15]. Additionally, crystallinity and orientation of 

the substrate surface may offer energetically preferred nucleation sites and promote epitaxial 

growth [30-31]. Phase transformation from the β- to α-phase occurs at temperatures between 

300°C and 400°C, where oxygen impurities within the Ta layer or the presence of oxygen in 

the atmosphere cause a significant increase of the transition temperature [32]. Clevenger et al. 

reported transformation temperatures from 600°C to 800°C, which depend on the deposition 

technique, the deposition pressure, and substrate biasing [33]. 

Up to now, the cohesive properties of Ta coatings were determined essentially by indentation 

methods, where it was pointed out that the hardness of β-Ta is significantly higher compared 

to α-Ta, while β-Ta is inherently brittle and α-Ta has certain ductility [34]. Hardness 

measurements revealed that the Vickers hardness of β-Ta layers on steel substrates decreases 

significantly from 1500 to 400 between 250°C and 300°C indicating the phase transformation 

from the β- to α-phase [35]. Scratch tests were performed to characterize the adhesion of  

α- and β-Ta layers on steel substrates, which showed that the critical tip load for delamination 

was generally higher for the α-phase compared to the β-phase, and that the different 

morphology of the scratch trace reflects the ductility of α-Ta and the brittleness of β-Ta [29]. 

Although indentation is a valuable tool for characterizing the cohesive strength of coatings on 

hard substrates, it becomes unfeasible for stiff films on compliant polymeric substrates, since 

the substrate dominates the overall stress-strain response, and time-dependent deformation of 

the substrate may become an important issue. Additionally, there is the motivation to describe 

material properties in thin film systems in terms of established parameters like fracture 

strength and fracture toughness. Although many investigations were performed to quantify the 

fracture toughness of thin films, a standardized method is not yet established. A critical 

review on toughness measurements for thin films was given by Zhang et al. [36], who pointed 
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out that the methods can be divided into stress-based and energy-based approaches. Within 

the stress-based approach, the critical load for failure at a pre-existing crack is examined. For 

AlTa coatings Xiang et al. obtained a plane-stress fracture toughness of 4.44 MPa m1/2 by 

bulge testing of rectangular membranes, where a pre-crack was inserted by using a focused 

ion beam [37]. Although these methods are straightforward and directly correlated to the 

classical understanding of fracture toughness, namely critical crack growth at a defined, pre-

existing flaw, Zhang et al. [36] pointed out that precise quantification of the geometry, i.e. 

crack length, sharpness of the pre-crack and sample dimensions, is not trivial for small-scale 

specimen, which induces a considerable error of the measured toughness. Therefore, energetic 

approaches, where the energy of the system before and after film fragmentation is considered, 

appear to be advantageous. Fundamental studies on channeling cracks in fully and partially 

cracked films were performed by Beuth [38], who stated that the mode I energy release rate of 

steady-state channeling cracks GBeuth is given by 

( )
2

,
2Beuth

c

hG g
E

π σ α β=    (1-15) 

with the film stress σ and the film thickness h. The plane strain tensile modulus of the coating 

and substrate is given by  = Ei / (1 - νi
2) with i = c, s. The function g(α, β), which is a 

dimensionless integral of the crack opening displacement, depends on the Dundurs parameters 

α and β, which are equivalent to 
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   (1-16) 

where the shear modulus is given by μi. Xia and Hutchinson [39] introduced a reference 

length 

( ),
2XHl g hπ α β=

,
   (1-17) 

which describes the exponential decay of stress near a crack. For the shear lag model with 

linear elastic stress transfer at the interface (see section 1.2.1), which was first applied by Cox 

to describe the stress distribution in fibers for composite materials [16], the function σ(x) can 

be approximated by an exponential function for L >> ξel, and hence the parameters lXH and ξel 

can be regarded as equivalent. Xia and Hutchinson also considered multiple crack geometries 

and found that the energy release rate is reduced, if an array of parallel cracks is channeling 

simultaneously or, to an even larger extend, sequentially. The calculations by Beuth as well as 
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Xia and Hutchinson are based on linear elastic mechanical response of the coating and 

substrate. Highlighting the application of thin silicon oxide layers on polymeric substrates as 

oxygen-barrier coatings, Leterrier et al. performed intensive studies on crack evolution during 

application of load [4, 21, 40-41]. They determined the interfacial shear strength by 

monitoring the crack distance as a function of applied strain using in situ microscopy [40], 

and the fracture toughness of the coating by finite element modeling of cracking and 

decohesion [42]. Note that a comprehensive review on different modes of thin film failure 

was given by Hutchinson and Suo [22]. Handge et al. analyzed the fragmentation behavior of 

polymer coatings for nonlinear stress transfer at the interface [18, 43], and highlighted that a 

general description for interface shear stress transfer is given by 
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   (1-18) 

where γ denotes the difference of the displacements for coating and substrate uc and us: 

( ) ( )c su x u xγ = − .   (1-19) 

τc, μif and B are positive constants. The parameter m quantifies nonlinearity of the shear stress-

strain relation. The parameters m = 0 and m = 1 correspond to the cases of constant and linear 

elastic shear stress transfer, which were described in the previous section. Increasing values of 

m lead to an increasing width of the normalized fragment length distribution. In addition, both 

the nonlinearity parameter m and the Weibull exponent w, which describes the failure strength 

distribution of the coating, are reflected in the relation between the mean fragment length <L> 

and the applied strain ε, where <L> ~ ε-κ holds. Within the first regime of the fragmentation 

process κ is equal to w, whereas κ = mw / [(m + 1)w + 1] holds in the second cracking stage. A 

power-law dependence of the fragment size as a function of the applied strain was also found 

for fragmentation under biaxial tension, where the value of the exponent depends on the 

disorder, i.e. the relative width of the strength distribution [44-45]. 

The cited approaches contributed significantly to an increased understanding of thin film 

fracture mechanics. However, the appropriate description of elastic-plastic materials with 

time-dependent deformation behavior may become an issue, which is the case particularly for 

polymers. In addition, propagation of the crack into the substrate [22] and edge delamination 

[22, 46] may play a role, and hence it is often not clear which assumptions are appropriate in 
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order to keep the model simple enough for characterization of material properties but still 

include the necessary characteristics of the material system. 

Adhesive failure of thin films, which is represented by buckle formation and delamination, 

may be induced, if at least one component of in-plane compressive stress is applied to the 

coating. For example, wrinkling of carbon layers on glass due to high internal stresses was 

reported by Weissmantel et al. [47] and Matuda et al. [48]. By using nickel or tantalum layers 

on polyimide substrates, George et al. [49] and Heinrich et al. [50] observed that buckle 

formation is also a relevant mode of coating failure during uniaxial tensile tests. By using a 

model of a straight-sided blister and applying plate theory, Hutchinson developed an approach 

to determine the energy release rate for propagation of an interface crack during delamination 

[24]. The resulting equation is given in the previous section. A comprehensive study on 

buckle formation and growth under equi-biaxial compressive stress was presented in the 

review paper of Hutchinson and Suo [22]. A similar approach was proposed by Gille and Rau 

[51], who developed a method to determine the internal coating stress and adhesion energy as 

a function of wrinkle geometry. Cordill et al. used post mortem atomic force microscopy to 

determine the buckle geometry and, by applying a one-dimensional buckle model, to quantify 

the adhesion energy of chromium layers on polyimide substrates [52]. In the framework of 

these models the buckled section of a coating was regarded as a rigidly clamped plate. This 

approximation is well valid, if the ratio between the Young’s moduli of the film and the 

substrate does not exceed values of approximately 3 [53]. For more compliant substrates the 

energy release rate during buckling-driven delamination is significantly larger. For ITO 

coatings on PET, where the stiffness ratio is around 60, it was found that the delamination 

energy obtains values, which are approximately 7 times higher, if substrate compliance is 

taken into account in the determination method [54]. It was also shown by finite element 

calculation that the critical stress for buckling decreases significantly, while the wrinkle 

height increases, if the substrate is very compliant compared to the film [55-56]. 

Instability formation due to the existence of compressive stress may not only lead to buckling-

driven delamination, but also to wrinkling of the coating without debonding. Wrinkle 

formation may occur, if the stiffness of the substrate is a few orders of magnitude lower than 

the stiffness of the coating. For example, this effect was observed for gold layers on PDMS, 

where it was also elucidated that the instability patterns can be oriented in a controlled way by 

creating relief structures on the substrate surface [57]. A mechanical description for wrinkle 

formation without delamination is given in Ref. [58]. Wrinkling may be also observed for 

elastic films on viscous substrates [59-60]. 
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1.4 Aim and Outline of the Thesis 

In order to investigate the cohesive and adhesive properties of thin brittle coatings on 

compliant polymeric substrates, a model system is used, which consists of α- and β-tantalum 

layers on the commercially available polyimide substrates Kapton® HN and Kapton® E 

(DuPontTM). Using stripe-shaped samples, mechanical tests are performed in a uniaxial tensile 

test geometry combined with in situ microscopy, topography analysis or synchrotron X-ray 

diffraction. In situ scanning electron and light microscopy reveals that application of uniaxial 

load leads to the successive formation of cracks perpendicular to the loading direction and to 

buckling of the film at larger strains (Figure 1.6). The formation of buckles indicates the 

development of compressive stress in transverse direction, which is also confirmed by 

Figure 1.6: In situ scanning electron microscopy was performed to investigate failure of thin tantalum
layers on polyimide substrates (here: 200 nm β-Ta / Kapton® HN). Application of uniaxial load leads 
to the formation of parallel cracks, which are oriented perpendicular to the loading direction, and at
larger strains to buckling of the coating. 
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synchrotron-based stress analysis. This behavior is not intuitive, since Poisson effects are not 

significant for the material system under investigation. By extending the shear lag model of 

Cox [16] to two dimensions, an explicit solution for the biaxial stress field in a fragment is 

obtained. The two-dimensional shear lag model is capable of reproducing the stress-strain 

curves, which were obtained by synchrotron X-ray diffraction. This provides an alternative 

procedure for determining the residual coating stress, which is not accessible by using 

conventional methods for the investigated samples. In addition, the model serves as a basis for 

calculating the energy release rate and the mode I fracture toughness. The combined approach 

of using data from in situ fragmentation tests and synchrotron X-ray diffraction provides the 

possibility to check the conditions of validity for the model directly. This method is applied to 

investigate the influence of the crystallographic phase on the cohesive properties, i.e. the 

fracture strength and the fracture toughness, of thin Ta layers. Nanoindentation and scratch 

tests already revealed ductile deformation during failure of α-Ta layers, while β-Ta films are 

inherently brittle. Based on the experiments presented in this theses and the calculated 

fracture toughness, this relationship is confirmed quantitatively. Additionally, the effect of the 

different substrate quality for the polyimide foils Kapton® E and Kapton® HN is examined. 

The results may be used to derive methods for reducing the susceptibility to fracture in thin 

film systems. 

The formation of buckles and localized deformation of the substrate violate the boundary 

conditions of the two-dimensional shear lag model. In order to obtain an appropriate 

description of the stress field in the coating over a large range of applied strain, a finite 

element model is introduced. The local geometry of the model at the film cracks, where 

localized yielding and necking of the substrate may occur, is an important feature, since it 

influences the calculated stress-strain response of the coating significantly. This aspect was 

investigated by analysis of cross sections of fragmented layers using focused ion beam milling 

and scanning electron microscopy. The driving force for buckling is given by relaxation of 

strain energy, which takes place not only in the buckled section, but also within the stress 

relaxation zones in the adjacent part of the coating. This relation is confirmed by the 

reversible formation of undulations at fragment edges prior to buckling and by the fact that 

buckling gives rise to significant relaxation of the mean coating stress in transverse direction. 

By using an elastic-plastic material model to describe the stress-strain response of the 

substrate, a qualitative correlation can be achieved between the biaxial stress-strain curves of 

the coating, which were calculated by finite element analysis and determined experimentally 

using synchrotron X-ray diffraction. However, corrections for time-dependent deformation 
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and curvature of the substrate have to be taken into account in order to achieve a quantitative 

match. The finite element model is applied for determining the strain energy density in a 

fragment and the substrate, which is used to calculate the energy release rate for propagation 

of an interface crack during delamination. The interface energy release rates, which are 

determined in this work, do not agree well with reference values of the adhesion energy taken 

from literature. A major source of error may be introduced by the fact that the differential 

change of energy during instability formation is not considered in the finite element model. 

Although the obtained values of the interface energy release rate may not represent the 

adhesion energy appropriately, the considerations on the buckling process provide 

experimental evidence for limitations of current models, which are applied in order to 

quantify the adhesion energy of stiff films on compliant substrates. In addition, an approach 

for refinement is given, which may find application and further development in future work 

on the adhesive properties of thin coatings. 

Cohesive and adhesive failure of thin films is influenced by the properties of the interface 

between the coating and the substrate. It is revealed that introducing a Cu interlayer leads to a 

slight decrease of fracture strength for Ta coatings, but increases their resistance to buckling. 

In addition, the susceptibility to irradiation damage during synchrotron X-ray diffraction is 

reduced significantly. The studies on cohesive failure are extended to Cu/Ta multilayers on 

polyimide, which reveals that smooth multilayer systems generally fail by crack propagation 

through the entire multilayer. Catastrophic failure of the multilayer stack may be retarded in 

irregularly layered structures by crack deflection. 

Heinrich et al. [50] pointed out that a method to fabricate nanoplatelets is given by 

fragmentation of thin brittle films on compliant substrates during uniaxial loading. In this 

work platelets were produced by sequential bending of quadratic samples in two orthogonal 

directions, and experimental results with respect to fragment size, size distribution and aspect 

ratio are presented. This approach may be easily upscaled to produce rectangular 

nanoplatelets in large quantities, and it can be also applied to fabricate nanoplatelets 

composed of ductile metals. 
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In summary, the thesis is outlined as follows: 

 

• Fabrication and characterization of samples, description of experimental techniques and 

data analysis 

• Derivation of a two-dimensional shear lag model to calculate the stress field in a 

fragmented thin film, description of a finite element model, which is used to determine the 

stress field in coatings after onset of buckling 

• Characterization of the cohesive properties by performing in situ fragmentation tests and 

synchrotron X-ray diffraction, which reveal the fracture strength and fracture toughness as 

a function of film thickness, crystallographic phase of the layer and substrate quality 

• Influence of nonlinear stress-strain response of the substrate on the failure behavior, 

quantitative analysis of irradiation damage during in situ synchrotron X-ray diffraction 

• The formation of undulations and buckles as a mechanism for the relaxation of transverse 

compressive stress, a new approach for determining interface energy release rates during 

buckling-induced delamination and its limitations 

• Influencing the mechanical properties of the interface between coating and substrate by 

introduction of a Cu interlayer and its effects on cohesive and adhesive strength, failure of 

Cu/Ta multilayer systems 

• Summarizing and concluding discussion 

 

A method for the fabrication of nanoplatelets by fragmentation of thin brittle films on 

polymeric substrates is presented in the appendix. 
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2 Experimental Setup and Data Evaluation 

2.1 Sample Fabrication 

Tantalum thin films were fabricated by magnetron sputter deposition (PVD Products, base 

pressure ≈ 10-10 bar) using polyimide sheets as substrates (Kapton® E, thickness: 50 μm, and 

Kapton® HN, thickness: 125 μm, DuPontTM). Taking into account the curvature of the 

samples, it could be observed that transition from tensile to compressive residual stress, which 

prevents premature damage of the layer, was achieved by variation of Ar pressure from 

2.6·10-6 bar to 1.3·10-6 bar, using a power of 150 W. The average sputter rate was 11 nm/min. 

The substrate was rotated during deposition in order to achieve a homogeneous film thickness 

and to prevent in-plane texturing. The stripe-shaped samples used for tensile testing were cut 

from the coated substrate sheets with a scalpel. 

 

2.2 Crystallographic Phase and Texture 

Quantitative phase and texture analysis was performed by multiaxial X-ray diffraction (X’Pert 

Pro, PANalytical) using Cu Kα radiation (λ = 1.54·10-10 m) [61]. In order to monitor the  

β-(002) and the α-(110) peaks, a series of Bragg-Brentano scans with 31° ≤ 2θ ≤ 41° and an 

angle increment of 0.02° was performed, where the angle ψ was successively varied from 0° 

to 20° with an increment of 1°. In Figure 2.1 the multiaxial XRD scans for α-rich Ta and β-Ta 

films with thicknesses of 50 nm are given as examples. The β-(002) and α-(110) peaks were 

fitted by Pearson VII functions [62], taking into account a linear background, and the integral 

I(ψ) of the peaks was evaluated. The measured values of I(ψ) were fitted by a Gaussian 

function with respect to ψ. In order to avoid contribution of the β-(202) and the β-(212) peaks, 

the values I(ψ) < 1/3 Imax were excluded from the Gaussian fit for the α-(110) peak. 

Integration of the Gaussians with respect to ψ yields the total integrated intensities Iα and Iβ of 

the α-(110) and β-(002) reflections, where the relation between Iα, Iβ and the volume fractions 

cα, cβ is given by 

I R c
I R c
α α α

β β β

=      (2-1) 

and 
2

2 2
, ,2 2

1 1 cos 2
sin cos

iM
i hkl i hkl i
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R F p eθ
υ θ θ

−+
=      (2-2) 
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with the volume of the unit cell υi of phase i, the structure factor Fhkl,i of the hkl reflection, the 

multiplicity factor phkl,i, the Lorentz-polarization factor (1 + cos2 2θ) / (sin2 θ cos θ) and the 

atomic displacement factor exp(-2Mi) [63]. Since only the diffracted intensity around ψ = 0° is 

taken into account (and not, for example, the intensity around ψ = 60° for the α-(110) peak), 

p110,α = p002,β = 2 holds. The unit cell volume υα and υβ was taken from Refs. [27, 64]. The 

structure factors F110,α and F002,β were calculated taking into account the atomic scattering 

factor f for Ta as given in the International Tables of Crystallography [65]. For determination 

of F002,β the β-Ta structure with space group 42  as proposed by Arakcheeva et al. was 

implemented [27]. It is assumed that the difference of the atomic displacement factors for the 

α-(110) and β-(002) reflections is negligible. Hence, the volume fractions cα and cβ are 

calculated using eqs. (2-1), (2-2) and the relation cα + cβ = 1. 

The results of quantitative phase and texture analysis using multiaxial X-ray diffraction are 

given in Table 2.1 for all investigated samples. The samples labeled β-Ta / Kapton® HN 

Figure 2.1: Quantitative phase and texture analysis of the coatings was performed by multiaxial X-ray 
diffraction, where a series of θ-2θ scans with varying ψ angle were carried out. In the example given 
here the films are α-Ta rich on Kapton® E (left) and β-Ta on Kapton® HN (right) with a film thickness 
of 50 nm. While the β-Ta film appears to be single phase, the presence of the β-(002) peak reveals that 
the α-Ta rich sample also contains a certain percentage of β-Ta. A fiber texture exists for grains 
of both crystallographic phases, where α-Ta is (110) fiber textured and β-Ta is (001) fiber textured. 
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consist almost exclusively of β-Ta. In contrast, the α-Ta / Kapton® E and α-Ta / Kapton® HN 

samples are α-Ta rich, but contain small volume fractions of β-Ta (0.05 ≤ cβ ≤ 0.15). 

Assuming a maximum inaccuracy of 10% for the integrated intensities Iα and Iβ, the error of 

cα and cβ is in the range of 0.01 to 0.02. The deviation from ideal (110) fiber texture for α-Ta 

and (001) fiber texture for β-Ta is listed in Table 2.1 as the full width of half maximum of the  

I(ψ) - curve. Texture deviation for α-(110) grains is slightly larger than for β-(001) oriented 

grains. Film thickness dependence of either the texture deviation or phase composition cannot 

be identified within experimental accuracy. 

 

Table 2.1: Description of the samples, which were used for mechanical testing. For the tantalum 
layers on polyimide substrates the volume fraction of α- and β-Ta and the deviation from ideal α-(110) 
and β-(001) fiber texture were analyzed by multiaxial X-ray diffraction. The texture deviation is given 
as the full width at half maximum of the I(ψ) curves (see text for details). 

film thickness  
[nm] 

volume fraction  [-] texture deviation  [°] 
α-Ta β-Ta α-Ta β-Ta 

α-Ta / Kapton® E 
20 0.95 0.05 22.3 14.4 
50 0.91 0.09 22.0 16.0 
100 0.89 0.11 21.1 16.3 
200 0.94 0.06 24.8 19.3 

α-Ta / Kapton® HN 
50 0.95 0.05 22.0 12.3 
100 0.85 0.15 18.3 13.6 
500 0.93 0.07 15.5 12.2 

β-Ta / Kapton® HN 
20 0.00 1.00 - 21.7 
50 0.00 1.00 - 16.3 
100 0.00 1.00 - 20.8 
200 0.00 1.00 - 12.0 
500 0.02 0.98 15.3 6.9 

 

Previous studies showed that the crystallographic phase of magnetron sputtered Ta layers is 

determined by the level of oxygen impurities within the sputter gas atmosphere [28], 

crystallographic relations at the interface [30-31], and the energy of adatoms, which can be 

controlled for example by substrate temperature [29]. During fabrication of the samples the 

sputter power, argon pressure, distance between target and substrate, and the initial 

temperature were kept constant, and the substrate bias was equal to zero. Hence, the presence 

or absence of the α-Ta phase in the samples cannot be related to changes in adatom energy 

during the nucleation stage. In addition, epitaxial relations at the interface or energetically 

preferred nucleation sites are not expected, as the polyimide substrates are amorphous. The 
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polyimide substrates are hygroscopic, and although thermal treatment or storage in a 

desiccator reduces contamination, water vapor may be continuously released during the 

sputtering process. Since the level of impurities is the factor which is most difficult to control 

for the used materials, the presence of oxygen or water in the sputter atmosphere is regarded 

as the key parameter determining the crystallographic phase of the Ta coatings. Studies by 

Schauer and Peters revealed that β-Ta is formed predominantly during the nucleation stage, 

while the volume fraction of α-Ta increases continuously with increasing film thickness [28]. 

They attributed this behavior to the decreasing concentration of impurity atoms during the 

sputtering process. The absence of film thickness dependence for the phase composition of 

the samples listed in Table 2.1 is not contradictive to the results of Schauer and Peters, since 

the polyimide substrate may continuously release impurities during sputtering. Chen et al. 

also observed uniform phase composition of Ta layers throughout the film thickness by small-

angle X-ray diffraction [30]. In the present work X-ray diffraction with small angle of 

incidence ω was not performed, since the existence of crystallographic texture leads to 

intensity change or disappearance of relevant peaks as soon as ω ≠ θ, which may lead to 

misinterpretation of the experimental results. It could be discussed if the crystallographic 

phase of the samples is determined by minor variations of Ar pressure pAr below the detection 

limit of the sputtering system, where β-phase formation would be expected at higher pAr due 

to the lower adatom energy. Since the applied Ar pressure is very close to the transition 

pressure between compressive and tensile residual stress, minor deviations of pAr would have 

a significant influence on the residual stress. Since non-systematic variations of σres as a 

function of film thickness (see Figure 4.5) cannot be observed within one batch of samples, it 

can be concluded that inaccuracy of argon pressure during deposition is not significant. 

Multiaxial X-ray diffraction reveals that the deviation from the ideal fiber texture is larger for 

the α-phase than for the β-phase. For quantitative phase analysis the entire peak integrated 

with respect to 2θ and ψ has to be taken into account. Using only θ-2θ scans at ψ = 0° for 

quantitative phase analysis of textured films would lead to incorrect results. Lopata and Kula 

proposed integration over the whole pole figure and random rotation of the specimen in the  

X-ray beam to overcome this problem [66]. This approach is problematic for the samples 

listed in Table 2.1, since the (202)- and (212)-peaks of the β-phase, which are present at an 

angle of ψ = 27.5° and ψ = 30.2° for (001)-textured β-Ta, would be misinterpreted as 

contribution to the α-(110) peak. Note that different multiplicity factors p for the α-(110) and 

β-(002) reflection must be taken into account in eq. (2-2), when the diffracted intensity is 

integrated over the whole pole figure. 
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2.3 Microstructure 

Microstructural analysis of the samples was carried out by transmission electron microscopy, 

where α- and β-Ta layers with thicknesses of 50 nm were used. For grain size analysis the 

dimensions of 250 to 350 individual grains were taken into account. The microstructure of the 

layers does not differ significantly for the different phases of Ta (Figure 2.2). With regard to 

the in-plane dimensions the grains are generally equiaxed, where the mean in-plane grain size 

is (14 ± 4) nm for α-Ta / Kapton® E, (14 ± 5) nm for α-Ta / Kapton® HN and (11 ± 4) nm for 

β-Ta / Kapton® HN. 

 

Figure 2.2: The microstructure of α- and β-Ta layers with thicknesses of 50 nm on Kapton® E 
and Kapton® HN substrates was investigated by transmission electron microscopy. With respect to the 
in-plane dimensions the grains are equiaxed, and the grain size does not vary significantly for the
different Ta phases and substrates. 

α-Ta / Kapton® E

α-Ta / Kapton® HN

β-Ta / Kapton® HN

100 nm
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2.4 In Situ Observation of Thin Film Failure 

Thin film failure was investigated by monitoring the sample surface with a confocal light 

microscope (Witec CRM200) or a scanning electron microscope (FEI Quanta 200 F) and 

simultaneous stepwise or continuous loading of the sample, which was mounted to a tensile 

stage (Kammrath & Weiss). A schematic illustration of the experimental setup during in situ 

tensile testing is given in Figure 2.3. Based on the microscope images, linear analysis was 

performed with a MATLAB routine [67] in order to determine the mean crack distance <L> 

and the mean buckle distance <db>, where the number of intersections between cracks or 

buckles and perpendicular lines was considered. Exact values of the macroscopic strain were 

determined by analyzing the distance of black markers on the sample surface using a custom 

made MATLAB code [68]. In situ analysis of the sample topography for stepwise uniaxial 

loading was performed by white light interferometry (Zygo NV 5020).  

 

2.5 Stress Analysis by Synchrotron X-ray Diffraction 

A synchrotron-based method for in situ lattice strain measurement and determination of the 

biaxial coating stress during uniaxial tensile testing was developed by Bohm et al. [69]. This 

technique was transferred to the X04SA beamline of the Swiss Light Source of the Paul 

Scherrer Institute, Villigen, Switzerland [70]. The high brilliance of the Swiss Light Source 

allows, in combination with the massively parallel X-ray detection and fast readout of the 

Figure 2.3: Schematic representation of the experimental setup for in situ tensile testing. Uniaxial
load is applied to the stripe-shaped samples. Simultaneously, light microscopy, scanning electron 
microscopy or white light interferometry is performed. The macroscopic strain is determined by 
monitoring the displacement of markers. 
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Mythen microstrip detector modules, the investigation of very small sample volumes [71-72]. 

The experimental setup was described in Ref. [73] and is illustrated in Figure 2.4. A tensile 

stage (Kammrath & Weiss, Dortmund, Germany) was mounted in the center of the 

goniometer with the incident X-ray beam being oriented perpendicular to the sample surface. 

Experiments were performed using beam energies of 6.55 keV and 17.5 keV. Both energies 

are suitable for α-Ta films with (110) fiber texture and β-Ta layers with (001) fiber texture, if 

a certain deviation from the ideal texture exists. Since the photon flux of the synchrotron 

source is several times higher at 17.5 keV compared to 6.55 keV, the experiments were 

performed preferentially at this energy. As calibration substances W powder was used for the 

beam energy 17.5 keV and Zr powder for 6.55 keV, which were dispersed in vacuum grease 

and applied to the sample backside. The powder particles yielded a reference spectrum, which 

was free of stress-induced peak shift. The diffracted intensity in loading direction was 

monitored using a microstrip detector array. In transverse direction, the peaks used for lattice 

strain measurement and calibration were monitored with a single microstrip detector module. 

The sample was either loaded stepwise, or strain was applied continuously, where the 

crosshead speed was between 0.3 μm s-1 and 9 μm s-1, which corresponds to strain rates of 

Figure 2.4: In situ tensile tests with synchrotron X-ray diffraction were performed at the Swiss Light 
Source, PSI Villigen, Switzerland. By measuring the half axes of the distorted Debye-Scherrer-Ring in 
loading (detector array) and transverse (microstrip module) direction, the change of biaxial stress is 
determined as a function of the macroscopically applied strain. 
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approximately 7·10-6 s-1 to 2·10-4 s-1. A readout procedure of the microstrip detectors was 

performed after every strain step or, for continuous loading, in sequence, and a high-

resolution image was taken with a SLR camera (Nikon D80, 200 mm NIKKOR macro 

objective) for macroscopic strain determination. Automatic analysis of the diffraction data 

was performed using a custom made MATLAB program. The relative lattice strain was 

evaluated taking into account the shifts of the (110) peak for α-Ta at 6.55 keV and 17.5 keV, 

the (411), (331) double peak for β-Ta at 6.55 keV, and the (410), (330) double peak for β-Ta 

at 17.5 keV, where the position of the (110) peak for α-Ta was determined by least squares 

fits with a Gaussian, and the sum of two Gaussians with fixed distance and equivalent width 

was used to fit the (410), (330) and (411), (331) double peaks of β-Ta. Due to experimental 

issues such as sample misalignment, the first measurement of a load cycle can be of poor 

quality. Thus, the initial peak position was extrapolated from the linear elastic regime. 

The components Cij of the stiffness matrix are unknown for the tetragonal β phase of 

tantalum. In order to calculate the biaxial coating stress based on the shift of the β-Ta (410) 

peak, a calibration procedure was performed using mixed-phase Ta layers. In Figure 2.5 the 

diffraction angle 2θ110,α of the α-(110) plane is plotted versus the diffraction angle 2θ410,β of 

the β-(410) plane for every strain step within the regime of linear elastic deformation. A linear 

correlation 

110, 1 410, 22 2A Aα βθ θ= ⋅ +      (2-3) 

Figure 2.5: In the regime of linear elastic deformation a linear correlation exists between the
diffraction angles of the (110) and (410) lattice planes for cubic α- and tetragonal β-Ta in mixed-
phase thin layers. This relation is used to calibrate the diffraction data of single phase β-Ta films. 
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exists with A1 = 1.017, A2 = 0.678 for a beam energy of 17.5 keV and A1 = 0.937, A2 = 1.094 

for 6.55 keV. Assuming that the stress state of the β-Ta grains is independent of the volume 

fraction of α-Ta in the range of linear elastic deformation, a ‘virtual’ cubic (110) peak is 

assigned for the samples, which only consist of the tetragonal phase. The following 

calculation is then performed for this virtual peak. 

The lattice plane distance is calculated for every measurement using Bragg’s formula. 

Assigning di,0 as the lattice plane distance of the initial measurement, the relative lattice strain 

in loading and transverse direction is given by εi = (di - di,0) / di,0 with i = L, T. Following the 

approach of Bohm et al. [69], a correlation between εL, εT, the out-of-plane inclination angle ψ 

and the relative principal strains ε1, ε2 and ε3 can be established: 
2
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If only principal strains are applied and only the stresses in principal directions are of interest, 

Hooke’s law yields for a thin film with a stress-free surface: 
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Hence, ε3 = -(C13’ε1 + C23’ε2) / C33’ holds. Taking into account eqs. (2-4) and (2-5), the 

relative principal strains ε1 and ε2 can be expressed in terms of the relative lattice strains εL 

and εT in loading and transverse direction: 
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where the abbreviations β = cos2ψ / C33’ and γ = sin2ψ are used. The relative stresses  

σ1 = σx - σres and σ2 = σy - σres in principal directions can be calculated subsequently by using 

eq. (2-6). For a beam energy of 17.5 keV the (110) peak of cubic α-Ta is detected at an 

average angle of 2θ = 17.4°. Hence, the angle ψ between the diffracting 101  plane and the 

sample surface equals 81.3°. The coefficients of the stiffness matrix C’ij in specimen 

coordinate system are derived from the stiffness matrix Cij in crystal coordinates by 

coordinate transformation [74]. Since the film is not in-plane textured and the in-plane elastic 

constants of the (110) plane are anisotropic for bcc materials, it is appropriate to perform an 
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additional series of coordinate transformations corresponding to a continuous rotation around 

the z’-axis and use the resulting Cij’ values to calculate the Voigt and Reuss averages. The 

components of the stiffness matrix Cij in the crystal coordinate system are given by  

C11 = 260.2 GPa, C12 = 154.5 GPa and C44 = 82.6 GPa for α-Ta [75]. This yields  

C11’ = C22’ = 284.1 GPa, C33’ = 288.1 GPa, C12’ = 144.5 GPa and C13’ = C23’ = 140.5 GPa for 

the components of the stiffness matrix in the sample coordinate system. 

For the experiments described in chapter 7 the stress-strain response of Cu/Ta bi- or 

multilayers was examined. Multiaxial X-ray diffraction revealed that Cu is not or only weakly 

textured. Hence, the elastic constants of isotropic Cu were used for calculation of the biaxial 

stress strain curves. The relation between the Young’s modulus E, the Poisson ratio ν and the 

components Cij of the stiffness matrix is given by 
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For Cu E = 129.8 GPa and ν = 0.343 holds [76], which yields C11 = C11’ = 202.2 GPa,  

C12 = C12’ = 105.6 GPa and C44 = 48.3 GPa. 
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3 Stress Field in Fragmented Thin Films 

In section 1.2 it was outlined that the local tensile stress in a brittle coating determines the 

location of crack formation and its rate, i.e. the change of mean crack distance as a function of 

applied strain, where stress relaxation near fragment boundaries plays an important role. 

Knowledge of the stress distribution within a fragment is also required for energetic 

considerations on the processes of fragmentation and buckling. In the first part of this chapter 

a two-dimensional shear lag model is presented, which is used to describe the stress field in 

fragmented thin films. In contrast to a one-dimensional shear lag analysis, this model takes 

into account the stress in transverse direction and quantitatively describes the relation between 

fragmentation, relaxation of tensile stress and simultaneous formation of compressive stress in 

transverse direction. The model can be used to determine the residual stress and the fracture 

toughness of the coating. Some aspects of this approach were discussed previously by Hsueh 

et al. [77] by using different approximations. The two-dimensional shear lag model is applied 

in chapter 4 for quantification of the cohesive properties of Ta layers on polyimide, where the 

influence of film thickness, crystallographic phase and substrate quality is elucidated. For 

macroscopic strains, which are typically around ε ≈ 0.05, buckle formation and localized 

substrate yielding are initiated. Both effects violate boundary conditions and approximations, 

which were taken during derivation of the two-dimensional shear lag model. Hence, a finite 

element model is introduced in the second part of this chapter with the aim to describe the 

stress distribution in a fragment and the biaxial stress-strain response of the coating over a 

wide strain range. The consequences and limitations of this model are discussed in chapter 6, 

where also energetic considerations on buckling-driven delamination are presented. 

 

3.1 Two-Dimensional Shear Lag Analysis 

3.1.1 Differential Equations of Equilibrium 

In order to determine the stress field in a fragment, which is attached to a uniaxially loaded 

substrate, the coating - substrate system illustrated in Figure 3.1a is considered. The 

dimensions of the fragment are given by the length L, width W and thickness h. The fragment 

thickness h is small compared to the substrate thickness. The substrate deformation, which is 

caused by the macroscopically applied strain ε, is assumed to be perfectly uniform. The  

x-direction of the coordinate system is parallel to the tensile direction, the y-direction is 

perpendicular to the tensile direction and parallel to the planar dimensions of the fragment, 

and the z-direction is parallel to the out-of-plane extension of the fragment. 
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Figure 3.1: (a) In order to determine the stress field in the cracked coating, a single fragment 
of length L and width W, which is attached to a uniaxially loaded substrate, is examined. The shear 
and tensile forces acting on a volume element of length dx and width dy have to be balanced. This 
condition yields the differential equations of equilibrium, which serve as a basis for the calculation 
of the biaxial stress field. (b) The graphical representation of the stress relaxations zones of width ξ in 
loading and transverse direction reveals that for a fragment with L << W the strain relaxation in
y-direction is confined to comparatively small regions. Thus, these relaxation zones practically do not
contribute to the overall deformation behavior of the fragment, and the stress and strain in x- and y-
direction can be regarded as independent of the y-coordinate. 
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The normal coating stresses σx and σy are given by superposition of the stresses σx,0 and σy,0 

caused by application of uniaxial load and the equibiaxial residual stress σres, which is 

constant and independent of x and y: 

( ) ( ),0, ,i i resx y x yσ σ σ= + ,     (3-1) 

where the index i stands for x and y, respectively. The forces acting on a fragment volume 

element of length dx and width dy (see Figure 3.1a) fulfill the conditions of equilibrium 
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y xy y

x y h

y x h
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with the shear stress σxy in the coating and the interfacial shear stresses τx and τy in x- and  

y-direction. For the analysis presented here, it is assumed that the interfacial shear stress 

transfer is linear elastic. Then τx and τy are given by the relations 

( ), ,i if i c i su uτ μ= −      (3-3) 

with i = x, y, the displacements ui,c and ui,s of coating and substrate in i-direction and the 

interfacial shear modulus μif. Inserting eq. (3-3) into eqs. (3-2) yields the system of partial 

differential equations, which describes the stress field in the fragment: 
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     (3-4) 

Fragmentation leads to the formation of cracks perpendicular to the loading direction (see 

Figure 1.6). Hence, it is assumed that the fragment width W is large compared to its length L. 

The regions, where relaxation of stress and strain in y-direction takes place, are confined to 

relatively small areas of width ξ << W. The elastic response of the fragment is dominated by 

the region with |y| < W - ξ, and the areas of the fragment with W - ξ ≤ |y| ≤ W can be neglected 

(compare Figure 3.1b). This approximation gives rise to several significant simplifications of 

eqs. (3-4). The stresses σx, σy and σxy are constant along the y-direction and only depend on the 

x-coordinate. Therefore, ∂σxy/∂y and ∂σy/∂y are equal to zero, and the coating strain εy,c is 

equal to the substrate strain εy,s for the y-direction. Thus, εy,c = -νsε holds, where the Poisson 

ratio of the substrate is denoted by νs. The displacements uy,c(x,y) and uy,s(x,y) of the coating 

and the substrate in y-direction are equal. Then eqs. (3-4) yield ∂σxy/∂x = 0 and 
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u x u x

x h
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An equivalent equation also results from classical one-dimensional shear lag analysis for fiber 

composites [16]. Because of symmetry, the displacement ux,c(x = 0) in the center line of the 

fragment equals zero. Furthermore, the stress σx(x = ± L/2) in tensile direction is zero at the 

fragment boundaries with x = ± L/2. These boundary conditions give rise to an explicit 

solution of eq. (3-5). 

Generally, the stress components in a homogeneous, isotropic body as a function of the 

applied strain are given by Hooke’s law, which can be written in the form 
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for the biaxial stress state. Differentiation of eq. (3-6) with respect to x and inserting  

εx,c = ∂ux,c/∂x leads to 
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where it has been taken into account that εy,c = -νsε and ∂εy,c/∂x = 0. The displacement of the 

substrate in x-direction is given by ux,s = εx with the macroscopically applied strain ε. Since 

σres ≠ σres(x,y) holds, eq. (3-1) yields ∂σx/∂x = ∂σx,0/∂x. Using eqs. (3-5) and (3-8) leads to 
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with the stress transfer length 
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The solution of eq. (3-9) with respect to the boundary condition ux,c(x = 0) = 0 is  

ux,c = K sinh (x / ξ) + εx. By taking into account eqs. (3-1), (3-6), εy,c = -νsε and the boundary 

condition σx(x = ±L/2) = 0, one finds εx,c(x = ±L/2) = νcνsε - σres (1 - νc
2) / Ec. Hence, the 

constant K can be eliminated and the coating strain εx,c = ∂ux,c/∂x is determined: 

( ) [ ]
( ),

cosh /
1

cosh / 2x c c s res

x
L

ξ
ε ε ν ν ε ε

ξ
= − − + ⋅⎡ ⎤⎣ ⎦ ⎡ ⎤⎣ ⎦ ,

   (3-11) 

where the residual equi-biaxial strain εres is defined as εres = σres (1 - νc
2) / Ec. Note that, in 

contrast to the classical one-dimensional shear lag model, the strain εx,c(x = ±L/2) at the 

fragment boundaries generally differs from zero (see, e.g., [18]). The result of the classical 

shear lag model is recovered for σres = 0 and νc = νs = 0. 
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3.1.2 Two-Dimensional Stress Field 

In order to simplify the analysis, the dimensionless parameters χ = x / L with -0.5 ≤ χ ≤ 0.5 

and λ = ξ / L are introduced, and the function f(χ, λ) is defined as 

( ) [ ]
( )

cosh /
,

cosh 1/ 2
f

χ λ
χ λ

λ
=

⎡ ⎤⎣ ⎦ .
   (3-12) 

The coating stresses σx and σy in x- and y-direction are calculated by using eqs. (3-1), (3-6), 

(3-7), (3-11) and (3-12): 

( ) ( ) ( )2 1 1 ,
1

c
x c s res

c

E fεσ χ ν ν σ χ λ
ν

⎡ ⎤
= − + ⋅ −⎡ ⎤⎢ ⎥ ⎣ ⎦−⎣ ⎦

   (3-13) 

( ) ( ) ( ){ } ( )2 1 1 , 1 ,
1

c
y c c s s res c

c

E f fεσ χ ν ν ν χ λ ν σ ν χ λ
ν

= − − ⋅ − + − ⋅⎡ ⎤ ⎡ ⎤⎣ ⎦ ⎣ ⎦− .
   (3-14) 

The biaxial stress field in a single fragment as given by eqs. (3-13) and (3-14) is shown in 

Figure 3.2, where the elastic constants of isotropic α-Ta and polyimide as coating and 

substrate materials were used (Ec = 186 GPa, νc = νs = 0.34 [76, 78]). Furthermore, the values 

λ = 0.1 and σres = -0.5 GPa were taken. The stresses in tensile and perpendicular direction, σx 

and σy, are plotted for different macroscopically applied strains of ε = 0, ε = 0.005 and  

ε = 0.01. The overall shape of σx as a function of χ is similar to the corresponding relation 

given by the classical shear lag model [16]. The stress in tensile direction σx equals zero at the 

fragment boundaries. For λ = ξ / L << 1, the normal stresses attain constant plateau values  

and : 

( )

( )

2

2

1
1

1

c
x c s res

c

c
y c s res

c

E

E

εσ ν ν σ
ν
εσ ν ν σ
ν

= − +
−

= − +
− .

   
(3-15) 

These values are equal to the homogeneous biaxial stress of a non-cracked coating. 

Independent of the applied strain ε, the plateau stress  is equal to zero for σres = 0 and  

νc = νs. The stress field σx(χ) and σy(χ) given by eqs. (3-13) and (3-14) can be expressed in 

terms of the plateau stresses  and : 

( ) ( )1 ,x x fσ χ σ χ λ= ⋅ −⎡ ⎤⎣ ⎦    
(3-16) 

( ) ( ),y y c x fσ χ σ ν σ χ λ= − .   (3-17) 

Combining eqs. (3-16) and (3-17) yields 

( ) ( )y y c x xσ χ σ ν σ σ χ= − ⋅ −⎡ ⎤⎣ ⎦ .
   (3-18) 
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For λ >> 1 eqs. (3-16) and (3-17) can be approximated by parabolic functions, since 

( )
2

2

4 1, 1
8

f χχ λ
λ
−

≈ +
   

(3-19) 

holds for λ >> 1 [18]. If the residual film stress σres is compressive, the stress σx in tensile 

direction is also compressive, as long as the macroscopically applied strain ε is below  

ε0 = εres / (νcνs - 1). At ε = ε0 the stress σx in tensile direction equals zero, while the stress σy in 

transverse direction is independent of x and given by σy(ε = ε0) = σres (1 + [νc - νs] / [νcνs -1]). 

For ε > ε0 the stress σx is tensile throughout the whole fragment. Depending on the sign of the 

residual stress σres, the stress σy in direction perpendicular to the tensile axis can be tensile or 

compressive. Increasing ε leads to a shift of σy towards smaller values, which is mostly 

pronounced at the fragment boundaries. According to eqs. (3-15) transverse stress of the non-

cracked coating is determined by the discrepancy of Poisson ratios (νc - νs). If boundaries are 

Figure 3.2: Biaxial stress σx and σy in a fragment, which is attached to a uniaxially loaded substrate,
as a function of the reduced position χ = x/L and the applied strain ε. For the calculation of the plots
the elastic constants of isotropic α-Ta and polyimide (Ec = 186 GPa, νc = νs = 0.34 [76, 78]) and the 
values λ = 0.1, σres = -0.5 GPa were taken. Note that the stress σx in tensile direction relaxes at the 
fragment boundaries (χ = ±0.5), whereas application of macroscopic strain leads to the formation 
and enhancement of compressive stress σy in transverse direction. 
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present, an additional mismatch of lateral contraction between coating and substrate is 

induced by stress relaxation in tensile direction, which contributes to the transverse stress of 

the non-cracked coating. This relation can be identified by taking into account eq. (3-18). The 

stress σy(χ) in transverse direction is obtained by multiplying the tensile stress relaxation 

 at position χ with the Poisson ratio νc of the coating and subtracting it from the 

stress  of the non-cracked coating. In summary, it has to be highlighted that the existence of 

boundaries leads to stress relaxation in tensile direction and simultaneously to compressive 

stress in transverse direction, which compensates for tensile stress induced by a minor Poisson 

ratio mismatch. 

In order to exemplify the influence of the residual stress σres on the strain of fracture εf, it is 

assumed that cracking of the fragment occurs, when the local tensile stress σx reaches the 

fracture strength σf at x = xf. If εf,0 denotes the strain of fracture at σres = 0, then  

εf = εf,0 - εres / (1 - νcνs) and hence εf = εf,0 + ε0 hold. 

 

3.1.3 Mean Coating Stress 

The mean coating stresses <σx> and <σy> are determined by integration of eqs. (3-13) and  

(3-14) within the boundaries -0.5 ≤ χ ≤ 0.5: 

( )
0.5

0.5
i i dσ σ χ χ

−

= ∫
,
   (3-20) 

where the index i stands for x and y, respectively. This yields 

11 2 tanh
2x xσ σ λ
λ

⎡ ⎤⎛ ⎞= ⋅ − ⋅ ⎜ ⎟⎢ ⎥⎝ ⎠⎣ ⎦    
(3-21) 

12 tanh
2y y c xσ σ λν σ
λ

⎛ ⎞= − ⋅ ⎜ ⎟
⎝ ⎠ .

   (3-22) 

Assuming that the cracks are equally spaced, the mean coating stresses <σx> and <σy> can be 

expressed in terms of the crack density ρ = 1 / <L> by taking into account that λ = ξρ. The 

mean stresses <σx> and <σy> are displayed in Figure 3.3 as functions of λ for a constant 

macroscopic strain of ε = 0.01. For ξρ → 0, the average stresses <σx> and <σy> equal the 

plateau stresses  and  of the non-cracked coating. The mean stresses in tensile and 

perpendicular direction approach <σx> = 0 and <σy> =  for ξρ >> 1. 

Nominally, the Poisson ratios of an isotropic α-Ta coating and the polyimide substrate are 

equal. However, polyimide sheets may show anisotropic elastic behavior, as the process of 

fabrication involves orientation of polymer chains. Thus, variations of the substrate Poisson 

ratio have to be taken into account. In order to determine the influence of the Poisson ratio 
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mismatch on the mean coating stresses <σx> and <σy>, the Poisson ratio νc of the coating is set 

to be constant, while the substrate Poisson ratio is subject to a variation Δνs. Using eqs.  

(3-15), (3-21) and (3-22), the stress deviations Δ<σx> = |σx(νs ± Δνs) - σx(νs)| and  

Δ<σy> = |σy(νs ± Δνs) - σy(νs)| can be calculated: 

2

2
2

11 2 tanh
1 2

11 2 tanh
1 2

c c
x s

c

c
y s c

c

E

E

ν εσ ν λ
ν λ

εσ ν ν λ
ν λ

⎡ ⎤⎛ ⎞Δ = Δ ⋅ − ⋅ ⎜ ⎟⎢ ⎥− ⎝ ⎠⎣ ⎦
⎡ ⎤⎛ ⎞Δ = Δ ⋅ − ⋅ ⎜ ⎟⎢ ⎥− ⎝ ⎠⎣ ⎦ .

   
(3-23) 

The variations of the mean stresses, Δ<σx> and Δ<σy>, induced by a substrate Poisson ratio 

mismatch are illustrated in Figure 3.3 as streaked areas for Δνs ≤ 0.05 and the elastic constants 

of isotropic α-Ta and Kapton® HN (νc = νs = 0.34, Ec = 186 GPa [76, 78]). The mean stress 

<σx> in tensile direction is almost insensitive to deviations of the substrate Poisson ratio, 

Figure 3.3: Mean coating stresses in tensile and perpendicular direction, <σx> and <σy>, as functions 
of λ = ξρ for a constant macroscopic strain of ε = 0.01. For the calculation of the curves, the elastic 
constants of isotropic α-Ta (Ec = 186 GPa, νc = 0.34 [76]) and Kapton® HN (νs = 0.34 [78]) were
used. Introducing cracks into a coating, i.e. increasing the value of λ, at constant macroscopic strain ε
leads to relaxation of the mean coating stress in tensile direction and to the formation 
and enhancement of compressive stress in transverse direction. 
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while the mean stress <σy> in perpendicular direction is significantly influenced. This 

behavior is reasonable, as the coating stress in tensile direction can be regarded as principally 

determined by the macroscopically applied strain. In contrast, the coating stress in 

perpendicular direction is caused by the lateral contraction mismatch of the coating and 

substrate due to tensile stress relaxations at the fragment boundaries, and variations of the 

Poisson ratio of the substrate additionally contribute to this lateral contraction mismatch. 

 

3.1.4 Energy Release Rate and Fracture Toughness 

The energy release rate G is defined as the reduction in potential energy per unit crack 

advance during an infinitesimal virtual crack extension for constant crack opening: 

VG
l

∂
= −

∂ ,
   (3-24) 

where l denotes the crack length (see e.g. [79]). In order to calculate the fracture toughness of 

thin brittle films, eq. (3-24) is rewritten as 

/G V h= −Δ ,   (3-25) 

where ΔV equals the difference of potential energy after crack advance through the entire 

fragment thickness h. This approximation holds for steady-state channeling cracks in thin 

films (see [38-39]). 

Considering the fragmentation process of a thin brittle coating, a single fragment of length L1 

with the elastic strain energy V1 per unit fragment width is taken into account. Fragmentation 

occurs as the energy release rate G overcomes the critical value Gc. Since the tensile stress 

obtains its maximum value in the center of the fragment, it is assumed that formation of a new 

crack occurs here, and two fragments of length L2 = L1/2 and elastic strain energy V2 per unit 

fragment width are created. Taking into account eq. (3-25), the critical energy release rate is 

given by Gc = (V1 - 2V2) / h, where relaxation effects within the substrate are neglected. The 

elastic strain energy V per unit fragment width for a fragment of length L is given by 

( )
0.5

0.5

V hL U dχ χ
−

= ⋅ ∫
   

(3-26) 

with the elastic strain energy density U(χ). Taking into account that λ = ξ / L, it follows that 

( ) ( )
0.5 0.5

0.5 0.5/ 2

2
cG U d U d

λ λ

ξ χ χ χ χ
λ − −

⎛ ⎞⎡ ⎤ ⎡ ⎤
= ⋅ −⎜ ⎟⎢ ⎥ ⎢ ⎥⎜ ⎟⎣ ⎦ ⎣ ⎦⎝ ⎠

∫ ∫
.
   (3-27) 

The strain energy density U(χ) is given by U(χ) = (σx
2 - 2νcσxσy + σy

2) / (2Ec). Taking into 

account eqs. (3-16) and (3-17) yields 
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( ) ( ) ( ) ( ){ }2 2 2 2 21 2 1 2
2 x c x y y x c

c

U f f
E

χ σ ν σ σ σ σ ν χ χ⎡ ⎤= − + + − −⎣ ⎦
,
   (3-28) 

and with eq. (3-12): 

( ) ( ) [ ]
( )

0.5
2 2 2 2

2
0.5

3 sinh 1/ 11 2 1
2 2cosh 1/ 2x c x y y x c

c

U d
E

λ λ
χ χ σ ν σ σ σ σ ν

λ−

⎧ ⎫−⎪ ⎪= − + − −⎨ ⎬
⎡ ⎤⎪ ⎪⎣ ⎦⎩ ⎭

∫
.
   (3-29) 

Hence, the critical energy release rate Gc(L) as a function of the fragment length L can be 

calculated: 

( ) [ ]
( )

[ ]
[ ]

2
2

22

1 3 sinh 1/ 1 3 sinh 2 / 2
4cosh 1/2cosh 1/ 2

c
c x

c

G
E

ξ ν λ λ λ λ
σ

λ λλ

⎧ ⎫− − −⎪ ⎪= −⎨ ⎬
⎡ ⎤⎪ ⎪⎣ ⎦⎩ ⎭ .

   (3-30) 

The average value of Gc is obtained by integration of the fragment length distribution n(L): 

( ) ( )
0

c cG G L n L dL
∞

= ∫
.
   (3-31) 

The mode I fracture toughness KIc for plane stress is given by [79]: 

Ic c cK E G= .
   (3-32) 

For the experiments presented in this work it was found that the characteristic behavior of the 

KIc vs. ε curves, which is given by an initial increase of KIc with increasing strain and a 

subsequent plateau with KIc = KIc,p (see section 4.3), is reproduced in an optimum way by 

using L = 0.88 <L>. This is in agreement with simulations, which revealed that the fragment 

length distribution attains its maximum around this value [18, 80]. Hence, the experimental 

results for KIc, which are presented in section 4.3, are based on the approximation that  

<Gc> = Gc(L = 0.88 <L>). 

 

3.2 Finite Element Analysis of Stress Field and Strain Energy Density 

3.2.1 General Remarks 

The validity of the two-dimensional shear lag model, which was derived in the previous 

chapter, is limited to the case, where the width W of a fragment is large compared to its length 

L. In this case, the biaxial stress σx and σy is independent of the y-coordinate. The formation of 

buckles, however, violates the condition W >> L. The biaxial stress-strain curves obtained by 

synchrotron X-ray diffraction (see chapter 4.2) and in situ observations of the buckling 

process (chapter 6.1) reveal that buckling leads to significant relaxation of stress in transverse 

direction. Keeping in mind that the stress relaxation zones for stiff coatings on compliant 

substrates are significantly larger than the film thickness, a profile of σy vs. y can be expected, 
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which is comparable to the one of σx vs. x (see Figure 3.2), but with opposite algebraic sign. 

From this consideration it follows that using the model of a rigidly clamped plate, as 

commonly referred to in literature, may introduce a significant error for determination of the 

interface energy release rate during buckling-driven delamination, since relaxation of strain 

energy within the stress transfer zones is neglected. 

In order to calculate the stress field in a fragment the model illustrated in Figure 3.1a is taken 

into account, where the simplification W >> L does not hold for the coating during buckling. 

As already pointed out in the previous section, the condition of equilibrium for a volume 

element of length dx and width dy in the coating is given by: 

( )

( )

, ,

, ,

xy ifx
x c x s

y xy if
y c y s

u u
x y h

u u
y x h

σ μσ

σ σ μ

∂∂
+ = −

∂ ∂
∂ ∂

+ = −
∂ ∂ .

     (3-4) 

Differentiation of eqs. (3-4) with respect to x and y, respectively, and taking into account that 

∂ux,s/∂x = ε and ∂uy,s/∂y = -νsε leads to 

( )

( )

22
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,2

xy ifx
x c

y xy if
y c s

x x y h

y x y h

σ μσ ε ε
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∂ ∂ ∂

∂ ∂
+ = +

∂ ∂ ∂ .

   (3-33) 

Hooke’s law yields for biaxial stress 

( )

( )

,

,

1 1

1 1

x c x c y c res
c

y c y c x c res
c

E

E

ε σ ν σ ν σ

ε σ ν σ ν σ

⎡ ⎤= − − −⎣ ⎦

⎡ ⎤= − − −⎣ ⎦
.

   (3-34) 

In addition, the equation of compatibility holds: 
222

2 2
yx

x y y x
εεγ ∂∂∂

= +
∂ ∂ ∂ ∂ .

   (3-35) 

By using eqs. (3-34) and (3-35) and taking into account that σxy = μcγ with the shear modulus 

μc of the coating, one can express ∂2σxy/∂x∂y in terms of σx and σy. Inserting in eqs. (3-33) 

yields a system of partial differential equations, which only involves σx and σy as parameters 

depending on x and y: 
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   (3-36) 

where ξ is defined according to eq. (3-10). It was not possible to obtain an analytical solution 

for the system of partial differential equations given by eqs. (3-36), which fulfills the 

boundary conditions σx(x = ±L/2) = σy(y = ±W/2) = 0 and, at the same time, σx(y = ±W/2) ≠ 0 

and σy(x = ±L/2) ≠ 0. As an alternative method for calculating the stress field and the strain 

energy density in a fragment with W t L, which is attached to a uniaxially loaded substrate, 

structural mechanical simulations are performed using the finite element method. 

 

3.2.2 Geometry and Input Parameters 

The Structural Mechanics Module of Comsol Multiphysics Version 3.5a is used in order to 

calculate the stress distribution in a fragment of length L and width W, which is attached to a 

compliant substrate. As illustrated in Figure 3.4, three different geometries are applied in 

order to model the response of the substrate to the formation of a film crack, where it was 

assumed that (a) localized deformation of the substrate occurs smoothly over a length of 2 lc 

between two fragments, (b) fragmentation of the coating leads to the formation of a substrate 

crack with circular cross section of radius lc, and (c) the crack propagates sharply into the 

substrate by a distance lc. This procedure was chosen to account for localized time-dependent 

and irreversible deformation, which is not incorporated in the elastic-plastic material model 

and may be given by viscoelasticity and local fracture of the substrate. Symmetry of the 

geometry allows for the introduction of xz and yz symmetry planes and for solving only one 

quarter of the model. 

The mean fragment length <L>, the mean buckle distance <db>, which is equivalent to the 

substrate width Ws, the mean buckle width <a>, and the fragment width W = <db> - <a>, 

which were determined by SEM image analysis, serve as input parameters for the model 

geometry. For strains below the onset of buckling W = Ws = 10 h was taken. If the fragment 

width is larger than 100 μm, the model was divided in a part of width W = 100 μm to monitor 

the stress field near the boundary at y = ±W/2, and a section with W = Ws = 10 h, where the 

stress is practically independent of y. The elastic constants of the Kapton® E substrate were 

determined by uniaxial tensile tests using a Kammrath & Weiss tensile stage for application 

of load and measurement of the force. The strain was measured optically by digital image 

analysis according to the procedure described in section 2.4. The stress-strain curves reveal 
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that the substrate deforms linear elastically up to a stress of σ0.2 ≈ 80 MPa (Figure 3.5). 

Subsequently, the deformation behavior is characterized mainly by plastic yielding and 

hardening. Both the effects of strain rate (increase of stress at higher strain rate) and 

orientation (higher stress for direction B compared to direction A) are observable, but do not 

alter the stress-strain curve of the substrate significantly. Hence, a good approximation for the 

stress-strain response of the substrate is achieved by using a simplified elastic-plastic material 

model, where deformation is linear elastic with a Young’s modulus Es = 6.17 GPa up to the 

yield stress σyield = 167 MPa, and hardening in the plastic regime is described by the isotropic 

tangent modulus ET = 309 MPa (see solid line in Figure 3.5). Note that the yield stress σyield is 

not equivalent to the yield stress according to general definitions, where the stress at a given 

plastic strain (e.g. 0.2% for σ0.2) is taken. The Poisson ratio νs = 0.334 was determined by 

image analysis. 

Figure 3.4: Geometry and mesh for finite element models used to calculate the stress field within a 
stiff fragment of length L and width W attached to a compliant substrate. The response of the substrate
to formation of a film crack is taken into account by considering the different models (a)-(c), where (a) 
uniform substrate deformation over the length 2 lc between two fragments, (b) formation of a substrate 
crack with a circular cross section of radius lc, and (c) straight propagation of the film crack into the 
substrate by length lc is assumed. The buckled section of the coating is taken as stress-free 
and therefore not included in the model. The boundary conditions for all three geometries are
displayed in (c). 

y x

z

(a) (b)

(c)
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The boundary conditions, which are applied to the finite element model, are displayed in 

Figure 3.4c. The faces at x = -L/2 and y = 0 are yz- and xz-symmetry planes, whereas the faces 

accounting for localized substrate deformation are taken as free surfaces. The prescribed 

displacement Dx = L/2 · ε in x-direction is applied to the face at x = 0. Lateral contraction of 

the substrate due to Poisson effects is considered by application of the displacement Dy in  

y-direction to the face at y = Ws/2. In chapter 6.2 it is highlighted that a correction factor k for 

the lateral displacement has to be introduced. Hence, Dy = -k νsWs/2 · ε holds. 

 

3.2.3 Stress Field and Strain Energy Density 

In order to illustrate general characteristics of the stress field in a fragment with elastic-plastic 

substrate, which is obtained by finite element-based simulations, a model geometry with the 

fragment length L = 10 μm, the fragment width W = 18 μm, and the thickness h = 100 nm is 

used. The width of the buckled section is taken as 2 μm, and the substrate width is  

Ws = 20 μm. It was assumed that the zone of localized substrate deformation, which is used to 

account for crack propagation into the substrate or viscoelasticity, has a size of lc = 2 h. The 

applied strain was taken as ε = 0.1, and the correction factor was k = 1. The resulting 

distribution of stress σx in tensile and σy in transverse direction is given in Figure 3.6, where 

the geometries (a) - (c) of Figure 3.4 were used to take into account different modes of 

Figure 3.5: Stress-strain curves of Kapton® E for strain rates between 6.9·10-6 s-1 and 2.3·10-4 s-1, 
where the perpendicular sheet orientations A and B were investigated. A slight influence of strain rate
and tensile direction is observable. An idealized description of the stress-strain response is given by 
initial linear elasticity with the Young’s modulus Es and plastic yielding for σ > σyield, where hardening 
is described by the isotropic tangent modulus ET (solid line). 

0.0 0.1 0.2 0.3
0

100

200

300

σyield = 167 MPa

ET = 309 MPa

   (dε / dt)         A       B

6.9 x 10-6 s-1  
2.5 x 10-5 s-1  
7.7 x 10-5 s-1  
2.3 x 10-4 s-1  

st
re

ss
  [

M
Pa

]

strain  [-]

E = 6.17 GPa



54 

localized substrate deformation. For all geometries it can be observed that the presence of a 

fragment boundary at x = ±L/2 leads to relaxation of tensile stress σx and simultaneously to the 

formation of compressive stress σy in transverse direction. This relation, which was already 

derived analytically using a two-dimensional shear lag model (chapter 3.1), is confirmed by 

the FEM simulations. Equivalently, the compressive stress σy in transverse direction relaxes at 

the fragment boundaries with y = ±W/2, which leads to an increase of stress σx in loading 

direction. Overall, the stress in loading and transverse direction may be described by a saddle-

type profile, where the algebraic sign of σx and σy is opposite. 

Figure 3.6 indicates that the mean stress <σx> in tensile direction for model (a) with uniform 

substrate deformation is higher by approximately 0.7 GPa compared to the geometries (b) and 

(c), where a round or sharp substrate crack was introduced. In addition, a high stress 

concentration in the substrate can be observed near the fragment edge at x = ±L/2 and z = 0. 

Figure 3.6: Distribution of stress in tensile direction σx and transverse direction σy for different 
FEM geometries (see Figure 3.4a-c). The numbers given in each plot correspond to the mean stress
<σx> and <σy>. The length and width of the fragment are L = 10 μm and W = 18 μm, its thickness is
h = 100 nm. The substrate width is Ws = 20 μm, and the zone of localized substrate deformation has a
size of lc = 2 h. The applied strain was taken as ε = 0.1, and k = 1 holds. See text for details about the 
stress distribution and the influence of the different geometries. 

st
re

ss
  [

G
Pa

]

-6

-8

6

8

4

0

2

-4

-2

σx σy

(a)

(b)

(c)

3.19 GPa -2.30 GPa

2.41 GPa -2.37 GPa

2.51 GPa -2.31 GPay x

z



55 

High local stress in tensile direction can be also observed at the substrate crack tip  

(x = ±L/2, z = -lc) for geometry (c). The mean stress <σy> in transverse direction is practically 

identical for the considered models (a) - (c). The simulations reveal that the fragments slightly 

warp upwards near the crack (x = ±L/2). This behavior is most pronounced for geometry (c). 

The strain energy density U of the coating, which was averaged over the coating thickness, is 

displayed in Figure 3.7 for the geometries (a) - (c). Towards the fragment boundaries the 

strain energy density decreases, and approaches zero at the corners of the fragment (x = ±L/2 

and y = ±W/2). For geometry (a) the values of U are generally higher compared to (b) and (c). 

The stress concentration at the fragment edge with x = ±L/2 and z = 0 for (a) is also reflected 

in high values of the local strain energy density, where the large variation indicates the 

presence of artifacts. The distribution of U is not significantly different between geometries 

(b) and (c). Warping of the fragment leads to a slight increase of U near the fragment 

boundary at x = ±L/2, which is more pronounced for the assumption of a sharp substrate crack 

(c).  

Figure 3.6 and Figure 3.7 reveal that the tensile stress σx and strain energy density U are 

remarkably higher for geometry (a) compared to (b) and (c). This indicates that for finite 

element simulations, which are used to examine the stress distribution in the coating during 

fragmentation and buckling, the exact model geometry at the fragment edges plays a 

Figure 3.7: Strain energy density U in a fragment of length L = 10 μm and width W = 18 μm for
different geometries, which represent the response of the substrate to the existence of a film crack (see 
Figure 3.4a-c). Due to higher mean stress in tensile direction, the strain energy density for model (a)
is generally higher compared to (b) and (c). For geometry (a) U obtains extraordinarily high values at
the boundary with x = ±L/2, which is significantly affected by artifacts. For the geometries (b) and (c)
the distribution of strain energy density does not differ significantly. 
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significant role, although the zone of localized substrate deformation has a size of only lc = 2h 

in the example given here, which is small compared to the in-plane dimensions of the 

fragment. For geometry (a) a high local stress in tensile direction can be observed near the 

edge x = ±L/2, z = 0, where the values of σx exceed the fracture strength of the polymeric 

substrate significantly. In a real experiment a crack in the substrate would form at this 

location, and the model (a) considering uniform localized deformation of the substrate would 

not represent the real geometry anymore. Concentration of stress in tensile direction can be 

also observed for geometry (c) at the edge x = ±L/2, z = -lc, where the existence of a sharp 

substrate crack was assumed. If the local fracture strength at this location is exceeded, the size 

lc of the substrate crack is increased. This does not alter the characteristic geometry of the 

model, and hence, in contrast to (a), geometry (c) is self-consistent. 

Note that for the edge x = ±L/2, z = 0 in geometry (a) the absolute values of stress and strain 

energy density should be taken with care, since refinement of the mesh would be necessary to 

display them with higher accuracy. However, the general trend of these values would not be 

altered by mesh refinement, and limitations with respect to computing power and memory 

impose a lower limit on the mesh size in order to keep the model solvable. For the data 

presented in Figure 3.6 the stress in tensile direction exceeds the fracture strength of the 

coating, which is typically obtained for Ta layers with a thickness of 100 nm. In a real 

experiment the fragment would either crack in the center, or localized deformation of the 

substrate at the fragment edge would lead to stress relaxation. Experimental results confirms 

both scenarios, where it is shown that the mean fragment length is below 10 μm for 100 nm 

Ta coatings (see section 4.1) and significant crack opening exists (see section 5.1) at ε = 0.1. 

However, this does not affect the given remarks and conclusions with respect to the 

distribution of stress and strain energy density and on the significance of the model geometry. 

The finite element model, which is presented in this section, is used in chapter 6 to establish a 

correlation between the biaxial stress-strain response of thin brittle coatings on compliant 

substrates and the mechanisms of fracture and buckling. Based on the model a new approach 

for determination of the interface energy release rate during buckling-induced delamination is 

presented. The appropriate geometry of the model is selected according to analysis of crack 

cross sections by focused ion beam milling, which is shown in chapter 5.  
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4 Fragmentation Process and Cohesive Strength 

In order to determine the stress field in a fragment, which is attached to a uniaxially loaded 

substrate, a two-dimensional shear lag model was derived in the previous chapter, and 

structural mechanical simulations were performed using the finite element method. Both 

approaches reveal that the existence of a fragment boundary leads to relaxation of the stress 

component, which is parallel to the normal vector of the boundary. Simultaneously, the 

component of in-plane stress increases, which is oriented perpendicular to the boundary 

normal vector, whereas the algebraic sign of relaxed and enhanced stress is opposite. In this 

chapter the previously introduced concepts on the mechanisms of thin film fragmentation are 

taken into account in order to quantify the cohesive properties of α- and β-Ta layers on 

Kapton® E and Kapton® HN substrates. Synchrotron X-ray diffraction reveals that the 

different regimes of successive crack formation during uniaxial loading are reflected in the 

stress-strain curves. Based on the two-dimensional shear lag model a correlation between 

fragmentation, relaxation of tensile stress and formation of compressive stress in transverse 

direction is established. The model is used to determine the residual stress, which is not 

accessible by conventional methods, and the fracture strength of the coatings. In addition, the 

fracture toughness of the thin films is calculated. These parameters allow for the 

characterization of the cohesive properties as a function of film thickness, crystallographic 

phase, and substrate quality. 

 

4.1 Mean Crack Distance and Stress Transfer Length 

In situ light microscopy and scanning electron microscopy was used to monitor the successive 

formation of cracks during uniaxial loading of α- and β-Ta layers on Kapton® E and Kapton® 

HN substrates. The mean crack distance <L> is given as a function of the macroscopically 

applied strain ε in Figure 4.1. The curves can be divided into three regimes, where a power-

law behavior <L> ~ ε-κ exists within the first two regimes. After onset of fragmentation at the 

strain εon the mean crack distance decreases rapidly with increasing strain. The transition from 

the first to the second regime at the crossover strain εc and crossover fragment length Lc is 

characterized by a significant decrease of the fragmentation rate. For large strains with  

ε > 0.08 the mean crack distance remains approximately constant at the saturated mean 

fragment length <L>sat. For every set of samples the strain at onset of fragmentation εon 

decreases with increasing film thickness, as indicated in the inset of Figure 4.1. In addition, 

εon is larger for α-Ta compared to β-Ta films and for Kapton® E compared to Kapton® HN 
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substrates. The saturated mean crack distance <L>sat and the crossover fragment length Lc 

decrease with decreasing film thickness. Taking into account that transition from the first to 

second regime of fragmentation occurs due to overlapping of the stress relaxation zones, the 

stress transfer length ξ is defined as ξ = Lc/2. The stress transfer between coating and substrate 

is characterized by the linear slope a of the log(ξ) vs. log(h) plots (Figure 4.2), which is 0.45 

for α-Ta / Kapton® E, 0.66 for α-Ta / Kapton® HN and 0.64 for β-Ta / Kapton® HN, and the 

ordinate intercept c, which is -2.07 for α-Ta / Kapton® E, -0.58 for α-Ta / Kapton® HN and  

-0.66 for β-Ta / Kapton® HN. The variation of the parameters a and c is negligible for the 

samples with Kapton® HN substrates, but a considerable difference of c exists for the layers 

deposited on Kapton® E. 

The <L> vs. ε curves (Figure 4.1) can be divided into three regimes. Within the initial stage 

cracking is initiated at randomly distributed defects. During transition to the second stage, the 

Figure 4.1: The mean crack distance <L> as a function of macroscopically applied strain ε for α-
and β-Ta layers on Kapton® E and Kapton® HN substrates was determined by microscope image 
analysis. With increasing film thickness the strain at onset of fragmentation εon decreases, while the 
saturated mean crack distance <L>sat increases. Generally, the higher brittleness of the β-phase 
and the higher defect density induced by the Kapton® HN substrate lead to lower εon values. An 
additional influence is given by different values of the compressive residual stress. 
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stress relaxation zones adjacent to the fragment boundaries begin to overlap and the 

fragmentation rate decreases. Within this stage failure occurs predominantly in the center of 

the fragment, since the stress in tensile direction obtains its maximum value here. For large 

macroscopic strains the fragment length remains approximately constant, which is mainly 

caused by localized substrate yielding and ongoing delamination due to buckling. As it is 

illustrated in section 4.2, the characteristics of the <L> vs. ε curves are also reflected within 

the stress-strain curves determined by synchrotron X-ray diffraction, where a quantitative 

correlation between fragmentation, tensile stress relaxation and formation of compressive 

stress in transverse direction can be established by using the two-dimensional shear lag model 

described in chapter 3.1. 

Figure 4.1 reveals that the strain at onset of fragmentation εon decreases for increasing film 

thickness. Both the <L> vs. ε curve and evaluation of the microscope images during in situ 

tensile testing reveal that the relatively low εon value for 100 nm α-Ta / Kapton® E is caused 

by fragmentation at a single pronounced defect and does not represent the general 

fragmentation behavior of this sample. The strain at onset of fragmentation is influenced by 

the crystallographic phase and the substrate, where higher εon values are obtained for α-rich 

Ta films and Kapton® E substrates compared to β-Ta layers and Kapton® HN substrates, 

respectively. The strain at onset of fragmentation depends on the residual stress of the coating. 

In order to quantify and compare the cohesive properties in terms of crystallographic phase of 

Figure 4.2: Stress transfer length ξ = Lc/2 as a function of film thickness h. The slopes a of the log(ξ)
vs. log(ε)-curves, which are close to 0.5, can be related to the linearity of stress transfer between
substrate and coating, while the difference of the ordinate intercept c can be attributed to variations 
of the elastic constants for the substrate or interface. 
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the film and quality of the substrate, it is more appropriate to take into account the stress-

strain curves of the coatings and the data derived from these curves (see chapter 4.3). 

The mechanical interaction between coating and substrate is reflected in the stress transfer 

length ξ (Figure 4.2). In shear lag analysis the limiting cases of constant shear stress transfer 

with ξ ~ h and linear elastic shear stress transfer with ξ ~ h1/2 can be distinguished, where h is 

the film thickness. Additionally, nonlinear elastic stress transfer was considered [18]. Xia and 

Hutchinson [39] introduced the reference length lXH = π/2 g(α, β) h describing the exponential 

decay of stress near channeling cracks, where g is a function of the Dundurs parameters α, β 

and hence of the elastic mismatch between coating and substrate. Numerical values for g(α, β) 

were given by Beuth [38]. If both materials have the same elastic properties, α = β = 0 and  

lXH = 1.98h holds, while α approaches 1 and lXH is much larger than the film thickness if the 

stiffness of the film is much larger than the stiffness of the substrate. Using the elastic 

constants Ec = 186 GPa, νc = 0.34 of isotropic α-Ta [76] and Es = 5.5 GPa, νs = 0.32 for 

Kapton® E [78] yields α = 0.943, β = 0.250 and, by linear interpolation of the tabulated values 

in Ref. [38], g = 8.55. For Kapton® HN with Es = 2.5 GPa, νs = 0.34 it follows that α = 0.972, 

β = 0.236 and g = 17.7. This yields lXH = 13.4 h for α-Ta / Kapton® E and lXH = 27.8 h for  

α-Ta / Kapton® HN. These relations are given in Figure 4.2 for comparison. Stress relaxation 

at fragment edges, which was quantified by a shear lag model with linear elastic stress 

transfer at the interface, can be approximated by the exponential decay function of Xia and 

Hutchinson for ξ, lXH << L. Hence, the parameters ξ and lXH are in principle equivalent. 

However, Figure 4.2 reveals a significant difference between the values of ξ and lXH. In 

addition to the circumstance that g was interpolated linearly and not determined exactly, this 

difference may be founded in the fact that small inaccuracies of the elastic constants are 

reflected in large differences in g, since g diverges for α → 1. Additionally, plasticity and 

viscoelasticity play a role for polymeric substrates, which are not taken into account in 

Beuth’s model. 

The linear slope a of the log ξ vs. log h curves is determined as 0.45 for α-Ta / Kapton® E, 

0.66 for α-Ta / Kapton® HN and 0.64 for β-Ta / Kapton® HN. All values are close to 0.5, 

which confirms that the mechanical interaction between coating and substrate can be modeled 

appropriately by a shear lag model with linear elastic stress transfer at the interface. The 

difference in the ordinate intercept c of the log ξ vs. log h curves for films deposited on 

Kapton® E and Kapton® HN substrates can be attributed to different Young’s moduli of the 

substrate (Es = 2.5 GPa, νs = 0.34 for Kapton® HN [78] and Es = 5.5 GPa, νs = 0.32 for 

Kapton® E [81]). 
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4.2 Correlation between Crack Distance and Coating Stress 

The relation between the events of film failure and the response of the relative stress in 

loading and transverse direction is illustrated in Figure 4.3 for a β-Ta layer with a thickness of 

200 nm on Kapton® HN substrate. Within the initial stage of the tensile test (marked by I in 

Figure 4.3), the coating deforms linear elastically. A minor Poisson ratio mismatch leads to a 

slight increase of stress in transverse direction. From the strain at onset of fragmentation  

εon = 0.006, the relative stress in loading direction deviates from linear elastic response, and 

stress relaxation occurs (II). Simultaneously, the transverse relative stress decreases, which 

corresponds to the formation of compressive stress. The fragmentation rate decreases during 

the transition from the first to the second regime of the fragmentation process (εc ≈ 0.01). 

Thus, the rate of stress relaxation decreases, which leads to an inflection point of the relative 

Figure 4.3: The relation between events of film failure and relative stress-strain response for a 200 nm
β-Ta layer on polyimide. After the regime of linear elastic response (I) fragmentation leads to 
relaxation of stress in tensile direction and simultaneously to formation of compressive stress in 
transverse direction (II). The rate of tensile stress relaxation decreases at the crossover strain εc (III). 
Increasing compressive stress finally induces film buckling (IV), and both components of biaxial stress 
relax for high strains due to ongoing delamination and localized substrate yielding (V). 
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stress-strain curve in tensile direction (III). Increasing compressive stress in transverse 

direction induces film buckling at strains of ε ≈ 0.04 (IV). Buckling is accompanied by 

ongoing delamination. In the delaminated zones of the coating it is no longer possible to 

transfer stress, and the absolute values of both components of relative stress decrease for large 

macroscopic strains (V). In addition, localized substrate yielding at cracks contributes to 

decreasing stress in tensile direction. Both phenomena of localized substrate yielding and 

buckling are described in detail in section 5.1 and chapter 6. 

The relative stress-strain curves obtained by synchrotron X-ray diffraction are used as a basis 

for validating the two-dimensional shear lag model. The elastic constants Ec and νc of the 

coating, which are determined by fitting the relative stress-strain curves in the regime of linear 

elastic deformation, and the Poisson ratio νs of the substrate [78, 81] serve as input 

parameters. Additionally, the mean fragment length <L> as a function of the applied strain 

(Figure 4.1) and ξ = Lc/2 (Figure 4.2) are taken into account. The residual stress σres is used as 

a fit parameter and as a basis for expressing absolute values <σx> and <σy> of the biaxial 

coating stress. Figure 4.4 illustrates the quality of the match between the experimentally 

obtained and modeled stress-strain curves. 

 

Figure 4.4: Biaxial stress-strain curves for β-Ta coatings with thicknesses of 50 nm, 100 nm,
and 200 nm on Kapton® HN substrates during uniaxial loading. Both the experimental values 
determined by synchrotron X-ray diffraction and the modeled values using two-dimensional shear lag 
analysis are given in the graph. The measurements provide direct experimental evidence of the
correlation between the process of fragmentation, relaxation of tensile stress and formation 
of compressive stress in transverse direction. 
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The residual coating stress σres is given in Figure 4.5 as a function of film thickness, 

crystallographic phase and substrate. The absolute value of σres decreases with increasing film 

thickness h. The compressive residual stress is generally more pronounced for α-rich Ta films 

compared to β-Ta films and for layers on Kapton® E substrates compared to Kapton® HN. By 

taking into account the values of σres and the relative coating stress as a function of applied 

strain, the biaxial stress-strain curves are obtained (Figure 4.6). They are used to determine 

the macroscopic fracture strength  of the coatings, where  is taken as the maximum of a 

<σx> vs. ε curve, and serve as a basis for determining the fracture toughness KIc. 

For the stress-strain curves presented in Figure 4.6 macroscopic strain was applied by 

stepwise loading of the sample. Relaxation of coating stress between two loading steps of  

Δε = 0.002 was studied for an α-Ta layer with a thickness of 100 nm on Kapton® E substrate, 

where a series of 20 diffracted spectra was taken after each strain step. The integration time of 

a single spectrum was 1 s and the total time between two strain steps was 53 s. Figure 4.7a 

displays the biaxial coating stress as a function of time, where the inset indicates that stress 

relaxation between two strain steps can be approximated by a linear stress vs. time-curve 

within the observed time interval. The resulting slope dσi/dt with i = x, y as a function of time 

is given in Figure 4.7b. Relaxation of stress in tensile direction occurs as soon as <σx> is in 

Figure 4.5: Residual stress σres as a function of film thickness h, which was determined on basis of a
two-dimensional shear lag model, where the relative stress-strain curves obtained by synchrotron 
X-ray diffraction and the mean crack distance as function of applied strain were taken into account. 
The absolute values of residual stress increase with decreasing film thickness. Generally, the 
compressive residual stress is more pronounced for α-Ta compared to β-Ta and for films deposited on 
Kapton® E compared to Kapton® HN. 

0 100 200 300 400 500

-3

-2

-1

0

re
si

du
al

 s
tr

es
s 
σ re

s  [
G

Pa
]

film thickness h  [nm]

α - Ta / Kapton(R) E
α - Ta / Kapton(R) HN
β - Ta / Kapton(R) HN

Thornton et al. (1977)



64 

the tensile regime, but becomes significant at the onset of fragmentation and quickly reaches a 

plateau value of approximately -2 MPa s-1. At ε > 0.1 the rate of stress relaxation approaches 

zero again. Time-dependent stress relaxation in transverse direction becomes only significant 

at the onset strain of buckling, reaches a maximum value of around 2 MPa s-1 and decreases to 

zero again. 

In the vicinity of cracks stress relaxation in tensile direction occurs, which leads to an overall 

decrease of the mean coating stress. This relation was elucidated intensively in previous 

studies on the failure of brittle fibers in composite materials (e.g. [17]) and for thin brittle 

films on compliant substrates (e.g. [18]). The in situ synchrotron studies presented in this 

work provide direct experimental evidence for stress relaxation due to crack formation. 

Additionally, they reveal that compressive stress arises simultaneously in transverse direction 

(see Figure 4.3). Both phenomena are predicted by the two-dimensional shear lag model 

Figure 4.6: Biaxial stress-strain curves of α- and β-Ta layers on Kapton® E and Kapton® HN 
substrates, which were determined by in situ synchrotron X-ray diffraction. The residual stress σres
was determined by two-dimensional shear lag analysis. The relation between the different regimes 
of stress-strain response and the events of coating failure is illustrated in Figure 4.3. The biaxial 
stress-strain curves are used to determine the mean fracture strength  of the coatings, which is taken 
as the maximum of a <σx> vs. ε curve, and serve as a basis for determination of the fracture
toughness. 
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derived in section 3.1, which points out that the relaxation of coating stress and strain in 

tensile direction leads to a mismatch of lateral deformation between coating and substrate and 

hence induces compressive stress. A qualitative remark with respect to this relation was 

previously given by Heinrich et al. [50]. Note that the magnitude of compressive stress in 

transverse direction, which is induced by the fragmentation process, is significant and capable 

of compensating for tensile stress, which may be induced by a higher Poisson ratio of the 

coating during linear elastic deformation. 

In situ observation of the sample surface by light microscopy or scanning electron microscopy 

(Figure 1.6) reveals that the onset of film buckling occurs typically at strains around ε ≈ 0.05. 

This process leads to relaxation of compressive stress <σy> in transverse direction (Figure 

4.3). Since free edges provide preferential boundary conditions for the formation of 

Figure 4.7: (a) Time-dependent biaxial stress-strain curve for a 100 nm α-Ta layer on Kapton® E, 
which was loaded stepwise with Δε = 0.002. After every strain step a series of 20 diffracted spectra 
was taken to monitor relaxation of coating stress. The dark data points correspond to the first 
measurement of each series. Note that the strain axis does not correspond exactly to the time axis due
to the stepwise application of strain. Each series of data points was approximated by a linear function 
to quantify stress relaxation after each strain step. The results are given in (b). Generally, stress
relaxation in loading direction is more pronounced than in transverse direction. Both components 
approach zero for high strains. 
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instabilities, buckling starts at the fragment boundaries. According to the two-dimensional 

shear lag model, this configuration is also favored, as the compressive stress obtains its 

maximum value here (see Figure 3.2). The film successively delaminates due to the formation 

and growth of buckles. Stress transfer is no longer possible in the delaminated zones, and 

therefore the absolute values of the mean stress <σx> and <σy> decrease for large values of ε. 

Additionally, localization of substrate strain at the cracks occurs at higher strains, which also 

contributes to both phenomena of constant fragment length and coating stress relaxation. 

Generally, a good match of the experimentally determined and the modeled stress-strain 

curves can be achieved, in particular for the stress <σx> in tensile direction (see Figure 4.4). 

Deviations in the first regime of the fragmentation process may be caused by the fact that the 

number of counted cracks is initially low, and hence the inaccuracy of the determined crack 

density is high. Evolution and growth of buckles leads to relaxation of transverse stress. In 

terms of the two-dimensional shear lag model, the delaminated zones act as fragment 

boundaries, and the assumption that the fragment width W is large compared to its length L is 

no longer justified. Consequently, after onset of buckling the experimentally determined 

transverse stress <σy> differs significantly from the value predicted by the two-dimensional 

shear lag model. Minor deviations also exist in the previous regime of compressive stress 

formation, which may be induced by variations of the substrate Poisson ratio νs. It is shown in 

section 6.2 that a major contribution to the difference between the modeled and 

experimentally determined transverse stress is probably caused by the development of sample 

curvature during tensile testing. Additionally, inaccuracies of the mean fragment length <L> 

and the crossover fragment length Lc contribute to deviations of the modeled <σx> and <σy> 

values. Thus, it is essential to perform image analysis for determination of the mean fragment 

length with great care. 

The small variance of the data points indicates that the experimental error of determining the 

lattice strain by synchrotron X-ray diffraction is small. The calibration procedure, which 

correlates the α-Ta (110) and the β-Ta (410) peak positions, is based on the assumption that 

the stress state of the β-Ta grains is independent of the volume fraction of α-Ta for linear 

elastic deformation. This assumption is reasonable, since the Young’s moduli of both phases 

are in a similar range (194 GPa compared to 178 GPa for nanocrystalline β-Ta and α-Ta, 

respectively [34]. Slightly different values were obtained by Knepper et al. [82].). However, 

the calibration procedure must be taken into account as a possible source of errors. 

For the calculation of the biaxial coating stress it was assumed that a sharp fiber texture exists. 

This condition is never perfectly fulfilled for sputter deposited thin films (see Table 2.1). 
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Hence, the transformation matrix and the elastic constants in the sample coordinate system are 

not clearly defined. Assuming a lattice strain sensitivity of 10-4 for the applied method [69] 

yields an error of 31 MPa for both <σx> and <σy>. With respect to this value, the error which 

is induced by not taking into account small deviations from ideal fiber texture is considered to 

be of minor importance. 

Fitting the two-dimensional shear lag model to the relative stress-strain curves leads to 

reasonable values of the residual stress σres. Sample warping suggests compressive residual 

stress and the stress at fracture is in the positive stress region. Heinrich et al. suggested 

residual stresses between -0.28 GPa and -0.67 GPa for sputter deposited thin Ta films on 

polyimide substrates [50], which is in good agreement to the results of this work. Using the 

wafer curvature method, Knepper et al. obtained compressive stresses of -0.63 GPa and  

-0.76 GPa, respectively, for β-Ta films on silicon substrates [82]. Residual stress 

measurements by analysis of the substrate curvature are complex for Ta films on compliant 

polymer substrates. Due to the high mismatch strain, a bifurcation of curvature exists, which 

results in a potato-chip like or cylindrical shape. Hence, a straightforward analytical 

correlation between substrate curvature and residual stress cannot be established (see Ref. 

[83] for details). Another source of error is given by the fact that the initial curvature of the 

substrate before film deposition, which may be significantly large, is unknown. Moreover, it 

was observed that small deformations of the sample induce time-dependent curvature 

changes, which can be attributed to viscoelasticity of the polyimide. Due to these aspects, 

residual stress measurements by substrate curvature analysis are considered as incompatible to 

the samples investigated here. 

Difficulties also arise when the sin2 ψ method is applied, where the lattice plane distance is 

measured as a function of the out-of-plane inclination angle ψ by X-ray diffraction. Due to the 

existence of a fiber texture, a specific peak can be recorded only within a limited ψ range. 

Several high-intensity peaks of β-Ta overlap with each other, and the presence of β-Ta in α-Ta 

rich layers prevents an accurate determination of α-Ta peak positions. Hence, a precise 

measurement of the diffraction angles is complicated, which is essential for residual stress 

determination by using the sin2 ψ method. If several differently indexed peaks are taken into 

account for analysis, nonlinear εhkl vs. sin2 ψ curves with large variation of the data points are 

obtained. Nonlinearity of the εhkl vs. sin2 ψ curves suggests the existence of stress gradients, 

which were reported previously for thin β-Ta films [84]. Also by taking into account previous 

work [84-85], it can be concluded that residual stress measurements based on the sin2 ψ 

method are a non-trivial task for thin Ta films on polyimide substrates. 
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Fundamental studies on the residual stress of magnetron sputtered films were performed by 

Thornton and Hoffman [86]. The values of σres they obtained for Ta deposited on glass 

substrates are given in Figure 4.5 for comparison, where the Ar pressure was equivalent to the 

one used in this work. For both the measurements presented in this work and the data of 

Thornton and Hoffman the residual coating stress σres is compressive, where the absolute 

value of σres decreases with increasing film thickness. For sputter deposited films the presence 

of compressive residual stress can be attributed to an atomic peening mechanism, which 

depends on the energy of the incoming atoms [86], while tensile residual stress arises due to 

coalescence of grains during island growth [87]. Transition from tensile to compressive 

residual stress can be achieved by decreasing the sputter gas pressure below a certain 

threshold [86], or alternatively by biasing the substrate [88]. For the experiments presented 

here a transition from compressive to tensile stress is observed at an Ar pressure between 

1.3·10-6 bar and 2.7·10-6 bar, which is by an order of magnitude lower than the values reported 

by Thornton and Hoffman. This variation can be attributed to differences in sputter tool 

geometry, i.e. the distance between target and substrate, which determines the collision 

probability with the sputter gas and hence the adatom energy. Decreasing residual stress with 

increasing film thickness may be attributed to roughening of the surface during growth, which 

may enhance the effect of grain coalescence and, at the same time, lead to a reduced 

efficiency of the atomic peening effect [88]. Relaxation processes may be also related to 

temperature increase during sputtering. Note, however, that for Ta the homologous 

temperature remains low, and hence diffusion-controlled relaxation effects are probably 

insignificant. Kendig et al. [89] highlighted that compressive stress in thin Mo films is 

induced by incorporation of impurities during the initial stage of deposition. Decreasing 

impurity content in the sputter atmosphere and ongoing epitaxial growth leads to extension of 

the lattice and hence a tensile contribution to σres for increasing film thickness. Oxygen 

incorporation also plays a role for successive increase of compressive stress in Ta layers 

during thermal annealing [90]. Although impurities may have an influence on the absolute 

values of σres for the samples investigated here, it cannot be regarded as a dominant source for 

compressive residual stress, as tensile-compressive stress transition can be achieved by 

varying the sputter gas pressure at a comparable level of impurities. The residual stress σres is 

generally larger for α-Ta layers compared to β-Ta for the respective film thicknesses. Possibly 

the atomic peening effect is more effective in generating compressive stress for the more 

densely packed bcc structure of α-Ta compared to the tetragonal β-phase. 
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In Figure 4.7a the biaxial stress of a 100 nm α-Ta coating is given as a function of time during 

stepwise application of strain. The force-displacement curves, which are recorded during the 

in situ experiments by the control software of the tensile stage, indicate that relaxation of the 

applied load due to viscoelasticity of the substrate occurs between two strain steps. Due to the 

presence of stress concentrations, this effect may be particularly pronounced at the clamping 

jaws. Figure 4.7a indicates that also the coating stress is subject to relaxation during stepwise 

application of strain. For every strain step the stress vs. time curves can be approximated by a 

linear slope in the observed time interval (Figure 4.7b), which reveals that the maximum rate 

of stress relaxation is approximately 2 MPa s-1. Taking into account that the error of biaxial 

coating stress is around 30 MPa, which is given by the lattice strain resolution of the SLS 

diffractometer setup, illustrates that the inaccuracy induced by stepwise loading is below the 

resolution limit for integration times smaller than 15 s. Since the integration times of the 

detector are usually between 10 s and 30 s, the effect of relaxation during stepwise application 

of load may be detectable, but does not significantly affect the determined stress-strain 

response of the coatings. At least, the influence of film thickness, crystallographic phase or 

substrate is significantly larger. 

Generally, relaxation in x-direction is more pronounced, which is caused by the fact that the 

sample is loaded in this direction. In contrast, stress relaxation in transverse direction is only 

significant around the onset strain of buckling. It is remarkable that for large macroscopic 

strains the rate of relaxation decreases for both directions. This indicates that the relaxation 

rate correlates with coating stress and not with the stress of the entire sample, which is mainly 

determined by the polymeric substrate. Hence, it may be speculated that the zones of time-

dependent polymer deformation, which are relevant for the stress-strain response of the 

coating, are only located near the interface, and correspond to the zones of localized substrate 

yielding (see section 5.1). This would also mean that relaxation of the sample within the 

clamping jaws is not significant. However, the coating delaminates at large macroscopic 

strains (which is enhanced significantly by irradiation damage of the sample during 

synchrotron X-ray diffraction, see section 5.2), and possibly the decrease of the stress 

relaxation rate can be related exclusively to the loss of adhesion. 
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4.3 Fracture Strength and Fracture Toughness 

The cohesive strength of the coatings is quantified by the macroscopic fracture strength , 

which is defined as the maximum of the <σx> vs. ε curves (Figure 4.6). The resulting values 

of  are given in Figure 4.8 as a function of film thickness, crystallographic phase and 

substrate. The macroscopic fracture strength  decreases with increasing film thickness h. It 

is higher for α-Ta compared to β-Ta films and for layers deposited on Kapton® E instead of 

Kapton® HN substrates. The fracture toughness KIc, which was determined using the two-

dimensional shear lag model as a basis for strain energy calculation, is given in Figure 4.9a as 

function of applied strain, crystallographic phase, and substrate. Within the initial regime of 

the KIc vs. ε curves failure occurs at pronounced defects, and the fracture toughness increases 

with increasing strain, until a plateau of intrinsic fracture toughness KIc,p is attained. As soon 

as buckling and localized substrate yielding at cracks occur, the calculated values of stress 

field and strain energy are no longer representative. This regime of the KIc vs. ε curves is not 

displayed in Figure 4.9a. The plateau fracture toughness KIc,p is larger for α-Ta compared to  

β-Ta and for films on Kapton® E compared to Kapton® HN. An influence of film thickness on 

the plateau fracture toughness (Figure 4.9b) is not apparent for the β-Ta films, while KIc,p may 

increase with increasing film thickness for α-Ta on Kapton® E and Kapton® HN. 

Figure 4.8: Macroscopic fracture strength  of Ta coatings on polyimide substrates, which is taken
as the maximum of the <σx> vs. ε curves (Figure 4.6). The fracture strength decreases with increasing 
film thickness. For the respective film thicknesses  is higher for α-Ta compared to β-Ta films and for 
Kapton® E compared to Kapton® HN substrates. In order to elucidate the critical length scale, which
determines the fracture strength of the coatings, reference lines with  ~ h-1/2 and  ~ h-1/4 are given.
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The macroscopic fracture strength  increases with decreasing film thickness, while  is 

larger for α-Ta / Kapton® E compared to α-Ta / Kapton® HN and β-Ta / Kapton® HN (Figure 

4.8). According to classical fracture mechanics, the fracture strength of a brittle material is 

given by the size of the largest defect and its fracture toughness. A critical defect in a thin film 

first grows until it extends through the whole film thickness and then channels 

perpendicularly to the loading direction. Therefore, crack growth throughout the film 

thickness or channeling of cracks can be considered in order to elucidate the critical length 

scale for thin film fragmentation. For the first case the relevant length scale would be given by 

the maximum size of the defect being equivalent to the film thickness. According to the 

Griffith criterion the critical stress is given by σc = KIc / Y(πh)1/2. The exact defect geometry 

and the geometry factor Y are unknown, and Y diverges as the defect size approaches the film 

thickness. Hence, it is not possible to determine the fracture toughness of the film by using the 

Griffith formula and the measured fracture strength without precise knowledge of the defect 

geometry. If crack growth throughout the film thickness is regarded as the relevant process 

determining the coating strength, the fracture strength should be proportional to the inverse 

square root of the film thickness. According to Beuth [38] the propagation of a channeling 

Figure 4.9: (a) Fracture toughness KIc as a function of applied strain for α- and β-Ta layers on 
Kapton® E and Kapton® HN substrates. The fracture toughness KIc increases initially and attains the 
plateau value KIc,p, which is displayed in (b) as a function of film thickness. The plateau fracture
toughness of α-Ta layers is higher than for β-Ta layers, but still well below the bulk value 
of 90 - 150 MPa m1/2 [91]. While KIc,p is basically independent of film thickness for β-Ta, a slight
increase with increasing film thickness may be observed for α-Ta. The data suggests that the 
dominating failure mechanism in β-Ta is purely brittle fracture, while for α-Ta local plasticity at crack 
tips may act to reduce stress concentrations. 
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crack occurs at σ = KIclXH
-1/2, where lXH is the reference length defined by Xia and Hutchinson 

[39]. Associating lXH with the stress transfer length ξ, the parameter a for the relationship  

lXH, ξ ~ ha is close to 0.5 (see Figure 4.2), and Beuth’s model yields the relation σ ~ h-1/4, if the 

fracture toughness KIc is regarded as a material constant being independent of film thickness. 

For the data given in Figure 4.8, effectively, the relation  ~ h-1/4 is rather fulfilled than the 

relation  ~ h-1/2. This indicates that, for the samples investigated in this work, the critical 

process determining film fragmentation is the growth of channeling cracks, and the critical 

length scale for fragmentation is the characteristic length lXH or ξ, which itself still depends on 

the film thickness. It is not possible to rule out if the critical defects can be regarded as partial 

cracks within the film cross section with ldefect < h or larger flaws within the film plane and 

with ldefect >> h. The latter defects could be scratches or topological features in the substrate, 

which are reproduced in the film during growth, or particle inclusions. Taking into account 

the SEM images obtained during in situ tensile testing, it can be stated that probably both play 

a role. FEM studies performed by Nakamura and Kamath [92] revealed that for compliant 

films on stiff substrates a critical defect must be significantly smaller than the film thickness 

in order to exceed the strength of a channeling crack significantly. Beuth’s studies on fully 

and partially cracked films [38] revealed that for stiff films on soft substrates (α → 1) a partial 

crack, once it grows, always propagates to the interface, and channeling can be treated then 

according to the fully cracked film problem. The above considerations reveal that for Ta films 

on polyimide substrates it is necessary to use an energy-based criterion in order to calculate 

the thin film fracture toughness, where the balance of coating strain energy far ahead and 

behind the front of a channeling crack is taken into account.  

After onset of fragmentation the fracture toughness, which was determined using an energy-

based approach and taking into account a two-dimensional shear lag model, increases with 

increasing strain (Figure 4.9a). This behavior can be attributed to the fact that crack formation 

occurs first at pronounced defects, which correspond to a low fracture toughness of the film. 

The subsequent plateau value KIc,p represents the intrinsic fracture toughness of the film. 

According to Beuth [38] the energy release rate for channeling cracks is given by  

GBeuth = σ2lXH (1 - νc
2) / Ec, where the reference length lXH as defined by Xia and Hutchinson 

[39] is used. Taking into account the elastic constants of Ta and polyimide (e.g. [76, 78, 81]) 

and the relation lXH = π/2 g(α, β) h yields values of lXH, which are several times too small 

compared to the ξ values determined in this work (see Figure 4.2). In order to compare the 

fracture toughness, which was derived on basis of the two-dimensional shear lag model, with 

the corresponding values of Beuth’s model, the parameters lXH ≡ ξ and σ ≡  are used to 
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calculate the fracture toughness KIC,Beuth = σlXH
1/2. The resulting values for both models are 

given in Figure 4.9b. The fracture toughness calculated with Beuth’s model is lower by 

approximately a factor of two compared to the data, which was determined by using the two-

dimensional shear lag model. It was already discussed that Beuth’s model does not take into 

account additional stress relaxation mechanisms like substrate yielding, strain localization in 

the film or plasticity [93]. The crack pattern displayed in Figure 1.6 and the relatively low 

strain εon at onset of fragmentation (Figure 4.1) reveal that brittle fracture is the dominant 

failure mode for Ta coatings on polyimide. However, comparing the influence of the 

crystallographic phase on the mean fracture strength and the fracture toughness of the layers 

indicates that mechanisms for reducing stress concentrations at crack tips may have to be 

taken into account. This behavior is reflected in the KIc values for the α-Ta / Kapton® E and  

α-Ta / Kapton® HN samples, which are larger than the ones of β-Ta / Kapton® HN. Note that 

bulk α-Ta is regarded as a ductile bcc metal with KIc,bulk = 90 - 150 MPa m1/2 [91], while 

nanoindentation showed that β-Ta films have a higher hardness, but at the same time an 

increased brittleness compared to α-Ta films [34]. It was reported that the fracture toughness 

of Cu films on polyimide with a 9 nm Ta interlayer increases with increasing film thickness 

from 3.6 MPa m1/2 (34 nm Cu) to 12.7 MPa m1/2 (506 nm Cu) [93]. The KIc,p vs. h curves 

given in Figure 4.9b indicate that the fracture toughness of β-Ta is largely independent of film 

thickness, while a slight increase of KIc,p with h may be observed for α-Ta films. Since the 

dominant failure mechanism for Ta layers is brittle fracture, a film thickness dependence of 

KIc,p, which is as strongly pronounced as the one for Cu, cannot be expected. However, the 

results presented here indicate that plastic deformation around crack tips may also need to be 

considered for a system, which behaves macroscopically brittle. 

If the stiffness of a film is high compared to the stiffness of the substrate, a film crack may 

propagate into the substrate or induce local plastic deformation of the substrate. The energy 

dissipated during this process is not taken into account in the model presented here. Hence, 

the values for KIc have the tendency to overestimate the fracture toughness. However, analysis 

of crack cross sections indicates that localized substrate yielding is not significant at strains 

below 0.05 (see section 5.1). Since the method for determination of the fracture toughness, 

which is based on the two-dimensional shear lag model, is limited to low strains anyway, 

substrate effects can be considered as less important.  

The fracture strength and fracture toughness of α-Ta films on Kapton® HN is lower compared 

to α-Ta on Kapton® E. Different elastic and anelastic properties of the substrate may have a 

slight influence on the calculated KIc values. The observed difference of KIc for  
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α-Ta / Kapton® E and α-Ta / Kapton® HN is too large to be attributed only to these effects. 

Probably, the smoother surface of Kapton® E [94] promotes growth of a thin film with 

reduced defect density, while the inferior surface quality of Kapton® HN substrates induces a 

larger number of defects at the interface. This plays a significant role for reducing the 

cohesive strength of the films. 
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5 Non-Linear Stress-Strain Response of the Substrate 

The cohesive properties of α- and β-Ta coatings on polyimide substrates, which are presented 

in the previous chapter, were quantified by using a method fundamentally based on the two-

dimensional shear lag model (chapter 3.1). For derivation of the model it was assumed that 

the stress-strain response of the coating and the substrate is linear elastic, and stress transfer 

between substrate and coating is linear elastic with the shear modulus μif at the interface. By 

taking into account the experimentally determined stress transfer length ξ it can be avoided to 

use the parameter μif, and Figure 4.4 shows that up to a certain limit of macroscopic strain 

(typically around ε = 0.05) a satisfactory match is achieved between the stress-strain curves 

determined by in situ synchrotron X-ray diffraction and calculated on the basis of the two-

dimensional shear lag model. It was already pointed out that several assumptions taken during 

derivation of the two-dimensional shear lag model are not fulfilled at strains above this limit, 

where the formation of buckles violates the condition that the length of a fragment has to be 

small compared to its width. In addition, the assumption of stress transfer at an infinitely thin 

interface is not appropriate for a stiff film on a compliant polymeric substrate, since the zone 

of stress transfer rather is a layer of finite thickness within the substrate, where σi = σi (x, y, z). 

Hence, the stress-strain response of the interface is mainly determined by the mechanical 

properties of the substrate, where plasticity and viscoelasticity play a role. At high strains 

localized substrate yielding occurs, and the assumption of homogeneous substrate 

deformation becomes inappropriate. Since buckling occurs at macroscopic strains, where 

nonlinear stress-strain response of the substrate is relevant, it is mandatory to investigate the 

influence of this effect on the biaxial film stress and on coating failure in order to establish an 

energy balance for the process of buckle formation. In the following section experimental 

evidence for localized substrate yielding at cracks is presented, which was achieved by 

fabrication of cross sections using focused ion beam milling. In section 5.2 the effect of strain 

rate and temperature on the biaxial coating stress is investigated. This leads to a quantitative 

description of sample damaging and loss of coating adhesion during irradiation by highly 

intensive X-rays, where the limits of applicability for in situ synchrotron X-ray diffraction are 

elucidated. The experimental results presented in this chapter are used as a basis for finite 

element modeling of the stress distribution within a fragment and for energetic considerations 

on the buckling process with the aim to determine the interface energy release rate, which is 

described later in chapter 6. 
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5.1 Localized Yielding of the Substrate 

The constant mean fragment length at high strains and the deviation between the stress-strain 

curves in tensile direction, which were determined by in situ synchrotron X-ray diffraction 

and by using the two-dimensional shear lag model, were attributed to localized yielding of the 

substrate at cracks. In order to investigate the morphology of substrate yielding and to provide 

experimental basis for choosing the appropriate FEM geometry for simulating the stress field 

in the coating, cross sections of the fragmented coating were investigated. α-Ta coatings with 

a thickness of 100 nm were loaded uniaxially up to defined strains of 0.03, 0.05, 0.07, 0.10, 

0.15 and 0.20. The unloaded samples were attached to a SEM sample holder. In order to 

prevent charging of the sample during the subsequent treatment, a gold layer with a thickness 

of approximately 20 nm was applied by sputtering. Cross sections with a length of several 

tens of micrometers and a depth of several micrometers were fabricated by focused ion beam 

milling (Zeiss NVision 40) in a way that they intersect several cracks perpendicular to the 

crack direction. Another gold layer with a thickness of approximately 20 nm was applied to 

allow for investigation of the cross section in a SEM (FEI Quanta 200 FEG) under high 

vacuum conditions without charging. 

Figure 5.1 illustrates cross sections of a fragmented Ta layer after application of strain with  

ε = 0.07 (a) and ε = 0.20 (b). For the sample, which was loaded to ε = 0.03, it was not possible 

to observe any cracks. Fragmentation of the layer could be noticed for the sample loaded to  

ε = 0.05, and the permanent crack opening increases in size with increasing applied strain. 

Figure 5.1: Cross sections of a fragmented α-Ta layer with a thickness of 100 nm on polyimide 
substrate, which was loaded up to a macroscopic strain of ε = 0.07 (a) and ε = 0.20 (b) and then 
unloaded. From ε ≈ 0.05 permanent deformation of the substrate at cracks can be noticed. Although 
necking is observed for ε > 0.15, localized yielding of the substrate can be regarded as relatively
uniform, where crack propagation into the substrate does not occur. 

(a)
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From ε = 0.15 necking of the substrate can be observed at the cracks. Nevertheless, the 

localized deformation of the substrate can be regarded as relatively uniform. Figure 5.2 

indicates that crack propagation along the interface is a common feature. However, the size of 

the interface cracks is always smaller than the film thickness, and it does not increase with 

increasing strain. The permanent crack opening was quantified using FIB cross sections of 4 

to 11 cracks for every sample. The resulting values are displayed in Figure 5.3. From ε ≈ 0.05 

the crack opening increases, indicating plastic yielding of the substrate at the cracks. The 

crack opening of an equivalent specimen during application of load, which was obtained by in 

situ SEM imaging, is given for comparison. For applied strains up to ε = 0.1 the permanent 

crack opening is smaller than the crack opening of the loaded sample, for larger strains they 

are approximately equal. 

Although the strain at onset of fragmentation is below 0.02 for an α-Ta layer with a thickness 

of 100 nm, cracks cannot be observed during post mortem investigation of a sample loaded to 

ε = 0.03. Since localized yielding of the substrate at cracks does not play a role at low strains, 

the cracks being formed close after unloading, and due to the gold coating they are not visible 

anymore. Permanent crack opening is noticeable from ε t 0.05, which coincides with the 

strain identified as limit of applicability for the two-dimensional shear lag model. Analysis of 

Figure 5.2: Cross section of a fragmented α-Ta layer with a thickness of 100 nm on polyimide 
substrate, which was strained to ε = 0.10 and then unloaded. Although crack propagation along the
interface can be observed regularly, it is not considered as a relevant mechanism of failure for the 
system under investigation, since the length of the interface crack is well below the film thickness 
and does not grow with increasing applied strain. 

500 nm
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cross sections reveals that localized substrate yielding occurs uniformly between the 

fragments up to ε ≈ 0.15, and subsequent necking of the substrate can be observed. The film 

crack does not propagate straight into the substrate. Crack propagation along the interface is 

also not regarded as a relevant failure mechanism for Ta layers on polyimide substrates, since 

the length of the delaminated path along the interface is well below the film thickness and 

remains constant with increasing applied strain. Hence, the finite element model depicted in 

Figure 3.4b, where the zone of localized substrate deformation is taken as a groove with semi-

circular cross section, is regarded as the model, which represents the investigated samples in 

the most appropriate way. 

In principle, the difference between the crack opening of the loaded and the unloaded sample 

(Figure 5.3) is equivalent to the sum of elastic and anelastic contribution to the crack opening. 

However, the inaccuracy of the data presented here is significant, since the high experimental 

effort of fabricating cross sections of fragmented thin layers allows only for the investigation 

of a limited number of cracks. In addition, the crack opening for the loaded samples is 

underestimated due to crack surfaces being not perfectly orthogonal to the sample surface, 

and due to the existence of cracks at the interface. Another problem, which was observed 

during in situ tensile testing combined with SEM imaging, is damaging of the polymeric 

substrate at locations of high electron density, i.e. at locations where the beam and the focus 

of the microscope are adjusted and high magnification images are taken (Figure 5.4). The 

Figure 5.3: Crack opening as function of applied strain for a 100 nm α-Ta layer on polyimide. The 
values for the loaded specimen were obtained by in situ SEM imaging. The permanent crack opening
was determined by post mortem SEM investigation of FIB cross sections. 
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damage induced by the electron beam leads to propagation of cracks into the substrate, which 

was not observed during post mortem SEM analysis. These substrate cracks may already form 

at strains as low as ε = 0.05 for Ta layers with a thickness of 20 nm. Since they lead to 

relaxation of coating stress, they reduce the crack opening of nearby cracks and have a 

significant influence on the failure behavior of the coating in the observed area. Therefore, 

attention has to be drawn to the fact that in situ analysis of coating failure in a SEM may alter 

the usual sample behavior, especially if images with high resolution and high magnification 

are taken. 

 

5.2 Strain Rate, Temperature and Radiation Induced Substrate Damage 

Brittle fracture of Ta films is a process, which is generally independent of strain rate, and the 

deformation of the coating during buckling is essentially elastic accompanied by brittle 

fracture (see section 6.2). Therefore, the effect of strain rate on failure events and biaxial 

coating stress reveals relaxation mechanisms of the polymeric substrate. For modeling the 

stress field within a fragment by finite element analysis, it is important to elucidate the 

significance of these relaxation effects, since they may need to be incorporated in the FE 

model. Variation of strain rate at a fixed strain limit results in different exposure times to the 

Figure 5.4: In situ scanning electron microscopy of a fragmented 100 nm α-Ta layer on polyimide 
during application of uniaxial load (here: ε = 0.12). It can be observed that beam adjustment
and imaging at high magnification induces damaging of the polymeric substrate due to high electron 
density, which leads to the development of a pronounced substrate crack. This form of substrate
damage cannot be observed during post mortem SEM investigation of equivalent samples. 

5 μm
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synchrotron beam for the samples, which provides the possibility to study the impact of high-

energetic, high-intensity radiation and gives an indication for limits of applicability for lattice 

strain measurements by in situ synchrotron X-ray diffraction. Another approach for studying 

the role of dynamic relaxation processes is the variation of temperature instead of strain rate. 

For uniaxial loading of Ta layers on polyimide substrates the reduction of temperature should 

yield a biaxial stress-strain response of the layer similar to the one obtained at higher strain 

rates, where temperature dependence of the elastic properties and the elongation to fracture of 

the polymeric substrate may also have an influence. 

In order to investigate the effect of strain rate on the biaxial stress-strain curves of α-Ta 

coatings with thicknesses of 50 nm and 200 nm, in situ synchrotron X-ray diffraction was 

performed, where the samples were loaded continuously up to ε ≈ 0.1 with strain rates of 

approximately 7·10-6 s-1 to 2·10-4 s-1, which is equivalent to a run duration of 450 s to 13000 s. 

The integration time of the microstrip detectors was chosen according to the duration of the 

experiments and varied between 4 s for the highest strain rate and 80 s for the minimum strain 

rate. Since the macroscopic strain is measured individually by monitoring the displacement of 

markers on the sample surface, possible time-dependent relaxation of the specimen between 

the clamps does not affect the stress-strain curves. In situ tensile tests at reduced temperature 

were performed at 243 K and 193 K with a strain rate of 2.3·10-5 s-1 for α-Ta layers with a 

thickness of 200 nm, where the adjustment of temperature was achieved by using a cryojet 

(Oxford Instruments). The mean crack and buckle distance during continuous loading with 

strain rates of 6.5·10-6 s-1 and 2.2·10-4 s-1 was determined by light microscope image analysis, 

where an image was taken automatically after a defined time interval. Light microscopy was 

also used to investigate the surface of the samples after in situ synchrotron X-ray diffraction 

in order to study the influence of synchrotron radiation on the failure behavior of the coating. 

For α-Ta layers with thicknesses of 50 nm and 200 nm on Kapton® E substrates the biaxial 

stress-strain curves as a function of strain rate are displayed in Figure 5.5. Note that in situ  

X-ray diffraction for the 50 nm Ta film at a strain rate of 2.3·10-4 s-1 was not as precise as the 

other experiments, particularly for the stress in transverse direction, since the short integration 

time of the detectors and the small film thickness reduce the quality of the obtained XRD 

spectra. Figure 5.5 indicates that a significant strain rate dependence of the biaxial stress does 

not exist during the early stage of the fragmentation process, i.e. up to a strain of 

approximately 0.02 above the strain at onset of fragmentation. At higher strains a decrease of 

strain rate leads to increased stress relaxation in tensile direction. This effect is particularly 

pronounced for the 200 nm Ta layer on polyimide. While strain rate dependence of the 
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transverse stress <σy> cannot be identified clearly for the Ta layer with a thickness of 50 nm, 

reduction of strain rate leads to significant relaxation of transverse stress for the 200 nm Ta 

layer, where the minimum of the <σy> vs. ε curve decreases from -1.5 GPa at ε ≈ 0.03  

(dε/dt = 6.5·10-6 s-1) to -2.6 GPa at ε ≈ 0.06 (dε/dt = 2.2·10-4 s-1). 

The mean fragment length and the mean buckle distance during continuous loading of 200 nm 

α-Ta layers with different strain rates are displayed in Figure 5.6. For both strain rates the 

strain at onset of fragmentation is equivalent. The mean crack distance approaches a constant 

value for the sample loaded with low strain rate, while the saturated mean crack distance is 

not attained for the high strain rate within the observed strain interval. Although the mean 

buckle distance is the same for both strain rates directly after onset of buckling, the buckling 

process is delayed afterwards for the high strain rate. Hence, a strain rate dependent and a 

strain rate independent regime of the buckling process can be identified. Nevertheless, the 

Figure 5.5: Strain rate dependence of the biaxial stress-strain response for α-Ta layers with 
thicknesses of 50 nm (upper part) and 200 nm (lower part) on Kapton® E substrates. During the early 
stage of fragmentation (approx. 0.02 above the strain at onset of fragmentation) the biaxial stress is 
basically independent of strain rate, whereas strain rate dependent relaxation of stress <σx> in 
loading direction occurs for larger strains. While a systematic strain rate dependence of <σy> 
cannot be identified for Ta layers with a thickness of 50 nm, it is pronounced for films with a thickness 
of 200 nm. 
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strain rate dependence of the mean crack and buckle distance is not strong and cannot explain 

the significant difference of the <σy> vs. ε curves for the 200 nm Ta layer. 

Light microscope images of the sample surface within and outside of the focal spot of the 

synchrotron beam are given in Figure 5.7 for α-Ta films with thicknesses of 50 nm and  

200 nm, which were loaded up to ε ≈ 0.08 at a strain rate of 7·10-6 s-1. The duration of the 

experiments was between 12000 s and 13000 s. Figure 5.7 indicates that buckling of the 

coating is more pronounced within the focal spot. The mean buckle distance <db> and the 

mean buckle width <a> were quantified inside and outside of the focal spot for the samples, 

which were investigated by in situ synchrotron X-ray diffraction after loading at different 

strain rates. Since the strain at end of run is not perfectly equivalent for all experiments, it is 

more advantageous to investigate the ratio <db,in> / <db,out> of the mean buckle distance and 

<ain> / <aout> of the mean buckle width inside and outside of the focal spot in order to identify 

the impact of the synchrotron beam (Figure 5.8). A systematic influence of run duration on 

the mean buckle distance cannot be ruled out, while the mean buckle width increases 

significantly with prolonged exposure to synchrotron radiation. This behavior is more 

pronounced for increasing film thickness. 

Figure 5.6: Influence of strain rate on the mean crack distance <L> and mean buckle distance <db> 
as a function of applied macroscopic strain for 200 nm α-Ta layers on Kapton® E substrates. While 
the strain at onset of fragmentation and buckling does not depend on the strain rate, an influence on
the mean crack distance at high strains can be observed, and the <db> vs. strain curves suggest that a 
strain rate independent and a strain rate dependent component of the buckling process exist. 
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The biaxial stress-strain curves for temperature dependent tensile tests of 200 nm α-Ta layers 

on Kapton® E are given in Figure 5.9. The macroscopic fracture strength, which is taken as 

the maximum of the <σx> vs. ε curve, is independent of testing temperature in the interval 

from 193 K to 293 K. Compared to room temperature, relaxation of stress in tensile direction 

at ε > 0.04 is reduced for 243 K, and the minimum of the <σy> vs. ε curve is shifted from  

ε = 0.043 to ε = 0.061 with the minimum stress remaining basically unaltered. In contrast to 

the testing temperatures of 243 K and 293 K, the stress-strain response of the coating at 193 K 

is remarkably altered for ε > 0.03, where stress relaxation is very pronounced for both tensile 

and transverse direction, and both components of stress attain a constant value at ε ≈ 0.11. 

Severe delamination within the focal spot of the synchrotron beam can be observed for the 

sample tested at 193 K (Figure 5.10). SEM images of the sample surface outside of the focal 

spot indicate that permanent crack opening, which reveals localized yielding of the substrate 

at cracks, is reduced for decreasing the temperature from 243 K to 193 K (Figure 5.11). 

Figure 5.7: Light microscope images of a 50 nm and 200 nm α-Ta layer on Kapton® E after 
synchrotron X-ray diffraction with a strain rate of 7·10-6 s-1 up to ε ≈ 0.08, which is equivalent to a run 
duration of approximately 13000 s. Comparison of the sample surface inside and outside of the focal 
spot of the synchrotron beam reveals that the process of buckling occurs intensified within the focal 
spot, leading to the conclusion that synchrotron radiation reduces the adhesion between coating and
polymer significantly. 
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Figure 5.8: Influence of synchrotron radiation on coating failure is reflected in the ratio 
<db,in> / <db,out> of the mean buckle distance and <ain> / <aout> of the mean buckle width inside 
and outside of the focal spot as a function of run duration measured after uniaxial tensile testing. A 
systematic dependence of <db,in> / <db,out> cannot be observed. In contrast, <ain> / <aout> increases 
significantly with increasing run duration indicating a reduction of adhesion between coating
and substrate, which is more pronounced for the larger film thickness. 

Figure 5.9: Biaxial stress-strain response of a 200 nm α-Ta layer on Kapton® E substrate as 
a function of temperature. The samples were loaded continuously with a strain rate of 2.3·10-5 s-1. 
Decrease of temperature to 243 K reduces stress relaxation in tensile direction, but does not 
significantly alter the stress-strain response of the coating. At 193 K relaxation of biaxial stress at
ε > 0.03 indicates loss of adhesion between coating and polymer.  
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Figure 5.10:Severe decohesion of the coating within the focal spot of the synchrotron beam for a
200 nm α-Ta layer on Kapton® E, which was loaded continuously up to ε ≈ 0.14 at a temperature
of 193 K with a strain rate of 2.3·10-5 s-1. Degeneration of film adhesion is pronounced at low 
temperatures due to reduced plasticity of the polymer. 

Figure 5.11: Scanning electron microscope images of 200 nm α-Ta layers on Kapton® E substrate, 
which were loaded to ε ≈ 0.15 at 243 K (a) and to ε ≈ 0.14 at 193 K (b). Permanent crack opening and
localized substrate yielding is significantly reduced at 193 K, indicating decreasing plasticity of the
polymeric substrate at low temperatures. 
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Light microscope images of the sample surface within and outside of the focal spot of the 

synchrotron beam (Figure 5.7) reveal that coating failure is significantly affected by exposure 

to high-intensity X-rays, where degradation of the polymeric substrate at the interface leads to 

reduced adhesion and delamination of the coating. The ostensible strain rate dependence of 

the biaxial coating stress (Figure 5.5) can be attributed mainly to this effect, and the measured 

values of stress are not generally representative for the unaffected part of the coating. 

Degradation of the samples due to synchrotron radiation is determined by the exposure time, 

but as a driving force for delamination the existence and formation of compressive stress 

during tensile testing plays a significant role. Fragmentation leads to compressive stress in 

transverse direction, where the relation between <σy> and ε can be approximated by a linear 

slope. The onset of delamination can be attributed to the strain, where deviation from linearity 

exists, which is equivalent to ε = 0.020, t = 3080 s for dε/dt = 6.5·10-6 s-1, ε = 0.028, t = 1200 s 

for dε/dt = 2.3·10-5 s-1, ε = 0.035, t = 480 s for dε/dt = 7.3·10-5 s-1 and ε = 0.038, t = 170 s for 

dε/dt = 2.2·10-4 s-1. Since the time at onset of delamination varies significantly, a threshold 

time, where the substrate is damaged by the synchrotron beam, cannot be identified from the 

stress-strain curves. The resistance to buckling, which is reflected in the minimum of the <σy> 

vs. ε curves, always depends on the irradiation time, if the duration of synchrotron-based 

lattice strain measurements is not sufficiently short. On the other hand, the mean crack 

distance and the crack morphology are not affected by the high-intensity X-ray beam, since 

fragmentation occurs predominantly in the early stage of the tensile tests and compressive 

stress in transverse direction has not yet formed. This means that the correlation between 

mean crack distance and coating stress, which was highlighted in chapter 4.2, and the 

subsequent evaluation method for the residual stress, mean fracture strength and fracture 

toughness is not affected by the consequences of synchrotron radiation-induced sample 

damage, and the conclusions drawn in the previous chapter remain valid. However, it is not 

possible to correlate the fragment dimensions and biaxial coating stress over the entire strain 

range for many of the investigated samples, since either the real fragment dimensions within 

the synchrotron X-ray beam or the coating stress in the non-irradiated area is unknown. 

Quantitative analysis of light microscope images (Figure 5.8) reveals that for the highest 

strain rate, which is equivalent to a run duration of 450 s, irradiation with high-intensity  

X-rays does not affect the process of coating failure during loading, but already for 

experiments with a run duration of 1350 s an increase of the buckle width indicates loss of 

adhesion. This effect is more pronounced for films with larger thickness, since the strain 

energy and hence the driving force for buckling is higher, while the work of delamination is 
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constant. The influence of film thickness on the sample damage induced by synchrotron 

radiation is also reflected in the biaxial stress-strain curves (Figure 5.5), where increasing film 

thickness leads to a higher dependence of transverse stress on the run duration. For finite 

element analysis of the coating stress field, which is performed in the next chapter, it is 

therefore necessary to take into account the biaxial stress-strain curves for high strain rates. 

For the Ta layer with a thickness of 50 nm the stress-strain curve obtained at  

dε/dt = 7.3·10-5 s-1 is used, since the quality of the measurement is low at higher strain rates 

and the influence of irradiation damage is less pronounced for this film thickness. 

Figure 5.10 illustrates that the impact of synchrotron radiation on coating failure is even more 

pronounced for low temperatures, since reduced plasticity of the polymer reduces the 

toughness of the interface. In addition to the run duration, the sample is usually exposed to the 

synchrotron beam for 2-5 minutes due to adjustment and set up of the measurement, which 

also contributes to the irradiation damage. Taking into account the data presented in this 

chapter, it is recommend that irradiation of the sample should be limited to 15 minutes, if the 

development of compressive stress can be expected during tensile testing. Consequently, it is 

difficult to obtain precise information on the biaxial stress-strain response of coatings with 

reduced thickness over a large strain range, since the intensity of the spectra acquired by in 

situ synchrotron X-ray diffraction is low. This was demonstrated during strain rate dependent 

tensile testing of an α-Ta layer with a thickness of 50 nm. 

The aim of the study was to investigate the influence of relaxation phenomena of the 

polymeric substrate on the failure behavior and the biaxial stress of the Ta coating. Due to 

damaging of the polymer in the synchrotron beam it was not possible to evaluate the role of 

viscoelastic deformation of the substrate for the stress-strain response of the layer. However, 

strain rate dependence of the mean crack distance <L> and the mean buckle distance <db> can 

be observed by light microscope imaging during continuous loading (see Figure 5.6). For a 

low strain rate the constant mean crack distance at high strains indicates an increased 

significance of localized substrate deformation due to viscoelasticity, since this effect leads to 

a reduction of coating strain and prevents further formation of cracks. The <db> vs. ε curves 

suggest that a strain rate independent and a strain rate dependent regime of the buckling 

process can be distinguished. Within the first domain buckling occurs at pronounced defects 

independent of strain rate. At higher strains buckles are formed within the remaining area of 

the coating, and this process is delayed for higher strain rates. This result indicates that for 

quantitative analysis of the interface energy release rate during buckling-driven delamination 

time-dependent deformation mechanisms of the polymer should be taken into account. 
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It was already mentioned that plasticity of the polymer is reduced for decreasing temperature, 

i.e. the ultimate elongation decreases from 77.1% to 19.4% between 300 K and 77 K [95]. 

This behavior is reflected in the reduced permanent crack opening for the sample, which was 

tensile tested at 193 K (Figure 5.11). However, the effect of this behavior on the biaxial 

stress-strain response of the coating could not be determined, since synchrotron radiation 

induced delamination occurs at a low strain of ε ≈ 0.025 for this sample. The effect of 

increasing Young’s modulus of polyimide from 3.5 GPa (300 K) to 5.7 GPa (77 K) [95], 

which should affect the stress transfer length, could also not be observed. Taking into account 

the initial regime of the stress-strain curves in Figure 5.9 indicates that the mean fracture 

strength of the coating does not depend on the temperature. Bulk α-Ta is regarded as ductile at 

room temperature, and it retains its ductility at temperatures of 193 K [96]. Hence, a change in 

the mechanism of cohesive failure for the α-Ta layers cannot be expected within the observed 

temperature range. 
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6 Formation of Undulations and Buckles 

Relaxation of tensile coating stress due to crack formation leads to a mismatch of lateral 

contraction between coating and substrate, which induces compressive stress in transverse 

direction. This relation was derived analytically by using a two-dimensional shear lag model 

(chapter 3.1) and confirmed on basis of biaxial stress-strain curves, which were obtained by 

synchrotron X-ray diffraction (chapter 4.2). It was already discussed that relaxation of 

compressive stress in transverse direction occurs by buckling of the coating and subsequent 

delamination. In this chapter experimental observations regarding buckle formation and 

morphology are summarized first. It is demonstrated that, for thin tantalum layers on 

polyimide substrates, buckling immediately leads to fragmentation of the coating due to large 

bending moments. The reversible formation of undulations, which acts as a preliminary stage 

of the buckling process, is described. On basis of these results it is highlighted that relaxation 

of transverse stress does not only occur in the delaminated section of the layer, but also within 

the attached coating in the vicinity of the buckle. Taking into account the experimental 

observations with regard to nonlinear stress-strain response of the substrate, which were 

presented in the previous chapter, the finite element model introduced in section 3.2 is used in 

order to establish a correlation between the fragment size and the biaxial coating stress. In 

contrast to the two-dimensional shear lag model, this description is not only valid until the 

strain at onset of buckling and localized substrate yielding. The calculation demonstrates that 

different mechanisms of stress relaxation have to be taken into account, which cannot be 

incorporated easily and directly in a single mechanical model. The finite element model is 

used to determine the stress field and strain energy density within the fragment and the 

substrate. Based on this calculation, the energy balance of the buckling process is considered, 

and the energy release rate for propagation of an interface crack during buckle formation is 

determined. While the quantitative data obtained in this work deviate from literature values of 

the adhesion energy, the presented considerations on the buckling process reveal the necessity 

for refinement of existent buckling models in order to obtain an appropriate description of the 

buckling process for stiff films on compliant substrates with strong adhesion. A prerequisite is 

the understanding of the interaction between buckle formation and development of the biaxial 

coating stress, which is presented within this chapter. 
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6.1 Experimental Observations 

In situ scanning electron microscopy and white light interferometry was used to characterize 

and quantify the effects of undulation and buckle formation during the advanced stage of 

uniaxial tensile tests. In addition, post mortem SEM analysis was performed for samples, 

which were previously loaded up to a defined strain of ε = 0.03, 0.05, 0.07, 0.10, 0.15 and 

0.20. The samples were coated with a thin Au layer to prevent charging, which allows for the 

operation of the microscope in high vacuum mode (p ≈ 10-4 Pa) instead of low vacuum mode 

(p = 80 Pa). In addition, the working distance of the microscope can be reduced from  

19.1 mm to 10 mm, if the tensile stage is not used. Consequently, the buckle morphology can 

be investigated with much higher resolution compared to in situ SEM imaging. 

In Figure 6.1 SEM images, which were obtained during in situ analysis at an applied strain of 

ε = 0.12, are presented for α-Ta on Kapton® E and β-Ta on Kapton® HN with a film thickness 

of h = 200 nm. A representative illustration of the buckle morphology, which was acquired by 

post mortem analysis of a 100 nm α-Ta layer on Kapton® E, is given in Figure 6.2. Both 

Figure 6.1 and Figure 6.2 reveal that buckling immediately leads to the formation of cracks at 

Figure 6.1: Buckling of α-Ta on Kapton® E (left) and β-Ta on Kapton® HN with a layer thickness 
of 200 nm at ε = 0.12 as monitored by in situ scanning electron microscopy. For β-Ta / Kapton® HN 
the propagation of a buckle through the length of a fragment is rapid and usually occurs within a
single strain step. In contrast, partly buckled fragments, where the length of a buckle along its ridge is 
smaller than the fragment length, can be observed for α-Ta / Kapton® E. This effect is probably 
related to higher ductility of α-Ta compared to β-Ta. 

20 μm20 μm

α-Ta / Kapton® E β-Ta / Kapton® HN



91 

the crest of the buckles. At an advanced stage of the buckling process the coating may also 

rupture at the basis of a buckle (see Figure 6.3). Figure 6.1 indicates that propagation of a 

buckle through the length of a fragment occurs rapidly, i.e. usually within a single strain step, 

for β-Ta layers on Kapton® HN substrates. In contrast, partial buckles, where the length of the 

buckle along its crest is smaller than the fragment length, can be stable over a certain strain 

range for α-Ta on Kapton® E. By tilting of the sample, post mortem SEM imaging allows for 

the investigation of the interface between the substrate and a delaminated section of the 

coating, if the width and height of the buckle is sufficiently large (see Figure 6.2). 

Delamination occurs by formation and propagation of an interface crack, where deviation of 

the interface crack path into the substrate could not be observed. A certain roughness of the 

interface, where decohesion of the coating occurred, can be identified. 

In situ scanning electron microscopy was used to quantify the mean fragment length <L>, the 

mean buckle distance <db>, and the mean buckle width <a> during uniaxial loading of α-Ta 

layers on Kapton® E and β-Ta films on Kapton® HN substrates (see Figure 6.3 for definitions 

of L, db and a). The mean crack and buckle distance were determined by linear analysis, as 

described in section 2.4. On basis of the SEM images the area of individual buckles was 

determined by manually assigning equivalent quadrilateral areas using a custom made 

MATLAB program. The width a of a buckle is then given by its area divided by the length 

Figure 6.2: Post mortem SEM observation of the buckling process for 100 nm α-Ta on Kapton® E 
substrate, which was loaded to strains between ε = 0.05 and ε = 0.20. Buckle formation leads to 
immediate fragmentation of the coating at the crest of the buckle due to large bending moments. The
mean buckle width <a> increases with increasing strain. Possibly, the features marked with arrows
are protrusions originating from plastic substrate deformation during buckling. 
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along its ridge. This method allows for the size determination for a large number of buckles, 

which is necessary due to the statistical nature of the buckling process. The resulting values of 

<L>, <db> and <a> are given in Figure 6.4. The relation between the mean fragment length 

<L> and the applied strain was already discussed in chapter 4 and is not considered here. 

Within the first regime after onset of buckling the mean buckle distance <db> decreases 

rapidly with increasing strain. During transition to the second regime the buckling rate 

decreases. Generally, the mean buckle distance at high strains is larger for increasing film 

thickness. For the strain at onset of buckling a scaling behavior in terms of the film thickness 

cannot be observed. A strain rate independent and a strain rate dependent domain, which is 

reflected by the separation of the first regime at high strain rates (see chapter 5.2), cannot be 

identified for the <db> vs. ε curves displayed in Figure 6.4. The mean buckle width <a> 

increases with increasing strain ε. This behavior can also be observed for the buckles 

displayed in Figure 6.2. In addition, larger film thickness leads to increased buckle width. 

In situ white light interferometry reveals that the formation of undulations may occur during 

the early stage of buckling near the fragment edges. For a β-Ta film with a thickness of  

200 nm on Kapton® HN the height profile of the undulation, which is marked with a blue box 

in Figure 6.5, is investigated as a function of applied strain. The result is given in Figure 6.6. 

The undulation has a regular structure up to a certain strain, where some of the undulations 

grow to buckles. As a consequence, the undulations in the vicinity of a buckle decrease in size 

or disappear completely. For the undulation displayed in Figure 6.6 the wavelength is 5.4 μm, 

and the average amplitude is 0.13 μm for ε = 0.08 and 0.27 μm for ε = 0.1. 

Figure 6.3: SEM image of a 100 nm α-Ta layer after uniaxial loading to ε = 0.15. At high strains 
cracking of the coating may not only occur at the crest of a buckle, but also at its basis. Note the 
definitions of the crack distance L, the buckle distance db and the buckle width a. 

5 μm
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A representative topographic profile of a buckle, which was determined by white light 

interferometry and averaged along the x-direction, is illustrated in Figure 6.7 for a 200 nm  

β-Ta layer on Kapton® HN. The buckle height w0 was taken as the maximum of the buckle 

profile. Figure 6.7 illustrates that w0 increases during application of macroscopic strain. 

Buckling of a coating immediately leads to the formation of a crack at the crest of the buckle 

(see, for example, Figure 6.2). Taking into account the mean buckle width <a> and height w0, 

which was presented in Figure 6.4 and Figure 6.7, the bending stress at the crest of a non-

cracked buckle can be estimated. In the buckling model, which was presented in section 1.2, 

the deflection w(y) of the coating was described by a cosine function: 

( ) 0 21 cos
2
w yw y

a
π⎛ ⎞= +⎜ ⎟

⎝ ⎠ .
   (1-11) 

 

Figure 6.4: Mean crack distance <L>, mean buckle distance <db> and mean buckle width <a> as 
a function of applied strain for α-Ta on Kapton® E (left) and β-Ta on Kapton® HN (right). Similar to 
the <L> vs. ε curves, the <db> vs. ε curves can be divided into a regime, where increasing strain leads
to rapid decrease of mean buckle distance, and a second regime, where the buckling rate is reduced.
The mean buckle width <a> increases with increasing strain, where <a> is larger for higher film 
thicknesses. 
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Figure 6.5: The sample topography was monitored by in situ white light interferometry, which
provided quantitative information on the processes of undulation and buckle formation during a later 
stage of the tensile test (here: ε = 0.10). The fragment edge marked by the blue box is taken into 
account for investigation of the undulation profile as a function of applied strain (see Figure 6.6). 

Figure 6.6: Topography at a fragment edge along the y-coordinate as a function of applied strain. It 
can be observed that a regular wavy undulation forms at ε ≈ 0.08. While some of the undulations grow
to buckles, the neighboring undulation decrease in size or disappear completely. This behavior
indicates that buckling leads to relaxation of transverse stress also within the attached section of the 
coating, and that the description of a buckle in terms of a rigidly clamped plate is not appropriate for
stiff films on compliant substrate. 
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The radius of curvature R of the coating at the buckle ridge (y = 0) is given by 
2

2
02

aR
wπ

=
,
     (6-1) 

and the strain εmax at the surface of the coating is 
2

0
2max

hw
a

πε =
.
     (6-2) 

Taking a = 5 μm and w0 = 1 μm, which is representative for a β-Ta film with a thickness of  

h = 200 nm at ε ≈ 0.1, yields σmax = Ecεmax ≈ 13 GPa. Considering that the height of the non-

cracked buckle is smaller than the measured values for w0 still yields a maximum stress, 

which exceeds the fracture strength of Ta significantly. This calculation illustrates that 

buckling induces large bending moments, which immediately leads to fracture of the coating. 

Taking into account that fragmentation occurs preferentially compared to lateral growth of the 

buckles indicates that a strong adhesion between the coating and the substrate exists. 

Relaxation of transverse stress, which occurs near the boundaries within the attached section 

of the coating, is usually not taken into account by models considering a buckle as a rigidly 

clamped plate. Assuming that the film stress in the buckled section is zero, since it is cracked, 

Figure 6.7: Representative profile of a buckle (left) and average buckle height w0 as a function 
of applied strain (right) for a 200 nm β-Ta layer on Kapton® HN, which was measured by in situ white 
light interferometry. Determination of the buckle height may be ambiguous due to fragmentation of the 
buckle and the fact that incoming light is reflected to the side at the steep shoulder of the buckle,
which leads to a low signal for interference and to artifacts. The buckle height w0, which is taken as 
the maximum of the buckle profile, increases with increasing strain. 
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and that the stress in the attached section of the coating remains unaltered, the transverse 

stress is given by 

, ,
b

y buckled y non buckled
b

d a
d

σ σ −

−
= ⋅

.
     (6-3) 

In order to investigate the validity of this relation and compare with experimental data, the 

transverse stress of a 200 nm α-Ta layer, which was loaded with a strain rate of 2.2·10-4 s-1 

(see Figure 5.5), is taken. Since the mean fragment length does not change significantly at 

strains of ε > 0.03, the stress <σy,non-buckled> of a non-buckled coating can be approximated by a 

linear function of the applied strain. The values of <σy,buckled>, which were calculated 

according to eq. (6-3), are plotted in Figure 6.8, where the experimentally determined 

transverse stress <σy> is given for comparison. The curves indicate that <σy,buckled> does not 

reflect the experimentally determined stress-strain response of the coating, since it 

underestimates relaxation of transverse stress significantly. For establishing a correlation 

between the fragment size and the biaxial coating stress, it is therefore necessary to consider 

stress relaxation within the attached section of the coating not only for fragmentation, but also 

for the process of buckling. This is also a crucial aspect for energetic considerations on the 

formation of buckles. 

Figure 6.8: The transverse stress during uniaxial loading of a 200 nm α-Ta layer on Kapton® E at a 
strain rate of 2.2·10-4 s-1 was taken as a basis to evaluate the validity of buckling models, where it is
assumed that the stress within the buckle is zero and the stress in the attached section of the coating
remains unaltered. Comparison with experimental data obtained by synchrotron X-ray diffraction 
reveals that relaxation of transverse stress is significantly underestimated in this approach. 
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Relaxation of transverse stress, which occurs in the attached section of the coating near the 

buckles, is also reflected in the reversible formation of undulations. During this process, a 

regular pattern of undulations emerges at the fragment boundaries. Finally, some of the 

undulations grow to buckles, while the adjacent undulations decrease in size or disappear 

completely. This behavior demonstrates that relaxation of transverse stress is not limited to 

the delaminated sections of the coating, but occurs to a significant amount within the attached 

film. Note that the existence of undulations is not a necessary preliminary stage of the 

buckling process. At pronounced defects or for significant surface roughness, buckling may 

occur before the undulation pattern forms, leading to relaxation of transverse stress and 

reducing the driving force for wrinkling. 

The observed effect of undulation formation is related to wrinkling of stiff coatings, which are 

deposited on soft substrates. Wrinkle formation in Au films on PDMS substrates was 

observed by Bowden et al. [57], who also pointed out that these instabilities can be oriented in 

a controlled way by patterning of the substrate. Considerations on the mechanics of film 

wrinkling without delamination were described in Ref. [58], where it was highlighted that the 

critical stress σcrit at the onset of plane strain wrinkling is given by 
2/ 3

1/ 3 2 /33
8crit c sE Eσ ⎛ ⎞= ⎜ ⎟

⎝ ⎠
     (6-4) 

with the plane strain moduli  and  of the coating and substrate. The corresponding 

wavelength λ is 
1/3

8
3
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s

Eh
E

λ π
⎛ ⎞

= ⎜ ⎟
⎝ ⎠ .

     (6-5) 

Inserting the values Ec = 186 GPa, νc = 0.34 [76] and Es = 2.5 GPa, νs = 0.34 [78] yields  

|σcrit| = 6.2 GPa and λ = 3.7 μm. For the undulation illustrated in Figure 6.6 the wavelength 

was determined as λ = 5.4 μm, which is in a similar range compared to the calculated value. In 

contrast, the critical stress as defined by eq. (6-4) is much higher than the stress, which is 

present at the edge of a fragment. An exact match between the calculated and experimentally 

determined values of σcrit and λ cannot be expected, since the boundary conditions are 

significantly different between wrinkling of an (infinite) coating sheet and undulation 

formation at fragment edges, which are free at one boundary and attached to the non-wrinkled 

coating at the other side. However, the large deviation of the critical stress is most probably 

related to surface roughness, which facilitates the nucleation of wrinkles and reduces the 

critical stress significantly. In addition, undulation formation occurs at applied strains, where 

plastic deformation of the substrate already plays a role. Hence, the plane strain modulus  
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does not describe the stress-strain response of the substrate at the location of undulation 

formation appropriately. The stress-strain curve of Kapton® E (Figure 3.5) indicates that the 

isotropic tangent modulus ET during yielding is smaller by approximately an order of 

magnitude compared to the Young’s modulus Es. Taking into account this relation for the 

calculation of the critical stress and the wavelength yields |σcrit| = 1.3 GPa and λ = 7.9 μm. 

Although the usage of ET instead of Es oversimplifies the physical basis of the model, it 

illustrates the sensitivity of the critical stress and the wavelength in terms of the substrate 

stiffness. Since it is complicated to take into account the appropriate stress-strain response of 

the substrate, the derivation of a suitable model for the process of undulation formation is a 

nontrivial task. However, the reversibility of undulation formation indicates that buckling 

leads to stress relaxation in the vicinity of the buckle, and that the contribution of stress 

relaxation within the attached section of the coating should be taken into account for energetic 

considerations on the buckling process. 

The existence of relaxation zones for transverse stress, which are located in the attached part 

of the coating, is also reflected in the relation between mean buckle distance <db> and applied 

strain ε (Figure 6.4). Neglecting possible effects of strain rate, which were discussed in 

section 5.2, the <db> vs. ε curves can be divided into two regimes. Within the first regime the 

mean buckle distance decreases rapidly with applied strain. During transition to the second 

stage the buckling rate, which is taken as the reduction of the buckle distance within an 

infinitesimal strain interval, decreases significantly. This behavior is in analogy to the 

fragmentation process, where the overlapping of stress relaxation zones leads to a decrease of 

stress in a fragment and hence to a reduction of the fragmentation rate. Also in relation to the 

fragmentation process, the mean buckle distance within the second regime is generally higher 

for films with a larger film thickness. For the strain at onset of buckling a dependence on film 

thickness cannot be identified, since on one hand the residual stress of the coating plays a 

significant role, and on the other hand the strain at onset of fragmentation determines the 

strain, from where on compressive transverse stress is formed. 

For the β-Ta films the buckles propagate through the fragment usually within one strain step 

(see Figure 6.1). Taking into account that immediate fragmentation of the buckle occurs at its 

ridge, the coating can be regarded as divided into isolated fragments of length L and width W. 

Hence, the finite element model, which was introduced in chapter 3.2, is taken as a basis in 

order to establish a correlation between fragment size and biaxial coating stress. In contrast, 

partial buckles are stable over a certain strain range for α-Ta coatings. It is a complicated task 

to model the stress field at the tip of a partial buckle. Hence, the finite element model is also 
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used to approximate stress relaxation for partial buckling. However, this may be a source for 

systematic errors. The different modes of buckle propagation probably reflect the different 

ductility of α- and β-Ta. Local plasticity in α-Ta (see section 4.3) may act to reduce stress 

concentrations at the tip of a propagating buckle, and hence lead to its stability over a certain 

strain range. 

The SEM images displayed in Figure 6.2, which were taken during post mortem analysis of a 

100 nm α-Ta layer on Kapton® E, suggest that decohesion of the coating may not occur 

exclusively by separation of the coating from the substrate. Possibly, the features observed on 

the delaminated surface of the polymer for ε = 0.15 and ε = 0.20 are protrusions, which means 

that the polymer deforms plastically before delamination occurs. The formation of voids and 

cracks within the polymer near the interface could not be observed. 

In situ scanning electron microscopy with top view of the sample surface is not a precise 

method for determination of the mean width <a> of a single buckle, since it may be difficult 

to locate its boundaries exactly. Comparison with SEM images, where the tilted sample (e.g. 

Figure 6.3) or FIB cross sections were examined, however, indicates how the size of a buckle 

can be identified in top view. This method for buckle size analysis is rapid, and it can be 

applied to a large number of buckles for every strain step. Since buckling is a statistical 

process, the quality of the measured data is improved significantly due to this procedure. The 

buckle width can be also measured by using white light interferometry. However, although 

the vertical resolution of this method may be smaller than a nanometer, the lateral resolution 

is given by the diffraction limit for visible light (approximately 400 nm). The topographic 

information, which is obtained during in situ white light interferometry, is still precise enough 

for the investigation of buckles for a layer thickness of 200 nm. Decreasing film thickness 

leads to a reduction of the buckle width, and hence the number of data points, which describe 

the height profile of a buckle, is not sufficient to identify its size precisely. Another source of 

errors arises due to the fact that the incoming light, which is oriented perpendicular to the 

sample surface, is reflected laterally at the steep shoulders of a buckle, and the intensity used 

for interference is not high enough to obtain precise topographic information. This effect is 

observable for the buckle profile displayed in Figure 6.7, where abnormally low values of the 

topography z at the shoulders of the buckle indicate the presence of artifacts. In addition, 

fragmentation of the coating at the ridge and basis of a buckle leads to an irregular structure, 

which cannot be resolved clearly by white light interferometry. Hence, it is difficult to 

estimate which of the observed features can be associated with the real sample topography or 

are related to artifacts. The definition of the buckle height w0 may be uncertain for a 
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fragmented buckle due to its irregular structure. In addition, its height is larger than the one of 

an equivalent buckle before fragmentation. Therefore, the information, which is gained from 

measuring the height of fragmented buckles, may not be useful for models describing the 

buckling process. In situ atomic force microscopy was also performed as a method for 

topography analysis, which leads to an increased accuracy of the obtained data. However, the 

number of buckles, which is investigated per strain step using atomic force microscopy, is 

limited, since the measurement time is in the range of minutes for one buckle, while a 

topographic scan with a size of several hundreds of micrometers can be achieved within a few 

seconds by white light interferometry. Another issue, which may arise during application of in 

situ atomic force microscopy, is given by the fact that the sharp edges of the buckles may 

represent too high steps for some AFM tips and systems. 

The experimental observations presented in this chapter are taken into account in the 

following section in order to establish a correlation between the fragment size, which is given 

by the crack and buckle distance, and the biaxial stress-strain response of the coating. As a 

basis the FEM model described in section 3.2 is used. 

 

6.2 Correlation between Fragment Size and Coating Stress 

In section 5.2 it was highlighted that delamination of Ta coatings on polyimide, which is 

driven by transverse compressive stress, is strongly enhanced by damaging of the sample in 

the focal spot of the synchrotron beam during in situ stress analysis. This behavior is not a 

problem for characterization of the cohesive properties of the coatings, since the process of 

fragmentation is already in a stationary state, when synchrotron radiation-induced sample 

damage occurs. However, irradiation damage becomes an issue for establishing a correlation 

between the process of buckling and the relaxation of transverse stress, since either the stress 

in the non-damaged part of the coating or the dimensions of the fragments and buckles within 

the focal spot of the synchrotron beam are unknown. Figure 5.8 reveals that irradiation 

damage is not relevant for α-Ta layers with thicknesses of 50 nm and 200 nm on Kapton® E, 

which were tensile tested at a strain rate of 2.2·10-4 s-1 and a run duration of 450 s. However, 

the measurement at this strain rate is of poor quality for the sample with a film thickness of  

50 nm. Since the impact of synchrotron radiation is less pronounced for a smaller film 

thickness (see Figure 5.8), the biaxial stress-strain curve of the 50 nm α-Ta layer obtained at a 

strain rate of 7.5·10-5 s-1 and the measurement at 2.2·10-4 s-1 for the film with a thickness of 

200 nm (Figure 5.5) are taken into account for the following considerations. 
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Due to the high aspect ratio of the samples (40 mm clamp distance, 6 mm sample width), 

curvature of the samples, which is caused by formation of compressive stress in transverse 

direction, is not obstructed. The radius of curvature R along the transverse direction can be 

determined quantitatively by white light interferometry, where the sample profile is averaged 

along the tensile direction within the investigated section (see Figure 6.9). The relation 

between the negative curvature -1/R and the applied strain is displayed in Figure 6.10 for β-Ta 

layers with thicknesses of 50 nm, 100 nm and 200 nm on Kapton® HN substrates. It can be 

observed that the shape of the -1/R vs. ε curves corresponds very well to the stress-strain 

curves in transverse direction, where it can be observed that fragmentation induces 

compressive stress (increasing curvature) in transverse direction, and buckling leads to 

relaxation of transverse stress (decreasing curvature). Note that the -1/R vs. ε curves deviate 

from linearity exactly at the onset of buckling (compare Figure 6.4), while irradiation damage 

during synchrotron X-ray diffraction leads to relaxation of transverse stress at lower strains 

(Figure 4.6). In order to obtain a correlation between curvature and transverse stress, the 

linear slopes of the <σy> vs. ε curves and the -1/R vs. ε curves are determined within the 

interval between crossover strain εc and onset of delamination. Based on the ratio of this 

Figure 6.9: Topographic analysis by white light interferometry reveals a change of curvature radius R 
perpendicular to the loading direction during application of load in x-direction (here: 200 nm 
β-Ta / Kapton® HN at ε = 0.05). The curvature change can be related to transverse coating stress,
which was obtained by synchrotron X-ray diffraction. The elevated areas at the left and right side 
of the image correspond to the markers for strain determination. 
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slopes and an additive fit parameter, which accounts for the initial substrate curvature before 

film deposition, the transverse stress can be calculated using the curvature radius R, if it is 

assumed that the sample curvature is always proportional to the transverse stress (Figure 

6.11). Hence, by using in situ white light interferometry, the <σy> vs. ε curves can be 

extrapolated into the regime, where irradiation damage prevents stress analysis by 

synchrotron X-ray diffraction. The fitting procedure, which was used to obtain a correlation 

between sample curvature and stress, is necessary, since an analytical solution based on the 

extended Stoney equation cannot be obtained due to the facts that two modes of bending exist 

[83], and that the initial substrate curvature, which may be large for a polymeric substrate, is 

unknown. 

In chapter 3.2 a finite element model was introduced, which was used to determine the stress 

field within a fragment attached to a uniaxially loaded, elastic-plastic substrate. In order to 

account for the substrate response to the formation of a film crack, three different geometries 

were examined, where (a) smooth deformation of the substrate, (b) formation of a substrate 

crack with semi-circular cross section and (c) propagation of a sharp crack into the substrate 

was assumed (Figure 3.4). It was already highlighted that geometry (a) is not self-consistent, 

since high local stress in the substrate at the fragment boundary with x = ±L/2, z = 0 would 

lead to the formation of substrate cracks at this location. Analysis of cross sections by focused 

ion beam milling and scanning electron microscopy reveals that the film crack does not 

Figure 6.10: White light interferometry was used to determine the negative sample curvature -1/R as a 
function of applied strain for β-Ta layers with film thicknesses of 50 nm, 100 nm, and 200 nm on 
Kapton® HN substrates. The change of sample curvature reflects the change of transverse coating 
stress. 
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propagate sharply into the polyimide substrates, and that necking of the substrate at the film 

cracks can be observed for high strains with ε > 0.15 (see section 5.1). Hence, the finite 

element model with geometry (b) is used in order to establish a correlation between the 

fragment size and the biaxial coating stress. The mean fragment length <L>, the mean buckle 

distance <db> and the mean buckle width <a> displayed in Figure 6.4 are taken as input 

parameters. The stress-strain response of the fragment is taken as linear elastic, while the 

elastic-plastic behavior of the substrate is described by the Young’s modulus Es = 6.17 GPa, 

the Poisson ratio νs = 0.334, the yield strength σyield = 167 MPa, and the isotropic tangent 

modulus ET = 309 MPa (Figure 3.5). 

In order to investigate the applicability of the finite element model for the aim to establish a 

correlation between the coating stress and the processes of fragmentation and buckling, the  

Figure 6.11: Stress-strain curves of β-Ta coatings on Kapton® HN, which were obtained by 
synchrotron X-ray diffraction and white light interferometry. A quantitative correlation between the
sample curvature and the transverse coating stress was established by linear fitting of the -1/R vs. ε 
curves (Figure 6.10) and the <σy> vs. ε curves (Figure 4.6) in the interval between crossover strain 
and onset of buckling, and by introduction of an additive fit parameter for initial substrate curvature.
Based on the sample curvature, the <σy> vs. ε curves were determined for the regime, where 
irradiation damage prevents the measurement of transverse coating stress by synchrotron X-ray 
diffraction. 
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α-Ta layer with a thickness of 200 nm on Kapton® E is taken as an example, using the mean 

crack and buckle distance given in Figure 5.6, the mean buckle width of Figure 6.4, and the 

biaxial stress-strain curves obtained at a strain rate of 2.2·10-4 s-1 (Figure 5.5). The radius lc of 

the substrate crack is first taken as h/5 = 40 nm. For every iteration the maximum tensile 

stress at the tip of the substrate crack (x = ±(L/2 + lc), z = -lc) is evaluated, and lc is increased if 

the stress exceeds a pre-defined fracture strength σf,s of the substrate. According to literature, 

the fracture strength of Kapton® E is σf,s = 345 MPa [81]. Since this value was determined for 

macroscopic samples, it cannot be used straightforwardly in the finite element simulations, 

where microscopic substrate failure occurs at pre-defined locations. In order to elucidate the 

influence of the parameter σf,s, several values with 300 MPa ≤ σf,s ≤ 500 MPa are taken. The 

substrate crack size lc and the biaxial coating stress, which result from the simulations, are 

given in Figure 6.12 as a function of applied strain. Increasing values of lc are obtained for 

increasing strain and for a lower fracture strength σf,s of the substrate. The graph at the bottom 

of Figure 6.12 demonstrates that the characteristic shape of the experimentally determined 

stress-strain curves can be reproduced qualitatively by finite element simulations, while the 

absolute values of coating stress differ notably, particularly for the stress <σy> in transverse 

direction. 

Two-dimensional shear lag analysis (section 3.1) reveals that fragmentation leads to 

relaxation of tensile coating stress and, simultaneously, to the formation of compressive stress 

in transverse direction. This relation is also confirmed by the stress-strain curves in Figure 

6.12, which were determined by finite element simulations. In addition, the simulations 

account for localized substrate yielding, as the substrate is taken as elastic-plastic, and the 

possibility of substrate crack growth is given. Hence, the coating stress in loading direction 

decreases continuously, which is in accordance with measured data, while the stress <σx>, 

which is calculated using the two-dimensional shear lag model of section 3.1, increases again 

at large strains and deviates significantly from experimentally determined values (see Figure 

4.4). Comparison between Figure 6.8 and Figure 6.12 reveals that the transverse coating stress 

<σy>, which is obtained by finite element simulations, correlates qualitatively with the 

experimentally determined values, while considering the buckle as a clamped plate suggests a 

completely different behavior. This demonstrates that stress relaxation, which does not only 

occur in the delaminated coating, but also within the attached section being adjacent to a 

buckle, has to be taken into account in order to establish a correlation between the transverse 

stress and the event of buckling. However, deviations from the measured values of <σx> and 

<σy> indicate that the finite element model does not incorporate all of the relevant 
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mechanisms for relaxation of coating stress. These are particularly given by time-dependent, 

reversible or irreversible deformation of the substrate. The significance of viscoelasticity for a 

Kapton® HN sheet is reflected in the stress vs. time curve (Figure 6.13), which was obtained 

by stepwise loading and unloading with strain steps of approximately 0.017 at a strain rate of 

10-4 s-1, and with relaxation intervals of 180 s. Both stress relaxation after a loading step and 

the increase of stress after an unloading step can be attributed to viscoelasticity. Based on the 

stress vs. time curve presented in Figure 6.13 it is not possible to separate and quantify the 

reversible and irreversible components of time-dependent deformation, since relaxation of the 

sample within the clamps may also play a role for the decrease of stress during the loading 

cycle. However, Figure 6.13 reveals the presence of time-dependent deformation and its 

significance for the stress-strain response of the polyimide substrates. 

Figure 6.12: Top: The radius lc of a semi-circular substrate crack, which was used in finite element
simulations to determine the stress field within a fragmented and buckled layer using geometry (b) in
Figure 3.4. The value of lc is increased as soon as the maximum stress at the substrate crack tip
exceeds σf,s, where 300 MPa ≤ σf,s ≤ 500 MPa was taken. Bottom: The biaxial stress-strain curves, 
which result from finite element analysis using the denoted values of σf,s. While the curves correlate in 
a qualitative way with the stress determined by synchrotron X-ray diffraction, their absolute values 
deviate, particularly for the transverse stress <σy>. Hence, additional mechanisms for stress 
relaxation have to be discussed (see text for details). 
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In order to account for time-dependent substrate deformation, the radius lc of the semi-circular 

substrate crack is used as a fit parameter to achieve a quantitative match between the 

simulated and measured coating stress in tensile direction. Hence, an increase of the substrate 

crack size lc is not only driven by locally exceeding the fracture strength of the substrate, but 

also by viscoelasticity. Taking into account α-Ta layers with a thickness of 50 nm and 200 nm 

on Kapton® E and β-Ta films with a thickness of 100 nm and 200 nm on Kapton® HN, the 

resulting values of lc are given in Figure 6.14. The substrate crack radius, which is obtained as 

a fit parameter, increases with increasing strain, where high values of lc within the initial stage 

of fragmentation can be attributed to inaccuracy of the fragment size. Due to a higher stress 

concentration within the substrate near the fragment edges, the substrate crack radius is 

generally larger for increasing film thicknesses. For the 200 nm α-Ta film on Kapton® E, the 

error bars are determined by taking the residual stress σres of the coating as the primary source 

of error. It can be observed that the fit parameter lc is influenced heavily by inaccuracy of σres. 

The fitting procedure described above accounts for time-dependent deformation of the 

polymeric substrate, which is not incorporated in the elastic-plastic material model. However, 

variations of lc basically act on the stress in tensile direction, while large deviations of the 

transverse coating stress <σy> still persist. On the one hand, time-dependent deformation of 

the substrate also influences the stress in transverse direction. However, in contrast to film 

Figure 6.13: Stress vs. time curve for a Kapton® HN sample, which was loaded and unloaded stepwise 
with strain steps of approximately 0.017 at a strain rate of 10-4 s-1. The relaxation time between every 
step was 180 s. The significance of viscoelasticity for the deformation behavior of Kapton® HN is 
reflected in the time-dependent decrease of stress after every loading step and the stress increase after 
an unloading step. 
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fragmentation, buckling does not lead to pronounced localized deformation of the substrate, 

and hence a characteristic feature, which is comparable to the substrate crack with radius lc, 

cannot be used as a fit parameter to account for viscoelasticity. Another mechanism, which 

may contribute to relaxation of transverse stress at higher strains, is the formation of 

undulations. 

Already before the onset of undulation formation and buckling, a significant deviation 

between the modeled and the experimentally determined values of transverse stress can be 

noticed for both the two-dimensional shear lag model, which was introduced in section 3.1, 

and the finite element simulations. Taking into account Figure 6.10, the minimum radius of 

curvature for a 200 nm β-Ta layer on Kapton® HN, which has a thickness of hs = 125 μm, is 

approximately given by R = 14 mm. Assuming that the neutral axis is in the center line of the 

Figure 6.14: The fit parameters lc and k, which are used to achieve quantitative correlation between
the measured biaxial coating stress and the values obtained by finite element simulations. Top: The 
radius of the substrate crack lc is used to correlate the simulated and measured stress in loading
direction, where substrate crack growth and viscoelasticity determine the value of lc. Generally, the 
substrate crack size is larger for increasing film thickness. Bottom: The fit parameter k was used to
account for stress relaxation in transverse direction by viscoelasticity of the substrate and undulation
formation. A major contribution to k is also given by the fact that curvature of the sample reduces the 
transverse stress significantly. 
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substrate, the relaxation of strain due to bending is given by Δεy = hs/(2R), which results in a 

reduction of transverse stress by Δσy = EcΔεy = 0.8 GPa. Figure 6.12 reveals that the 

calculated value of Δσy may, to a large extend, account for the difference between the 

transverse stress-strain curves, which were determined by finite element simulations and 

synchrotron X-ray diffraction. This is particularly the case, since the smaller substrate 

thickness of hs = 50 μm for the sample used in Figure 6.12 causes a reduced curvature radius 

and hence a higher value of Δσy. Hence, it is concluded that the increase of sample curvature 

contributes significantly to the deviation between simulated and modeled transverse stress-

strain curves. In order to account for all mechanisms of transverse stress relaxation in the 

framework of the finite element model, the correction factor k is introduced for the 

displacement Dy (see chapter 3.2). In order to correlate the simulated and measured values of 

<σy>, the correction factor was used as a fit parameter. The resulting values of k are given in 

the bottom part of Figure 6.14. It can be observed that the deviation of k from unity increases, 

as soon as the curvature of the sample increases. Interestingly, inaccuracy of the residual 

stress σres, which has a severe effect on the substrate crack radius lc, influences the fit 

parameter k only marginally. The parameters presented in Figure 6.14 are used in the 

following section for energetic considerations on the buckling process with the aim to 

determine the interface energy release rate. 

 

6.3 Determination of Interface Energy Release Rate 

Model and Experimental Results 

The finite element model presented in section 3.2 and the fit parameters lc and k, which are 

described in the previous section, are applied to determine the stress field and strain energy 

density in a cracked and buckled coating and in the substrate. The results are taken as a basis 

for calculating the energy release rate during propagation of an interface crack, which is a 

measure for the adhesive strength between coating and substrate. If dissipation of energy is 

neglected, the energy balance of the buckling process is given by: 

0el delaminationV VΔ + = ,     (6-6) 

where ΔVel is the change of elastic strain energy during buckling, and Vdelamination is the work 

of delamination. For the samples used in these experiments, buckling immediately leads to 

fragmentation of the coating at the ridge of the buckle (see section 6.1). However, the instable 

pre-state for the observed buckle morphology is presumably similar to the buckle shape 

illustrated in Figure 1.5 with the unknown height w0. Hence, the elastic strain energy Vb, 
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which is stored in a buckled, non-cracked section of the coating, has to be taken into account, 

although the observed buckles are fragmented. As a driving force for the buckling process, the 

energy ΔVc is released during stress relaxation in the delaminated film and in the attached 

section of the coating adjacent to the buckles. Generation of a new buckle leads to stress 

concentrations within the substrate at the newly generated fragment edge. The positive 

amount of energy consumed within this process is denoted by ΔVs. Summing up, the change 

of elastic strain energy is given by 

el c s bV V V VΔ = Δ +Δ + .     (6-7) 

The strain energy Vc for a fragment of length L, width W and thickness h and Vs for a substrate 

section of length L+lc, width db and thickness hs are obtained by integration of the strain 

energy density U within the volumes υc and υs of the fragment and substrate: 

i

i iV Ud
υ

υ= ∫      (6-8) 

with i = c, s. Assuming that formation of a new buckle occurs in the center of the fragment 

with respect to its width (y = 0), the values of ΔVc and ΔVs are given by 

( ) ( )2 2c c cV V W V W aΔ = − +      (6-9) 

( ) ( )2 2s s b s bV V d V dΔ = −    (6-10) 

with W = db - a. For the calculations the values db = <db> and a = <a>, which are given in 

Figure 6.4, are used. It can be discussed if a ratio db/<db> < 1 should be taken in accordance to 

the method for determination of the fracture toughness, which was presented in section 3.1.4. 

However, detailed knowledge about statistical aspects of the buckling process and the 

development of the fragment width distribution during application of transverse stress is 

unavailable. 

Taking into account a one-dimensional model, the strain energy within the buckled section of 

a coating is given by [23]: 
2 2 4

3

1 2
4 1

c c c c
b

c c

h a aV a
E a a
σ ν

ν
⎛ ⎞−

= ⋅ + −⎜ ⎟+⎝ ⎠ .
   (6-11) 

The critical stress σc is the compressive stress required to induce buckling of a delaminated 

section of width ac. For the samples investigated here it was observed that buckling 

immediately induces fragmentation at the ridge of the buckles. Hence, it is assumed that the 

observed buckle width a is equivalent to ac in this case, and an upper limit of Vb is given by: 

( )2 1
2

c c
b

c

h a
V

E
σ ν−

=
.
   (6-12) 
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The value of σc can be calculated using eq. (1-12). Taking the elastic constants of α-Ta [76], a 

layer thickness of h = 200 nm, and a debonded width of a = 4 μm, buckling occurs at the 

critical stress σc = -1.7 GPa. Taking a = 3 μm yields σc = -3.1 GPa. Note that the calculated 

values of σc cannot be correlated with the minima of the experimentally determined <σy> vs. ε 

curves. On the one hand, the critical stress for buckling is significantly reduced, if the coating 

is not perfectly flat due to substrate topography or impurities. On the other hand, the adhesive 

force between coating and substrate leads to an increase of σc. In addition, the calculation 

shows that the value of σc is very sensitive to inaccuracies of the determined a values. It was 

also observed that the critical stress for buckling is reduced, if the stiffness of the substrate is 

significantly lower than the stiffness of the film, i.e. as the Dundurs parameter α approaches 1 

[55]. For example, for α = 0.98 the critical stress for buckling is given by 0.6 σc. 

Taking into account ΔVc, ΔVs and Vb as given by eqs. (6-9), (6-10) and (6-12), the work of 

delamination Vdelamination can be calculated by using eq. (6-6). The interface energy release rate 

Γif is then given by 

delamination
if

V
aL

Γ =
.
   (6-13) 

In order to illustrate the additive contributions to ΔVel, the normalized values ΔVc/(aL), 

ΔVs/(aL) and Vb/(aL) are given in Figure 6.15 for α-Ta layers with thicknesses of 50 nm and 

Figure 6.15: The positive and negative contributions to the total change of strain energy ΔVel during 
the process of buckling, which are given by the difference of strain energy ΔVc of the coating, the 
change of strain energy ΔVs within the substrate, and the strain energy Vb remaining within the 
buckled section of the coating. All values were normalized to the area aL of a buckle. The energy Vb is 
small compared to the other contributions, in particular for the smaller film thickness. The change 
of strain energy ΔVs related to the response of the substrate is significant and should not be neglected.
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200 nm on Kapton® E substrates. The interface energy release rate, which was calculated 

using eq. (6-13), is displayed in Figure 6.16. The average values of Γif are 5.0 J m-2 for 50 nm 

α-Ta / Kapton® E, 28.8 J m-2 for 200 nm α-Ta / Kapton® E, 12.4 J m-2 for 100 nm  

β-Ta / Kapton® HN, and 26.5 J m-2 for 200 nm β-Ta / Kapton® HN, where only the values up 

to a strain of ε = 0.10 were taken into account. While the Γif values for 200 nm α- and β-Ta are 

approximately equal, the interface energy release rate decreases with decreasing film 

thickness. 

 

Limitations of the Model 

The driving force of the buckling process is the relaxation of strain energy ΔVc within the 

coating, which occurs not only in the delaminated section, but also in the stress relaxation 

zones of the attached coating adjacent to the buckle. Taking into account the latter effect was 

an aim of this study, since it plays an important role for the development of biaxial coating 

stress during fragmentation and buckling. Considering Figure 6.15 reveals that the change of 

strain energy ΔVs, which describes the substrate response to stress concentrations at the 

boundary of the buckle (y = ±W/2), contributes significantly to the energy balance given by 

eqs. (6-6) and (6-7). For determination of the energy release rate G during propagation of 

channeling cracks, which is described in section 3.1.4, relaxation effects within the substrate 

Figure 6.16: Interface energy release rate Γif as a function of applied strain, which was determined by
finite element simulations, for α-Ta layers with thicknesses of 50 nm and 200 nm on Kapton® E 
and β-Ta layers with thicknesses of 100 nm and 200 nm on Kapton® HN. The values of Γif are 
approximately equal for the α- and β-Ta layers with a thickness of 200 nm. For decreasing film
thickness the interface energy release rate decreases. 
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are neglected. This approximation can be regarded as appropriate, since the coating stress and 

hence the stress concentration in the substrate near a fragment boundary is smaller during the 

process of fragmentation compared to buckling. In addition, fragmentation occurs during the 

early stage of tensile testing, where the mean substrate stress is lower. 

For calculation of the strain energy Vb within the buckled section of the coating a one-

dimensional buckling model was used. Since the buckle was regarded as a rigidly clamped 

plate in this model, which does not hold for the experiments presented here, an inaccuracy of 

the determined interface energy release rate may be caused. However, particularly for the film 

with a thickness of 50 nm, the energy Vb is small compared to the driving force ΔVc of the 

buckling process, and it is also smaller than the energy change ΔVs due to substrate response 

(see Figure 6.15). Hence, inaccurate values of Vb do not affect the determined interface energy 

release rate Γif significantly. For stiff films on compliant substrates the values of Vb would be 

rather expected to be smaller due to stress relaxation at the boundary of the buckles. Hence, it 

is a conservative assumption to use Vb, which is calculated according to eq. (6-12), for 

determination of the interface energy release rate. 

The energetic approach for determination of the energy release rate G during fragmentation, 

which was described in section 3.1.4, is based on the assumption that channeling cracks 

propagate in a steady state, which is usually achieved if the crack length is several times the 

film thickness. Determination of the difference in strain energy between the buckled and non-

buckled state, which was applied in this chapter for determination of the interface energy 

release rate Γif, is strictly spoken only valid if buckle propagation occurs in a steady state, i.e. 

the activation energy for instability formation is neglected. Since the maximum length of a 

buckle is given by the fragment length L, which is approximately equal to three times the 

buckle width a, using a steady-state approximation for the buckling process is probably a 

significant simplification. Since in this work the formation and growth of instabilities could 

not be simulated in a three-dimensional finite element model, which would allow for the 

systematic determination of strain energy during buckle propagation, it is not possible to 

quantify the inaccuracy induced by the steady-state assumption. However, this is probably the 

major source of systematic errors for the presented model. 

 

Reference Values and Complementary Models 

Debonding tests using notched four-point flexure samples revealed that the interface fracture 

energy of Ta films on SiO2 is in the range of 4 J m-2 to 7 J m-2 [13]. By consideration of the 

buckling process, the adhesion energy of Cr films on polyimide was determined as 4.5 J m-2 
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[52]. Compared to these reference values, the interface energy release rate Γif, which was 

obtained for Ta layers on polyimide using a finite element-based model, is relatively large 

(see Figure 6.16). While Γif = 5.0 J m-2 for α-Ta with a film thickness of 50 nm is in the same 

range as the cited references, the interface energy release rate for the other samples exceeds 

the literature values significantly, where it can be observed that Γif increases with increasing 

film thickness. This behavior is unexpected, since the adhesion energy should only depend on 

the interaction between film and substrate at the interface, and not on the thickness of the 

layer. In general, there is a tendency that the interface energy release rate is overestimated by 

the model presented in this section, since it was assumed that the fragment boundaries to a 

buckled section are stress-free. This approximation is based on the observation that 

fragmentation of the buckles occurs immediately after formation. But although the stress in 

transverse direction decreases significantly within the buckled coating, it is not equivalent to 

zero, which is illustrated by the formation of cracks at the base of several buckles within a 

later stage of the buckling process. Presumably, the assumption of stress-free fragment 

boundaries at delaminated sections leads to a general overestimation of Γif, but it is not 

responsible for the significant deviation from reference values of the adhesion energy and for 

the observed film thickness dependence. Taking into account SEM images of the delaminated 

substrates (Figure 6.2), it was already discussed that plastic deformation within the polymer 

may play a role during delamination. This effect may explain the higher values of Γif for 

increasing film thickness, since plastic substrate deformation is more pronounced for thicker 

films. Consequently, the values of Γif rather represent the energy of separation between 

coating and substrate, and not the adhesion energy. Quantitative measurements of the 

adhesion between Cu and Ta layers using a four-point bending method revealed that the 

measured delamination energy increased from 5 J m-2 to 24 J m-2 for increasing Cu film 

thickness [12], which was attributed to a larger size of the plastic zone within the Cu layers. It 

is imaginable that a similar mechanism acts for the samples investigated here, where plastic 

deformation within the polymeric substrate is intensified by the presence of Ta layers with 

increased thickness. In contrast, a film thickness dependence for the adhesion energy of Cr 

layers on polyimide was not observed [52]. 

According to the one-dimensional buckling model of Hutchinson [24], which was illustrated 

in section 1.2.2, the interface energy release rate is given by: 

( ) ( )( )
21

3
2

c
if y c y c

c

h
E
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σ σ σ σ
−

Γ = − +
.
   (1-14) 
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Taking into account eqs. (1-12) and (1-13), eq. (1-14) can be rewritten as 

( )
2 2 24

0 0
2

1 4
4 38 1

c
if

c

hE w w h
a a a

π
ν

⎡ ⎤⎛ ⎞ ⎛ ⎞ ⎛ ⎞Γ = ⋅ +⎢ ⎥⎜ ⎟⎜ ⎟ ⎜ ⎟− ⎝ ⎠⎝ ⎠ ⎝ ⎠⎢ ⎥⎣ ⎦ .
   (6-14) 

Hence, the interface energy release rate can be calculated based on the shape of a buckle, 

which is given by its width a and amplitude w0. An equivalent approach was used by Cordill 

et al. [52]. For derivation of eq. (6-14) the critical stress σc for buckling was taken into 

account. Note, however, that the true value of σc may deviate significantly from the critical 

stress calculated by eq. (1-12), as explained above. In order to compare between the interface 

energy release rate, which was determined by using the finite element model (Figure 6.16), 

and the model of Hutchinson, the buckle width a (Figure 6.4) and the buckle height w0 

(Figure 6.7) for the 200 nm β-Ta layer on Kapton® HN are taken to determine Γif according to 

eq. (6-14). The measured values of w0 correspond to the height of fragmented buckles, which 

is larger than the height of non-cracked buckles. In order to elucidate the sensitivity of Γif on 

variations of w0, the calculation was performed for buckle amplitudes of w0, w0/2 and w0/3. 

The resulting values of Γif for the model of Hutchinson and for the finite element model are 

given in Figure 6.17. It can be observed that the interface energy release rate calculated with 

Figure 6.17: Interface energy release rate, which was calculated according to the one-dimensional 
buckling model of Hutchinson [24]. Since the height of an instable, non-cracked buckle is unknown, 
the values w0, w0/2 and w0/3 were taken, where w0 is the measured height of the fragmented buckle. 
The interface energy release rate, which was determined according to the finite element model
presented this work, is given for comparison. Knowledge of the exact buckle geometry is crucial for 
calculation of the interface energy release rate by using the model of Hutchinson. Assuming that the
value w0/2 may represent the real buckle geometry, the values derived from finite element analysis are
comparatively high.  
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Hutchinson’s model is highly susceptible to deviations of the buckle shape, particularly for 

the amplitude interval between w0 and w0/2. Cordill et al. [52], who used a similar approach 

as described in the model of Hutchinson, also observed a variation of the resulting adhesion 

energy by two orders of magnitude between 4 J m-2 and 400 J m-2. They elucidated that the 

consistency of the obtained values is higher, if only the buckle shape at the tip of a partial 

buckle is examined. Hence, they determined an adhesion energy, which approaches a lower 

limit of approximately 4.5 J m-2 for Cr layers on polyimide. For the β-Ta layers, which were 

examined in this work, stable partial buckles can be observed only occasionally (with the 

exception of buckle dipoles, where the stress field is more complex). Hence, for these samples 

the method of Cordill et al. [52] is not applicable. In addition, the location, where a 

representative profile of a buckle is measured, is not defined unambiguously for a partial 

buckle, and the height of a buckle cannot be identified clearly, if it is cracked. 

If it is assumed that the height of a non-cracked buckle is given by w0/2, the interface energy 

release rate, which is obtained by finite element analysis, is large compared to the values of 

the Hutchinson model (see Figure 6.17). During derivation of this model it was assumed that 

the buckled section of the coating is regarded as a rigidly clamped plate. It was shown by 

Cotterell and Chen [54] as well as Yu and Hutchinson [53] that this approximation is 

appropriate, if the Young’s moduli of the film and the substrate do not differ significantly. 

However, the interface energy release rate may be up to an order of magnitude higher, if the 

Dundurs parameter α exceeds the value 0.5. For example, it was found that the delamination 

energy of ITO coatings on PET substrates, where α = 0.97 holds, increases from 5 J m-2 to  

32-36 J m-2, if substrate compliance is taken into account for determination of Γif [54]. For  

α-Ta on Kapton® E the Dundurs parameter α is 0.94, while α = 0.97 holds for α-Ta on 

Kapton® HN (see section 4.1). Hence, the relatively large values of Γif, which are determined 

in this work by using a finite element model, may be related to the compliance of the 

polyimide substrates. Possibly, the film thickness dependence of the interface energy release 

rate, which is displayed in Figure 6.16, is caused by the fact that the size of the stress 

relaxation zone in the attached section of a coating adjacent to a buckle increases with film 

thickness. Hence, the energy, which is released during buckle formation, and the determined 

value of Γif is higher for a larger film thickness. 

Although the unexpected values of the interface energy release rate, which are obtained in this 

work, can be explained by taking into account the above considerations, the question arises if 

the determined values are a representative measure for the adhesion energy of the coating. 

Due to the fact that the calculated delamination energy is significantly higher, if substrate 
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compliance is taken into account, it is uncertain if monitoring the buckling process is an 

appropriate method for determination of the adhesion energy for the investigated samples. 

Certainly, there is a need for further investigations regarding the mechanism of buckle 

formation for stiff films on compliant substrates, where finite element simulations with 

respect to the formation of instabilities in a three-dimensional geometry should be taken as a 

major aspect. For this process the methods and results, which were presented in this chapter, 

can be taken as a starting point. 
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7 Thin Film Failure in Multilayer Systems 

For Ta layers on polyimide substrates the response to application of load is characterized by 

elastic deformation and brittle fracture. An approach for reducing the brittleness and 

improving the cohesive and adhesive properties in thin film structures may be given by the 

incorporation of ductile interlayers, where plastic deformation may act as a mechanism for 

energy absorption and reduction of stress concentrations during formation and propagation of 

cracks. In order to investigate the applicability of this concept, bi- or multilayers consisting of 

brittle Ta and ductile Cu are taken into account. The adhesion of Cu on both Ta and polyimide 

is adequate for performing uniaxial tensile tests without severe delamination. In addition, the 

X-ray diffraction angles for Ta and Cu are sufficiently different for performing synchrotron-

based lattice strain measurements simultaneously for both components, provided that the 

volume fraction of each material is appropriately large. Technical relevance of these 

experiments is given by the fact that both Cu and Ta are frequently applied in 

microelectronics, where Cu is used as an interconnect material and Ta is used as a diffusion 

barrier and adhesion layer [10-13]. 

In the first section of this chapter it is described how the cohesive and adhesive coating 

strength are influenced by the presence of Cu interlayers with thicknesses between 5 nm and 

50 nm, using top layers of 100 nm β-Ta and polyimide substrates. The second section focuses 

on the fracture behavior of Cu/Ta multilayers, where it is revealed that the cohesive strength 

of the multilayer is not exclusively determined by the thickness of the incorporated brittle 

layers, but rather by the total thickness of the multilayer. Stress-strain curves obtained by 

synchrotron X-ray diffraction reveal that for smooth multilayers cohesive failure occurs by 

immediate propagation of cracks through the multilayer. For irregularly layered structures the 

mechanism of crack deflection retards catastrophic failure of the layers. 

 

7.1 Cu/Ta Bilayers on Polyimide Substrates 

A potential approach for influencing and tuning the cohesive and adhesive strength of a thin 

film is given by the presence of a ductile interlayer between coating and substrate. To 

investigate this relation, the studies on thin brittle Ta films are extended to samples consisting 

of Cu/Ta bilayers on Kapton® HN substrates, where Cu is used as an interlayer with 

thicknesses of 5 nm, 20 nm and 50 nm. The thickness of the Ta top layer was 100 nm. 

In situ light microscopy was performed during stepwise application of uniaxial load, where 

the mean crack distance <L> and the mean buckle distance <db> were quantified by digital 
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image analysis (Figure 7.1). The strain at onset of fragmentation is reduced by the presence of 

a Cu interlayer, while the strain at onset of buckling is increased. The saturated mean 

fragment length is not affected. 

In order to obtain additional information on the failure behavior of Cu/Ta bilayer samples, the 

biaxial stress-strain response was determined by in situ synchrotron X-ray diffraction. The 

residual stress of the Ta coating is determined by two-dimensional shear lag analysis (see 

chapter 4.2). The residual stress of the 50 nm Cu interlayer was evaluated assuming that both 

components of biaxial stress approach zero for high strains. The resulting stress-strain curves 

for the Ta top layers (a) and for Ta and Cu in the sample with 50 nm Cu interlayer (b) are 

given in Figure 7.2. The absolute value of the residual stress for Ta decreases with increasing 

thickness of the Cu interlayer. The presence of a Cu interlayer reduces the fracture strength of 

the Ta top layer, where the data presented here does not reveal an explicit dependence on the 

interlayer thickness. The minimum values of transverse stress are in the range of -2.3 GPa to  

-2.7 GPa for the Ta coatings on Cu/polyimide compared to -1.0 GPa for Ta on polyimide, 

indicating a significantly improved resistance to buckling for the Cu/Ta samples. Figure 7.2b 

reveals that the biaxial stress and the Mises stress of the Cu interlayer decreases rapidly as 

soon as fragmentation leads to a pronounced relaxation of Ta stress in loading direction. 

Figure 7.1: Mean crack distance <L> and mean buckle distance <db> during uniaxial loading of Ta 
and Cu/Ta layers on polyimide as determined by light microscopy. While the presence of a Cu 
interlayer leads to a reduced strain at onset of fragmentation and an increased strain at onset
of buckling, its influence on the cohesive and adhesive strength of the Ta top layer cannot be 
identified unambiguously by only taking into account the data presented in this figure. Additional 
information is obtained by synchrotron X-ray diffraction (see Figure 7.2). 
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Figure 7.2a reveals that increasing thickness of the Cu interlayer leads to decreasing absolute 

values of the residual stress. Certainly, the nucleation process for Ta is different on Cu 

surfaces and polyimide substrates, which may influence the growth mechanism during the 

initial stage of deposition and the residual stress. Additionally, enhanced heat dissipation due 

to the presence of the Cu layer may play a role, leading to a reduced thermal mismatch stress 

during the early stage of deposition. It was already reported in chapter 4.2 that the 

compressive residual stress of Ta decreases with increasing film thickness, which may be 

attributed to roughening of the surface during film growth and an enhanced effect of grain 

coalescence [88]. Since the topography of the Cu interlayer is reproduced by the Ta top layer, 

the increase of total thickness and roughness may be the main reason for the observed 

dependence of the residual stress on the Cu interlayer thickness. 

Figure 7.2: (a) Biaxial stress-strain response of Ta in Cu/Ta bilayers on polyimide substrates, where
the thicknesses of the Ta top layer is 100 nm. The presence of Cu interlayers with thicknesses of 5 nm, 
20 nm and 50 nm reduces the fracture strength of the Ta top layer, while its resistance to buckling 
increases significantly. (b) Biaxial stress-strain curves of Cu and Ta for the sample consisting of a 
100 nm Ta top layer and a 50 nm Cu interlayer. For the Cu layer the von Mises stress was calculated. 
Since the regimes of constant flow stress or strain hardening do not exist for Cu, it can be stated that 
cracking initiates in the Ta layer and immediately propagates through the Cu interlayer. 
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The biaxial stress-strain curves of Cu and Ta (Figure 7.2b) indicate that fragmentation occurs 

by crack initiation within the Ta layer and immediate propagation through the Cu interlayer, 

since for Cu a regime of strain hardening or constant yield stress is absent and the biaxial 

stress decreases simultaneously for Ta and Cu. The von Mises stress of the Cu interlayer at 

the onset of fragmentation is 0.44 GPa. Gruber et al. [97] determined von Mises flow stresses 

of 1.04 GPa and 0.46 GPa for 50 nm Cu films on polyimide with and without a 10 nm Ta 

interlayer. In terms of the plastic behavior of Cu, the sample with Ta interlayer is comparable 

to the Cu/Ta bilayers described in this section. Hence, the Cu film deforms elastically for the 

experiments presented here, until cracking occurs. This validates the applicability of the two-

dimensional shear lag model for residual stress determination of the Ta coating. 

Regarding the experimental finding that the presence of a Cu interlayer reduces the fracture 

strength of the Ta top layer, it is only possible to give a speculative interpretation. Relaxation 

of strain energy, which is the driving force, generation of the crack surface, plastic 

deformation in the Cu interlayer and stress relaxation in the substrate, which may be localized 

yielding or anelastic deformation, have to be considered for the energy balance of the 

fragmentation process. A crack is formed in the brittle Ta layer and the stress concentration at 

the crack tip leads to strain localization in Cu at comparatively low stress. Hence, the zone of 

plastic yielding, where energy is dissipated, is confined to a small range compared to yielding 

of a single Cu layer. In contrast, stress relaxation at the fragment edges occurs within the 

stress transfer length, which is large for stiff films on compliant substrates. Due to larger total 

thickness of the Cu/Ta bilayers compared to the Ta coating, the total strain energy and hence 

the driving force for fragmentation is higher. Hence, the formation of cracks may be favored 

energetically, when a Cu interlayer is present. However, this is probably not the only 

explanation for reduced fracture strength of Cu/Ta samples, since this effect can be noticed 

already for Cu layers of 5 nm and a dependence on interlayer thickness cannot be observed. 

An explanation may be found in the different bonding between polyimide and the metallic 

layer. The chemical bonding of thermally deposited Cu on polyimide was described as weak, 

whereas ion irradiation of the polymer surface or sputtering of Cu creates reactive sites, which 

lead to reactions of Cu with the carbonyl group [98-99]. It was also found that Cu diffuses 

into polyimide as copper oxide during thermal treatments [100]. Compared to Cu, the 

adhesion of Ta on polyimide is stronger, which allows for its application as adhesive layers 

[101]. Possibly, the weaker interface between polyimide and Cu enhances relaxation of strain 

energy during localized substrate deformation, which reduces the net energy for crack 

formation. 
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Relaxation of transverse stress occurs at higher strains for the Cu/Ta samples compared to a 

single Ta layer (Figure 7.2a), which reveals that introduction of a Cu interlayer as thin as  

5 nm increases the resistance to buckling significantly. It was described in section 5.2 that 

irradiation damage during in situ synchrotron X-ray diffraction leads to a significant loss of 

adhesion between Ta layers and polyimide substrates, which enhances buckling and 

delamination. Hence, the resistance to buckling is generally not represented by the minimum 

of the transverse stress-strain curve, since it does not necessarily reflect the behavior of the 

sample outside of the focal spot of the synchrotron beam. Light microscopy was performed to 

investigate the impact of synchrotron radiation for the Cu/Ta bilayers. In Figure 7.3 the 

sample surfaces inside and outside of the focal spot of the synchrotron beam are displayed for 

100 nm β-Ta layers on Kapton® HN with and without a 5 nm Cu interlayer. The maximum 

strain and the run duration were ε = 0.19, t = 4900 s for the sample without interlayer and  

ε = 0.16, t = 5900 s for the Cu/Ta bilayer sample. While severe delamination can be observed 

Figure 7.3: Light microscope images of Ta and Cu/Ta samples on Kapton® HN after in situ 
synchrotron X-ray diffraction. For the 100 nm Ta layer uniaxial load was applied up to ε = 0.19
within a run duration of 4900 s. The sample with a 5 nm Cu interlayer was loaded up to ε = 0.16
within 5900s. Comparison of the sample surface inside and outside of the focal spot of the synchrotron 
beam reveals that the effect of radiation induced damage is much more pronounced for the single Ta
layer compared to the Cu/Ta bilayer, although the Cu interlayer has a thickness of only 5 nm. 
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for the 100 nm β-Ta / Kapton® HN sample within the focal spot of the synchrotron beam, the 

increase of the buckle width due to irradiation damage is significantly smaller for the Cu/Ta 

bilayer. This effect can be already observed for Cu interlayer thicknesses as thin as 5 nm. For 

the 50 nm Cu interlayer, irradiation damage within the focal spot cannot be observed at all. 

Hence, the large difference between the transverse stress-strain curves for Ta coatings and 

Cu/Ta bilayers (Figure 7.2a) is mainly attributed to an increased resistance to synchrotron 

radiation induced damage. Possibly, the chemical bond between Ta and polyimide, which 

generally leads to a strong adhesion, is particularly susceptible to irradiation with high-

energetic, high intensity radiation, whereas the weaker bonding between Cu and polyimide is 

less affected. In addition, the higher thermal conductivity of the Cu interlayers may help to 

maintain a lower temperature of the interface and to retain its stability. 

Figure 7.1 indicates that the strain at onset of buckling is larger for the samples with a Cu 

interlayer. Hence, the increased resistance to buckling for the Cu/Ta bilayer samples, which is 

revealed by the transverse stress-strain curves in Figure 7.2a, cannot be attributed exclusively 

to the reduced susceptibility to synchrotron irradiation damage. It was shown by confocal 

light microscope imaging of delaminated fragments that buckling is accompanied by 

propagation of an interface crack at the Cu/polyimide interface. Introduction of a ductile 

interlayer allows for crack tip plasticity, which reduces the stress concentration and therefore 

hinders interface crack growth. In addition, Figure 7.2b reveals that the compressive stress in 

transverse direction is significantly smaller for the Cu interlayer compared to the Ta top layer. 

Hence, the driving force for buckling of the bilayer is reduced. It is remarkable that the 

presence of a Cu interlayer reduces the susceptibility to buckling for the experimental setup 

used here, although the adhesion of Cu on polyimide was described as significantly weaker 

compared to Ta on polyimide [101]. 

 

7.2 Failure of Cu/Ta Multilayers  

In the previous section it was demonstrated that the presence of a Cu interlayer reduces the 

fracture strength, increases the resistance to buckling and significantly improves the 

susceptibility to irradiation damage by synchrotron radiation. In this section the failure 

behavior of Cu/Ta multilayers is investigated, where the relative stress-strain curves obtained 

by synchrotron X-ray diffraction are primarily considered. The data is used to elucidate the 

length scale, which determines fragmentation of multilayers. Since failure is initiated within a 

single Ta layer, the fracture strength of the composite may be determined by the Ta layer 

thickness. In contrast, fragmentation leads to strain energy relaxation for the complete 
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multilayer, and hence the driving force for crack propagation is dominated by the multilayer 

thickness. Keeping the total thickness of the multilayer approximately constant at 500 nm, the 

parameters, which determine the cohesive strength, are investigated by comparing relative 

stress-strain curves for different layer thicknesses and Cu/Ta volume fractions. In addition, 

the influence of multilayer morphology was considered, where smooth and irregularly layered 

structures were taken into account.  

For the nomenclature of the multilayer samples the abbreviation (Cuh1)m(Tah2)nT is used, 

where hi is equivalent to the thickness of layer i and m, n correspond to the number of layers. 

The deposition temperature is specified by T, where RT denotes sample fabrication near room 

temperature. HT indicates that the Cu layers were sputter deposited at 570 K, and the sample 

was cooled down to approximately 330 K for deposition of Ta. For example, the sample 

(Cu75)5(Ta25)4RT was fabricated near room temperature and consists of five Cu layers with a 

thickness of 75 nm and four Ta layers with a thickness of 25 nm. Cu was always used as a 

material for the top layer and the interlayer adjacent to the substrate. For the samples 

produced near room temperature, the Ar sputter gas pressure was 1.3 Pa for Cu deposition and 

0.13 Pa for Ta deposition. Curvature of the polyimide substrates after deposition of single 

layers reveals that the residual stress of Ta is compressive (see also section 4.2) and tensile for 

Cu layers. In order to study the influence of layer thickness and volume fraction on the failure 

behavior, the samples (Cu25)5(Ta75)4RT, (Cu20)13(Ta20)12RT, (Cu50)5(Ta50)4RT, 

(Cu75)5(Ta25)4RT were used. The total thickness of the multilayer is between 425 nm and 

Figure 7.4: Cross sections of Cu/Ta multilayers on polyimide substrate, which were fabricated by
focused ion beam milling. (a) The layers were sputter deposited at room temperature, where the layer
thickness is 50 nm for Cu and 50 nm for Ta. Both the Cu and the Ta layers are considerably smooth.
(b) Sputter deposition was performed at 570 K for Cu and at approximately 330 K for Ta. The
thickness is 75 nm for the Cu layers and 25 nm for the Ta layers. Cu layers deposited at
elevated temperature have a significant roughness, leading to an irregularly layered structure. 
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500 nm. Analysis of cross sections, which were fabricated by focused ion beam milling, 

revealed that the layers are smooth (Figure 7.4a). For the samples (Cu50)5(Ta50)4HT, 

(Cu75)5(Ta25)4HT and (Cu87)5(Ta13)4HT, which were fabricated at elevated temperature, the 

Ar pressure during deposition was 0.13 Pa for Cu and 0.40 Pa for Ta. Taking into account the 

substrate curvature for single layers, the residual stress of both Cu and Ta layers is in the 

tensile regime. The roughness of the Cu layers is high, resulting in an irregularly layered 

structure (Figure 7.4b). Already after fabrication the sample (Cu50)5(Ta50)4HT contains 

cracks, which extend through the entire multilayer. 

Failure of the Cu/Ta multilayer samples was characterized by in situ synchrotron X-ray 

diffraction, where the lattice strain of Cu and Ta was determined simultaneously. Since the 

residual stress of the single layers is unknown, only the relative values of stress can be 

discussed. The stress-strain response of Ta is given in Figure 7.5 for the samples deposited 

Figure 7.5: Relative stress-strain curves of tantalum in Cu/Ta multilayers on polyimide substrates.
(a) The layers were sputter deposited at room temperature. The existence of a pronounced maximum 
of the stress-strain curve in tensile direction indicates that failure occurs by fracture of the entire
multilayer stack. (b) The stress-strain curves for the multilayer samples, where Cu was deposited at
elevated temperature, indicate increased resistance to fracture compared to the samples sputtered at
room temperature. Note that the sample (Cu50)5(Ta50)4HT contained already cracks in the as 
deposited state. 
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near room temperature (a) and at elevated temperature (b). Figure 7.6 illustrates the relative 

stress-strain curves of Cu for the corresponding samples. For the samples deposited near room 

temperature, the stress of Ta and Cu in tensile direction decreases rapidly after onset of 

fragmentation. The strain of fracture is equivalent for (Cu25)5(Ta75)4RT and 

(Cu50)5(Ta50)4RT, and increases by 0.002 for (Cu20)13(Ta20)12RT. The relative fracture 

stress of Ta for (Cu75)5(Ta25)4RT is significantly larger compared to the other samples, while 

the deviation from linear stress-strain response of the Cu layers in loading direction before the 

onset of fragmentation indicates plastic deformation.  

Due to cracks, which are already present after fabrication of the sample (Cu50)5(Ta50)4HT, 

homogeneous stress transfer to the multilayer is not possible. Hence, the relative stress-strain 

curve for this sample does not provide information on the mechanisms of failure due to 

application of uniaxial load, and it is not considered in the further argumentation. For the 

Figure 7.6: Relative stress-strain curves of copper in Cu/Ta multilayers on polyimide. (a) For the 
samples deposited at room temperature, the pronounced relaxation of Cu stress in tensile direction
after linear elastic response indicates fragmentation of the complete multilayer and rapid crack
propagation. (b) Maximum Cu stress in tensile direction is retained over a larger strain range for the
irregularly structured Cu/Ta multilayers. 
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other samples fabricated at elevated temperature the Ta stress in tensile direction remains 

approximately constant after onset of fragmentation. In contrast to the samples deposited at 

room temperature, the Cu stress does not decrease as rapidly after crack formation. For all 

Cu/Ta multilayers the strain at onset of buckling is around ε ≈ 0.1, which is large compared to 

the respective values for single Ta layers. The relative stress-strain curves indicate that an 

increasing Cu layer thickness leads to an increasing onset strain of buckling. 

Light microscope images of Cu/Ta multilayers after uniaxial loading up to ε ≈ 0.2 reveal the 

influence of the deposition procedure and the layer morphology on the crack path (Figure 

7.7). While the cracks are sharp and straight for the sample deposited at room temperature (a), 

deviations from a straight crack path can be observed for the samples fabricated at elevated 

temperature (b, c). Crack deflection is particularly pronounced for the sample 

(Cu87)5(Ta13)4HT (c). 

For the samples deposited at room temperature the rapid decrease of Ta and Cu stress after 

onset of fragmentation (Figure 7.5a, Figure 7.6a) indicates that cracks, once they are formed, 

Figure 7.7: Light microscope images of Cu/Ta multilayer samples after uniaxial loading to ε ≈ 0.2.
While the cracks are straight for the sample (Cu75)5(Ta25)4RT, which was fabricated at room 
temperature (a), deviations from a straight crack path can be observed for (Cu75)5(Ta25)4HT, where 
the Cu layers were deposited at 570 K (b). Crack deflection leads to significant increase of fracture 
strength for the sample (Cu87)5(Ta13)4HT (c). 
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expand immediately through the multilayer and propagate as channeling cracks. This behavior 

is confirmed by light microscopy, which reveals that the crack path is sharp and straight 

(Figure 7.7a). In contrast, for the multilayers fabricated at elevated temperatures the relative 

Ta stress in tensile direction remains approximately constant after onset of fragmentation, and 

the maximum Cu stress is retained over a comparatively large strain range of approximately 

1% (Figure 7.5b, Figure 7.6b). This behavior suggests that crack propagation is retarded due 

to the microstructure of these samples. Light microscope images (Figure 7.7b, c) reveal that 

the crack path is deflected from a straight propagation direction, which is more pronounced 

for the sample with smaller Ta layer thickness. Crack deflection is caused by the irregular 

structure of the Cu/Ta multilayers, which can be observed by analysis of cross sections using 

FIB milling (Figure 7.4b). For these samples it is also imaginable that, during the initial stage, 

multilayer fragmentation is characterized by successive failure of single layers. Although it is 

not possible to provide evidence of this behavior, an indication for this hypothesis is that the 

stress at fracture for Ta in the multilayer samples is similar to the fracture strength of single  

β-Ta layers with a thickness of 20 nm (compare Figure 4.6), taking into account the different 

residual stress. For the samples deposited at room temperature the stress at fracture is 

significantly below the fracture strength of single layers with comparable thickness, where the 

uniform arrangement of layers within these samples favors straight propagation of cracks. 

Apparently the driving force for crack propagation, which is given by strain energy relaxation 

of the complete multilayer, has a stronger influence on the fragmentation behavior than the 

fracture strength of a single layer. This relationship is also confirmed by the fact that the 

relative stress at fracture is significantly larger for (Cu75)5(Ta25)4RT compared to 

(Cu20)13(Ta20)12RT, although the Ta layer thickness is comparable, and is only slightly larger 

for (Cu20)13(Ta20)12RT compared to (Cu50)5(Ta50)4RT. The volume fraction of Ta has a 

crucial influence on the stress at fracture. Cracking is initiated by the Ta layers, and hence the 

tendency of crack formation is reduced, if the content of ductile Cu is increased. In addition, 

the strain energy is reduced due to the lower Young’s modulus of Cu. Note that for the 

samples fabricated at elevated temperature the density of flaws within the multilayer increases 

for increasing Ta layer thickness, which also reduces the fracture strength.  

The relative stress-strain curves in transverse direction (Figure 7.5, Figure 7.6) indicate that 

the resistance to buckling is relatively high for both the multilayer samples fabricated near 

room temperature and at elevated temperature. It was already described in the previous 

section that the stability against synchrotron radiation-induced delamination is larger for a 

Cu/polyimide interface compared to a Ta/polyimide interface. This relation is confirmed by 
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light microscope imaging of the multilayer samples within and outside of the irradiated focal 

spots. In addition, plasticity of the Cu interlayer may reduce stress concentrations at interface 

crack tips. Due to the tensile residual stress of the Cu layers, the mean compressive stress and 

hence the driving force for buckling of the multilayer is reduced compared to single Ta layers. 

This effect is even more pronounced for the multilayer samples deposited at elevated 

temperatures, since the residual stress of Ta is also tensile. 

In summary, compared to the smooth multilayers illustrated in Figure 7.4a, the samples 

deposited at elevated temperature (Figure 7.4b) have advantageous properties with respect to 

cohesive failure, since their irregularly layered structures retard catastrophic fracture of the 

multilayer. However, their roughness is high and increases with every deposition cycle, which 

may be a problem if the method is used for cyclic deposition of even thicker multilayers. In 

addition, the danger of flaw incorporation increases with increasing roughness. Hence, this 

method cannot be regarded as appropriate for the fabrication of bulk samples. Since 

deposition methods are not used for the production of bulk materials anyway, the experiments 

described here may represent a potential approach for the fabrication of composite layers with 

high strength and high toughness. Further research activity should focus on detailed 

characterization of the mechanism of crack growth for the multilayers described in this 

section, and on the investigation of production methods, where the roughness and flaw density 

of these samples is reduced.  
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8 Discussion 

The focus of this work is the investigation and quantification of the cohesive and adhesive 

failure of thin brittle Ta films on compliant polyimide substrates as a function of film 

thickness, crystallographic phase, and substrate quality. Complementary in situ methods were 

applied for monitoring the processes of fragmentation and buckling during uniaxial loading. 

In order to characterize the modes of coating failure and quantify the fragment dimensions as 

a function of applied strain, in situ light microscopy and scanning electron microscopy was 

used. White light interferometry and atomic force microscopy were performed to measure the 

changes of surface topography. A synchrotron-based method was applied for determination of 

the biaxial coating stress during uniaxial loading. For quantification of the cohesive and 

adhesive properties, a fundamental knowledge of the relation between the fragment 

dimensions and the biaxial coating stress is required, which is achieved by two-dimensional 

shear lag analysis and finite element modeling. Particularly for characterization of the 

buckling process, which occurs during the advanced stage of tensile testing, non-linear stress-

strain response of the substrate has to be considered. 

Tantalum layers on polyimide substrates (Kapton® E and Kapton® HN, DuPontTM) are used as 

a model system to study failure of thin brittle films on compliant substrates. The significance 

of Ta coatings for modern technology is given by their frequent application as diffusion 

barrier and adhesion layers in microelectronics [10-13], and their use as protective coatings 

[15]. For Ta films, which are obtained by sputter deposition, the existence of two 

crystallographic phases can be observed. The body-centered cubic α-phase is regarded as 

ductile, while the metastable, tetragonal β-phase is hard and brittle [34]. For the samples used 

for mechanical testing, quantitative analysis of the crystallographic phase and texture was 

performed by multiaxial X-ray diffraction (see section 2.2). For the β-Ta layers the existence 

of another crystallographic phase cannot be detected, and the films are (001) fiber textured. 

The α-Ta layers, which are (110) fiber textured, contain a volume fraction of approximately 

10% of β-phase. The predominant parameter, which determines the crystallographic phase of 

the Ta layers, is probably given by the level of oxygen impurities during film deposition. 

The mechanisms, which determine the biaxial stress-strain response of brittle coatings on 

compliant substrates during uniaxial loading, are summarized in Figure 8.1, where the biaxial 

stress-strain curve of α-Ta with a thickness of 200 nm on Kapton® E is taken as an example. 

The initial stage of tensile testing is characterized by linear elastic deformation of the coating, 

where different Poisson ratios of film and substrate may lead to minor changes of stress in 

transverse direction. Fragmentation leads to relaxation of tensile stress and simultaneously to 
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the formation of compressive stress in transverse direction. This relation is confirmed 

analytically by using a two-dimensional shear lag model, which is introduced in section 3.1. 

In accordance to one-dimensional shear lag models, which were presented earlier (e.g. [16]), 

this model reveals that relaxation of tensile coating stress occurs due to the presence of 

cracks. Due to overlapping of the stress relaxation zones, a stationary mean crack distance is 

attained at high strains (see Figure 4.1). The two-dimensional shear lag model illustrates that 

relaxation of tensile stress at the fragment boundaries induces a mismatch of lateral 

contraction between coating and substrate. This leads to formation of compressive stress in 

transverse direction, which is significant and easily compensates for a moderate difference in 

the Poisson ratios of film and substrate. The two-dimensional shear lag model is capable of 

reproducing the biaxial stress-strain curves, which were determined by synchrotron X-ray 

diffraction. Deviations exist for the stress in transverse direction, which can be attributed 

mainly to uncertainties of the Poisson ratio of the substrate and to the development of sample 

curvature. Several assumptions and approximations, which are taken during derivation of the 

two-dimensional shear lag model, are violated, as soon as localized substrate yielding and 

buckling occur. Buckle formation generates fragment boundaries with a normal vector 

perpendicular to the loading direction, which leads to relaxation of transverse stress. Hence, 

the approximation that the fragment width is large compared to the fragment length does not 

hold, as soon as buckling occurs. In addition, the assumption of uniform substrate 

deformation is not fulfilled during localized substrate yielding. Consequently, the application 

of the two-dimensional shear lag model is limited to strains of approximately ε ≈ 0.05. See 

chapter 4.2 for the capabilities and limits of the two-dimensional shear lag model for 

establishing a correlation between fragment length and biaxial coating stress. 

In addition to buckling, the presence of compressive stress in transverse direction may lead to 

the reversible formation of undulations at the fragment edges. Some of the undulations grow 

to buckles, while the neighboring undulations decrease in size (Figure 6.6). Hence, the 

existence of stress relaxation zones at the fragment boundaries is not only relevant for crack 

formation, but also for the buckling process. This conclusion is also supported by the fact that 

the experimentally determined relaxation of transverse stress cannot be explained by simply 

taking the buckled section as stress-free, while the stress of the attached coating remains 

unaltered (see Figure 6.8). In addition, the analogy between the curves, which represent the 

mean fragment length and the mean buckle distance as a function of applied strain (Figure 

6.4), suggests that both processes are determined by the interaction between application of 

load and overlap of stress relaxation zones. The existence of stress relaxation zones, which are 
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located adjacent to a buckled section of the coating, contributes to the release of strain energy 

during the buckling process and has to be taken into account in an energy balance for 

quantification of the adhesive strength of the layer. 

A finite element model is developed (section 3.2) in order to establish a correlation between 

the biaxial stress-strain curves and the fragment dimensions, which are given by the mean 

crack distance and the mean buckle distance, taking into account the mean buckle width. For 

the substrate an elastic-plastic material model is taken. A qualitative representation of the 

Figure 8.1: Biaxial coating stress as a function of applied strain, where an α-Ta layer with a thickness 
of 200 nm on Kapton® E is taken as an example. The mechanisms, which determine the biaxial stress-
strain response of the thin film, are given symbolically in the figure, where the length of the scale bars 
is equivalent to 3 μm. Fragmentation leads to relaxation of tensile stress and, due to mismatch
of lateral contraction in the stress transfer zones, to the formation of compressive stress in transverse
direction. For strains larger than ε ≈ 0.05 tensile stress relaxation occurs due to localized substrate 
yielding. Formation of compressive stress induces sample curvature, which leads to discrepancies 
between the modeled and experimentally determined transverse stress. Relaxation of compressive
transverse stress occurs due to undulation formation and, predominantly, due to buckling. 
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experimentally determined stress-strain curves by finite element analysis can be obtained only 

if a zone of localized substrate deformation at the film crack is incorporated in the model. 

Based on the considerations in section 3.2 and analysis of cross sections for fragmented 

samples by focused ion beam milling (section 5.1), the geometry of this zone is taken as a 

substrate crack with semi-circular cross section. The radius of the substrate crack is increased, 

if the local stress at the crack tip exceeds the fracture strength of the substrate. The biaxial 

stress-strain response of the coating, which is determined by finite element analysis, 

corresponds qualitatively to the measured data, where the effects of fragmentation, localized 

substrate yielding, and buckling are clearly represented in the modeled curves. However, 

deviations still exist with respect to a quantitative correlation (Figure 6.12). For the stress in 

tensile direction these deviations can be mainly attributed to viscoelasticity of the substrate, 

which is not taken into account in the elastic-plastic material model. In addition to this effect, 

the stress in transverse direction is affected by undulation formation and development of 

sample curvature. By using the radius of the substrate crack as a fit parameter and introducing 

a correction factor for the transverse displacement, the experimentally determined stress-strain 

curves can be reproduced. The aim of this procedure is to determine the strain energy density 

in the coating and the substrate. 

Taking into account the mean fragment length as a function of applied strain, the two-

dimensional shear lag model can be applied to determine the residual coating stress σres, 

which is not accessible by conventional methods for the samples examined here. 

Measurements of the substrate curvature are not appropriate for determination of σres, since 

two modes of bending exist and the substrate curvature before film deposition is unknown. 

The existence of two crystallographic phases, the overlapping of X-ray diffraction peaks, and 

the small grain size impede the applicability of the sin2 ψ method. For the Ta layers, which 

were used for mechanical testing, the residual stress is in the compressive regime, where the 

absolute values decrease for increasing film thickness (Figure 4.5). For thin films fabricated 

by sputter deposition, compressive stress can be attributed to an atomic peening effect, while 

tensile stress arises due to grain coalescence [86-87]. The balance of both processes 

determines the resulting residual stress of the film. For the experiments presented here, the 

presence of compressive residual stress is favored, since it prevents damage of the coating 

during sample preparation and handling. Taking into account the residual film stress and the 

biaxial stress-strain curves in Figure 4.6, the fracture strength of the coatings is quantified. 

Based on the two-dimensional shear lag model, which allows for calculation of the strain 

energy density in a fragment, the fracture toughness of the coating is determined, assuming 
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steady-state channeling of cracks. Hence, several factors can be elucidated, which influence 

the cohesive properties of thin Ta coatings on polyimide substrates (see Figure 8.2). 

A significant parameter, which determines the macroscopic fracture strength , is the film 

thickness h. The data presented in Figure 4.8 suggests that the correlation  ~ h-1/4 exists, 

which is not in accordance with the model of Griffith. Based on the argumentation presented 

in section 4.3, it can be concluded that the critical process for film fragmentation is not given 

by growth of a partial crack through the film thickness, but by the energetic possibility for 

Figure 8.2: Parameters which influence the cohesive strength of thin brittle Ta coatings on polyimide
substrates. By reducing the film thickness a larger fracture strength is achieved. Taking into account
the crystallographic phase, the plateau fracture toughness KIc,p is higher for α-Ta compared to β-Ta. 
The reduced defect density due to better surface quality of Kapton® E compared to Kapton® HN 
improves the cohesive coating strength. Crack deflection acts to retard crack propagation
and catastrophic failure of Cu/Ta multilayers, if an irregularly structured multilayer system exists. 
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propagation as a channeling crack. The influence of the crystallographic phase of Ta can be 

observed by taking into account Figure 4.8 and Figure 4.9, where the fracture strength and the 

fracture toughness are higher for the α-phase compared to the β-phase. It was already 

discussed that α-Ta is regarded as ductile as a bulk material, while β-Ta is brittle [34]. For 

both crystallographic phases of Ta the mechanism of cohesive coating failure during 

application of tensile stress is given by brittle fracture. However, the higher fracture strength 

and fracture toughness indicate that local plasticity may act to reduce stress concentrations at 

crack tips for α-Ta layers. The cohesive strength is larger for coatings, which were deposited 

on Kapton® E compared to Kapton® HN substrates. This effect can be related to the fact that 

the defect structure of the substrate surface is reproduced in the film during sputter deposition, 

and it was observed that the surface of Kapton® E is smooth, while the defect density of the 

Kapton® HN surface is high [94]. 

The fracture strength of Ta coatings is reduced, if a copper interlayer is present between the 

film and the substrate (Figure 7.2). Crack formation is initiated in the Ta layer, and the crack 

immediately propagates through the Cu/Ta bilayer, where plastic deformation in Cu is 

localized and does not contribute significantly to energy dissipation. Hence, the reduction of 

fracture strength may be attributed to a larger total thickness of the Cu/Ta bilayers compared 

to the single Ta layer. It may also be discussed if a weaker bonding of the layer enhances 

stress relaxation at the interface, and hence crack formation is favored energetically. For 

Cu/Ta multilayers with a smooth layered structure the fragmentation behavior is dominated 

by the brittle Ta layers, where the cracks propagate through the complete multilayer 

immediately after formation. Catastrophic failure of the multilayers can be retarded by 

generating a rough, irregularly layered Cu/Ta structure, where crack deflection acts to reduce 

the driving force for crack propagation (see Figure 7.5 and Figure 7.6). 

An approach for quantification of the adhesive strength of Ta layers on polyimide substrates 

is described in chapter 6.3, where the release of strain energy during the buckling process is 

considered. Stress relaxation within the attached coating adjacent to a buckle has a significant 

influence on the biaxial stress-strain response of the film. This effect has to be taken into 

account for energetic considerations on the buckling process. Based on the finite element 

model of section 3.2, which can be applied to correlate the fragment dimensions and the 

biaxial coating stress, the change of strain energy during buckling is determined. Using a one-

dimensional buckling model to approximate the strain energy within a buckled section of the 

coating (which is a non-stable transition stage towards fragmentation at the buckle ridge), an 

energy balance of the buckling process can be established, where stress concentrations in the 
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substrate at the fragment boundaries are taken into account. Hence, the interface energy 

release rate for propagation of an interface crack, which occurs during the buckling process, 

can be determined. Compared to literature values of the adhesion energy, the values displayed 

in Figure 6.16 are comparatively high, and the determined interface energy release rates 

increase with increasing film thickness. This latter effect is unexpected, since the adhesion 

energy depends only on the interaction between film and substrate at the interface, and not on 

the thickness of the coating. The observed behavior may be explained by plastic deformation 

of the substrate during buckle formation, where thicker coatings induce more severe substrate 

yielding. A similar effect was observed during measurements of the adhesion between Cu and 

Ta layers, where increasing Cu layer thickness leads to an increased interface energy release 

rate [12]. In contrast, a film thickness dependence of the adhesion energy was not observed 

for Cr layers on polyimide [52]. Generally, it was reported that the energy released during 

buckling-driven delamination is significantly larger, if the stiffness of the substrate is small 

compared to the stiffness of the coating [53-54]. For the procedure, which was proposed in 

section 6.3 as a method to quantify the interface energy release rate, a systematic error is 

certainly given by the fact that the differential change of strain energy during instability 

formation was not considered, and instead the heuristic approach of considering the energy 

difference before and after buckling was taken. Further considerations on the buckling process 

should therefore focus on the formation and growth of instabilities in a three-dimensional 

fragment geometry. 

A fundamental aspect of this study is to correlate the biaxial stress-strain response of the 

coating with the failure processes of fragmentation and buckling, where the aim is to elucidate 

the mechanisms of stress transfer and stress relaxation. For this approach in situ synchrotron 

X-ray diffraction was performed. However, the adhesion between coating and polymeric 

substrate is reduced significantly due to irradiation damage within the focal spot of the 

synchrotron beam, which leads to severe delamination, if compressive coating stress is 

present (chapter 5.2). For Ta on polyimide, this effect is already noticeable for run durations 

of approximately 20 min. As soon as synchrotron radiation induced delamination occurs, the 

biaxial stress-strain curves are not representative for the general behavior of the samples and 

do not allow for quantification of the buckling resistance of the Ta coatings. Film 

delamination, which is caused by irradiation damage, is more severe for increasing film 

thickness (Figure 5.8) and for reduced temperature (Figure 5.10). The susceptibility to 

synchrotron irradiation damage is reduced significantly by the presence of a Cu interlayer 

between Ta coating and polyimide substrate, which may be as thin as 5 nm (Figure 7.3). 
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Possibly, the chemical bonding between Ta and polyimide is particularly susceptible to the 

wavelength of the applied synchrotron radiation, whereas the weaker bond between Cu and 

polyimide is less affected. However, irradiation damage within the focal spot of the 

synchrotron beam is not relevant during the process of fragmentation. Hence, the method for 

characterization and quantification of the cohesive properties of Ta on polyimide, which is 

applied in chapter 4, is still valid. 

Overall, the approach of using complementary in situ methods, where the effects of coating 

failure are characterized by synchrotron X-ray diffraction, light and scanning electron 

microscopy, atomic force microscopy and white light interferometry, provides the possibility 

to derive and establish failure models and directly check their conditions of validity. The 

results can be used to elucidate the role of stress transfer and stress relaxation during coating 

failure, to quantify the cohesive properties of thin brittle coatings, and to characterize their 

adhesive strength. 
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9 Conclusions and Outlook 

9.1 Conclusions 

In this work the cohesive and adhesive failure of thin brittle coatings on compliant polymeric 

substrates was characterized and quantified by using different methods of in situ analysis 

during application of uniaxial load. The crack and buckle morphology was monitored by light 

microscopy and scanning electron microscopy. Topography analysis was performed by white 

light interferometry and atomic force microscopy. A synchrotron-based technique was used to 

measure the lattice strain and determine the biaxial stress of the coating. Tantalum layers on 

the commercially available polyimide substrates Kapton® E and Kapton® HN (DuPontTM) 

were used as a model system to study brittle coating failure. In addition, the cohesive 

properties of Cu/Ta multilayers were investigated. The relevance of investigating Ta and Cu 

layers is given by their widespread use in microelectronics. 

In situ microscopy reveals that application of uniaxial load leads to the formation of parallel 

cracks perpendicular to the loading direction and, at a later stage of the tensile test, to 

buckling of the coating. In order to understand the phenomena of crack and buckle formation 

and take them as a basis for quantification of the cohesive and adhesive properties of the 

coating, a detailed knowledge of the local coating stress is mandatory. This is achieved by 

two-dimensional shear lag analysis and finite element simulations. Non-linear stress-strain 

response of the substrate is relevant particularly during the advanced stage of tensile testing. 

 

Biaxial Stress-Strain Response of the Coating 

The lattice strain and the biaxial stress of the coating during uniaxial loading were determined 

by using synchrotron X-ray diffraction. Comparison with microscope images reveals that the 

mechanisms of failure can be correlated to the biaxial stress-strain response of the coating. 

• Fragmentation leads to relaxation of tensile stress and simultaneously to the formation of 

compressive stress in transverse direction. This relation was confirmed analytically by two-

dimensional shear lag analysis. 

• Within the validity range of the two-dimensional shear lag model, deviations between the 

modeled and experimentally determined transverse stress can be attributed mainly to the 

successive development of sample curvature and to inaccuracy of the Poisson ratio of the 

substrate. 

• Localized yielding of the substrate at the film cracks occurs at macroscopic strains larger 

than ε ≈ 0.05. This leads to the successive decrease of coating stress in tensile direction and 
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to a stationary mean fragment length. The presence of permanent localized substrate 

yielding and necking (for ε > 0.15) was confirmed by analysis of the cross sections of 

cracks using focused ion beam milling. 

• Increasing compressive stress in transverse direction induces buckle formation, where the 

onset of buckling occurs approximately in the range 0.05 < ε < 0.07. Buckling leads to 

relaxation of transverse compressive stress, where stress relaxation does not only occur in 

the buckled section, but also in the stress relaxation zones of the attached coating adjacent 

to the buckle. 

• Due to the presence of transverse compressive stress the reversible formation of 

undulations may occur. Some of the undulations grow to buckles, while the neighboring 

undulations decrease in size or disappear completely. This is an additional indication for 

the presence of relaxation zones for transverse stress at the buckles. 

The biaxial stress-strain response of the coating can be described by a two-dimensional shear 

lag model in the regime, where fragmentation is the dominant mechanism of coating failure. 

As soon as buckling and localized substrate yielding occur, approximations and assumptions 

made during derivation of this model are violated. The biaxial coating stress can be 

represented qualitatively by a finite element model within the entire range of applied strain, 

where it is necessary to include a zone of localized substrate deformation at the film crack. 

Quantitative correlation between the modeled and measured data can be achieved only by 

incorporation of fit parameters for time-dependent substrate deformation and sample 

curvature.  

 

Cohesive Strength of Ta Coatings 

A two-dimensional shear lag model is used to determine the residual stress of the Ta layers, 

taking into account the mean fragment length as a function of applied strain and the stress-

strain curves obtained by synchrotron X-ray diffraction. In addition, the fracture strength and 

the fracture toughness are determined as a function of film thickness, crystallographic phase, 

and substrate quality. Analysis of the cohesive properties of Ta layers yields the following 

conclusions: 

• The stress transfer length is proportional to the square root of the film thickness. This 

indicates that the assumption of linear elastic stress transfer at the interface, which was 

taken for two-dimensional shear lag analysis, is appropriate. 

• Increasing film thickness leads to decreasing macroscopic fracture strength , where the 

experimentally determined values suggest that the relation  ~ h-1/4 exists. Taking into 
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account models for steady-state propagation of channeling cracks suggests that the critical 

length scale, which determines crack formation, is given by the stress transfer length, 

which itself depends on the film thickness. 

• The fracture strength and the fracture toughness of α-Ta layers are larger compared to β-Ta 

layers. Taking also into account the morphology of the crack path suggests that local 

plasticity may act for α-Ta to reduce stress concentrations at crack tips, although the failure 

mode can be described as brittle fracture for both crystallographic phases of Ta. 

• The cohesive strength of the Ta layers is larger for Kapton® E substrates compared to 

Kapton® HN substrates. This effect can be related to the smooth surface of Kapton® E, 

whereas the defect density of the Kapton® HN surface is high. The defect topography of 

the substrate surface is reproduced in the film during deposition. 

• The presence of a Cu interlayer leads to a slight reduction of the fracture strength of Ta 

coatings. For smooth Cu/Ta multilayer structures the fragmentation process is dominated 

by brittle failure of the Ta layers, where the cracks immediately propagate through the 

entire multilayer. Catastrophic failure can be retarded by generating irregularly layered 

multilayer structures. 

 

Adhesive Coating Failure 

The development of compressive stress in transverse direction leads to buckling of the 

coating. The buckle morphology was investigated by scanning electron microscopy and white 

light interferometry. By considering the change of strain energy before and after buckle 

formation, an approach for quantification of the interface energy release rate is introduced. 

The characterization of the buckling process leads to the following results: 

• The stress-strain response of the coating indicates that stress relaxation within the attached 

section of a coating adjacent to a buckle has to be taken into account in an energy balance 

of the buckling process. This conclusion is also confirmed by the reversible process of 

undulation formation. 

• Buckling immediately leads to the formation of a crack at the ridge of the buckle due to 

large bending moments. Expressed in a qualitative way, this indicates that the coating 

adheres strongly to the substrate. 

• The energy release rate for propagation of an interface crack during buckling, which was 

determined in this work, is large compared to literature values of the adhesion energy. In 

addition, it increases with film thickness. The latter behavior may be attributed to plastic 

deformation of the substrate during buckling, which is more pronounced for thicker films. 
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• Systematic errors of the determined energy release rate may be introduced by the fact that, 

instead of the differential change of energy during buckle formation, the macroscopic 

difference of strain energy before and after buckling was considered. Nevertheless, the 

presented considerations elucidate the interrelation between buckle formation and stress-

strain response of the coating and characterize the relevant mechanisms of buckling-driven 

delamination. 

 

Irradiation Damage 

The experimental results and conclusions of this work rely fundamentally on the biaxial 

stress-strain curves of the coatings, which were determined by synchrotron X-ray diffraction. 

However, the adhesion of Ta layers on polyimide is reduced significantly during irradiation 

with high-intensity synchrotron radiation, and severe delamination occurs, if compressive 

coating stress is present. For the Cu/polyimide interface the irradiation damage is not as 

pronounced. This effect may be attributed to the difference in chemical binding between Ta 

and polyimide or Cu and polyimide. Characterization of the adhesive strength by taking into 

account the minima of the transverse stress-strain curves is only representative for high strain 

rates or, alternatively, for extrapolated stress-strain curves using curvature analysis by white 

light interferometry. The fragmentation process and the conclusions drawn with respect to the 

cohesive properties of the coatings are not affected by synchrotron irradiation damage, since 

crack formation occurs predominantly during the early stage of tensile testing. 

 

Overall, the combined approach of using different in situ methods for characterization of 

coating failure allows for establishing models for thin film failure and directly checking their 

conditions and range of applicability. In this work, these models were applied to elucidate the 

mechanisms of stress transfer and stress relaxation during thin film failure. In addition, they 

were used to quantify the cohesive strength of Ta layers as a function of film thickness, 

crystallographic phase and substrate quality, and to characterize the adhesive failure. 

 

9.2 Outlook 

A major aim of this work is to establish a correlation between the biaxial stress-strain 

response and the mechanisms of failure for thin brittle coatings on compliant substrates. The 

derived principles were used to characterize and quantify the cohesive and adhesive properties 

of the coatings. The correlation between fragmentation, tensile stress relaxation, and 

formation of compressive stress in transverse direction can be explained by a two-dimensional 
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shear lag model. As soon as localized substrate yielding and buckling of the coating occur, the 

two-dimensional shear lag model is not valid anymore. In order to describe the stress-strain 

response of the coating over a wide range of applied strain, structural mechanical simulations 

using the finite element method were performed. Using an elastic-plastic material model for 

the substrate, a qualitative correlation between the modeled and experimentally determined 

stress-strain curves could be achieved. However, time-dependent and localized deformation of 

the substrate and development of sample curvature have to be taken into account by 

introducing fit parameters in order to achieve a qualitative match of the biaxial coating stress. 

In order to obtain a more fundamental description of the biaxial stress-strain response of the 

coating, finite element simulations should be intensified, where time-dependent substrate 

deformation should be incorporated in the material model of the substrate. However, this 

approach is not trivial for three-dimensional geometries, since the requirements in terms of 

computing power, memory, and solver capabilities are significantly higher. 

In addition, finite element simulations should be used for a more detailed description of the 

buckling process. Although two-dimensional models exist, which also take into account 

substrate compliance, appropriate models, which describe formation of a buckle at a fragment 

edge and its propagation in a three-dimensional geometry, is still lacking. In order to 

determine the energy release rate for growth of an interface crack, the formation of 

instabilities and the differential change of strain energy during buckle growth should be 

examined by using the finite element method. The results could be used to validate or 

disprove the heuristic approach of this work for determination of the interface energy release 

rate, where the difference of strain energy before and after buckling is taken into account. 

This would also reveal if steady-state propagation of the buckles is attained for the samples 

used here. An additional aspect would be given by studying the effects of crack formation, 

which occurs at the buckle ridge due to large bending moments, on the energy balance of the 

buckling process. 

The detailed knowledge of the stress field in the coating is fundamental for energetic 

considerations on the processes of fragmentation and buckling. In this work the local coating 

stress was calculated by using shear lag and finite element models. However, the stress-strain 

curves, which were determined experimentally by synchrotron X-ray diffraction, correspond 

to average values of coating stress. For calculation of the stress field assumptions were taken 

for the mechanisms of stress transfer between coating and substrate. Although there are 

indications that these assumptions are appropriate (i.e. linear elastic stress transfer for two-

dimensional shear lag model, localized yielding and necking of substrate and sample 
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curvature for the finite element model), it cannot be confirmed that the real stress field in the 

coating is in accordance with the calculated stress distribution. Measurement of the local 

stress would give the possibility to confirm or reject the used models. This is particularly the 

case for the process of buckling, where existing models could be validated by taking into 

account the local stress within and adjacent to a buckled section of a coating. For steady state 

propagation of a buckle, measurement of the local stress far behind and far ahead of the 

buckle tip would allow for the determination of the energy balance of the buckling process 

without excessive efforts of modeling and simulations. However, measurement of local stress 

is difficult for the material system under investigation. Micro- and nanodiffraction using a 

synchrotron X-ray source is widely applied to measure local stress. Most probably, this 

technique cannot be applied to investigate fragmentation and buckling of Ta layers on 

polyimide substrates, since the very high local intensity of the synchrotron beam leads to 

irradiation damage of the sample. Another method, which was used to measure local stress, is 

given by confocal Raman microscopy. However, this technique cannot be applied for metallic 

materials. A solution would be to use a ceramic coating instead of Ta layers as a model 

system for studying the mechanisms of fracture and buckling. For the materials and film 

thicknesses, which were used in this work, the lateral spatial resolution of Raman microscopy 

is too low to obtain precise information on the coating stress field at cracks and buckles. 

Increase of the film thickness would lead to a larger fragment and buckle size.  

The successive formation of parallel cracks in thin brittle films on compliant substrates, which 

occurs during application of uniaxial load, can be used as a principle for the fabrication of 

nanoplatelets [50]. Instead of uniaxial tensile testing, coating strain can be applied by bending 

of the sample. By performing two sequential bending steps, where the bending axis is rotated 

by 90° between both steps, rectangular nanoplatelets can be fabricated. The platelets are 

detached from the substrate by selective etching of a sacrificial layer. The setup and results of 

these experiments are described in detail in the appendix (chapter 10). In principle, fabrication 

of nanoplatelets by a controlled fragmentation method is straightforward and applicable for a 

wide range of materials. Using systems consisting of several layers, it is also possible to 

produce platelets composed of ductile materials [102]. However, crack formation occurs at 

randomly distributed defects, and hence the size of the platelets is not uniform (see below). 

Preferential sites of crack nucleation could be introduced by generation of line- or point-like 

patterns on the substrate surface, for example by lithography methods. Hence, a uniform size 

and shape of the platelets could be achieved using a fragmentation route. 
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In section 7.2 it was illustrated that cracks propagate directly through a smooth Cu/Ta 

multilayer. In order to retard catastrophic failure, the mechanism of crack deflection can be 

applied, if the multilayers are structured irregularly. Several approaches were made to 

fabricate nanocomposites consisting of brittle platelets and a ductile matrix, which imitate the 

structure of nacre (see e.g. Refs. [103-104]). The aim of this concept is to obtain a material, 

which is characterized by a high strength combined with high fracture toughness. In order to 

maximize their strengthening effect, the aspect ratio of the platelets has to be close to an ideal 

value, which is long enough to bear load, but short enough for not being fractured. The 

platelets may be produced by a controlled fragmentation process of a thin brittle film (see 

appendix), where the elastic constants of the substrate have to be chosen according to the 

matrix material in the composite. Possibly, the mechanisms of stress transfer between matrix 

and platelet and the strengthening effect are comparable for nacre-like nanocomposites and 

the irregularly structured multilayers (section 7.2). However, the roughness of the Cu/Ta 

multilayers is high, which is unfavorable with regard to mechanical stability. For these 

samples additional research on the mechanisms of cohesive failure is necessary. The results 

may be applied to achieve a method, where the fragmentation process in multilayer systems is 

incorporated in the fabrication technique of nacre-like nanocomposites. 
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10 Appendix: Fabrication of Nanoplatelets 

Heinrich et al. [50] showed that fragmentation of thin brittle layers by application of uniaxial 

load can be used as a method to fabricate nanoplatelets. For the experiments described here, 

Cu/Ta bilayers on Kapton® HN substrates were used, where Cu was taken as an interlayer. 

Coating strain was applied by bending of the samples around a rod with a defined diameter D. 

In order to produce platelets with a rectangular shape, two sequential bending steps were 

performed, where a quadratic sample was first glued to the rod and then bent around it. After 

detachment, the sample was rotated by 90°, and another bending step was performed (see 

Figure 10.1). Assuming that the neutral axis of the sample is located in the center line of the 

substrate, the relation between the rod diameter D and the strain ε of the coating is given by 

sh
D

ε =
.
   (10-1) 

The thickness of Kapton® HN substrate is hs = 125 μm. Hence, the strain is ε = 0.013 for a rod 

diameter of D = 10 mm or ε = 0.063 for D = 2 mm. 

Taking rods with diameters between 2 mm and 15 mm, which is equivalent to strains between 

0.063 and 0.0082, yields platelets with the dimensions given in Figure 10.2, where it was 

defined that the mean platelet length <L> is given by the first bending step and the mean 

platelet width <W> is obtained during the second bending step. For comparison the mean 

fragment length, which was obtained during uniaxial tensile testing, is plotted in Figure 10.2. 

The relation between the applied strain and the mean platelet length for the first bending step 

is comparable to the <L> vs. ε curves obtained during uniaxial tensile testing, where the curve 

is generally shifted to higher strain values for the bending experiment. This effect can be 

Figure 10.1: Rectangular nanoplatelets can be fabricated by bending of a sample, which consists of a
thin brittle layer on a compliant substrate, around a metal rod, rotation by 90° and performing a
second bending step. 
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related to the large difference of the Young’s moduli for layer and substrate, which induces a 

shift of the neutral axis from the center line of the substrate, and hence the strain of the film 

during bending is actually smaller than the value calculated with eq. (10-1). An additional 

source of error for the determination of the fragment dimensions is given by the fact that the 

permanent crack opening after unloading is small for the applied bending radii, and the 

identification of cracks is difficult. The mean fragment width <W>, which is given by the 

crack distance for the second bending step, is generally larger than the mean fragment length 

<L>. Hence, the nanoplatelets obtained by application of a sequential bending method are not 

quadratic, but have a rectangular shape. The in-plane aspect ratio, which is given by the ratio 

<W> / <L>, has an average value of 2.3, and a dependence on the applied strain cannot be 

observed (Figure 10.2). 

Figure 10.2: The in-plane dimensions (top) and aspect ratio (bottom) of Ta nanoplatelets as a function
of strain for Cu/Ta bilayers on Kapton® HN substrate, where the layer thickness is 100 nm for Ta
and 50 nm for Cu. Strain was applied by sequential bending, where the bending direction is rotated by
90° between the first and the second bending step. For comparison the mean fragment length, which 
was determined by uniaxial tensile testing, is given. While the <L> vs. ε curves are comparable for the
first bending step and for uniaxial loading, the fragment width W obtained during the second bending
step is larger. The average value of the in-plane aspect ratio is 2.3, where a dependence on the 
applied strain cannot be observed. 
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The fragment size distribution for the first and second bending step, which was normalized to 

the mean fragment size, is given in Figure 10.3, where rod diameters of 8 mm (a) and 2 mm 

(b) were taken. Significant differences of the size distributions and their width between the 

first and second loading step cannot be observed. For the 8 mm rod several large fragments 

still exist, while the tail of the distribution towards long fragments is not as pronounced for 

the 2 mm rod. Taking into account the relation between the location of crack formation and 

the tensile stress distribution shows that the largest fragment size should be equivalent to two 

times the smallest fragment size. The histograms given in Figure 10.3 reveal that this is not 

the case for fragmentation of Ta layers on polyimide substrates. For the aim to produce 

nanoplatelets with controlled dimensions, the existence of a broad fragment size distribution 

is undesired. Since crack formation in a homogeneous brittle layer during uniaxial application 

of load is a statistically determined process, it is impossible to achieve a uniform platelet size 

Figure 10.3: Size distribution for the reduced dimensions L / <L> and W / <W> of nanoplatelets, 
which were produced by two sequential bending steps, where the angle between both bending
directions is 90°. For graph (a) the bending diameter D was 8 mm, which corresponds to a strain
of ε = 0.016. For the histogram (b) D = 2 mm and ε = 0.063 was taken. A significant difference of the 
reduced fragment size distributions between the first and second bending step cannot be observed. For
the bending diameter of 2 mm (b) the width of the fragment size distribution may be slightly smaller
compared to the bending diameter of 8 mm (a). 
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by this process. An approach for generating a strictly regular crack pattern would be given by 

the introduction of defects in a defined geometry. For example, photolithography could be 

used to produce a linear pattern perpendicular to the loading direction or a regular array of 

holes, which provide preferred sides for crack formation. However, the production of 

nanoplatelets on an industrial scale would not be feasible using this method. While thin film 

deposition can be upscaled easily by using rotating cylindrical magnetrons and continuous 

bending of the coated substrate can be performed by sequential deflection over rollers, a 

photolithography step increases the industrial costs significantly. Up to date, a technical 

application for nanoplatelets, where such a high experimental effort is justified, is not yet 

given. 

The Ta nanoplatelets can be detached from the substrate by a selective etching process of the 

Cu interlayer, where diluted nitric acid is used. Sedimentation of the platelets in the etching 

solution occurs reasonably fast due to their high density. Hence, a large amount of etching 

solution can be removed easily, and several washing cycles using demineralized water were 

performed. During washing, a small amount of detergent was added to avoid agglomeration of 

the platelets. A representative light microscope image of the obtained Ta nanoplatelets is 

given in Figure 10.4. 

Figure 10.4: Ta nanoplatelets with a thickness of 200 nm, which were fabricated by sequential
bending of a sample consisting of a thin film on polyimide substrate. The platelets were
suspended from the substrate by selective etching of the Cu interlayer with diluted nitric acid. 

50 µm
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An approach for the fabrication of nanoplatelets composed of ductile materials was presented 

in [102], where three-layer systems composed of Ta, Cr and Cu or Ag were taken. 

Fragmentation was initiated in the underlying Ta layer, and the crack propagated through the 

intermediate Cr layer and the Cu or Ag coating. The Cr interlayer was used as a sacrificial 

layer, where the aim was to remove the fragments of the top coating by selective etching of 

Cr. While rectangular fragments of Cu and Ag could be achieved with a geometry, which is 

comparable to the Ta nanoplatelets displayed in Figure 10.4, the detachment of the platelets 

was a problem, since an appropriate method for selective etching of the sacrificial layers 

could not yet be achieved. Promising results were obtained by using a PMMA bottom layer 

and an Au coating. 
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