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Abstract 
 

This work presents the growth of ionic and mixed ionic-electronic conductive metal oxide 
thin films with comprehensive structural control by pulsed laser deposition (PLD) and 
discusses the optical, mechanical, and electrical transport properties of the layers.  
These electroceramic films are of interest as functional elements in miniaturized solid oxide 
fuel cells (SOFCs), currently studied as an attractive mobile power supply solution for 
portable electronic applications. The non-equilibrium conditions in PLD are particularly 
suitable for a combination with Si-based micro fabrication processes, which are incompatible 
with conventional high temperature ceramic processing. The potential of PLD to access 
microstructures ranging from porous to ideally dense and gas impermeable, which fulfil the 
specific requirements for the electrodes respectively the solid electrolyte, is demonstrated. 

The ns-laser ablation characteristics of the state-of-the-art solid electrolyte material,  
8 mol% Y2O3 doped fully stabilized ZrO2 (8YSZ), indicate severe thermomechanical  
cracking that results in the expulsion of µm-sized fragments on a µs to ms time scale.  
These fragments impinge on the growing films in PLD and are incorporated or create voids, 
compromising the gas tightness of the solid electrolyte layer. The transfer of fragments can be 
efficiently eliminated by implementation of a synchronized supersonic gas pulse crossed with 
the ablation plume. 

Partially stabilized 3 mol% Y2O3 stabilized ZrO2 (3YSZ) withstands the thermomechanical 
stress imposed by pulsed ns-laser ablation without fragmentation, which enables the growth 
of particle-free thin films by conventional PLD at moderate fluences of 1.2-1.5 J/cm².  
The superior fracture toughness of the material is due to a laser-induced phase transformation 
from the tetragonal to the monoclinic phase. 

Ablation of YSZ with ultrashort laser pulses differs fundamentally from the ns-regime and 
generates spherical sub-µm sized particles, most probably caused by a violent phase explosion 
of the target surface. 

The optimized laser ablation parameters can be used to grow YSZ thin films by PLD, 
controlling the structure and composition by variation of the substrate temperature and 
oxygen background pressure. The target stoichiometry is preserved upon the transfer to the 
substrate except for an oxygen deficiency detected for oxygen partial pressures < 5 Pa. 
Isotropic amorphous films are obtained at ambient temperature while film growth at substrate 
temperatures of 400-700°C results in the formation of polycrystalline films consisting of  
10-100 nm wide columnar grains, which grow highly oriented in the direction of the surface 
normal. A transition from dense to porous structures with intercolumnar voids and 
incorporated cluster agglomerates occurs at a threshold pressure of ~2.5 Pa. These features 
result from collisions of the plasma species with background gas molecules, reducing their 
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kinetic energies that promote the adatom mobility during the film growth process. For solid 
electrolyte applications only dense layers obtained in the low pressure regime are of interest. 
Their inherent oxygen deficiency can be cured by annealing in air at moderate temperatures  
of ~200°C. 

Crystallization of initially amorphous PLD-grown 8YSZ layers can be induced at 
exceptionally low temperatures above 200-250°C, resulting in three dimensional normal grain 
growth with preferential heterogeneous nucleation under bulk diffusion control and a strong 
thermal activation (Ea: 5.1-6.8 eV). The thermal treatment yields access to microstructures 
consisting of large equiaxed grains with dimensions on the order of the layer thickness.  
The low thermal activation barrier for crystallization has been used to devise a ‘soft’ 
processing route of Si-substrate supported free-standing 8YSZ membranes. Dense and crack-
free membranes are obtained; however, stress-induced buckling demands modifications of the 
geometry or support structure. 

The physical properties of the YSZ thin films depend on the lattice order with a higher optical 
transmissivity, 0.2 eV lower band gap energy, up to 25% lower hardness and elastic moduli, 
and an inferior ionic conductivity for amorphous films as compared to crystalline layers. 
3YSZ films reveal comparable or higher electrical conductivities in the low temperature 
range, i.e. up to 500°C, and superior fracture toughness compared to the state-of-the-art 8YSZ 
solid electrolyte material. This suggests that 3YSZ films have a high potential for an 
application as solid electrolyte membranes in micro SOFCs, which are operated at 
comparatively low temperatures of 400-500°C. 

The electrical conductivity decreases from values that are close to bulk data for coarse grained 
YSZ film microstructures, towards smaller grain sizes, which indicates high resistive grain 
boundaries. Similarly, a decrease of the electrical conductivity with an increasing number 
density of grain boundaries is observed in PLD-grown Ce0.9Gd0.1O1.95 (CGO) thin films, 
which have been investigated as an alternative to YSZ for solid electrolyte applications. 
Growth of the CGO films at a moderate temperature of 400°C yields columnar growth with a 
density gradient perpendicular to the substrate. The CGO layers have been demonstrated to 
yield 4-15 times larger ionic conductivities than 8YSZ in the temperature range of 400-600°C, 
which qualifies them for low temperature solid electrolyte applications. 

A case study on Sm0.5Sr0.5CoO3 (SSC) as a potential SOFC cathode material demonstrates the 
possibility to obtain highly porous (porosity > 90%) to dense thin films using PLD at low 
temperatures (~25°C) by adjustment of the deposition pressure and the working distance. 
These different film structures are required for an application as electrode respectively for 
model systems with a defined geometry, which are useful to investigate the principal physical 
properties. 

The detailed study of the effects of laser ablation and PLD parameters on the film structure, 
composition, and physical properties has enabled the identification of the most promising 
conditions for the integration of these layers into a micro SOFC. These results can serve as 
guidelines for microstructural engineering by PLD and are transferable to other metal oxide 
systems. 
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Zusammenfassung 
 

Die vorliegende Arbeit behandelt das kontrollierte Wachstum dünner Schichten ionen- sowie 
gemischt ionen- und elektronenleitender Metalloxide mittels gepulster Laserablation  
(engl.: Pulsed Laser Deposition, PLD) und stellt die optischen, mechanischen und 
elektrischen Eigenschaften dieser Schichten dar. Derartige elektrokeramische Schichten  
sind als funktionelle Komponenten in miniaturisierten Festkörperbrennstoffzellen  
(engl.: Solid Oxide Fuel Cell, SOFC), welche als zukunftsträchtige Lösung zur mobilen 
Stromversorgung im Bereich tragbarer elektronischer Geräte Gegenstand aktueller Forschung 
sind, von Interesse. Die weit vom thermischen Gleichgewicht entfernt liegenden 
energetischen Bedingungen im PLD Prozess begünstigen die Kombination mit 
Siliziumtechnologie basierenden Mikrostrukturierungsprozessen, welche mit konventionellen 
keramischen Verarbeitungsverfahren, die hohe Temperaturen benötigen, nicht kompatibel 
sind. Im Rahmen dieser Arbeit wird das Potential über den PLD Prozess einen weiten Bereich 
an Mikrostrukturen von porös bis zu ideal dicht und gasundurchlässig, der den 
unterschiedlichen Anforderungen für Elektroden- und Elektrolytanwendungen gerecht wird, 
zu erzeugen, dargelegt. 

Die Ablationseigenschaften des üblicherweise verwendeten Festkörperelektrolytmaterials,  
8 mol% Y2O3 dotiertes, vollständig stabilisiertes ZrO2 (8YSZ), im ns-Laserpulsregime sind 
durch thermomechanische Rissbildung gekennzeichnet, welche zu einem Ausstoß µm großer 
Fragmente im µs bis ms Zeitbereich führt. Im PLD Prozess kann die aufwachsende Schicht 
durch die auftreffenden Fragmente beschädigt werden, wodurch die Gasundurchlässigkeit der 
Schicht beeinträchtigt wird. Die Übertragung der Fragmente kann effektiv durch 
Implementierung eines synchronisierten Gaspulses mit Überschallgeschwindigkeit, welcher 
mit dem Ablationsplasma gekreuzt wird, unterbunden werden. 

Teilstabilisiertes, 3mol% Y2O3 dotiertes ZrO2 (3YSZ) widersteht den thermomechanischen 
Spannungen, die durch die gepulste Laserablation hervorgerufen werden, ohne 
Fragmentierung, so dass eine Abscheidung partikelfreier Dünnschichten mittels des 
konventionellen PLD Prozesses im Bereich moderater Energiedichten von 1.2-1.5 J/cm² 
möglich ist. Die höhere Bruchzähigkeit des Materials kann auf eine laserinduzierte 
Phasenumwandlung von der tetragonalen in die monokline Phase zurückgeführt werden. 

Die Ablation von YSZ mittels ultrakurzer Laserpulse unterscheidet sich grundlegend vom  
ns-Laserpulsregime und führt zur Bildung sphärischer sub-µm großer Partikel, welche 
höchstwahrscheinlich durch eine Phasenexplosion an der Oberfläche des Targets 
hervorgerufen wird. 
  



8 | Zusammenfassung 

Die optimierten Ablationsparameter dienen der Abscheidung dünner YSZ-Schichten mittels 
des PLD Prozesses, wobei die Schichtstruktur und -zusammensetzung durch Variation der 
Substrattemperatur und des Sauerstoffdrucks in der Vakuumkammer kontrolliert werden 
kann. Die Stöchiometrie der ablatierten Probe bleibt bei der Übertragung des Materials auf 
das Substrat bis auf einen bei Drücken niedriger als 5 Pa auftretenden Sauerstoffmangel 
erhalten. Isotrope, amorphe Schichten werden bei Raumtemperatur erhalten, während 
Substrattemperaturen von 400-700°C zur Bildung polykristalliner Schichten, welche aus  
10-100 nm breiten säulenartigen, parallel zur Oberflächennormalen des Substrat orientiert 
aufwachsenden Kristalliten bestehen, führt. Ein Übergang von dichten zu porösen Strukturen 
mit Hohlräumen zwischen den säulenartigen Elementen und eingeschlossenen Agglomeraten 
erfolgt bei einem Schwellenwert des Abscheidungsdrucks von ca. 2.5 Pa. Die Hohlräume und 
Agglomerate resultieren aus der Abschwächung der kinetischen Energie der Plasmaspezies 
durch Stöße mit dem Prozessgas, wodurch die Mobilität der Adatome innerhalb des 
Schichtwachstums verringert wird. Für Festkörperelektrolytanwendungen ist ausschließlich 
der Niederdruckbereich, in dem dichte Schichten erhalten werden, von Interesse.  
Der Sauerstoffmangel dieser Schichten kann durch thermische Nachbehandlung an Luft bei 
moderaten Temperaturen von 200°C ausgeglichen werden. 

Die Kristallisation von ausgangs amorphen, mittels PLD abgeschiedenen 8YSZ Schichten 
kann bei außergewöhnlich niedrigen Temperaturen oberhalb von 200-250°C induziert 
werden. Die Kristallisation erfolgt unter bevorzugter heterogener Keimbildung und 
dreidimensional isotropem Kornwachstum und wird durch Bulk-Diffusionsprozesse mit 
ausgeprägter thermischer Aktivierung (Ea: 5.1-6.8 eV) bestimmt. Es entstehen hierdurch 
grobkörnige Mikrostrukturen ohne ausgeprägte Vorzugsrichtung der Körner, welche 
Dimensionen aufweisen, die der Schichtdicke vergleichbar sind. Die niedrige thermische 
Aktivierungsbarriere des Kristallisationsprozesses kann zur Herstellung freistehender, von 
einem Siliziumsubstrat gestützter 8YSZ Membranen unter milden Bedingungen genutzt 
werden. Dichte und rissfreie Membranen werden auf diese Weise erhalten. Spannungen 
führen jedoch zu Beulungen, welche Änderungen in der Geometrie oder der Stützstruktur 
erforderlich machen. 

Die physikalischen Eigenschaften der YSZ-Schichten hängen von der Gitterordnung ab. 
Amorphe Schichten welche nur eine Nahordnung aufweisen, zeichnen sich, verglichen mit 
den entsprechenden ferngeordneten kristallinen Schichten, durch eine höhere optische 
Transmission, eine um 0.2 eV geringere Bandlückenenergie, bis zu 25% niedrigere Härte und 
Elastizitätsmoduli sowie eine geringere Ionenleitfähigkeit aus. 3YSZ Schichten zeigen 
gegenüber dem üblicherweise angewendeten Elektrolytmaterial, 8YSZ, eine vergleichbare 
oder höhere elektrische Leitfähigkeit im Niedertemperaturbereich bis ca. 500°C sowie eine 
erhöhte Bruchzähigkeit. Diese Charakteristika lassen ein hohes Anwendungspotential für 
Festkörperelektrolytmembranen in miniaturisierten SOFCs, welche für ein vergleichsweise 
niedriges Temperaturniveau von 400-500°C ausgelegt sind, erkennen. 

Die elektrischen Leitfähigkeiten der YSZ Schichten erreichen für grobkörnige 
Mikrostrukturen Werte, welche für Bulk Proben charakteristisch sind. Die Leitfähigkeiten 
nehmen zu kleineren Korngrößen hin ab, was auf erhöhte Korngrenzenwiderstände hindeutet. 
In ähnlicher Weise wird ein Abfall der Leitfähigkeit mit einem Anstieg der Dichte an 
Korngrenzen in mittels PLD abgeschiedenen dünnen Ce0.9Gd0.1O1.95 (CGO) Schichten, 
welche als Alternative zu YSZ für Festkörperelektrolytanwendungen untersucht wurden, 
beobachtet. Die Abscheidung der CGO-Schichten bei moderaten Temperaturen von 400°C 
führt zu säulenartigem Wachstum mit einem Dichtegradienten senkrecht zur Oberfläche.  
Die CGO Schichten weisen im Temperaturbereich von 400-600°C 4-15 fach höhere ionische 
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Leitfähigkeiten als 8YSZ auf und sind damit als Festkörperelektrolyt für Niedertemperatur-
SOFCs interessant. 

Die Untersuchung an Sm0.5Sr0.5CoO3 (SSC) als potentiellem SOFC Kathodenmaterial zeigt 
die Möglichkeit auf, Mikrostrukturen von hochporös (> 90% Porosität) bis hin zu ideal dicht 
mittels PLD bei niedriger Temperatur (25°C) durch Variation des Abscheidungsdrucks und 
des Arbeitsabstands zu erzeugen. Poröse Strukturen sind für die Anwendung als SOFC 
Elektroden notwendig, während ideal dichte Schichten als Modellsysteme zur Untersuchung 
der grundlegenden physikalischen Eigenschaften dienen. 

Die vorliegende detaillierte Studie der Effekte der Laserablations- und PLD Prozessparameter 
auf die Schichtstruktur, -zusammensetzung und physikalischen Eigenschaften ermöglichte 
eine Bestimmung optimaler Abscheidungsbedingungen als Basis für die Implementierung der 
Schichten in einer miniaturisierten SOFC. Die erzielten Resultate können als Richtlinien zur 
gezielten Steuerung der Schichtstruktur im PLD Prozess auf andere Metalloxidsysteme 
übertragen werden. 
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1. Introduction 

1.1 Ceramic fuel cells 

The concept to convert chemical energy stored in a fuel directly, i.e. electrochemically and 
without an intermediate combustion step, in a continuous manner to electricity dates back two 
centuries. The Welsh scientist Sir William Grove, investigating the electrolysis of water, 
observed in 1839 that, when the external voltage was switched off, a small current was 
flowing in the opposite direction. He realized that this current was the result of a reaction 
between the electrolysis products, hydrogen and oxygen, catalyzed by the platinum 
electrodes. Based on his findings he constructed a ‘gaseous voltaic battery’ [1] using dilute 
sulphuric acid as electrolyte, which is nowadays considered as the first demonstration  
of the fuel cell* principle. In 1853 J.-M. Gaugain reported the first galvanic gas cells,  
which implemented a solid electrolyte and based on Cavendish’s observation of an increased 
conductivity of glass upon heating. Gaugain found that his cell that consisted of two 
connected glass tubes with inserted Pt wires containing air respectively alcohol vapour 
“possesses all the characteristic features of an aqueous-electric cell” [3]. Also, the first all 
solid state fuel cells with continuous gas flux, developed by Haber around 1905, used glass as 
electrolyte [4]. Haber suggested interchanging the gases in the electrode chambers from time 
to time to compensate for disturbing compositional alterations within the electrolyte caused 
by the migration of ions. * 

A major step in solid electrolyte evolution came with W. Nernst’s discovery of enhanced 
conductivity in mixed metal oxides, particularly the favourable composition of 85% zirconia 
and 15% yttria (so called Nernst mass) in 1899 [5]. Similar to metallic conductors,  
no decomposition of the material occurred when passing an electrical current through.  
Nernst postulated an ionic conduction mechanism involving oxygen species, which was 
eventually verified by Wagner in 1943, proving the existence of vacancies in the anionic 
sublattice [6]. The Nernst mass found immediate technological application in the form of 
resistive thermal light emitting rods in the so called Nernst lamps (Fig. 1), which provided up 
to 80% higher efficiency than the carbon filament lamps available at that time.  
However, a start-up period of about one minute was required to reach the high temperatures 
for light emission and the fabrication was comparatively expensive due to the Pt leads.  
These disadvantages resulted in the disappearance of the Nernst lamps soon after the 
invention of the significantly simpler tungsten filament lamps in 1905. Similarly, the early 
enthusiasm about fuel cells, being one of the first possibilities to generate electricity, vanished 
with the introduction of the electrical generator by W. von Siemens at the end of the  
19th century. It took therefore almost four decades until a first fuel cell concept based on the 
Nernst mass as solid electrolyte was presented by Baur and Preis [7] in 1937 (Fig. 2). 
                                                 
* The term ‘fuel cell‘ was introduced 50 years later by Mond and Langer [2]. 
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Fig. 1: Nernst lamp (DRP 114 241, filed  
Apr. 9, 1899) including an Y2O3:ZrO2 rod (h),  
a parallel heating resistor (i) and an electro-
magnetic switch (k, l, m, b). 

 
Fig. 2: Solid oxide fuel cell arrangement by Baur and 
Preis (1937) using zirconia-based electrolyte tubes 
covered with Fe and Fe3O4 electrodes [7]. 

 
 

 
The yttria-zirconia system remained unsurpassed in many aspects and represents still today 
the most common solid electrolyte used in high temperature electrochemical devices such as 
solid oxide fuel cells (SOFCs) or potentiometric λ-probe gas sensors despite of the extensive 
search for alternative solid electrolyte materials. The unsatisfactory performance of the early 
Nernst mass-based solid oxide fuel cells was mainly due to electrode degradation, e.g. the 
formation of poorly conductive Fe2O3 in the magnetite cathodes applied by Baur and  
Preis (Fig. 2). 

Renewed interest in fuel cell research was stimulated by the space mission programs of the 
1950’s and 1960’s based on the high energy densities feasible for fuel cells, and more recently 
due to the increasing awareness of environmental problems, which resulted in programs for 
the development of sustainable energy technologies. Fuel cells offer the advantage of low 
noise operation with significantly lower SO2, NOx and hydrocarbon pollutant emissions and 
highly efficient use of fossil fuels (ηel up to 60%, see Table 1) yielding consequently lower 
CO2 emissions compared to combustive power generation (ηel ~30%) [8]. 
 

Table 1: Major types of fuel cells and their characteristics (adapted from [9]) 
 

Fuel cell type Electrolyte Electrodes T [°C] ηel. [%] Internal 
reforming 

CO 
tolerance 

Alkaline fuel cell 
(AFC) 30% KOHaq C/Pt 70-90 ~50 No < 50 ppm 

Polymer electrolyte 
fuel cell (PEFC) 

H+ conducting 
polymer membrane C/Pt ~80 40-50 No < 50 ppm 

Phosphoric acid  
fuel cell (PAFC) 

H3PO4 in SiC 
matrix C/Pt ~200 ~40 No < 1% 

Molten carbonate 
fuel cell (MCFC) 

Li-K-carbonate 
melt in ceramic 

matrix 
Ni/NiO ~650 45-55 Yes Fuel 

Solid oxide fuel cell 
(SOFC) 

O2- conductive 
ceramic e.g. 
Y2O3:ZrO2 

Ni-cermets/ 
perovskite-
type oxides 

800-1,000 50-60 Yes Fuel 
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Advances in ceramic processing, the utilization of better suited electrode materials and smart 
system engineering solutions resulted in the development of technically mature solid oxide 
fuel cell concepts and prototypes by companies such as Westinghouse and General Electric 
Corp. in the USA, Siemens, Brown-Boveri and Sulzer in Europe, or Mitsubishi Heavy 
Industries in Japan. Nevertheless, the development of SOFCs is clearly less advanced and 
further away from wide-spread commercialization compared to the first and second 
generation, i.e. low and medium temperature fuel cell systems (compare Table 1), as key 
issues like long term stability, material degradation and fabrication costs need to be 
optimized. Comprehensive reviews on the state-of-the-art conventional SOFC designs and 
processing techniques have been published e.g. by Minh [10, 11]. 

Fig. 3 presents the scheme of a conventional SOFC system. The heart of the fuel cell is the 
stack of active layers, the positive-electrolyte-negative (PEN) element. It consists of the 
porous electrodes and a dense, gas tight ceramic electrolyte, which maintains the oxygen 
partial pressure gradient between the anode and cathode gas compartment as the driving force 
for the electrochemical reactions. The open circuit voltage (OCV), E0, is given by eq.(1). 

2
2

2
2

200

2

20 ln
F4

Rln
F4

R

OH

OH

,anodeO

,cathodeO

p
ppTE

p
pTE ⋅

⋅+=⋅=  (1). 

Herein, R denotes the general gas constant, T is the absolute temperature, F is Faraday’s 
constant, and pO2 is the oxygen partial pressure at the cathode respectively anode side.  
The second formulation on the right refers to the reaction of hydrogen fuel with pH2 and pH2O 
as the partial pressure values of hydrogen and water, respectively, and E00 as the standard 
reaction potential of the H2 oxidation. OCVs of 0.92-1.09 V result for typical values of  
pO2,cathode: 0.21 atm and pO2,anode: 10-18 atm and operation temperatures in the range of  
800-1,000°C, which are required in conventional SOFCs to provide an adequate ionic 
conductivity of the solid electrolyte. Multiple PEN elements are connected electrically in 
series respectively in parallel via so called bipolar interconnects in a SOFC system to obtain 
technically relevant voltages and currents. 
 
 

 
 

Fig. 3: Simplified schematic of a SOFC system with internal indirect steam reforming of a hydrocarbon fuel. 
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Fuel is fed to the anode, where it is oxidized, which involves the consumption of oxygen ions 
from the solid electrolyte surface creating oxygen vacancies, and the release of electrons to 
the external circuit. The overall reaction of hydrogen fuel can be described by eq.(2) using the 
common Kröger-Vink nomenclature: 

−•• ++→+ e 2VOHOH O2
x
O2  (2). 

At the cathode the oxygen reduction reaction (ORR) 

x
OO2 O 2e 4V 2O →++ −••

 (3) 

incorporates oxygen to the electrolyte lattice, filling vacancies by accepting electrons from the 
external circuit. The resulting d.c. electrical current that can be used to power an external load 
is counterbalanced by the transport of O2- ions within the solid electrolyte, which is 
electronically insulating. The precise mechanisms of the electrode reactions summarized in 
eq.(2) and (3) are complex. They involve gas phase, surface and volume diffusion, adsorption, 
dissociation and charge transfer processes and are subject of intense controversy [10]. 

One of the main advantages of solid oxide fuel cells is their multi fuel capability.  
Low temperature fuel cells rely on high purity hydrogen (AFC, PEFC) respectively methanol 
(direct methanol fuel cell, DMFC) as fuel and are poisoned by impurities, such as carbon 
monoxide. SOFCs can be operated on a variety of fuels, such as natural gas, syngas, coal gas, 
biogas, LPG, diesel, gasoline, propane, butane, and other hydrocarbons or even pure CO 
without sophisticated previous gas processing. The high operation temperatures provide fast 
electrode kinetics for the electrochemical oxidation of carbon monoxide 

−•• ++→+ e 2VCOOCO O2
x
O  (4) 

and facilitate an internal steam reforming of hydrocarbon fuels either directly on the anode or 
indirectly by a separate reformer enclosed upstream in the hot zone of the module as 
illustrated in Fig. 3. The reactions in steam reforming 

22mn H 
2

mn 2COn OHn HC +
+→+  (5) 

followed by the water gas shift reaction 

222 HCOOHCO +⇔+  (6) 

provide the electrochemically active fuels carbon monoxide and hydrogen. Direct reforming 
on the anode is difficult to control due to temperature gradients between the fuel-rich zone 
close to the gas inlet and the fuel-depleted zones downstream, which are caused by the strong 
endothermal character of the reactions. The resulting mechanical stress on the PEN element 
may ultimately cause catastrophic failure. 
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Moreover, carbon deposition (coking) according to the Boudouard reaction 

2COCCO 2 +⇔  (7) 

or by cracking 

2mn H 
2
mCn HC +→  (8) 

are rapidly degrading the performance of common Ni-based anodes in the case of insufficient 
quantities of steam [12]. Coking prevents also a direct feed of dry hydrocarbon fuel without 
the addition of any oxidant. However, recent promising results [13, 14] suggest that novel 
anodes, e.g. based on Cu and ceria, could facilitate a direct electrochemical oxidation of 
hydrocarbons without carbon deposition, i.e. 

( ) −•• ++
+

++→
+

+ e m4nV 
2

m4nOH 
2
mCOn O 

2
m4nHC O22

x
Omn  (9), 

which would be highly desirable in terms of avoiding fuel dilution and for system 
simplification. 

In small scale devices fuel dilution with steam for reforming is not an option as it would 
increase the system volume significantly. Here, a partial oxidation of the fuel by mixing air, 
ideally according to eq.(10) 

22mn H 
2
mCOn O 

2
nHC +→+  (10) 

is preferable even at the expense of wasting a part of the chemical energy stored in the fuel. 
The exothermal nature of the partial oxidation offers the potential for thermal start-up and 
self-sustaining operation [15, 16]. The development of catalysts with a high selectivity to 
partial oxidation is crucial for this approach. Rhodium doped Ce0.5Zr0.5O2 nanoparticle 
catalysts for instance are applied to reach hydrocarbon conversion rates of 95% and a 
hydrogen selectivity of 83% at temperatures as low as 550°C [17]. 

Highly selective catalysts for fuel oxidation, respectively oxygen reduction, are also the basis 
for single chamber SOFCs where fuel and oxidant share a single gas compartment. The single 
chamber SOFCs are a fairly new, exciting field of research, which bears considerable 
potential in terms of system simplification [16, 18, 19]. 
 
Usually Pt containing catalysts are used for the integral post-combustion unit implemented 
downstream in a SOFC system (see Fig. 3) to achieve complete oxidation of residual fuel in 
the exhaust gas to H2O and CO2 as final products. This exothermal step improves the overall 
system efficiency and adds to the high quality heat produced as a by-product to the generation 
of electrical energy in the cell. The heat, which is dissipated by the active cell, originates from 
the irreversible ohmic losses - predominantly in the electrolyte - as well as polarization losses 
due to finite rates of the electrode reactions. 
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These losses reduce the cell voltage under load to 

( )
xc ηiREiREiE ∑−−=−= 00  (11) 

where i represents the current density, Rc is the cell area specific resistance (ASR), R is the 
cell’s ohmic resistance [Ω·cm2] and ηx are individual overpotentials due to non-ohmic 
processes. 

The electrical efficiency ηel of the SOFC system depends, in addition to thermodynamical 
quantities, i.e. E0 and the reaction enthalpy ΔH, on the electrokinetic losses, and the fraction 
of fuel utilization, β, according to [20] 

ΔH
Ezηel
βF

=  (12). 

The low-temperature PEFCs are most suited to transportation applications due to their short 
thermal start-up periods while 1-250 kW SOFC installations are considered the optimum 
choice for delocalized stationary combined heat and power (CHP) applications for individual 
households and small residential, business or industrial premises [15]. An increase of the 
electrical efficiency up to ~80% is feasible, if the high quality waste heat is utilized to operate 
a gas turbine (SOFC/GT hybrids on the multi-MW scale). First portable SOFC units with  
20-500 W power and the size of a shoe box to a cardboard, fabricated by conventional 
ceramic processing, are available e.g. from Adaptive Materials Inc. as auxiliary power 
supplies for military purposes or leisure applications. 

To date commercial applications of SOFC technology remain limited to niche markets where 
the inherent benefits outweigh the additional costs, e.g. in the military sector or for 
uninterruptable power supplies e.g. in hospitals, banks, IT companies etc. [21]. A wide-spread 
market entry is expected, if the production costs can be lowered to ~500 €/kW, which means a 
reduction by a factor of 5-20 [22]. Approximately 50% of the production costs are allocated  
to material costs, in particular to the conventional LaCrO3-based interconnect material.  
The essential strategy to improve the competitiveness of SOFCs aims at lowering the 
operation temperature while preserving the electrical performance, which would allow the use 
of a wider selection of cheaper materials, e.g. stainless steel interconnects at temperatures  
< 750°C. Secondly, it would help to overcome the main technological issues, which are 
related to high temperature degradation [23, 24]. Since in conventional high temperature 
SOFCs the cell losses are mainly determined by the solid electrolyte, efforts to reduce the 
operation temperature below 800°C focus specifically on: 

1. An integration of solid electrolyte materials with enhanced ionic conductivity 
compared to the yttria-zirconia system [25], e.g. La1-xSrxGa1-yMgyO3 [26] or doped 
ceria solid solutions [27]. 

2. A reduction of the electrolyte layer thickness as the ohmic losses in eq.(11) scale in 
first approximation linearly with the electrolyte thickness [25, 28-30]. 

Conventional ceramic processing techniques such as tape casting, tape calendering or screen 
printing yield layers with a minimum thickness of 5-20 µm, which corresponds to a thickness 
reduction of about one order of magnitude compared to self-supporting electrolyte  
designs [30]. On the other hand, physical vapour deposition (PVD) or chemical vapour 
deposition (CVD) thin film deposition techniques provide access to high quality electrolyte 
films in the sub-µm range with the additional benefit of lower processing temperatures and 
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therefore bear the potential for the development of a low temperature SOFC. In particular, the 
combination of thin film deposition with micro fabrication techniques offers new attractive 
possibilities for miniaturized SOFC systems. 
 

 
1.2 Scaling down: The micro solid oxide fuel cell concept 

In the last few years a growing interest in miniaturization of existing fuel cell technologies 
has been seen, primarily stimulated by a rapidly expanding market of portable electronic 
devices with an estimated global market volume for rechargeable mobile power supplies of  
15 billion USD in 2010*. The introduction of new power hungry functionalities, such as  
live-streaming on cell phones, challenges state-of-the-art Li-ion batteries and asks for 
alternative advanced mobile power supply solutions in the 1-20 W range. Fuel cells and in 
particular SOFCs, which can be run on hydrocarbons, offer the principal advantage of 
significantly higher theoretical fuel energy densities [Wh/kg and Wh/L] compared to  
batteries (see Table 2). This promises potentially longer operation times at a comparable 
weight and volume. Practical energy densities obtainable on the system level are significantly 
lower due to the system balance including the active cell components, electronics, insulation, 
packaging, fuel distribution and processing. A factor of 0.1 has been suggested to provide an 
estimate of the practically feasible energy densities for fuel cells based on the theoretical 
values [31], if the engineering challenges on scaling down can be solved. For miniaturized 
SOFCs up to 4 times higher practical energy densities are foreseen [17] compared to 
rechargeable battery systems, which are limited to a practical maximum of 180-250 Wh/kg 
due to material constraints [32]. 
 

Table 2: Theoretical specific energy densities of different fuels used in rechargeable batteries and fuel cells  
 

Fuel (cell type) Etheo [Wh/kg] 

Pb/H2SO4/PbO2 (Lead acid) 252 [33] 

NiOOH/MH (NiMH) 280-800 [33] 

LiCx/Li1-yCoO2 (Li-ion) 400-800 [33] 

Methanol (DMFC) 5,500 [34] 

Liquid hydrocarbons, e.g. C3H8, C4H10 (SOFC) ~12,400 [34] 

Hydrogen gas (PEFC) 33,200 [34] 

 
  

                                                 
* Source: www.mtimicrofuelcells.com 
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Additional benefits envisioned for the use of small scale fuel cells as power supply in portable 
electronic devices include the independence from the electrical grid, rapid and facile 
recharging by exchange of a fuel cartridge and less environmental concerns compared to toxic 
LiCoO2 used in Li-ion batteries. A major roadblock to their development beyond current 
niche applications has been removed when the International Civil Aviation  
Organization (ICAO) changed their regulations by Jan. 1st 2009 to approve the use of fuel 
cells and the respective fuels on aircrafts, both in cargo and carry-on luggage [35]. 

To date, predominantly polymer electrolyte and direct methanol fuel cells have been 
considered on the small scale, resulting in numerous concepts and prototypes as reviewed 
recently by Kundu [34]. DMFCs have the advantage to employ liquid methanol, which allows 
convenient fuel storage and handling, but they suffer from low efficiencies as a result of 
methanol cross-over and impeded oxidation kinetics. The fuel is commonly diluted to 
counteract the methanol permeation through the membrane at the expense of a reduced fuel 
energy density. Increased catalyst loads (several mg/cm²) are used at the anode side to 
enhance the oxidation rate, which however means a higher consumption of expensive 
precious metals. Maximum power densities reach ~50 mW/cm² as demonstrated  
by Lu et al. [36] for a Si-based micro DMFC with a Nafion® membrane and a 2 M methanol 
feed. Significantly higher efficiencies are obtained in PEFCs operated with hydrogen gas, 
which reacts rapidly at the anode even at low precious metal loads of 0.1-0.5 mg/cm². 
Miniaturized PEFC systems based on structured silicon wafers, polymer or metallic 
substrates, yield power densities up to 315 mW/cm² [34]. A simplification of the cell structure 
is a key factor in scaling down, e.g. demonstrated by Seyfang [31], who fabricated 
miniaturized PEFCs without the usually applied gas diffusion layers reaching power densities 
up to 700 mW/cm² for an operation time of 500 h. However, no efficient hydrogen storage 
solution exists up to date. Intercalation-type metal hydrides, reversibly formed at room 
temperature with particular alloys, e.g. LaNi5, provide maximum hydrogen storage capacities 
of ~2 wt.% while a gravimetric density of ~13 wt.% would be realistic for storage in a high 
pressure vessel [37]. This corresponds to significantly lower specific energy densities  
of ~650 Wh/kg respectively 4,300 Wh/kg compared to the value of 33,200 Wh/kg for free 
uncompressed hydrogen gas (Table 2). One strategy to overcome this problem aims at an 
internal generation of the hydrogen from liquid hydrocarbon or methanol fuels by an on-board 
reformer. However, there are severe concerns about the balance of such a system due to the 
energy consumption and additional weight of the reformer. A less complex reforming unit 
would be feasible for CO-tolerant PEFCs. Novel anode catalysts e.g. Pt-M (M: transition 
metal) alloys, which are resistant to CO-poisoning, and membranes e.g. based on 
polybenzimidazole (PBI), which can stand higher operation temperatures of 150-200°C where 
CO reacts more readily, are currently developed [20]. 

The development of small scale SOFCs is in a comparatively early stage as the elevated 
operation temperatures impose notable challenges on the system engineering, although they 
are, as all solid state devices, principally predestined for miniaturization due to the 
compatibility with the established silicon micro fabrication techniques. Nevertheless, the 
ability of micro SOFCs to operate on high energy density liquid hydrocarbon fuels such as 
propane or butane (Table 2), has generated an increasing interest and remarkable progress, 
which was recently reviewed by Traversa [38]. Most research activities are limited to the 
active cell level where different approaches are followed. The tubular design, known from 
meter sized multi-kW SOFC units [10], has been scaled down to the millimetre range 
applying the same conventional ceramic processing techniques [39, 40]. The robust design 
has been shown to exhibit excellent compliance to rapid start-up and thermal cycling, 
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sustaining heating rates of up to 4,000 K/min without failure [41]. In the most advanced 
modification, proposed by Suzuki et al. [42], a bundle of 25 needle-like extruded tubes with a 
diameter as small as 0.8 mm, consisting of Gd2O3:CeO2 (CGO) electrolyte supported on a 
porous NiO-CGO anode, are housed in a 1 cm³ cubic porous La1-xSrxCo1-yFeyO3-δ (LSCF) 
cathode matrix. The fuel is fed to the tube interior while the exterior cathode is exposed to air. 
Single cell performances above 1 W/cm² have been obtained at 550°C using hydrogen  
as fuel [43]. Although conceptually completely different, single-chamber micro SOFCs are 
commonly based on conventional fabrication techniques as well, yielding individual layer 
thicknesses > 5 µm. Shao et al. [16] demonstrated thermally self-sustained micro SOFC 
operation in single chamber mode on a propane-oxygen-He mixture at 500-600°C with an 
electrochemical performance sufficient to power a MP3 player. The previously mentioned 
concepts do not include micro fabrication in the classical sense but essentially represent 
replicas of existing macro sized SOFCs on a smaller scale. Fundamentally different 
fabrication procedures with no analogues on the macro scale, i.e. classical micro fabrication 
techniques including thin film deposition and lithographic micro patterning, are the basis of 
dual gas chamber micro SOFC concepts with a planar stacking geometry of active layers. 
Reviews on this subject including innovative 2D and 3D architectures have been published 
recently [44, 45]. The heart of these planar micro SOFCs is the PEN (positive-electrolyte-
negative) element consisting of two porous electrodes separated by a dense oxygen ion 
conductive electrolyte layer. It is either supported on a porous substrate or processed as a free-
standing membrane on a structurable substrate as envisioned in this project concept 
(collaboration with the Institute of Nonmetallic Inorganic Materials, ETH Zurich) and 
illustrated in Fig. 4. 
 

 
 

Fig. 4: Scheme of a thin film-based micro SOFC with a free-standing PEN-element membrane. Electrochemical 
reactions are included for the case of hydrogen fuel. 
 

The design of such sub-µm thin membranes is non-trivial and the scale-dependency of the 
mechanical, thermal and electrical properties must be taken into account. Tang et al. [46] 
derived for instance expressions for the failure probability, maximum sustainable temperature 
difference, and heat loss characteristics as a function of the membrane dimensions.  
The sensitivity of the membranes requires ‘soft’ processing conditions and is incompatible 
with sintering temperatures in excess of 1,000°C as applied in conventional ceramic 
processing. 

A gas-tight, pinhole and crack-free electrolyte layer is vital to the cell’s electrochemical 
functionality in maintaining the oxygen partial pressure gradient between the anode and 
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cathode gas compartment (compare Fig. 4). The reduction of its thickness to the sub-µm level 
by applying suitable thin film deposition techniques is the key to decrease the operation 
temperature to 300-600°C in planar micro SOFCs since the ohmic losses in the cell scale in 
first approximation linearly with the electrolyte thickness, t, (compare section 1.1): 

iσ
tR =  (13). 

However, a compromise in electrolyte thickness is required to provide, in addition to a low 
area specific resistance, R, sufficient mechanical stability and to ensure the gas-tight nature of 
the layer. Fleig et al. [47] concluded from finite element calculations that lowering the 
electrolyte layer thickness below the typical particle-to-particle distance of ~300 nm in the 
electrodes does not yield a significant reduction of the ohmic resistance anymore due to 
current constriction effects close to the particles, respectively the triple phase boundaries.  
They suggested that the electrolyte layer area specific resistance levels off in the sub-µm 
thickness range and developed eq.(14) for a quantitative treatment in a wide parameter range. 
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Herein, y represents the mean electrode particle size, b is the corresponding mean particle 
distance and σi is the ionic conductivity of the electrolyte. Eq.(14) allows to calculate the 
minimum ionic conductivity the electrolyte material has to provide for a given layer thickness 
and a reasonable target value of 0.25 Ωcm² for the maximum area specific ohmic cell 
resistance. A conductivity as low as 2·10-4 S/cm would be sufficient for an electrolyte 
thickness of 500 nm if the mean electrode particle size and distance are on the order of the 
film thickness. 

The different realized cell designs can be classified by the type of substrate being used.  
Chen et al. [48] deposited a ~2 µm thick YSZ electrolyte and a porous La0.5Sr0.5CoO3 (LSC) 
cathode layer on a Ni foil, which was subsequently patterned photolithographically to provide 
pores (diameter: ~70 µm, interconnecting ribs: ~30 µm width) for anodic gas access.  
The cell permitted stable operation in the temperature range of 480-570°C with a  
maximum power density of 110 mW/cm². Kang et al. [49] used a nanoporous Ni support  
(pore diameter: 20-200 nm) obtained by a two-step replication process from mesoporous 
anodic aluminium oxide, which could be coated directly by a continuous 200 nm thick YSZ 
electrolyte layer and a porous Pt cathode yielding single large area cell membranes  
(diameter: 12 mm). However, the comparatively low maximum power density of 7 mW/cm² 
obtained at 400°C suggests that the thin electrolyte layer might not be entirely gas 
impermeable. Joo and Choi [50] reported the fabrication of a porous thin Ni support  
(t < 25 µm, diameter: ~7 mm) without sophisticated lithography or etching processes by 
screen printing of a NiO film and subsequent reduction. Micro SOFCs based on this support 
structure with a 3 µm thick CGO electrolyte and a porous 1 µm thick LSC cathode yielded an 
OCV value of ~0.64 V and a maximum power density of 26 mW/cm² (450°C). The group at 
ETH Zurich was the first to demonstrate thin film-based micro SOFCs fabricated on Foturan® 
substrates, a photostructurable glass ceramic that exhibits favourable thermal expansion 
coefficients of 8.6·10-6 K-1 in the glassy and 10.5·10-6 K-1 in the crystalline state,  
which closely matches the values of the active layer materials. Cells with free-standing 
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membranes (200 µm diameter) of a bi-layer consisting of a 1 µm thin YSZ electrolyte 
deposited by PLD and spray pyrolysis, and porous sputtered Pt electrodes reached an OCV of 
1.06 V and a maximum power output of 152 mW/cm² at 550°C [51]. The first silicon wafer 
based micro SOFC was reported in 2002 by Jankowski et al. [52] who fabricated 2 x 2 mm² 
free-standing membranes consisting of a 0.5 µm thick Ni anode, a 1.2 µm thick YSZ 
electrolyte, and a 0.8 µm thick silver cathode by sputtering, photolithography, and etching.  
At 600°C an OCV of 1.0 V and a peak power density of 145 mW/cm² were maintained. 
Recently, the group of Prinz at Stanford University reported on silicon-based micro SOFCs 
with enhanced electrochemical performance using ultrathin YSZ membranes (t: 50-150 nm,  
area: 20 x 20 µm² up to 240 x 240 µm²) fabricated by atomic layer deposition (ALD), 
respectively sputtering, photolithography, and etching [53, 54]. Large power densities of  
270 mW/cm² (ALD electrolyte) respectively 200 mW/cm² (sputtered electrolyte) were 
obtained at a comparatively low temperature of 350°C with porous Pt electrodes.  
The group succeeded also to prepare 70 nm thin corrugated ALD-grown YSZ membranes 
(array of cup-shaped trenches with a depth of 10-40 µm) by a pattern transfer technique on  
pre-structured Si/Si3N4 substrates [55]. The increased electrochemically active surface area of 
the corrugated membrane yielded a power density of 677 mW/cm² (400°C), a factor of 1.9 
higher compared to planar membranes. Corrugated membranes are in addition expected to be 
mechanically more stable [46], facilitating the fabrication of single membrane units with 
larger geometrical area (e.g. 600 x 600 µm² [55]). Rey-Mermet introduced alternatively  
a Ni grid grown on the anode side by electroplating to stabilize large area SOFC membranes 
with diameters up to 5 mm, which were shown to stand test temperatures of 550°C without  
failure [56]. 

First steps beyond the various research activities on the active cell level are launched as the 
development of entire miniaturized thin film-based SOFC systems has been initiated by a 
consortium of Swiss academic institutions headed by ETH Zurich within the so called 
ONEBAT project [17] and Lilliputian Systems Inc., a spin-off from the Massachusetts 
Institute of Technology [58, 59]. The ONEBAT system foresees active cells of free-standing 
PEN-element membranes together with an internal reformer and a post-combustion unit 
thermally encapsulated to operate at ~550°C on butane fuel. Currently both Foturan® and Si 
substrates are evaluated for the realization of a 2.5 W prototype. Catalysts that enable efficient 
and selective fuel reforming respectively combustion of the residual fuel in the exhaust at the 
comparatively low targeted operation temperature have been identified while simulations 
indicate that technical solutions to the challenges concerning thermal insulation on the small 
scale should be feasible [17]. The concept by Lilliputian Systems Inc. applies the fabrication 
of micro SOFC membranes by silicon wafer 
MEMS and thin film deposition techniques but 
foresees a higher operation temperature of       
750-800°C enabled by vacuum sealing at the chip 
level. The development of a palm size external 
2.5 W micro SOFC system for charging any 
portable electronic device via an USB port     
(Fig. 5), serving as a range extender, has been 
announced as a short term commercialization 
goal. Similar to other types of miniaturized fuel 
cells (DMFC, PEFC) the aim of this development 
is to be able to provide technically more 
sophisticated device integrated systems that could 
replace Li-ion batteries on the medium term. 

 

 
 

Fig. 5: 2.5 W micro SOFC system developed 
currently by Lilliputian Systems Inc. as an 
external USB-battery charger [57]. 
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1.3 Thin films for micro SOFCs: Materials and microstructures 

The functionality of the individual active layers in a micro SOFC imposes stringent 
requirements to a) the microstructure and b) the material properties. As illustrated in Fig. 4 
the electrodes need to be porous, providing a large surface area and access of the gaseous 
reactants to the electrochemically active sites, while the electrolyte layer must be dense and 
gas impermeable to maintain the electrochemical driving force of the reaction, i.e. the oxygen 
partial pressure gradient. The eligible materials include those utilized in conventional SOFCs 
plus alternative candidates particularly suited to the low operation temperature level.  
The characteristic requirements and state-of-the-art as well as possible future solutions will be 
discussed briefly from a materials perspective in the following sections for the three active 
cell components, i.e. anode, cathode, and electrolyte. 
 

1.3.1 Anode 

The anode has to provide a sufficient electronic conductivity (> 100 S/cm), must be stable 
under the reducing conditions on the fuel side of the cell and provide a high catalytic activity 
for the oxidation of the fuel, commonly represented by eq.(2) and (4). At the elevated 
operation temperature level suitable metals are mainly limited to precious metals  
(Ru, Rh, Pd, Pt, Ag), Cu, Co and Ni with the latter being preferred due to comparatively low 
costs and superior catalytic activity, including excellent catalytic properties for internal steam 
reforming. Commonly composite anodes with Ni particles dispersed on a porous solid 
electrolyte support, such as yttria-stabilized zirconia, are employed, which yields a thermal 
expansion coefficient closer to the other cell components. Below the percolation threshold of 
~30 vol.% Ni the ionic conduction pathway by the zirconia solid electrolyte governs the 
electrical conductivity of such Ni-YSZ cermets (Fig. 6). The conductivity increases by more 
than 3 orders of magnitude towards higher Ni fractions as a required electronically conductive 
metallic network is established. 

The electrochemical reactions, eq.(2) and (4), 
involve all three phases of the cermet, i.e. the 
electron conductive metal, the ion-conductive 
ceramic as well as the pores containing fuel 
molecules, and are therefore limited to the 
triple phase boundary (tpb). Consequently,       
a maximization of the electrochemically    
active area by a fine dispersion of small          
(< 100 nm) Ni particles on the porous ceramic 
support is essential for enhancing the anode 
performance as demonstrated impressively by 
Suzuki et al. [60] recently. 

The main problems of Ni-cermet anodes are 
related to degradation. The dispersed nickel 
particles are prone to grain coarsening by 
sintering while the metal component is 
sensitive to poisoning sulphur contaminants 
and exhibits a pronounced catalytic activity for 
C-C bond formation. This results in carbon 

 

 
 

Fig. 6: Electrical conductivity of Ni-YSZ cermet 
as a function of the Ni content (1,000°C) [10]. 

 



Introduction | 23 

deposits that clog pores and block reactive sites (coking). Cobalt and ruthenium offer better 
sulphur tolerance respectively superior sintering resistance and reforming activity but the 
additional costs have precluded their application. Alternative anode materials currently 
investigated comprise electron conductive ceramic materials, e.g. based on La1-xSrxCrO3 or 
Nd respectively La doped SrTiO3 [25]. The development of suitable anodes for a direct 
electrochemical oxidation of hydrocarbons, eq.(9), represents a field of high technological 
potential with promising results on Cu-ceria based anodes [14, 61]. 
 

1.3.2  Cathode 

The cathode, which should be an active electrocatalyst for the oxygen reduction reaction, 
represented by eq.(3), needs to provide a porous structure for an efficient gas transport to the 
active sites and a high electronic conductivity (> 100 S/cm), while being stable in an 
oxidizing environment. Similar thermomechanical properties and chemical inertness with 
respect to the electrolyte are indispensible during the high temperature operation as well as 
the fabrication. These requirements are fulfilled by noble metals as well as certain 
electronically conductive oxides, which are preferred due to their lower costs. In the case of 
an exclusively electron conductive electrode, the charge transfer reaction and incorporation of 
oxygen atoms to the electrolyte lattice are restricted to the triple phase boundary (tpb, 
compare Fig. 7), relying on surface diffusion 
of adsorbed oxygen atoms to these active 
sites. Mixed ionic-electronic conductors 
(MIECs) offer the advantage of an additional 
bulk pathway in competition to the surface 
pathway, as illustrated by Fig. 7. The electro-
chemically active area is thus significantly 
enlarged as a) oxygen atoms are incorporated 
as ions to the cathode lattice over the entire 
electrode surface and b) the charge transfer 
occurs along the entire contact area between 
electrode and electrolyte, involving oxygen 
ions that migrate through the bulk cathode     
to the internal phase boundary. A notable 
ionic contribution to the total electrical 
conductivity, σ, requires a) the presence of      
a large concentration, ni, of ionic charge 
carriers, i.e. in this case oxygen vacancies or, 
less common, interstitial oxygen ions and       
b) a high mobility, μi, of these point defects in 
the lattice according to eq.(15). 

∑ ⋅=
i

iii μnzσ e  (15) 

The oxygen transport kinetics which are obviously important for a MIEC material’s potential 
as a cathode for the oxygen reduction reaction can be quantified in terms of the surface 
exchange coefficient k and the bulk self diffusion coefficient D*. One of the most efficient 
experimental techniques to determine both quantities relies on 18O tracer diffusion depth 
profiling by secondary ion mass spectrometry [62] (compare Appendix). 

 

 
 

Fig. 7: Processes involved in the oxygen 
reduction reaction on a mixed ionic-electronic 
conductive electrode. 
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The reversible oxygen ion flux across the MIEC/gas interface may be treated in analogy to 
electrochemical kinetics close to equilibrium by introducing a chemical interfacial exchange 
current density 

Ockzj ⋅⋅= F0  (16) 

with z as the charge per ion, Faraday’s constant F and cO as the molar concentration of oxygen 
ions in the surface region. The electrical resistance of a dense MIEC electrode may thus be 
correlated to the surface exchange coefficient yielding [29] 

( ) O
el kcz

TR 2F
R

=  (17) 

in the case of interfacial control. Above a critical layer thickness tc = D*/k the bulk diffusion 
kinetics will start to determine the oxygen flux through the electrode. In this case the 
electrode resistance may be expressed as a function of D* 

( ) O
*el cDz

TtR 2F
R⋅

=  (18) 

using the Nernst-Einstein relationship. 

A quantitative model for the much more sophisticated case of porous mixed conducting 
oxides was introduced by Adler, Lane and Steele [63] yielding 

( ) kDwc
τTR *

O
el 22 1F2

R
ξ−

=  (19), 

which allows to specify minimum values of k and D* for a targeted maximum  
electrode area specific resistance. Using typical values for the microstructural parameters,  
tortuosity τ = 1.5, fractional porosity ξ = 0.3, surface area per unit volume w = 20,000 cm-1 
and cO = 0.09 mol/cm³, the product k·D* needs to attain a value > ~10-13 cm3/s² to reach an 
electrode area specific resistance < 0.1 Ω·cm² at 500°C. Such high k and D* values are 
obtained in common SOFC cathode materials only at significantly higher temperatures 
(compare first three rows in Table 3). Accordingly polarization losses at the cathode, related 
to sluggish oxygen reduction kinetics, start to limit the total cell performance at low operation 
temperatures facilitating the need of MIEC materials requiring lower thermal activation for a 
fast oxygen transport (two promising examples are included at the end of Table 3). 
 
Most cathode materials considered so far are perovskite-type oxides. The perovskite ABO3 
structure (Fig. 8, left, without dopant A’) consists of a close cubic packing of A-cations  
(rare earth/earth alkaline metal) and O2- anions (coordination number: 12) with one quarter of 
the octahedral voids filled by B-cations (transition metal or group II, III elements; 
coordination number: 6). The enormous versatility of this class of compounds owes to the 
extraordinary stability of the structure that allows modifications by A- and B-site doping in a 
wide compositional range. 
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The Goldschmidt tolerance factor 

( )OB

OA

rr
rrG
+

+
=

2t  (20) 

with the individual ionic radii, ri, provides a measure for the distortion from the ideal cubic 
perovskite structure (Gt = 1), and can attain values in a range of 0.75-1.10. 

La1-xSrxMnO3 (LSM) represents the material most commonly utilized for SOFC cathodes due 
to a similar thermal expansion coefficient and excellent chemical stability up to 1,200°C in 
combination with an YSZ solid electrolyte. As the low D* and k values in Table 3 indicate,  
it is practically a pure electronic conductor. The intrinsic p-type conductivity of LaMnO3 via a 
small polaron hopping mechanism is enhanced by doping with the lower valence Sr2+ ions, 
which increases the Mn4+ content by charge compensation. The triple phase boundary is 
typically maximized by employing LSM-YSZ composites analogous to the anode, possibly 
with graded composition [10]. 
 

Table 3: Mean linear thermal expansion coefficient, α, total electrical conductivity, σ, oxygen bulk diffusion 
coefficient, D*, and surface exchange coefficient, k, for selected cathode materials. 
 

Material α [10-6 K-1] σ [S/cm] D* [cm²/s] k [cm/s] 

La0.65Sr0.35MnO3-δ 12.3 [25] 102 (800°C) [25] 4·10-14 (900°C) [25] 5·10-8 (900°C) [25] 

La0.6Sr0.4Co0.2Fe0.8O3-δ 17.5 [25] 302 (800°C) [25] 
3·10-8 (800°C) [64] 
4·10-12 (500°C) [64] 

6·10-6 (800°C) [64] 
3·10-8 (500°C) [64] 

Sm0.5Sr0.5CoO3-δ 20.5 [65] ~1,000 (800°C) [65] 2·10-6 (880°C) [64] 8·10-5 (880°C) [64] 

La2NiO4+x 12.9 [66] 
50 (800°C) [66] 
60 (500°C) [66] 

2·10-7 (800°C) [66] 
6·10-9 (500°C) [66] 

3·10-6 (800°C) [66] 
1·10-6 (500°C) [66] 

PrBaCo2O5+x n.a. ~800 (500°C) [67] 4·10-7 (500°C) [67] 7·10-5 (500°C) [67] 

 

The La-cobaltates exhibit a superior electrical conductivity of mixed ionic-electronic type,  
but are more susceptible to reduction and reveal a higher reactivity towards YSZ, forming 
insulating La2Zr2O7 and SrZrO3 phases at the interface at comparatively low  
temperatures [25]. They may most favourably be utilized in low temperature cells with ceria 
or perovskite electrolytes towards which they show no significant reactivity or alternatively 
by introducing a ceria-based protective interlayer in combination with zirconia electrolyte 
[68]. B-site doping with iron yielding La1-xSrxCo1-yFeyO3-δ (LSCF) has been used to reduce 
the thermal expansion coefficient to a level more compliant with the common electrolytes.  
La1-xSrxFeO3-δ (LSF) likewise offers a lower thermal expansion coefficient than LSCF  
at a comparable conductivity with ASR values of ~0.1 Ω·cm² at 800°C [69]. Significantly  
lower polarization losses with ASR values of 0.055-0.071 Ω·cm² (600°C) respectively  
0.51-0.60 Ω·cm² (500°C) have been reported for Ba0.5Sr0.5Co0.8Fe0.2O3-δ (BSCF), but concerns 
about a possible phase decomposition remain [70]. 
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Sm1-xSrxCoO3-δ (SSC) represents an interesting MIEC material for SOFC cathode applications 
as it provides among the largest surface exchange and diffusion coefficients reported for 
common perovskites (compare Table 3) indicating fast ionic transport, and, in addition, a high 
electronic conductivity of ≥ 1,000 S/cm for temperatures ≤ 800°C (x: 0.5). ASR values  
as low as 0.10-0.18 Ω·cm² (600°C) have been demonstrated for SSC-doped ceria  
composites [71, 72]. SSC can be utilized as a cathode in single chamber SOFCs due to its 
pronounced selectivity towards the oxygen reduction reaction [19, 73]. Analogous to the 
LSC-LSCF system the thermal expansion coefficient may be reduced by B-site Fe-doping at 
the expense of lowering the electrical conductivity simultaneously [74]. 

Layered structures show particular promise to close the gap of SOFC cathodes for low 
temperature operation. Ln2NiO4+x derivates of the K2NiF4 structure type with interstitial 
excess oxygen exhibit up to one order of magnitude larger k and D* values than SSC 
approaching the target value of k·D* > ~10-13 cm3/s² (500°C), but the electrical conductivity of 
~50 S/cm remains insufficient and concerns about the thermal phase stability persist [66].  
The higher order Ruddlesden-Popper phases Lan+1NinO3n+1 (n = 2,3) revealing a superior 
thermal stability and electrical conductivity [75] could be more viable candidates.  
Recently, fast oxygen transport in layered double perovskites LnBaCo2O5+x, previously 
investigated mainly for their interesting structural ordering phenomena and magnetic 
properties [76], was detected at extraordinary low temperatures, e.g. oxygen uptake at  
200°C [77, 78]. The large difference in the ionic radii of the rare earth and earth alkaline 
metal is accommodated by A-site cation ordering yielding a layered structure with an ideal 
stacking sequence of ...|A’O|BO2|AOx|BO2|... (Fig. 8, right), which induces additional 
ordering of the oxygen sublattice in the LnOx (0.2 ≤ x ≤ 0.9 [77]) layers. The large 
concentration of weakly bound oxygen vacancies in these layers is considered to be the origin 
of fast oxygen surface exchange and transport kinetics. Accordingly, the first data on D* and k 
show remarkably large values at comparatively low temperatures, e.g. k of 2.8·10-7 cm/s and 
D* of 4.8·10-10 cm²/s were reported for GdBaCo2O5+x at 575°C [79] respectively k of  
7·10-5 cm/s and D* of 4·10-7 cm²/s measured by electrical conductivity relaxation for 
PrBaCo2O5+x ceramics at 500°C [67]. 
 

 
 

 

Fig. 8: A-site doped isotropic perovskite structure with statistical distribution of A and A’ cations (left) and 
layered cation-ordered double perovskite structure with AOx planes of large oxygen vacancy concentration and 
mobility (right). 
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Tarancon et al. [79] demonstrated that the semiconductor-metal transition at 475-500°C, 
which is related to a re-arrangement of oxygen vacancies, does not affect the ionic transport 
properties or the electrochemical performance significantly and induces no sudden structural 
change. Moreover the decrease of the electronic conductivity above the transition temperature 
does not compromise the current collection properties as the absolute values remain 
sufficiently large. Consequently, the cation-ordered layered perovskite materials can be 
considered as high potential candidates for cathodes in low temperature SOFCs with the best 
performance and stability being expected for lanthanides providing a large ionic  
radius (Pr3+, Gd3+, Nd3+), as suggested by Zhang et al. [80]. 
 

1.3.3 Electrolyte 

1.3.3.1 Overview 

The solid electrolyte that separates anode and cathode (compare Fig. 4) needs to provide a 
high ionic conductivity while being electronically insulating. The material has to be 
thermodynamically stable in both reducing and oxidizing atmospheres and must not react with 
the electrodes at the operational temperature. The focus will be on oxide ion conductors in the 
following, neglecting experimental concepts based on solid proton conducting oxides such as 
Y:BaZrO3. In contrast to the porous electrodes, the solid electrolyte’s functionality stringently 
requires a dense, impermeable layer devoid of any cracks or pinholes to prevent gas  
cross-leakage. High fracture toughness is desirable in order to obtain robust solid electrolyte 
membranes. 

The most common oxide ion conductors are fluorite-type solid solutions of zirconia or ceria. 
Soluble aliovalent dopants such as CaO, MgO, Sc2O3, Gd2O3 or Y2O3 introduce a large 
concentration of anionic vacancies to the CeO2 respectively ZrO2 lattice, e.g. in the case of 
Y2O3 doping of zirconia according to 

••++′ → O
x
OZr

ZrO
32 VO 3Y 2OY 2  (21). 

Defect interactions and cluster formation, e.g. YZr´-VO
••, reduce the mobility of the charge 

carriers at higher concentrations, i.e. the dependency of the imparted ionic concentration on 
the dopant concentration exhibits a maximum, for instance at ~8 mol% Y2O3 in  
ZrO2 (800-1,000°C). Yttria-doped zirconia (YSZ) represents the state-of-the-art solid 
electrolyte in conventional SOFCs due to its unsurpassed redox stability and reasonably high 
ionic conductivity. Considering its technological importance and relevance to this work,  
the characteristics of this system will be covered separately in more detail in the next section 
of this chapter. As Fig. 9 illustrates, alternative solid electrolyte materials with an oxygen ion 
conductivity superior to YSZ exist. Scandia doping is well known to yield the maximum ionic 
conductivity in zirconia [81], which can be attributed to a higher vacancy mobility resulting 
from a smaller lattice distortion as the ionic radii of Sc3+ and Zr4+ are closely matching [82]. 
However, the material is unstable at temperatures > ~500°C. 
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Fig. 9: Comparison of the oxide ion conductivity of several solid electrolytes in an Arrhenius plot [83, 84]. 
 

Ceria-based solid solutions, usually doped with gadolinia (CGO), which yields maximum 
charge carrier mobility, exhibit 4-5 times higher ionic conductivity compared to YSZ at 
intermediate to low temperatures. The main drawback of the ceria-based materials is that they 
are reduced at low pO2 according to 
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resulting in an n-type electronic contribution with a pO2
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The electrolytic domain boundary where σi = σel can be considered as a measure for the lower 
oxygen partial pressure limit at which leakage currents through the solid electrolyte would be 
still acceptable. The electrolytic domain widens towards lower temperatures. Accordingly, 
ceria-based solid electrolytes are mainly considered for low temperatures SOFC applications 
(e.g. ~500°C) where the electronic conductivity is negligible [29]. 

Perovskite-type oxide ion conductors of the composition La1-xSrxGa1-yMgyO3-δ (LSGM) or 
with additional B-site transition metal (Fe, Co, Ni) doping have been proposed by  
Ishihara et al. [83-87]. They provide a slightly lower ionic conductivity than CGO, but 
enhanced redox stability. As a major drawback, the synthesis of the single phase material has 
proven difficult. Secondary phases like La4Ga2O9 or SrLaGa3O7 tend to segregate in the grain 
boundaries and degrade the ionic transport properties [25]. 

The largest oxygen ion conductivities demonstrated so far are reported for stabilized Bi2O3 
electrolytes (compare Fig. 9), but their practical use in SOFCs is generally questionable due to 
a slow phase decomposition, i.e. reduction to metallic Bi at rather high oxygen partial 
pressure, e.g. ~10-13 Pa (600°C). 
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As discussed previously (compare section 1.2), the reduction of the electrolyte layer thickness 
to the sub-µm level provides an effective alternative approach to the development of materials 
with enhanced ionic conductivity to lower ohmic losses in the electrolyte layer (eq.(13)).  
This strategy extends the applicability of the traditional high temperature (800-1,000°C) solid 
electrolyte material YSZ to significantly lower operation temperatures of ~500°C to benefit 
from its unsurpassed redox and long term stability. 
 

1.3.3.2 The Y2O3-ZrO2-system 

Pure zirconia is a polymorphic oxide with the monoclinic form thermodynamically stable at 
room temperature, an intermediate temperature tetragonal phase, and a high temperature cubic 
phase of fluorite-type structure (Fig. 10). Monoclinic ZrO2 exists as the mineral baddeleyite, 
but technically zirconia is produced from the more abundant natural zircon (ZrSiO4) resources 
mined in Australia, U.S.A. and South Africa. The Zr-oxide minerals contain ~1-2 wt.% of 
analogous Hf compounds, which behave chemically very similar and are generally believed 
not to influence the material properties significantly [88], except for interactions with 
neutrons (Hf has a ~600 times higher neutron absorption) where purification for applications 
is indispensible. 
 

 
 

Fig. 10: Crystallographic data and phase transitions of zirconia polymorphs [88]. 
 

The martensite transition from the tetragonal to the monoclinic phase of zirconia involves a 
considerable volume expansion by 3-5%, which is responsible for the cracking of pure ZrO2 
sintered bodies upon cooling. The use of pure zirconia remains therefore limited to abrasive 
materials and refractories. 

The tetragonal and cubic phases can be stabilized at room temperature by doping with an 
aliovalent oxide such as Y2O3 dissolving in the zirconia lattice, which simultaneously imparts 
the ionic conductivity as discussed in the previous section. The doping shifts the t-m 
transformation temperature to lower values where the transition is kinetically impeded and 
grains below a critical size do not transform spontaneously. Depending on the dopant 
concentration and heat treatment, different YSZ modifications can be obtained: Sintering at 
1,600-1,700°C in the biphasic tetragonal-cubic domain of the phase diagram (Fig. 11) yields 
partially stabilized zirconia (PSZ) consisting of a c-ZrO2 matrix with t-ZrO2 precipitates.  
At dopant concentrations of ~3 mol% Y2O3 (3YSZ), i.e. close to the tetragonal phase 
boundary (compare Fig. 11), single phase tetragonal zirconia polycrystals (TZP) with a fine 
grain microstructure (Dg ~0.3 µm) can be obtained by sintering at 1,300-1,400°C and 
quenching to room temperature as a special modification of partially stabilized zirconia.  
At higher yttria concentrations of ~8 mol% or more, single phase cubic material is retained at 
room temperature (fully stabilized zirconia, FSZ).  
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A detailed analysis of the tetragonal-cubic 
phase boundary in the ZrO2-Y2O3 phase 
diagram by Yashima et al. [90, 91] revealed in 
fact a more intriguing situation with the 
existence of a pseudo-fluorite metaphase, t´´, 
stabilized commonly at 7-9 mol% Y2O3. 

The t´´ metaphase exhibits an axial ratio of 
unity as expected for a cubic cell, in contrast   
to the tetragonal phase found also for pure   
ZrO2 (t or t´), where the tetragonal symmetry 
derives from the elongation of the c-axis       
and shrinkage of the a-axis. The tetragonal 
symmetry of the t´´ metaphase is induced by  
O-dislocations along the c-axis (Fig. 12).      
The distinction between the cubic and t´´ phase 
is nontrivial and requires the complementary 
use of X-ray diffraction and Raman 
spectroscopy [92, 93]. 

 

The lower doped zirconia solid solutions 
(TZP, PSZ) are renowned as structural 
ceramics due to their excellent mechanical 
properties, i.e. high hardness, strength         
and fracture toughness, imparted by a 
transformation toughening process. Tetragonal 
grains are retained metastable upon cooling 
from the sintering to ambient temperature 
below a critical size, while larger grains 
transform spontaneously to the monoclinic 
equilibrium phase. The transformation of the 
subcritical tetragonal grains may be triggered 
by external stress generating micro cracks in the material. The tensile stress at the crack tip 
helps adjacent grains to overcome the compressive constraint imposed by the surrounding 
matrix providing the activation energy for the transformation. However, the transition to the 
monoclinic phase is accompanied by a significant volume expansion of the transforming 
grains, which causes the formation of a net compressive stress field in the vicinity of the  
crack (Fig. 13), opposing its further propagation in the material [94]. Accordingly, the 
fracture toughness KIC and strength increase with the initial fraction of transformable grains in 
the material, which is maximized in TZP where values of KIC as high as 7.9-9.4 MPa·m1/2 and 
a strength in excess of 1,000 MPa are feasible [88]. To date, these YSZ modifications rate the 
strongest and toughest single phase oxide ceramics (‘ceramic steel’) [94] with additional 
remarkable thermal stability, corrosion resistance, and biological compatibility.  
Applications in manifold fields include dentistry and medical implants, high quality cutting 
tools, combustion engine components and bearings [88, 94]. 

 
 

Fig. 11: Zirconia-rich section of the ZrO2-Y2O3 
phase diagram. Adapted from [89, 90].  
The horizontal bars on top denote the phases 
obtained by quenching powders to room 
temperature [90]. 
 

 
 

Fig. 12: Pseudo-fluorite tetragonal cell in the 
YSZ system (t´´ metaphase) with an axial ratio of 
unity and oxygen displacements along the c-axis 
(indicated by the red arrows) inducing tetragonal 
symmetry. Adapted from [93]. 
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Fig. 13: Compressive stress field (red arrows) generated by the t-m phase transition, which counteracts further 
crack propagation. 
 

Transformation toughening is not possible for cubic FSZ, which is instead appreciated for its 
superior ionic conductivity as solid electrolyte in high temperature electrochemical devices 
such as SOFCs, Nernstian gas sensors, or oxygen separation membranes [10, 88, 95].  
The material’s optical properties, i.e. the high refractive index and transparency from the 
near-IR to the UV are commercially important as YSZ single crystals serve as diamond-like 
gems in jewellery. Colouring can be accomplished by doping with metal ions [96] or  
nitrogen [97], incorporation of metal nanoparticles [98], or reductive treatments [99].  
YSZ single crystal waveguides have moreover been developed for ultrahigh temperature 
probes to monitor combustion processes [100-102]. 

YSZ coatings have been produced by a variety of different deposition techniques like  
sol-gel chemistry [103], spin coating [104, 105], r.f. sputtering [106], pulsed laser  
deposition [107-113], chemical vapour deposition [114-116], and spray pyrolysis [117] as 
high-k dielectrics in metal-oxide-semiconductor (MOS) technology [107, 110, 118], buffer 
layer in superconductor thin film growth [106] and for miniaturized gas sensors and micro 
SOFCs [17]. Zirconia-based layers find moreover application as high refractive index material 
in UV and NIR laser mirrors, optical filters, and protective coatings [119-123].  
Incorporation of organic dyes allows the fabrication of distributed feedback waveguide  
lasers [124-126]. Optical gas sensing under harsh environmental conditions based on the 
surface plasmon resonance of Au nanoparticles embedded in YSZ thin films has been 
demonstrated recently [127, 128]. For many of these applications the unique combination of 
optical and mechanical properties of YSZ is decisive. An illustrative example can be seen in 
the utilization of photoluminescent rare-earth doped YSZ in thermographic phosphors,  
which enable the development of smart thermal barrier or tribological coatings [129-131].  
YSZ surface protection layers against wear are applied e.g. on magnetic storage media,  
while thick YSZ thermal barrier coatings protect combustion engine and turbine construction 
parts in high temperature environments. 
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1.3.4 Interplay microstructure – film properties 

Important physicochemical properties of ceramic thin films such as the electronic and ionic 
conductivity, mechanical characteristics, or thermal stability can be expected to depend 
intimately on the film microstructure. This is especially true when nano-size effects come into 
play as the defect chemistry responsible for many processes in solids may be very different at 
interfaces compared to the bulk material [132-138]. However, no general understanding on 
the relation between microstructure and properties of ion and mixed conductive oxide  
thin films has been established yet, as published results remain partly contradictory and 
experimental data concentrate mainly on the electrical properties, but are scarce e.g. on 
mechanical characteristics. For instance, a large scatter of the electrical conductivities up to 
four orders of magnitude and significant differences in the activation energies (up to a  
factor of 4) are noted when comparing electrical conductivity data reported in the literature 
for 8 mol% yttria-stabilized zirconia thin films (Fig. 14). 

 

 
 

Fig. 14: Scatter of electrical conductivity data reported in the literature for 8YSZ thin films prepared by different 
techniques [104, 105, 108, 116, 139-144], i.e. pulsed laser deposition (PLD), metal organic chemical vapour 
deposition (MOCVD), spin coating (SC), r.f. sputtering (r.f.), plasma spraying (PS) and atomic layer  
deposition (ALD). 
 
 
This scatter is clearly beyond an expectable uncertainty due to differences in the sample 
preparation, utilized characterization techniques, or purity of the precursor materials.  
The unresolved questions about the factor(s) that effectively determine(s) the electrical 
conductivity are the subject of an ongoing discussion, which is complicated by no or an 
inadequate distinction between the ionic and electronic contributions in most studies, and the 
frequent interrelation of the microstructural parameters.  
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Kosacki et al. [105] claim an enhancement of the ionic conductivity in nanocrystalline  
(mean grain size Dg: 20 nm) 8YSZ thin films prepared by spin coating from a polymeric 
precursor by about one order of magnitude compared to microcrystalline layers  
(compare Fig. 14). They attribute this finding to the increased ratio of interfacial grain 
boundary area/grain volume and defect segregation in the grain boundary region.  
Likewise, Suzuki et al. [145] report about a systematic enhancement of the ionic conductivity 
and simultaneous reduction of the activation energy upon decreasing the grain size to the 
nanometer scale (Dg: 9-36 nm) in Ce0.8Gd0.2O1.9 thin films. Tuller [146] explains this 
presumed nano-size effect by a dilution of segregating impurities in the enlarged interfacial 
volume fraction, which counteracts the formation of high resistive e.g. siliceous phases in the 
grain boundaries. On the other hand numerous experimental studies on YSZ and CGO layers 
of similar thickness and grain size, produced by different techniques, see no evidence  
for an increase of conductivity with decreasing grain size. Joo et al. [108] report for  
instance conductivities close to or slightly below bulk data for columnar PLD layers of  
YSZ (Dg: 60-100 nm) respectively CGO (Dg: 40-90 nm) [147], which are verified by similar 
results obtained recently by Infortuna et al. (Dg: 60-80 nm) [141]. Likewise, Chen et al. [104] 
find no evidence for a grain boundary effect in spin coated fine polycrystalline 8YSZ layers. 
An actual decrease of the ionic conductivity for nanocrystalline microstructures is predicted 
by space charge models for acceptor doped metal oxides such as YSZ or CGO. The grain 
boundaries are depleted of holes and oxygen vacancies as a result of a positive space charge 
potential, increasing the grain boundary resistance [136, 138]. 

Recent results suggest that interfacial stress in heteroepitaxial thin films and superlattices with 
pronounced lattice mismatch causes a drastic enhancement of the ionic transport on the 
nanoscale. A three orders of magnitude larger conductivity than for the bulk lattice was 
estimated for a 1.6 nm thin interface layer in an epitaxial YSZ layer (60 nm thick) grown by 
PLD on a MgO (001) substrate [148]. Garcia-Barriocanal et al. [149] even claim a colossal 
increase of the in-plane ionic conductivity by up to 8 orders of magnitude at room 
temperature in YSZ/SrTiO3 superlattices, which they attribute to the formation of a disordered 
oxygen depleted interface with high vacancy mobility. On the other hand such high oxygen 
ion mobilities appear unrealistic and reduction of SrTiO3 under PLD conditions is likely, 
which supports concerns about possible electronic contributions. 

The chemical composition of a layer may affect its properties significantly. In the case of the 
considered ion conductors an oxygen deficiency, as it is frequently induced by vacuum 
deposition techniques, could for example increase the vacancy concentration or be 
electronically compensated altering the electrical transport characteristics. However, the 
precise determination of the stoichiometry in thin films is a sophisticated task, which ion 
beam analytical techniques are perhaps best suited to for quantitative analysis.  
High resolution scanning transmission electron microscopy on the other hand has proven to 
be an invaluable tool to trace the local element distributions with atomic resolution.  
Impurities segregating in the grain boundaries can have a significant effect on the transport 
properties even if their concentration is on the 100 ppm level as shown for siliceous 
impurities in YSZ where highly resistive grain boundaries are formed [150]. 

The degree of crystallinity and anisotropy are further parameters that need to be considered 
when evaluating the impact of the microstructure on film properties. Amorphous residuals 
were for instance found to play a crucial role in the crystallization of ceria-based thin films 
deposited by spray pyrolysis, which yield a regime of non-classical self-limited growth at 
moderate temperatures [151, 152]. 
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Investigations about the interplay of thin film microstructure and properties are commonly 
restricted to one type of microstructure defined by the applied deposition technique,  
which limits the comparability and may ultimately yield a diffuse total evidence as presented 
in Fig. 14. Therefore the NANCER project (see Preface) aimed at a more comprehensive 
approach by employing different thin film deposition techniques (spray pyrolysis, flame 
spraying, sputtering, pulsed laser deposition) available at the partner institutions, each 
inherently favouring different types of microstructure. Methods that rely on the initial 
deposition of an amorphous layer subsequently crystallized by annealing, e.g. spray pyrolysis, 
typically yield isotropic microstructures, while the direct deposition of crystalline  
layers by PVD techniques shows a tendency to columnar growth (compare Table 4).  
Microstructural engineering by variation of the deposition parameters and thermal  
post-treatments were envisioned to provide access to a wide array of different microstructures 
that allows studying the interplay to the film properties in more detail, with the focus on YSZ 
as a material. 

The deposition techniques were selected according to their compatibility to the fabrication of 
sub-µm electroceramic layers for micro SOFC applications. Based on the fundamental 
studies, guidelines were to be devised for a soft processing of stable microstructures to avoid 
any reaction or interdiffusion with the substrate respectively among adjacent layers, and to 
minimize thermal stress, which may ultimately cause cracking and failure in SOFC 
membranes. Conventional ceramic processing techniques such as tape casting, tape 
calendering, or screen printing are incompatible with these requirements as they yield layers 
with a minimum thickness of 5-10 µm and involve high sintering temperatures  
of 1,200-1,600°C. As Table 4 illustrates, flame and plasma spray processes are attractive to 
obtain thick porous electrode structures [153]. Spray pyrolysis in which a mist of fine 
dispersed droplets produced by a nozzle from a precursor salt solution is directed onto a 
heated substrate, offers a conceptually simple low cost method for the deposition of porous to 
dense metal oxide layers at comparatively low temperatures. However, concerns about crack 
or pore formation by evaporation of the solvent persist regarding solid electrolyte 
applications. Physical vapour deposition techniques appear best suited to the deposition of 
high quality dense thin film electrolytes [154]. Sputtering and pulsed laser deposition as 
nonthermal processes are particularly interesting as the involved highly energetic species 
(compare Table 4) contribute to the growth kinetics. This potentially enables the deposition of 
crystalline films at a significantly lower substrate temperature compared to thermal methods 
such as molecular beam epitaxy (MBE), atomic layer deposition (ALD), electrochemical or 
chemical vapour deposition (EVD, CVD) [155]. Due to the essential significance of a gas 
impermeable pinhole and crack-free solid electrolyte layer, special emphasis must aim at the 
elimination of the ubiquitous particulates during the deposition. The subsequent section will 
introduce the characteristics of the pulsed laser deposition process in more detail as the scope 
of this work was on PLD as deposition method. 
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Table 4: Characteristics of several film deposition techniques. 
 

Technique Energy 
[eV] 

Pressure 
[Pa] 

Typical rate 
[nm/s] Film morphology Comments 

MBE, ALD ~0.1 < 10-7 < 0.1 dense, atomically 
smooth 

expensive equipment, high 
quality coatings of e.g. 

electronic materials 

Sputtering 1-500 0.01-20 
~0.1 (r.f.) 

~1 (magnetron) 

dense, crack-free, 
often columnar; 

porous films possible 

nonthermal, low T, 
possible contaminations by 
process gas, e.g. for optical 

& protective films 

PLD 1-500 < 50 ~0.1 

dense, smooth, often 
columnar; nano-

particles & porous 
films at high p 

nonthermal, flexible, 
intermediate T, complex 
stoichiometries feasible, 

small-area (scale-up 
difficult), particulates 

CVD ~0.1 0.1-100 1-10 dense, smooth, often 
columnar 

various modifications 
(MOCVD, PECVD etc.),  

high T (> 500°C), uniform 
coating of complex 

geometries, e.g. used in IC 
technology 

Thermal 
Evaporation ~0.1 0.1-100 1-10 mostly dense 

difficult process control,  
e.g. for optical & 

protective coatings 

EVD ~0.1 ~10 ~20 dense columnar film 
on porous substrate 

high T (1,200°C), 
corrosive gases 

Plasma 
Spraying ~0.1 4-10·103 20-150 

porous to dense films 
(several 10 µm), 

often residual thermal 
stress, microcracks 

molten particles in fast  
hot plasma jet, rapid 
resolidification by 

quenching 

Flame Spraying ~0.1 1 atm 20-150 porous 
(several 10 µm) 

high T, rapid quenching, 
also used for nano-particle 

synthesis 

Spray Pyrolysis ~0.1 1 atm 0.2-2 
porous to dense, 

amorphous to 
polycrystalline 

liquid salt solution 
precursors, usually thermal 
post-treatment, low cost, 

upscale possible 

Sol-gel 
processes  

(Spin or dip 
coating) 

~0.1 1 atm several 10 nm 
per coating 

polycrystalline, 
difficult to prevent 

crack formation 

liquid phase precursors, 
repetitive process of 

coating & post-annealing 
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1.4 Film growth by laser ablation 

1.4.1 General features 

Soon after the availability of high power lasers in the 1960’s their application to the 
evaporation of solids and the potential of film growth by re-condensation was realized [156]. 
However, the breakthrough of this technique, nowadays known as pulsed laser  
deposition (PLD), came only in 1987 with the successful growth of high Tc superconducting 
films [157] and later, in 1994, with the discovery of colossal magnetoresistance in  
PLD-grown La1-xCaxMnO3 layers [158]. This was as well only possible after progress in the 
laser technology has been made and pulsed UV excimer lasers became available in the 1970’s 
and 1980’s. The basic operational principle is depicted in Fig. 15. A pulsed high power laser 
beam, most frequently an UV excimer laser emitting pulses on the order of 20 ns, is focused 
through an entrance window into a vacuum chamber on a solid target. The resulting ablation 
plasma, also called the plume, is directed towards a substrate, typically positioned in a 
distance of 30-80 mm from the target, where material re-condenses. The chemistry and 
energetics of the film growth process can be modified by introducing a background gas into 
the vacuum chamber. 

The technique is inherently very flexible 
and practically every material can be 
ablated as the external laser source    
may easily be exchanged. In addition, 
various modifications of PLD have   
been developed for certain deposition 
requirements. The chemical reactivity 
may for instance be enhanced by a 
supplementary ion or plasma beam    
(ion or plasma beam assisted PLD),    
the confinement of the plasma in a 
magnetic field (Aurora PLD), or a 
synchronized reactive gas pulse (pulsed 
reactive crossed-beam laser ablation, 
PRCLA) [155]. Segmented targets or 
multi-target carousels facilitate the 
deposition of film alloys, hetero-
structures, new compounds and give in 
combination with a lateral substrate 
translation and an aperture access to 
combinatorial materials science [159]. 

The growth conditions in PLD are far from thermal equilibrium and involve kinetic energies 
typically in the range of 1-100 eV as well as electronically excited species, which promote 
surface mobility. This enables the deposition of high quality films at comparatively low 
substrate temperatures and yields the potential to synthesize metastable materials unattainable 
for thermal equilibrium conditions (Ekin ~0.1 eV). A further common asset of PLD is the 
potential retention of the target stoichiometry in the film, i.e. a congruent transfer under 
optimized ablation conditions, which render it the method of choice for the growth of 
materials with complex composition, e.g. doped metal oxides. The heteroepitaxial growth of 
the lasing garnet (Nd,Cr):Gd6Sc2Ga6O12 on Si (001) containing 6 different elements and  

 
 

 
 
 
Fig. 15: Operational principle of pulsed laser deposition. 
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160 atoms per unit cell is one remarkable example that would be difficult to achieve with any 
other existing thin film deposition technique [160]. However, the low deposition rates of  
~1 Å/s prevent a high throughput, while the narrow angular flux distribution commonly 
allows uniform coating only on a small area (1-5 cm²). Scale-up to the wafer level has been 
demonstrated but additionally decreases the growth rate [161]. The ejection of macroscopic 
particles generated by the laser ablation process can degrade the film quality. Any commercial 
applications of thin film deposition by pulsed laser ablation will therefore probably remain 
limited to specialized niches such as the established fabrication of cuprate superconductor 
layers for Josephson junction devices. 

Although conceptually simple, the chemical-physical processes involved in pulsed laser 
deposition are complex and involve three stages, (i) the laser-material interaction resulting in 
plasma formation, (ii) the subsequent plasma expansion, and (iii) film growth from the 
supersaturated gas phase. 
 

1.4.2 Laser-material interaction 

In the process of laser ablation, incident photons excite electrons in the condensed phase 
target, and transfer their energy to the electronic system. Photoexcitation is an ultrafast 
process occurring on a timescale of about 100 fs, yielding free charge carriers, which may be 
accelerated further by the electromagnetic field to kinetic energies enabling additional impact 
(avalanche) ionization. The precise absorption mechanism depends on the electronic band 
structure, purity, and defect level of the target material, as well as the laser pulse duration, τp, 
and wavelength, λ, which is related to the photon energy, by 

λ
Ephoton

ch ⋅
=  (24). 

 
The different pathways are illustrated for the case of a large band gap insulator such as 
zirconia in Fig. 16. Photons with energies above the band gap energy, Eg, can excite electrons 
from the valence to the conduction band (linear absorption). For ns-pulses, which will be 
discussed exclusively first, linear optical absorption at sub band gap photon energies relies on 
the presence of surface states or defects with energy levels in the band gap. 
 

 

Fig. 16: Photoexcitation mechanisms for a band gap insulator. 
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The light intensity I decreases exponentially within the absorbing medium according to the 
Lambert-Beer law 

( )dαII opt ⋅−⋅= exp0  (25), 

where I0 represents the initial light intensity, αopt is the linear optical absorption coefficient 
and d is the distance from the solid surface. The laser energy is basically deposited within the 
optical penetration depth 1/αopt initially. However, it is important to note that laser-induced 
material changes may have a permanent effect on the absorptivity in addition to transient 
effects, e.g. by plasma shielding (see below). The material’s absorptivity in eq.(25) is 
therefore best described by an effective absorption coefficient αeff, which may differ 
significantly from the optical absorption coefficient, αopt, that is measured at low light 
intensities. 

The excited electron system relaxes on a time scale of about 10 ps by coupling to the lattice, 
which is heated at rates as high as 1011 K/s. At sufficiently high input areal energy densities,  
i.e. laser fluences, meaning above the threshold of ablation, Fth, material evaporates.  
This process proceeds definitely far from thermal equilibrium and the exact mechanism is still 
under discussion. For instance, a phase explosion by a dielectric breakdown via avalanche 
ionization induced by seed electrons has been proposed [155]. In any case, a plasma is formed 
at the target surface and can absorb a part of the incoming laser pulse via inverse 
Bremsstrahlung to heat the plasma to temperatures of ~10,000 K. The bulk material is 
optically shielded for the rest of the pulse duration. As long as the nascent plasma is in contact 
with the surface, heat will be transferred from the plasma to the target in addition to the 
energy deposited directly by absorption. Thermal diffusion causes the formation of a heat 
affected zone (HAZ) around the irradiated site. The extension of the HAZ can be estimated by 
the thermal diffusion length, Lt, 

ptt τDL ⋅= 2  (26), 

where Dt is the thermal diffusivity of the target material and τp is the laser pulse duration. 

The thermal load on the target is an important factor for the ejection of macroscopic particles 
with different mechanisms being discussed. Splashing occurs when a transient melt below the 
laser focus spot is subjected to the recoil shockwave of the expanding plasma plume,  
which may reach a pressure of several Mbar [162]. Subsurface boiling yielding also µm-sized 
spherical droplets is expected if the heat transfer to the bulk is faster than evaporation of the 
surface layer and occurs predominantly in materials with high thermal conductivities such as 
metals at significant fluences [163]. The repetitive laser-induced temperature jumps impose 
also considerable thermomechanical stress on the solid target, which can result in cracking 
and finally detachment of macroscopic fragments. The thermomechanical stress 

( )0TTαEs m −⋅⋅=  (27) 

is particularly large in brittle refractory materials with high elastic moduli E and thermal 
expansion coefficients α, which includes most ceramics [164]. 

The macroscopic particles can have detrimental effects in PLD as they impinge on the 
growing film causing local damage [164]. This is in particular true for micro SOFC 
applications where these projectiles could compromise the gas impermeability of the solid 
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electrolyte membrane or result in a short circuit between the electrodes. Numerous variations 
of the conventional PLD setup have been devised to reduce the amount of particles being 
transferred, e.g. by off-axis geometries [165], shadow masks (eclipse PLD) [166, 167],  
in combination with a magnetic field (eclipse Aurora PLD) [168], mechanical vane velocity 
filters [169], or dual laser beam approaches [170, 171]. These techniques reveal - despite of 
the remarkable achievements - different shortcomings such as diminished deposition rates, 
inadequate adhesion, a non-uniform film growth, their technical complexity, or material 
dependent applicability. It is therefore highly desirable to optimize the conventional PLD 
process. Knowledge about the characteristics of the target material in the laser ablation step 
provides the key to an optimization of the laser parameters and target properties to achieve the 
elimination of particle ejection. 

Ultrashort pulses with τp < 500 fs yield extremely high photon densities corresponding to 
power densities of ~1013 W/cm², which causes nonlinear multiphoton photoionization (MPI) 
as illustrated in the centre of Fig. 16, enabling absorption of materials inherently transparent 
at the laser wavelength. Fs-laser pulses have been demonstrated to minimize thermal effects 
and the heat affected zone in laser ablation of metals rendering it a precise and efficient tool 
for high quality micromachining [162, 172-175]. This suggests that reducing the pulse 
duration could be an efficient approach to eliminate macroscopic particles in PLD.  
Laser ablation investigations on ceramic SrTiO3 single crystals insinuate that nonthermal 
ablation could be a general feature of ultrashort pulses [176]. This is generally attributed to a 
decoupling of the practically instantaneous energy deposition to the electronic system from 
the energy transfer to the lattice on a time scale of ~10 ps, which is significantly larger than 
the pulse duration [172]. In other words, the formed dense critical plasma expands from the 
surface before a considerable amount of heat is coupled to the target, providing a spatially 
confined and efficient material removal without a significant thermal load on the target. 
However, the information on potential benefits from the use of fs-lasers in thin film growth is 
still scarce and the available reports remain contradictory. Henley et al. [177] claim a 
reduction of particle ejection for the growth of LiF thin film by fs-pulses compared to the 
thermal ns-regime with remaining particle ejection being attributed to an explosive nature of 
the ablation process. Murakami et al. [178] report the feasibility of completely particle-free 
atomically smooth thin films by fs-pulse shaping. Salminen et al. [179] observe a regime for 
the deposition of particle-free YSZ layers using a ps-laser with MHz repetition rate for high 
pulse overlapping with short delays. On the contrary, Claeyssens et al. [180] find significantly 
higher particle densities when using ps- or fs-pulses studying the ablation of graphite. 
Actually, fs-pulses have been deliberately used to synthesize nanoparticles [181-183]. 
 

1.4.3 Plasma expansion 

The plasma expansion and characteristics will be discussed subsequently only briefly as 
plasma analytical studies were not within the scope of this work. The nascent plasma resulting 
from the laser ablation event is characteristically highly ionized, dense and hot.  
About 1015 atoms vaporized per laser pulse are initially confined within fractions of a mm³ 
yielding initial pressures up to 109 Pa [159, 163]. The degree of ionization, typically in a 
range of 0.1-1.0, exceeds values predicted for a gas plasma in local thermodynamic 
equilibrium by far. This is attributed to heating of the plume by inverse Bremsstrahlung 
absorption to temperatures of ~10,000 K, which is well above the boiling temperature.  
Upon plume expansion the degree of ionization rapidly decreases due to (partial) collisional 
thermalization e.g. by electron-ion-recombination, which produces excited species, until the 
plasma becomes collisionless after several mm depending on the ambient pressure.  
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The luminous plasma contains neutrals, ions, electrons and clusters travelling at different 
velocities although strong interactions exist [184]. Kinetic energies of the atomic and low 
molecular species are in the range of 1-500 eV, usually 5-50 eV, with neutral species being 
generally slower than their ionic counterparts [163]. The flux distribution is centred on the 
surface normal of the target and can commonly be described by a cosqθ function (q: 2-20) 
with θ as the angle to the surface normal [164]. 

Collisions with a background gas moderate the kinetic energies of the plume species. 
Considering the background gas molecules as stationary in a sphere model, the mean free 
pathway, λp, of the plume species can be calculated according to 

pσ
Tλ

p
p ⋅
=

k  (28), 

where k represents Boltzmann’s constant, T is the absolute temperature and p is the 
background gas pressure in the chamber. The mean free pathway is plotted for Zr atoms  
(rZr = 160 pm) as a function of the background gas pressure (T: ambient temperature) in  
Fig. 17 approximating the scattering cross section on geometric terms, i.e. σp = πrZr². 
 

 

Fig. 17: Mean free pathway of Zr atoms as a function of background gas pressure. 
 

Up to ~1 Pa the mean free pathway is larger than the target-substrate distance (~5 cm),  
i.e. collisions with the background gas are negligible. At higher background pressure 
collisional moderation of the Zr species becomes increasingly significant and results in a 
complete thermalization, e.g. for distances in the cm range above ~10 Pa. The transfer of 
energy from the plume to background gas species may activate the latter for chemical 
reactions at the substrate surface. Associative chemical reactions in the gas phase are 
comparatively unfavourable as they require a third collisional partner to accept the large 
excess energy. On the other hand, in a completely thermalized, i.e. low energetic plume, 
nucleation and cluster growth processes are enabled, which has been utilized for deliberate 
nanoparticle synthesis by pulsed laser ablation in a higher pressure environment [185, 186]. 
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1.4.4 Film growth 

The film growth in pulsed laser deposition is characterized by two outstanding features, its 
pulsed nature and the non-equilibrium energetic conditions. The former is illustrated in  
Fig. 18. The actual ablation event occurs on the time scale of the laser pulse, i.e. ~5-20 ns 
using common ns-excimer or Q-switched Nd:YAG lasers. The resulting plasma plume 
expands and reaches the substrate where material re-condenses within the interaction time  
of several µs. Christen et al. [159] showed recently by time-resolved surface XRD that         
most of the lattice organization occurs already 
during the re-condensation process. Nevertheless         
re-organization processes in the extended periods 
between the individual laser pulses, typically 
~100 ms, involving diffusion of adatoms to 
thermodynamically stable lattice sites as well as 
ripening of islands, play a significant role.          
It is important to note that due to the pulsed 
nature of PLD, the instantaneous flux on the 
order ~2.5·104 ML/s is extremely high, which 
corresponds to the growth from a strongly 
supersaturated vapour phase, while the time-
averaged flux remains low (~0.1 ML/s).          
The continuous flux in molecular beam epitaxy is 
for instance on the order of ~0.25 ML/s while     
~2.5 ML/s are typically obtained for sputtering. 
 
Considering the processes involved in the early stages of film growth in detail (Fig. 19), 
impinging plume species adsorb with a certain probability (sticking coefficient) on the 
substrate surface. The associated dissipation of their kinetic and electronic excitation energy 
to the lattice significantly enhances their surface diffusivity compared to thermal activation, 
which remains low as the thermal energy (~0.1 eV) is smaller than the surface binding 
energies. Kinetic energies in the range of 1-10 eV as most commonly attained in PLD are 
found to be particularly favourable as they are sufficiently large to promote the mobility of 
surface species, but still small enough to not activate diffusion and displacements of the 
stronger bound bulk species.  
 

 

Fig. 19: Schematic of basic atomistic processes on the substrate surface during vapour deposition. 
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Fig. 18: Timing scheme for different 
processes involved in ns-PLD. 
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Above ~10 eV the generation of defects is observed. Species with kinetic energies > 50 eV 
may induce bulk damage resulting e.g. in implantation and sputtering. Preferential sputtering 
of certain elements leads to deviations of the film composition with reference to the target 
stoichiometry. 

The dynamic processes on the surface further involve the agglomeration of adatoms forming 
clusters and nuclei, dissociation of existing clusters, and desorption to the gas phase.  
The Gibb’s free enthalpy for the formation of an aggregate with the dimension r is given by 

svfsvfv γraγraγraΔGraΔG 2
2

2
2

2
1

3
3 −++=  (29) 

with the geometric constants a1 = 2π(1-cosθc), a2 = π·sin2θc and a3 = π(2-3·cosθc+3 cos3θc)/3. 
The contact angle, θc, depends exclusively on the surface properties of the involved materials 
and can be described by Young’s equation 

cvffssv θγγγ cos⋅+=  (30), 

which is valid in mechanical equilibrium. The interfacial tensions, γ, are identified by the 
respective subscripts (v: vapour, f: film, s: substrate). ΔGV represents the chemical free energy 
change upon condensation, which increases absolutely with the gas phase supersaturation 
according to 

eq
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p
Ω
TΔG lnk

−=  (31), 

where Ωa is the atomic volume, pv is the vapour pressure of the impinging supersaturated flux, 
and peq is the equilibrium vapour pressure above the solid. Being negative, ΔGV represents a 
driving force for the nucleation, while the additional energetic terms in eq.(29), describing the 
associated formation of new interfaces, exert a net retarding force. As a consequence the 
dependence of ΔG on the agglomerate dimension r exhibits a local maximum.  
Below the critical nucleus dimension r* 
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the clusters are unstable and shrink spontaneously. Clusters above the critical size, generated 
by statistical fluctuations, represent stable nuclei, which grow spontaneously.  
The density of stable nuclei 









−⋅=

T
ΔGnN

*

s
*

k
exp  (33) 

depends on the density of potential nucleation sites, ns, and the activation energy required for 
the formation of critical size agglomerates, given by [187] 








 +−
⋅









=

4
coscos32

3
16 3

2

3
cc

v

vf* θθ
ΔG
πγ

ΔG  (34). 



Introduction | 43 

In pulsed laser deposition the supersaturation S = (pv-peq)/peq ≈ pv/peq is extraordinary large as 
pointed out previously. This translates considering eq.(31) to (34) to a high density of stable 
nuclei with a critical size as low as 1-2 atoms [155]. An analogous situation is found for 
kinetically impeded systems (low substrate temperature, high deposition rate) in thermal 
deposition techniques, where these characteristics cause the formation of amorphous or 
nanocrystalline films. However, the enhanced surface diffusivity imposed by the flux of 
energetic species involved in PLD and its pulsed nature providing extended periods for 
atomic reorganization favour the growth of dense crystalline layers of high quality at 
comparatively low substrate temperatures. Koster et al. [188] for instance devised a variant 
they call pulsed interval laser deposition, where in a first cycle step the material equivalent to 
precisely one monolayer is deposited rapidly by applying the corresponding number of laser 
pulses with a high repetition rate. Then a period with no laser pulses follows to warrant 
sufficient time (~20 s) for complete relaxation, promoting layer by layer growth. 

The way how a specific material grows on 
a given substrate can generally be 
controlled in PLD to a wide extent by the 
substrate temperature as well as the energy 
distribution, flux and chemistry of the 
impinging species by variation of the 
background gas, its pressure, the substrate 
to target distance and/or the laser 
parameters such as wavelength, pulse 
duration, repetition rate, and applied laser 
fluence. Nevertheless thermo-dynamical 
aspects such as the film-substrate 
chemistry, the substrate crystallographic 
orientation, miscut angle and surface 
quality, which can only be influenced       
to a limited amount for a given system, 
play an important role in determining the 
fundamental growth mode. Considering   
the initial stages of the process, three 
fundamental growth modes can be 
distinguished (Fig. 20). 
 
Island formation (Volmer-Weber mechanism) is favoured in cases where the binding energy 
between film species, Eff, is larger than the binding energy to the substrate, Efs, as often found 
for the deposition of metals on dielectrics. Two dimensional growth in a layer by layer 
fashion (Frank-van der Merwe mechanism) prevails if the energetic situation is reversed,  
i.e. the film material wets the substrate surface, with important examples in the field of 
semiconductor heteroepitaxy. In the Stranski-Krastanov mode a change from layer by layer 
growth to island formation is observed after completion of the first monolayer(s), e.g. as a 
result of lattice mismatch stress altering the energetic situation. The step-flow mode is a 
special case of layer by layer growth in which the mobile adatoms are incorporated at the 
steps edges of a vicinal surface with an average terrace length L. It requires a low flux at a 
high surface diffusivity and sufficiently large density of steps, N, and may thus be promoted 
by carefully choosing the substrate’s miscut [155]. 

 

Fig. 20: Fundamental modes of thin film growth. 
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Structural zone models have proven valuable to describe the dependency of the final film 
microstructure on the predominant deposition parameters. The earliest model by Movchan 
and Demchishin (1969) for thick films grown by thermal evaporation identified three 
microstructural domains scaling with the reduced temperature Tr = T/Tm wherein Tm is the 
melting temperature of the film material [189]: 

a. Zone 1 (Tr < 0.3): shadowing and low adatom mobilities results in a columnar 
morphology of small fibrous grains separated by voids 

b. Zone 2 (0.3 < Tr < 0.5): surface diffusion control yielding a polycrystalline dense 
columnar structure 

c. Zone 3 (Tr > 0.5): bulk diffusion control yielding a dense microstructure of equiaxed 
grains increasing in size with Tr 

Thornton [190] extended this concept to sputter deposited layers introducing the background 
gas pressure as a second scaling parameter. An additional so called transition zone T between 
zone 1 and 2, consisting of densely packed fibrous grains, which is promoted by low 
background pressures, was identified (Fig. 21). As in PLD, the multiple collisions at 
increasing background pressure lower the kinetic energies and thereby adatom mobilities. 
Secondly, the distribution of incident angles widens, increasing the oblique flux component of 
the vapour species impinging on the substrate, which favours void formation by shadowing. 
Inversely, a flux of highly energetic species provides one way to overcome kinetic limitations 
enabling the deposition of dense layers at comparatively low substrate temperatures. 

 

 

 

 

Fig. 21: Thornton’s structural zone model for sputter 
deposited coatings. Adapted from [190].  

 
Fig. 22: Effect of pressure and substrate 
temperature on thin film microstructure in PLD. 
Adapted from [141]. 

 
Infortuna et al. [141] investigated the microstructural dependency of PLD-grown thin films 
on the pressure and substrate temperature finding close agreement to the predictions of 
Thornton’s model for sputter deposited coatings in the low pressure regime with dense CGO 
and YSZ coatings of zone T (A in Fig. 22) respectively zone 2 type (B in Fig. 22)  
obtained < ~5 Pa. At higher background pressures, however the previously mentioned  
PLD-specific pressure-induced formation of clusters in the ablation plume prevails.  
The resulting films consist of loosely agglomerated nanoparticles assembled in porous 
columnar structures due to the shadowing effect (D in Fig. 22). Sufficiently high temperatures 
in this regime cause a ‘dissolution’ of the individual constituting nanoparticles to columnar 
grains extending over the complete film thickness, but shadowing prevents a full densification 
as voids between the grains persist (C in Fig. 22). 
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1.5 Aim of the work 

The objective of this work is to evaluate the potential of PLD for the growth of ion and mixed 
conductive metal oxide thin films meeting the functional requirements in micro SOFC 
applications. 

The essential challenge to obtain a sub-µm dense, gas impermeable ceramic electrolyte 
membrane stimulated a comprehensive fundamental study of the laser ablation characteristics 
of YSZ as the state-of-the-art solid electrolyte material. The perspective was to identify 
conditions preventing the transfer of condensed phase particles in PLD that compromise  
the gas tightness of the growing layers. In a second step the dependency of the film 
microstructure on the PLD process parameters should be established including also CGO as 
an alternative potential electrolyte and SSC as a promising mixed ionic-electronic conductive 
cathode material. Thermal post-processing provides an additional option for microstructural 
control, but is moreover of interest to assess the thermal phase stability and reactivity as well 
as, more fundamentally, the crystallization kinetics of thin metal oxide films, which are 
scarcely studied yet. The controlled manipulation of the film microstructure is the basis to 
investigate the interplay between the film microstructure and its physical (electrical, 
mechanical, optical) properties. In this context the comparison of experimental evidence for a 
wide array of microstructures accessible by different deposition techniques within the 
collaborative NANCER project was envisioned to elucidate the presently contradictory data 
concerning the electrical conductivity of YSZ (compare section 1.3.3.2). 

Based on these results, the most promising layers and deposition conditions should be 
identified with respect to micro SOFC applications and guidelines for a soft processing, 
required for the fabrication of free-standing membranes, should be developed. 

Adequate thin film characterization procedures were to be evaluated and developed 
throughout the work. 
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2. Experimental 

2.1 Investigations on the laser ablation of YSZ 

2.1.1 Laser sources and targets 

Table 5 provides an overview of the different laser sources applied for the ablation 
experiments, and their main characteristics. They cover a photon energy range from well 
below to above the band gap energy of zirconia (5.5-5.8 eV) with pulse durations on the  
ns- and fs-time scale. The chirped pulsed amplification (CPA) type fs-Ti-sapphire system and 
its optical setup for harmonics generation are described in detail elsewhere [191]. The pulse 
duration was derived from the spectral full width at half maximum (FWHM) of the 
fundamental radiation, assuming the pulse to be Fourier-limited. In the case of the  
ArF excimer laser, the beam path of the emitted light (λ: 193 nm) was enclosed in a cabinet 
purged continuously with N2 gas to minimize absorption losses by atmospheric gases in all 
experiments. 
 

Table 5: Lasers systems employed in the ablation experiments. 
 

Laser λ [nm] hν [eV] τp f [Hz] Beam profile 

Lambda Physik LPX 301i ArF excimer 193 6.42 25 ns 5 Flat-top 

Lambda Physik LPX 105e KrF excimer 248 5.00 20 ns 5 Flat-top 

Lambda Physik COMPex 205 XeCl excimer 308 4.03 30 ns 5 Flat-top 

Quantel Brilliant B Nd:YAG (4ω) 266 4.66 5 ns 10 Gaussian 

Coherent Legend Ti-sapphire (1ω, 3ω) 
795 1.56 150 fs 5 Gaussian 

266 4.66 150 fs 5 Gaussian 
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The following targets were chosen to study the effects of the dopant level, i.e. the 
crystallographic phase composition, and microstructure, on the ablation characteristics: 
 

a) Commercial 9.5 mol% Y2O3-doped ZrO2 (9.5YSZ, fully stabilized) single crystals 
(Crystec GmbH) of (100) orientation with a size of 10 x 10 x 0.5 mm³ and a root mean 
square surface roughness Rq of < 0.4 nm. 

b) Polycrystalline sintered pellets of 8 mol% Y2O3-doped ZrO2 (8YSZ, fully stabilized) 
c) Polycrystalline sintered pellets of 3 mol% Y2O3-doped ZrO2 [3YSZ, partially 

stabilized (TZP)] 
 
The ceramic pellets were obtained by uniaxial pressing of powders with the corresponding 
chemical composition (Tosoh Corp.) at 4.0 kbar and subsequent sintering for 10 h at  
1,600°C (8YSZ) respectively 1,400°C (3YSZ) in air. The resulting microcrystalline specimen 
were ground using SiC abrasive paper and polished to a mirror finish with diamond 
suspensions yielding a surface roughness Rq of 5.0-6.8 nm. 

 
2.1.2 Laser ablation 
 

 

Fig. 23: Scheme of the laser ablation setup (ns-lasers), not to scale. 
 
 
Ns-laser ablation experiments were performed in air using an imaging setup (Fig. 23).  
A square aperture (2.5 x 2.5 mm²) cutting a central homogeneous part of the laser beam was 
projected at a demagnification ratio of 10:1 by a UV-grade fused silica lens (f: +100 mm)  
onto the surface of the ceramic targets mounted on a XYZ stage to yield a spot size of 
approximately 250 x 250 µm². In the case of the fs-pulses, the full beam was projected onto 
the target surface by a UV-grade quartz lens (f: +50 mm) while the sample was positioned 
above the focal plane to avoid a laser-induced breakdown in air. The spot size was adjusted 
by defocusing to a diameter of ~175 µm for fs-NIR pulses, respectively ~55 µm for fs-UV 
pulses. The pulse energy, measured with a pyroelectric detector, was controlled by a variable 
dielectric attenuator for the ns-pulses respectively a set of grey filters for the fs-pulses to yield 
fluences in the range of 0.35 to a maximum of ~18 J/cm². The lasers were operated at a 
repetition rate of 5 Hz except for the Nd:YAG laser, which is designed for operation at a fixed 
repetition rate of 10 Hz. Computer control of the shutter, attenuator and XYZ stage movement 
enabled automated writing of matrices with systematic variation of the fluence and the 
number of laser pulses (single pulse to 10,000 pulses) applied at an individual laser irradiated 
site (Fig. 24). The distance between adjacent ablation sites was kept constant at 1 mm. 
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The topography of the laser ablation 
sites was measured with a stylus 
profilometer (Dektak 8, Veeco 
Instruments Inc.). The ablation depth 
was calculated averaging over the 
FWHM of two perpendicular central 
profilometric cross-sections for each 
ablation cavity (Fig. 25) assuming 
ideal cuboid (ns-pulses) respectively 
rotation symmetric (fs-pulses) 
geometry. The quantitative analysis of 
these data yields etch rates as a 
function of the laser parameters, and 
allows deducing the threshold fluence 
where material removal starts as well 
as values for the effective absorption 
coefficient of the target material 
(compare chapter 3). 
 

 

Fig. 25: Example of a 3D profilometric topography scan of an ablation cavity (polycrystalline 8YSZ target,  
λ: 193 nm, τp: 25 ns, F: 3.4 J/cm², 100 pulses). Two perpendicular central cross-sections devoid of artifacts are 
selected to determine the ablation depth averaging over the FWHM. 
 
 
Moreover, the morphology of the laser irradiated sites was analyzed by scanning electron 
microscopy (compare section 2.3.3). Raman microscopy (compare section 2.3.5) was 
employed to investigate possible changes of the target crystallographic phase composition 
upon pulsed laser ablation. 
 
 
2.1.3 Time-resolved imaging of laser ablation processes 

Ns-shadowgraphy is a valuable tool for time-resolved imaging of laser ablation processes and 
the propagation of the generated products (vapour, particles) and shockwave(s) [192-195].  
The principle setup of this pump-probe type experiment is depicted in Fig. 26. A pump laser 
pulse is focused on the ceramic target causing an ablation event. A frequency-doubled  
Q-switched Nd:YAG probe laser pulse (λ: 532 nm, τp: 5 ns) was used to excite a fluorescent 
dye (Rhodamine 6G dissolved in methanol) at a variable delay time Δt, controlled by a delay 
generator (SRS DG 535, Stanford Research Systems). The fluorescence light serves as 
backside illumination for image acquisition by a synchronized CCD camera equipped with a 

 

Fig. 24: Optical micrograph of a part of an ablation matrix on 
a 9.5YSZ single crystal target (λ: 193nm). The laser 
irradiated areas show a brownish to black colour and each 
corresponds to a defined number of pulses and fluence.  
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macro objective, which is positioned on the opposite side of the sample on one axis with the 
dye, and perpendicular to the laser beam. An interference filter placed in front of the camera 
objective blocks light emitted by the intense plasma plume, which would else saturate the 
CCD camera. The resulting shadowgraphs depict the instantaneous differences in the 
refractive index above the target surface. The temporal evolution of the ablation processes and 
spatial propagation of the shockwave and different ablation products (vapour, fragments) is 
detected by sequential acquisition at different delay times. 

 

 

 

 

Fig. 26: Ns-shadowgraphy experiment (schematic).  
 
Fig. 27: Light scattering experiment for time-
resolved imaging (schematic). 

 

A modification to the setup, described in detail elsewhere [196], was employed to visualize 
specifically the generated aerosol particles by laser-induced scattering (Fig. 27). A vertical slit 
aperture was used to generate a ~0.5 mm wide sheath from the probe laser beam, which is 
subsequently projected above the target surface. Laser light scattered from particles, present 
in the interaction volume, is detected by the CCD camera positioned at a 90° angle to the 
propagation direction of the laser sheath, yielding an instantaneous image of the particle 
distribution above the target surface at the set delay time Δt. Due to the horizontal 
polarization of the probe beam, Rayleigh scattering is mainly suppressed, which favours the 
visualization of particles and aggregates within the Mie size range, i.e. D > 0.05·λ. 

The ablation experiments for time-resolved imaging were conducted in air using the  
ns-ArF excimer (spot size on the target adjusted to 150 x 150 µm²) and the  
fs-Ti-sapphire (NIR and UV) listed in Table 5 as pump lasers. The results and their evaluation 
are presented in chapters 3.2-3.4. 

 
2.1.4 Particle size distributions in laser generated aerosols 

The amount of particles generated by ablation using different laser sources and fluences as 
well as the corresponding size distributions in the sub-µm range were quantified with an 
optical high sensitivity laser aerosol spectrometer (Particle Measuring Systems Inc.) assuming 
spherical geometry. The detection principle relies on light intensity variations induced by the 
light scattering from singular aerosol particles in the analyte gas flow probed by a laser beam 
and refers to a calibration with monodisperse spherical polystyrene particles. 
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Fig. 28: Scheme of the experimental setup for measuring particle size distributions in laser-generated aerosols. 
 
 
A continuous flow of air (1 L/min) was utilized to transport the laser generated aerosol from a 
cylindrical ablation cell with a UV-grade quartz optical entrance window [191] to a dilutor 
(MD-19-1i, Matter Engineering) where it was diluted to 4 vol.% by mixing with Ar prior to 
the inlet of the spectrometer (Fig. 28). Each measurement was acquired by integrating for  
50 laser pulses at a repetition rate of 1 Hz plus 10 s, which allows a complete purging of the 
ablation cell volume. 
 
 
 
2.2 Thin film preparation 

2.2.1 Materials 

Within this work the thin film growth of different materials, i.e. yttria-stabilized zirconia 
[partially stabilized (TZP) with 3 mol% Y2O3 (3YSZ) and fully stabilized containing  
8 mol% Y2O3 (8YSZ)] and Ce0.9Gd0.1O1.95 (CGO) as potential solid electrolyte and  
Sm0.5Sr0.5CoO3-δ (SSC) as promising cathode material for SOFC applications, was 
investigated. 

The ceramic targets for PLD were fabricated as follows: 

a) 8YSZ: Cylindrical (Ø: 12.7 mm, length: ~50 mm, for ns-PLD) respectively  
disc-shaped (Ø: 25 mm, thickness: 3-5 mm, for fs-PLD) targets were obtained by 
uniaxial pressing of 8 mol% Y2O3-doped ZrO2 powder (Tosoh Corp.) at 4.0 kbar and 
subsequent sintering for 10 h at 1,600°C. 

b) 3YSZ: Cylindrical (Ø: 12.7 mm, length: ~50 mm, for ns-PLD) respectively  
disc-shaped (Ø: 25 mm, thickness: 3-5 mm, for fs-PLD) targets were obtained by 
uniaxial pressing of 3 mol% Y2O3-doped ZrO2 powder (Tosoh Corp.) at 4.0 kbar and 
subsequent sintering for 4 h at 1,400°C. 

c) CGO: A disc-shaped target (Ø: ~50 mm, thickness: ~5 mm) was prepared from 
commercial Ce0.9Gd0.1O1.95 powder (Rhodia) by uniaxial pressing at 2 tons for 1 min 
followed by isostatic pressing at 60 tons for 30 s and sintering at 1,500°C (12 h). 

d) SSC: Sm0.5Sr0.5CoO3-δ powder was synthesized by solid state chemistry according to 

( ) 2x30.50.5243332 CO 12CoOSrSm 24O  x125OCo 8SrCO 12OSm 6 +→−+++ −
 

(35). 

 Sm2O3 powder was dried at 800°C for 10 h before weighing all precursor powders 
(Alfa Aesar, purity: 99.99%+) in the calculated stoichiometric amount on a high 
precision digital balance (Mettler Toledo). The mixture was ball milled and pressed to 
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a pellet at ca. 15 tons for subsequent sintering at 900°C (12 h) and in a second step, 
after regrinding, at 1,200°C (40 h) in air. A cylindrical target (Ø: 12.7 mm,  
length: ~50 mm) was prepared from approximately 50 g of the synthesized single 
phase Sm0.5Sr0.5CoO3-δ powder by uniaxial pressing at 4.0 kbar and subsequent 
sintering at 1,200°C (20 h). 

The sintered ceramic targets were grinded with SiC abrasive paper and polished using 
diamond suspensions to yield uniform smooth surfaces. The surface was refreshed by 
repeating this treatment after several depositions to avoid a severe roughening and possible 
changes of the chemical composition by continuous laser ablation. 

Table 6 lists the substrates used for thin film growth of the different materials investigated. 
The single crystals with dimensions of 10 mm x 10 mm x 0.5 mm (0.375 mm for Si) were 
purchased from Crystec GmbH while Si/Si3N4 substrates, pre-structured for the fabrication of 
SOFC membranes (compare chapter 5.5), were supplied by the Institute of Nonmetallic 
Inorganic Materials, ETH Zurich. MgO samples had to be stored in a desiccator to avoid rapid 
surface degradation in humid atmospheres [197]. 

The substrate selection was driven by considerations of chemical inertness, electrical 
insulation, and high temperature compatibility for fundamental studies of the film properties 
(sapphire, MgO), respectively with regard to a Si-based micro SOFC concept. LaAlO3 proved 
useful in Raman investigations to avoid a superposition of YSZ film and substrate peaks as 
observed e.g. for sapphire (compare chapters 4 and 5). 
 

Table 6: Substrates used for thin film deposition of the different materials investigated. 
 

Target material Substrate(s) 

3YSZ, 8YSZ Sapphire (0001), Si (100)*, LaAlO3 (110), 
pre-structured Si/Si3N4 for SOFC-membranes 

CGO MgO (100), Si (100)* 

SSC Si (100)*, sapphire (0001) 

* p-doped (boron), resistivity: 1-20 Ω·cm 

 
Substrate pre-treatment comprised of cleaning with acetone and alcohol (methanol or ethanol) 
using optical lint-free tissue and drying in a N2 jet. No special efforts were taken to remove 
the native oxide layer on Si. In the case of sapphire, the main type of substrate used within 
this work, a final thermal annealing treatment at 1,000°C (1 h) in air was applied prior to thin 
film deposition to yield well-defined smooth terraced surfaces [198]. An example is shown  
in Fig. 29. The steps at the terrace edges in the AFM image have a height of ~2 Å 
corresponding to 1/6th of the unit cell and can be related to successive oxygen layers along the 
c-axis of the hexagonal sapphire structure. 
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Fig. 29: Topographical AFM image of a sapphire (0001) substrate annealed at 1,000°C (1 h, air). The steps at the 
terrace edges have a height of ~2 Å. The miscut angle calculated from the terrace width (~100 nm) is ~0.11° and 
was generally found to be < 0.25°. No terrace structure is visible prior to annealing. 
 

2.2.2 Conventional PLD 

Thin YSZ and SSC films were deposited by pulsed ns-laser ablation in a high vacuum 
chamber utilizing an experimental setup equivalent to the illustration in Fig. 15. The helically 
rotating ceramic target in the centre of the chamber was ablated by a KrF or ArF ns-excimer 
laser (compare Table 5) incident at an angle of 45° with a repetition rate of 10 Hz.  
A homogeneous central part of the beam was cut by an aperture (5.0 mm x 5.0 mm) and 
projected onto the target surface by a UV-grade fused silica lens (f: +500 mm) yielding a spot 
size of 1.0 mm² using an imaging geometry. The laser pulse energy could be adjusted by a 
dielectric attenuator within a range of ~10-100 mJ. This yielded realizable fluences on the 
target in the range of ~0.5-6.5 J/cm² taking into account the optical transmission of the quartz 
entrance window, which had to be cleaned from time to time, i.e. removing deposited 
material. The window transmission and laser pulse energies were measured with a 
pyroelectric detector (Gentech QE 50). 

The depositions were conducted in an oxygen background at a pressure, pO2, that was adjusted 
to the targeted value in a range of ~10-2-100 Pa by a needle valve, after evacuation of the 
vacuum chamber to a base pressure < 1·10-3 Pa. The ablated material was collected at normal 
incidence on a substrate mounted on a rotary sample holder by two ceramic clamps that mask 
~1 mm² at two opposite sides of the substrate. The masked areas can be used for profilometric 
film thickness determination (compare section 2.3.1). The substrate was positioned at a set 
distance to the target, which could be varied in a range of 30-70 mm by a linear translation 
stage. The molybdenum-based sample holder allowed resistive heating up to a maximum of 
700°C by passing a current from a d.c. power supply (Xantrex XKW 150-20) through a  
p-doped Si plate located directly beneath the substrate. A resistivity vs. temperature 
calibration curve obtained with a pyrometer was used to set current and voltage values for 
establishing the targeted temperature. During deposition without resistive heating, the 
substrate temperature exceeds room temperature due to the heat transfer from the impinging 
energetic plasma, but does not surpass 70°C for the conditions specified above, as was 
measured with a thermocouple attached to the substrate. Fig. 30 shows a photograph acquired 
during a PLD experiment depicting a rod-shaped ceramic YSZ target, which is blackened in 
the ablated area, the expanding bright plasma plume (centre) and the substrate mounted to the 
rotary holder on the right side. The metallic nozzle visible on the left side at the laser beam 
level is used in pulsed reactive crossed-beam laser ablation (PRCLA), a modification of  
PLD (compare section 2.2.3). 
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The growth parameters were varied within        
the specified ranges in particular for the YSZ   
system to optimize the resulting films in terms   
of the stoichiometry, the microstructure, and        
a minimization of macro defects. Table 7 
summarizes conditions, which were identified as 
favourable for the deposition of dense solid 
electrolyte films with no or few macro defects 
and the desired stoichiometry, respectively for 
the growth of porous to dense SSC films.        
The CGO thin films were deposited using the 
PLD facility at Risø National Laboratory 
described in detail elsewhere [161], which differs 
in construction from the PSI system outlined 
above, but the operation principle is the same. 

 

Table 7: Ns-PLD parameters, which were found to be favourable for the growth of dense solid electrolyte  
layers (YSZ, CGO) respectively porous - dense SSC films. 
 

Target material Laser F [J/cm²] pO2 [Pa] dt-s [mm] T [°C] 

3YSZ, 8YSZ KrF, ArF 
1.5-1.7 
(0.8-5.3)* 

1.0 
(0.1-50)* 

40-55 
(30-70)* 

25/600 
(25-700)* 

CGO KrF 1.1 1.0 68 400 

SSC KrF 1.5 0.01-100* 30-60* 25 

* total investigated range 

The film thickness (20 nm to several microns) could effectively be controlled by varying the 
number of applied laser pulses with typical deposition rates of 0.05-0.2 Å/pulse. 

Comparative pulsed laser deposition experiments using fs-laser pulses were conducted using 
the facilities at the Laboratoire Hubert Curien, St. Etienne, to study the effect of the pulse 
duration on the growth process. A Ti-sapphire laser (BMI/TCL Concerto) with a maximum 
power output of 1 W, operated at a repetition rate of 1 kHz at its fundamental  
wavelength (λ: 795 nm) and providing pulses of ~200 fs duration, as measured by an 
autocorrelator, was focused at a 45° incident angle on a rotating target inside of a high 
vacuum chamber described in detail elsewhere [199]. The material ablated from a 3YSZ 
respectively 8YSZ disc target was deposited in an oxygen background of 1.0 Pa on  
sapphire (0001) substrates positioned in a distance of 40 mm and held at room temperature 
respectively 650°C. About 500 nm thick coatings were deposited and the resulting 
morphologies, attained in a fluence range of 0.8-4.0 J/cm², were compared to films grown 
using ns-laser pulses. 
 
 
 
 

 

 

Fig. 30: Photograph of a pulsed laser 
deposition experiment in operation. 

 



Experimental | 55 

 
2.2.3 PLD modifications 

The following modifications to the conventional PLD setup (compare Fig. 15) were evaluated 
in terms of their efficiency to eliminate the transfer of macroscopic fragments and particles to 
the growing film as well as the obtainable microstructure(s). 
 

(a) Pulsed reactive crossed-beam laser ablation (PRCLA) 
 

Fig. 31 illustrates the experimental setup 
used for pulsed reactive crossed-beam laser 
ablation. Compared to the conventional 
PLD setup, an additional synchronized 
pulsed gas source is implemented with its 
valve nozzle close (< 10 mm distance)      
to the laser ablation spot on the target.       
The supersonic gas expansion from a 
pressurized reservoir into the vacuum 
chamber is crossed with the ablation plume 
close to their origins, creating a localized 
transient high pressure zone at a low time-
averaged pressure, which could enable also 
the use of in-situ analytical methods     
such as RHEED [155]. The plasma species 
are scattered within the high pressure 
interaction volume and transfer a part of 
their energy by multiple collisions to the 
gas pulse molecules activating the latter for 
chemical reactions at the substrate surface. The activation is preserved as the species enter 
rapidly collisionless conditions. The enhanced reactivity in PRCLA has e.g. been used 
successfully to grow strontium titanate oxynitride thin films from a SrTiO3 ceramic target 
applying a NH3 or N2 gas pulse [200]. N2O with a weakly bound oxygen atom (metastable 
compound, ΔHf: +82 kJ/mol) is an ideal choice as a reactive gas for the growth of oxides 
improving the oxygen stoichiometry as it yields a high concentration of reactive atomic 
oxygen species. CuO thin films could for instance be grown from a metallic Cu target using a 
N2O gas pulse [163]. However, no information is available yet on the impact of the gas pulse 
on the transfer of macroscopic particles ejected upon laser ablation. The timing of the gas 
injection provides thereby a tool to maximize the interaction with the plume. For the PRCLA 
experiments within this work, the piezoelectric valve of the gas pulse was triggered 30 µs in 
advance to the laser, injecting N2O gas from a reservoir held at a constant pressure of 2.2 bar 
into an oxygen background of 0.1 Pa for a period of 430 µs. 
 
  

 

 
 
 

Fig. 31: Operational principle of PRCLA 
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(b) Off-axis PLD 
A variant (‘off-axis PLD’) in which the substrate is 
oriented with its surface normal perpendicular to the 
plume main axis (Fig. 32) has been used for             
a complete removal of laser generated droplets          
in the growth of YBa2Cu3O7-δ thin films [165].              
The trajectories of heavy macroscopic particles are 
not influenced by collisions with background gas 
molecules. The particles may therefore not reach the 
substrate surface in the off-axis geometry. On the 
contrary, atomic and molecular plume species obtain 
a flux component directed to the substrate top and 
bottom surfaces (green arrows in Fig. 32) by 
multiple collisions with the background species and 
may therefore contribute to the film growth.  

The technique was adapted to the deposition of YSZ thin films. It was found that significant 
background pressures > 20 Pa were necessary to obtain reasonable deposition rates 
comparable to conventional pulsed laser deposition. 

The benefits and limitations of these PLD modifications for the growth of YSZ solid 
electrolyte layers will be discussed with the experimental evidence in chapter 3.5. 
 

2.2.4 Quartz Microbalance 

Since quartz crystal oscillators have been introduced as gravimetric tools in 1959 by 
Sauerbrey [201], they have found wide-spread use as precise thickness monitors in thin film 
deposition processes providing sub-monolayer resolution. They enable probing the spatial 
flux distribution in the plasma plume during PLD. The operation principle is based on the 
dependency of a piezoelectric quartz resonator’s fundamental frequency on a mass load 
applied to its surface. The essential outcome of a theoretical treatment, which can be found 
elsewhere [202], is that an increase of the vibrating total mass (normalized to the active area) 
by an increment Δm shifts the resonance frequency by 

ΔmΔf ⋅−= K
 

(36) 

to a lower value. The linear proportionality is valid for changes up to ~1% of the initial 
resonance frequency. The mass sensitivity K in eq.(36) is largest for vibration in the 
thickness-shear mode, e.g. in the case of the AT-cut quartz crystals, which were employed 
within this work (K: 5.65 MHz·m²/kg, f: 4.9152 MHz) [202]. The fundamental vibration was 
induced by applying a corresponding a.c. electrical potential to the Ag electrodes present on 
both sides of the quartz crystal via connection to an oscillator circuit. The resonance 
frequency of the oscillator circuit was detected continuously using a frequency counter 
(Pendulum CNT-90) and read out via USB interface by a developed LabView®-based data 
acquisition software at a selectable sample rate ≥ 500 ms. The quartz crystal was mounted by 
a custom adapter to the substrate holder in the PLD setup. This enables measurements of the 
mass deposition rate [ng/(cm²·pulse)] that is determined from the linear slope of a plot of the 
resonance frequency versus the number of applied laser pulses (Fig. 33) as a function of the 
film growth parameters. Monitoring of the frequency prior and after the deposition allows for 
a correction of thermal drift effects. The mass deposition rate can be converted to a thickness 

 
 

Fig. 32: Off-axis PLD (schematic) 
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deposition rate [nm/pulse] assuming that the film attains the theoretical density.  
If the physical layer thickness is accessible by another technique (compare section 2.3.1) the 
film density may inversely be determined. 
 

 

Fig. 33: Example of a quartz micro balance (QMB) measurement (SSC target, ns-KrF laser, F: 1.5 J/cm²,  
f: 10 Hz, pO2: 0.1 Pa, d: 55 mm). A shutter was opened after ~300 pulses and closed again after ~1,450 pulses. 
The thermal drift of the crystal can be derived from the acquisition periods with closed shutter. The frequency 
decrease in between is due to the deposition of ablated material on the quartz crystal. A mass deposition rate 
of 5.03 ng/(cm²·pulse) is deduced form the linear slope.  
 

2.2.5 Post-annealing 

Thermal annealing of thin metal oxide films in air or pure oxygen is often applied to amend 
oxygen deficiencies, which are ubiquitous for vacuum-based PVD techniques.  
The investigation of the thermal phase stability and thermally activated microstructural 
changes or degradation processes such as interfacial chemical reactions and cation 
interdiffusion is particularly relevant to functional layers intended for high temperature 
applications. Finally, the crystallization of initially amorphous thin films offers the 
opportunity to access microstructures potentially very different to those inherent to  
as-deposited crystalline layers. The control of the film microstructure requires knowledge 
about the crystallization thermodynamics and kinetics, which is yet rarely available for metal 
oxide coatings. The mentioned characteristics were investigated applying ex-situ analysis 
techniques (compare section 2.3) to layers annealed subsequent to their deposition using 
isothermal dwells of variable duration (1 min to 20 h) at different peak temperatures  
(150-1,000°C) in a tubular furnace. A constant heating and cooling rate of 3 K/min was 
applied. The crystallization kinetics of amorphous YSZ layers were moreover investigated  
in-situ using the hot stage XRD technique (compare section 2.3.4). The results are presented 
in detail in chapter 5. 
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2.3 Thin film characterization 

2.3.1 Determination of the film thickness 

A number of different methods can be applied to determine the thickness of sub-µm layers. 

In profilometric analysis a levered µm-sized tip, the so called stylus, traces the surface 
topography with a defined contact force using an adaptive feedback loop during the relative 
lateral movement of the sample versus the stylus. The vertical resolution is in the Å-range 
comparable to atomic force microscopy, while the lateral resolution is significantly coarser, 
typically in the µm-range. A Dektak 8 profilometer (Veeco Instruments Inc.) with a standard 
stylus of 5µm tip radius was used to quantify the surface roughness of ablation targets  
and the ablation rates from the depth of ablation cavities (compare chapters 2.1 and 3.1).  
The thickness of deposited thin films was measured by scanning across a step generated by 
masking small areas at two opposite sides of the substrate with ceramic clamps used for 
fixation of the sample to the substrate holder (compare section 2.2.2). 

The physical layer thickness can be deduced from cross-sectional electron micrographs 
(compare section 2.3.3) of nm-sized lateral resolution with an accuracy that depends mainly 
on the calibration of the microscope. Cross-sectional specimen of the thin film samples for 
scanning electron microscopy (SEM) inspection were prepared by cleavage. 

The characteristic X-rays emitted by a sample impacted by highly energetic particles,  
e. g electrons in an SEM, are widely used for elemental analysis. Energy dispersive X-ray 
spectroscopy (EDX) employs a liquid nitrogen cooled Li-doped semiconductor detector, 
which produces an electrical count signal proportional to the energy of the emitted X-ray 
photon. In thin film samples the intensity ratio of the background corrected film to substrate 
signals can be utilized to determine the layer thickness. A model of the sample surface 
requiring the input of the layer density and chemical composition is used in Monte Carlo 
simulations of the electron trajectories for the given experimental conditions. The layer 
thickness is treated as a feedback variable, which is altered until a match of the calculated 
ratio of emitted characteristic X-rays of a selected film elemental line (usually the strongest) 
to a selected substrate signal matches the experimental value within a specified accuracy,  
e.g. < 1% deviation. In the present work, the CASINO v.2.42 Monte Carlo simulation  
software [203] was applied to analyze the thickness of CGO layers (t: 20-430 nm) based on 
EDX data assuming theoretical film density and retention of the target stoichiometry, which is 
justified according to evidence by SEM and Rutherford backscattering spectrometry (RBS). 
The EDX spectra were acquired at electron energies of 10, 15 and 20 keV and a beam current 
of 1 nA with count rates of 1,000-3,000 s-1 at a detector working distance of 20 mm and a 
take-off angle of 30° integrating for 300 s each. The thickness refinement yielded an 
agreement of the calculated and experimental integral peak ratio of the Si Kα,β-line at  
1.84 keV to the Ce Lα-line at 4.84 keV within 1%. 
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Rutherford backscattering spectra (compare section 2.3.2) yield primary thickness 
information in terms of formula units of the determined layer chemical composition per cm². 
This quantity, Y, can be converted to a physical layer thickness, t, assuming ideal film  
density, ρ, according to 

ρ
MYt
⋅

⋅
=

AN  
(37), 

where M represents the molecular mass corresponding to one formula unit of the layer 
composition and NA is Avogadro’s constant. 

Fig. 34 compares the layer thicknesses 
obtained by the different techniques 
mentioned above for a set of           
PLD-grown CGO films. The SEM, 
EDX and RBS-derived data are 
consistent within a maximum deviation 
of 10%. The profilometric thicknesses 
were in general systematically lower by 
up to 20%. This is attributed to 
shadowing effects of the ceramic clamps 
decreasing the local deposition rate       
at their edges and uncertainties in 
determining the step height from the 
non-ideal real scan profiles, e.g. by 
superimposed wafer curvature or 
rounded edges from the polishing 
treatment in the fabrication process. 
 

In addition to the techniques mentioned above, interference effects observed when the 
wavelength of the probing radiation is on the order of the film thickness may be utilized for 
thickness determination in the case of uniform layers with a low roughness. X-rays are 
therefore suitable to probe ultrathin films (< 50 nm) in reflection mode, while UV-Vis-NIR 
spectrophotometry can be applied for thicker layers (compare section 2.3.6). 
  

 

Fig. 34: Comparison of film thicknesses derived by 
different techniques for CGO layers deposited by PLD 
on Si (100) substrates for several deposition times. 
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2.3.2 Film stoichiometry by ion beam analytical techniques 

Monoenergetic MeV ion beams are perfectly suited as a quantitative, practically  
non-destructive probe to determine the chemical composition of sub-µm (multi)layers [204].  
Fig. 35 illustrates schematically different physical processes of ion beam-material interaction, 
which can be used for analytical purposes. 
 

 

Fig. 35: Physical processes in MeV ion beam-material interaction eligible to analytical purposes:  
(a) elastic backscattering of projectiles (Rutherford backscattering spectrometry, RBS), (b) elastic forward 
scattering of target nuclei (Elastic recoil detection analysis, ERDA), (c) emission of characteristic X-rays from 
target nuclei as a result of impact ionization by the projectile (Particle induced X-ray emission, PIXE). 
 

The projectiles elastically backscattered at target atoms in the sample are detected in 
Rutherford backscattering spectrometry (RBS). The energy transfer from the impinging 
particle to the stationary target atom can be described by the binary collision theory and yields  
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for the ratio of the projectile energy after (E1) and before the collision (E0), the so called 
kinematic factor K. For a given scattering angle, θ, projectile of mass, M1, and initial  
energy, E0, the kinematic factor depends only on the mass of the target atom, M2, which may 
therefore be determined and the target element identified by measurement of E1.  
Eq.(38) is only valid for target atoms situated at the surface as the projectiles lose 
continuously energy along their trajectory to the electrons around the target nuclei, which is 
described by the stopping power dE/dx. The energy scale in RBS represents therefore a mass 
and depth scale. The stoichiometry ratio between two elements in a compound film AmBn 
depends only on the detected intensities, Qp, and the individual scattering cross-sections, σp, 
according to 
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For common projectile energies, the scattering cross-sections are given by the Rutherford 
formula 
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(40). 
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For fixed experimental conditions the scattering cross-sections depend only on the target atom 
mass and atomic number Z2 and can be calculated, which renders RBS an absolute method 
that does not require any standards and in fact is frequently used as a reference for other 
techniques [205]. The established precise mathematical treatment of the elastic scattering 
process facilitates the accurate simulation of RBS spectra to fit experimental data yielding a 
depth profile of the chemical composition and the layer thickness(es). 

A monoenergetic 2 MeV 4He ion beam produced by the tandem Van de Graaff accelerator at 
the ion beam analytical facilities at ETH Zurich was applied for standard RBS analysis of the 
thin film samples investigated within this work. The beam was focused to a spot size of  
~1 mm² on the centre of the surface of the sample, which was situated on a manipulator in a 
high vacuum chamber. The RUMP software [206] was utilized to analyze the data. 

As Fig. 36 illustrates, the 2 MeV 4He RBS spectrum allowed to determine the cation to metal 
stoichiometry in the case of the CGO layers, but does not allow for a discrimination between 
Ce (4 isotopes between 136 and 142 amu) and Gd (7 isotopes between 152 and 160 amu) due 
to their similar atomic masses. The Ce:Gd ratio was quantified by an additional  
5 MeV 4He RBS spectrum (inset in Fig. 36) as the higher projectile energies enhance the mass 
resolution in the range of elements with high atomic numbers. 
 

 

Fig. 36: Background subtracted 2 MeV 4He RBS spectrum of a 350 nm thick CGO film on a MgO substrate 
enabling determination of the (Ce,Gd):O ratio. Inset: 5 MeV 4He RBS spectrum that allows a quantification of 
the Ce:Gd ratio. The solid red lines represent the RUMP simulations. 
 

Y (1 isotope at 89 amu) and Zr (5 isotopes between 90 and 96 amu) in YSZ thin films could 
not be separated by 2 MeV 4He RBS (Fig. 37) nor at higher projectile energies. In this case 
the Zr/Y ratio was quantified by acquiring an additional particle induced X-ray emission 
(PIXE, compare Fig. 35) spectrum with a Si(Li) detector using 3 MeV protons. The energy 
scale of the detector was calibrated using 200 nm thin films of Y2O3 and ZrO2 deposited by 
PLD, which moreover indicated that absorption effects could be neglected. 
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The atomic concentration ratio of Zr and Y in the YSZ layers, c(Zr)/c(Y), was obtained from 
the integrated peak areas, Ai, of the well separated Kα lines fitted with single Gauss functions 
(inset in Fig. 37) according to 
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(41). 

Herein σ(i), ωK(i) and bα(i) represent the ionization cross-section, the fluorescence yield 
concerning the K-shell and the branching ratio regarding the α-line for Zr respectively Y.  
The values tabulated by Johansson [207] were employed for the calculation. A major 
advantage of PIXE compared to electron microprobes is the almost complete absence of 
Bremsstrahlung background, which enhances the sensitivity considerably. 
 

 

Fig. 37: 2 MeV 4He RBS spectrum of a 140 nm thick film grown by PLD from a 8YSZ target on a sapphire 
substrate enabling determination of the (Zr,Y):Hf:O ratio. The solid red line represents the RUMP simulation. 
Inset: Corresponding PIXE spectrum (3 MeV protons) that allows quantifying the Zr:Y ratio from the integral 
intensity ratio of the Kα lines. Solid lines represent Gaussian peak fits. 
 

RBS is most sensitive to heavy elements as the scattering cross-section increases with the 
square of the target atomic number (compare eq.(40)). Elements like hydrogen with a mass 
smaller or equal to the projectile cannot be detected at all since no backscattering occurs. 
These problems can be overcome by analyzing the forward scattered target nuclei in elastic 
recoil detection analysis (compare Fig. 35) [204]. ERDA spectra were acquired using  
12 MeV 127I projectiles at glancing incidence with a combined TOF spectrometer- 
gas ionization chamber unit for mass and energy dispersive detection of the recoiling target 
atoms. The ERDA experiments aimed at the determination of the oxygen content in thin films 
with a higher accuracy than obtained with RBS respectively the detection of hydrogen 
incorporation. Data analysis was conducted using the MSA software [208]. 
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2.3.3 Force and electron microscopy techniques 

2.3.3.1 Force microscopy 

Scanning probe microscopes (SPMs) represent versatile instruments for the investigation of 
surfaces with nanometer or even atomic lateral and vertical resolution. In the basic atomic 
force microscopy (AFM) operation, a nanometric etched pyramidal Si tip is utilized to probe 
the surface contours extracting topographical information either at constant contact force 
(contact mode) or constant dampening of a resonantly vibrating tip (tapping mode).  
More sophisticated imaging modes employ specially designed tips respectively scan modes to 
obtain additional information, e.g. on local magnetic, electrical or chemical properties. 

Fig. 38 illustrates the experimental setup. The probe tip is fixed to a cantilever located above 
the sample, which is mounted on a piezoelectric XYZ scanner. A visible laser beam is aligned 
on the top of the probe tip being reflected to a quad-segmented position sensitive  
detector (PSD). The generated electrical detector signal (segments (A+C)-(B+D)) allows 
online tracing of the vertical tip deflections due to topographical features as the sample 
underneath is scanned laterally via the piezoelectric scanner. A feedback loop is used to adjust 
the vertical scanner position for constant force respectively dampening imaging, avoiding 
damage to the tip. The resulting torsional bending of the cantilever in contact mode when the 
fast lateral scan axis is oriented at an angle, typically 90° for optimum sensitivity, to the main 
axis, produces an additional horizontal deflection of the probe beam on the PSD.  
The respective differential signal (segments (A+B)-(C+D)) is utilized in lateral force  
microscopy (LFM) to study the surface friction. LFM is a purely qualitative technique that 
allows to distinguish between surface phases of different chemical composition by frictional 
contrast [209]. 
 

 

Fig. 38: Atomic force microscopy: Signal generation in topography (AFM) and friction (LFM) operation mode. 
 

A Nanoscope IIIa SPM (Digital Instruments/Veeco Instruments Inc.) was used to investigate 
the surface topography and homogeneity of the surface chemical composition of PLD-grown 
thin films in contact AFM mode. Si3N4-coated cantilevered tips (MikroMasch) with force 
constants in the range of 0.06-0.15 N/m were employed at minimum contact force, scan rates 
of 1-5 µm/s and high gain settings. Image post-processing and analysis was performed with 
the Nanoscope v.6 software (Digital Instruments/Veeco Instruments Inc.). 
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2.3.3.2 Electron microscopy 

In electron microscopic imaging techniques a focused beam of energetic electrons is scanned 
across the specimen of interest in a raster mode. The interaction of the electron beam with the 
sample is complex and provides manifold physical signals (Fig. 39) that can contain 
information about the local sample topography, chemical composition and structure, which 
may each be analyzed using specialized detectors [210]. 
 

 

Fig. 39: Physical processes involved in the interaction of a material with an energetic electron beam. 
 

In scanning electron microscopy (SEM) the secondary (SE) and backscattered electrons (BE) 
produced by inelastic respectively elastic scattering at a bulk sample’s surface are most 
commonly detected to provide a topographical or Z-contrast image with a maximum 
achievable resolution of ~1 nm in modern field emission instruments. The microstructure and 
topography of PLD-grown thin film samples were analyzed in top and cross-sectional view 
within this work using a Zeiss Supra VP55 FE-SEM. The device was operated in variable 
pressure mode (~20 Pa N2), which yields images analogous to SE-detection in high vacuum, 
to prevent charging of the insulating samples. Alternatively a ~10 nm thin conductive layer of 
carbon or Pd was sputter coated prior to imaging. Grain size distributions were obtained by 
Heyn’s mean lineal intercept method [211] using the Lince v.2.4.2 software to analyze top 
view SEM respectively AFM images, measuring at least 500 individual grains each. 

Electrons transmitted through a sample thinned to electron transparency provide the source of 
information in transmission electron microscopy (TEM), which is used for high resolution 
structural analysis. Electron beam diffraction patterns yield local information about the 
crystallographic order. Within this work, two PLD-grown YSZ layers, as-deposited 
amorphous respectively annealed at 500°C for 20 h, were selected for TEM analysis, which 
was conducted at the Electron Microscopy Centre, EMEZ, at ETH Zurich. Each sample was 
cut to a small piece of ~1 x 10 mm². A protective silicon plate was mounted on top with an 
epoxy glue to form a sandwich being subsequently embedded to a copper tube. Thin slices cut 
from the tube (0.4 mm) were ground and polished to a disk with a thickness of ~0.1 mm  
and thinned afterwards on a Gatan 656 dimple-grinder to a 20 µm thick membrane.  
The membranes were etched to electron transparency by Ar ion milling (Gatan 691 Ion 
Polishing System). In the case of the as-deposited YSZ layer, which proved to be utterly 
sensitive, soft preparation conditions with an Ar ion energy reduced from 4.3 keV (angle: 4°) 
to 3 keV (angle: 3°) were applied at the expense of a prolonged milling time (30-40 h).  
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In an additional effort to diminish beam-induced damage to the YSZ layer, the radiation dose 
transferred to the film was minimized by using a low extraction voltage and irradiance 
requiring long integration times, as well as performing all necessary alignment of the 
instrument on remote parts of the sample. Images were acquired using a Philips CM30ST 
respectively a FEI Tecnai F30 FEG transmission electron microscope with an acceleration 
voltage of 300 keV and a point to point resolution of ~0.2 nm. 
 

2.3.4 X-ray diffraction 

X-rays are ideally suited to probe the lattice order in solids having a wavelength λ ~1 Å, 
which corresponds to the order of typical lattice plane distances. Crystals may therefore act as 
a diffracting ‘grating’ for X-rays. In a symmetric scan, i.e. incidence and diffracting angle θ 
are identical, a strong diffraction from a set of lattice planes with a spacing of d is expected 
when the Bragg condition 

θdλu sin2 ⋅=⋅
 

(42) 

with the order of diffraction, u, as an integer number, is satisfied. 

The number of peaks, their position, shape and relative intensities in X-ray diffraction (XRD) 
patterns yield information on the phase composition of a sample, its degree of crystallinity, 
texture, macro stresses, and unit cell parameters. Small grains (< 100 nm) and intragranular 
defects cause a widening of the diffraction peaks, which can be applied for grain size and 
microstrain analysis using the different angular dependency of both effects (compare eq.(46)). 

A symmetric ω-2θ scan probes exclusively grains oriented parallel to the surface, i.e. the 
lattice order perpendicular to the surface. A symmetry or detailed stress and texture analysis 
requires therefore the use of a four circle goniometer allowing for precise sample alignment in 
all axes and more sophisticated time-consuming techniques, e.g. pole figure measurements. 

The crystallographic phase composition, stresses and grain sizes of as-deposited and  
post-annealed thin film samples obtained within this work were studied by X-ray diffraction. 
The diffraction patterns were acquired with a Bruker AXS D8 Advance diffractometer 
equipped with a position sensitive detector respectively a Siemens D500 instrument, both  
in Bragg-Brentano geometry using Cu Kα radiation. The Cu radiation source, which was 
operated at 40 kV and 40 mA yielded Cu Kα1 radiation (λ: 1.5405 Å) by a Ge monochromator  
(Bruker AXS D8 Advance) respectively Cu Kα1,2 radiation (λmean: 1.5418 Å) in the case of the 
Siemens D500 device. Kβ contributions were eliminated by a Ni-filter. Diffraction patterns 
were detected in symmetric scan mode in a suitable 2θ-range using typically an incremental 
step width of 0.01° and an integration time of 5 s/step. 

The isothermal crystallization kinetics of as-deposited amorphous 8YSZ layers were 
moreover studied in-situ at different temperatures up to a maximum of 450°C using a heating  
stage (Anton Paar TTK 450) mounted to the Bruker AXS D8 Advance diffractometer.  
Scans were detected as a function of annealing time at the set peak temperature in a limited 
2θ-range of 29.25-31°, the region of the most intense (111) reflection, at a fast rate of  
0.2 s/step yielding a reasonable temporal resolution with an acquisition time of ~45 s for a 
single measurement. To minimize significant microstructural changes during the heating 
ramp, the maximum possible heating rate of 30 K/min was applied throughout the in-situ 
XRD experiments. The (0006) reflection of the sapphire single crystal substrates at a 2θ angle 
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of 41.685° was utilized as an internal reference in the ex- and in-situ XRD experiments to 
correct for slight deviations of the sample height from the instrumental reference level within 
the EVA 6.0 analysis software. The peaks were fitted by a Voigt function [212]. The results 
are presented in detail in section 5.2. 

The lattice parameter of the cubic YSZ lattice, a, was calculated as an average value from the 
angular positions of the peak maxima according to [213] 
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(43). 

Herein, θ denotes the diffraction angle (in radians), λ represents the wavelength of the 
radiation and h, k and l are the Miller indices of the respective Bragg reflection. 
 
The crystallographic density, ρ, is derived from the lattice parameter using the relation [213] 
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(44), 

where Zuc represents the number of formula units per unit cell, M is the molar mass and NA is 
Avogadro’s number. The molar mass requires knowledge of the film stoichiometry (compare 
section 2.3.2). 

The experimental FWHM, Δ(2θ)exp, was corrected for the instrumental contribution to peak 
broadening, (Δ2θ)i, which was determined by measuring a stress-free Na2Al2Ca3F14 powder 
standard, according to [214] 
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The angular variance of the corrected FWHM Δ(2θ)c values was analyzed following the 
procedure introduced by Williamson and Hall to calculate the microstrain, ε, and average  
grain size, Dg, from plots of Δ(2θ)c·cosθ versus sinθ based on the equation [214] 
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(46). 

 
2.3.5 Micro Raman spectroscopy 

Raman spectroscopy is a vibrational spectroscopy technique based on the inelastic scattering 
of light. A concise introduction to the theoretical background and practical aspects of the 
technique can be found elsewhere [215]. In combination with an optical microscope setup 
(Micro Raman spectroscopy), which may be configured in a confocal mode to allow for depth 
profiling, a high lateral resolution of ~1 µm is achievable. Monochromatic light from a laser 
source is coupled to the microscope optics and focused on the analyte. The backscattered 
light, which passes a holographic notch filter to attenuate the dominant elastically scattered 
fraction (Rayleigh scattering), is spectrally dispersed in a monochromator and detected by a 
CCD camera in the most common design.  



Experimental | 67 

The detected light intensity is usually plotted as a function of the Raman shift υ~∆  in 
wavenumbers 
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(47) 

with ν0 and νscattered as the frequencies of the incident laser light respectively the scattered light 
and c as the speed of light. Raman spectra reflect the lattice order in a solid and may  
be used as a sensitive fingerprint indicator for phase identification. As an example, the 
characteristically distinct Raman spectra of the three zirconia polymorphs are shown in  
Fig. 40. The number of Raman-active lattice modes depends on the lattice symmetry and may 
be calculated theoretically [216, 217]. 
 

 

Fig. 40: Raman spectra of zirconia polymorphs. Bottom: cubic ZrO2 (stabilized by 9.5 mol% Y2O3),  
centre: tetragonal ZrO2 (stabilized by 3 mol% Y2O3), top: monoclinic ZrO2. 
 

Within this work two different instruments of the design type described above were employed 
to investigate changes in the phase composition upon laser ablation (compare chapter 3) as 
well as in metal oxide thin films (compare chapter 4 and 5): 

(a) A LabRAM Series Raman microscope (Horiba Jobin Yvon) with a He-Ne excitation 
laser (λ: 632.8 nm, output power: ~10 mW), which was focused to probe an analyte 
volume of ~1 µm³. 

(b) A Raman microscope setup (Witec) with a He-Cd laser (λ: 442 nm, output  
power: ~15 mW) providing a focal spot of ~300 nm diameter. 
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2.3.6 Optical properties from UV-Vis transmission data 

The optical characteristics of thin films with a thickness on the order of the wavelength of 
UV-Vis-NIR radiation deposited on a transparent substrate may efficiently be derived  
from transmittance spectrophotometric data only, according to the method introduced by 
Swanepoel [218]. 

Transmittance spectra were acquired at room temperature in the UV-Vis-NIR range  
(λ: 200-2000 nm) using a dual-beam Varian Cary 500 spectrophotometer. A step increment of 
0.5 nm was employed at an integration time of 0.3 s. The sample slot in the reference beam 
remained blank for all measurements. The width of the probe beam was adjusted by a circular 
aperture of ~5 mm diameter to restrict the analyzed area to the centre of the YSZ film samples 
(substrate size: 10 x 10 mm²) and to avoid edge effects. The measured intensity, I, is referred 
to the intensity I0 obtained in a previous baseline scan, i.e. without a sample in the probe beam 
path, to yield the transmission T = I/I0. An uncoated sapphire substrate and a both sides 
polished 10 mm x 10 mm x 0.5 mm sized 9.5 mol% Y2O3-doped ZrO2 (100) single  
crystal (Crystal GmbH) served as reference samples. Purging the sample compartment  
with N2 for 15 min prior to each measurement was performed to minimize absorption losses 
due to atmospheric gases in the deep UV. 

The data analysis followed the scheme given by Ramirez-Malo et al. [219], described in the 
following with the example spectrum in Fig. 41 to illustrate the quantities used herein. 
 

 

Fig. 41: Example of an optical transmittance spectrum (500 nm thick crystalline 8YSZ coating deposited on a 
sapphire substrate (600°C, 0.1 Pa) illustrating the quantities used in the analysis. T is the measured total 
transmittance and Ts the transmittance of the bare uncoated substrate. TM and Tm represent the envelope curves of 
the interference maxima respectively minima obtained by interpolation. The calculated interference-free 
transmittance is included as Tα. 
 

The transmittance of the uncoated substrate, Ts, is determined by the reflection losses at the 
two air-substrate interfaces with the reflectivity R depending on the refractive indices  
ñi = ni - iki of the involved media.   
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In the case of weak absorption (αopt < ~105 cm-1) the imaginary component of the refractive 
index can be neglected, resulting in the well-known equation 
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With the refractive index of the substrate nb = s and the refractive index of air na = 1, s(λ) can 
be calculated from the measured transmittance of the substrate according to 
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(49). 

The obtained values of 1.76-1.80 in the Vis-NIR spectral range correspond well to the 
supplier specifications and literature data [220]. 

The experimental transmission spectrum of the film coated sample, T in Fig. 41, is dominated 
in the spectral region of weak absorption, i.e. > ~250 nm, by interference fringes resulting 
from multiple reflections at the air-film, film-substrate and substrate-air interfaces due to the 
changes in the refractive indices. The basic equation for positive/negative interference is 

λutn ⋅=⋅⋅2  (50), 

where t represents the layer thickness and u the interference order number, which is an integer 
for maxima and a half integer for minima. A uniform film thickness and a smooth surface are 
prerequisites for the appearance of the interference fringes, which contain information about 
the film thickness and refractive index as seen from eq.(50). Envelopes describing the 
positions of the transmittance maxima (TM) and minima (Tm), which converge in the region of 
strong absorption can be constructed by interpolation (compare Fig. 41) and facilitate a 
treatment of TM(λ) and Tm(λ) as continuous functions. These auxiliary functions enable a 
calculation of the refractive index n(λ) in the region of transparency/weak absorption 
according to 
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The layer thickness can be estimated from adjacent maxima (or minima) at λ1 and λ2 with the 
refractive indices n1 and n2 as 
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Both quantities, t and n(λ), can be refined successively using eq.(50) [219] after determination 
of the absolute interference order numbers, u, e.g. according to the graphical method proposed 
in [218]. 
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The absorption coefficient, αopt(λ), is derived from the interference-free transmittance  
Tα = (TM·Tm)1/2 (compare Fig. 41) using the expression introduced by Connell and  
Lewis [221] 
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(54), 

where W = 2Tα(R1R2 + R1R3 - 2R1R2R3) and V = (R1-1)(R2-1)(R3-1) with R1, R2 and R3 as  
the reflectance of the air-film, film-substrate and substrate-air interface, respectively, given  
by eq.(48). The extinction coefficient k(λ) is related to αopt by 
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The functional dependence of the absorption coefficient on the energy of the incident  
photon (hν) in the region of a valence-conduction band transition is given by 
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(56), 

which enables a determination of the optical band gap energy, Eg, from the extrapolation of 
the linear section of a plot (αopt·hν)1/q versus hν to the abscissa. The parameter q depends on 
the type of transition with q = 2 for an indirect band gap and q = ½ for a direct band gap 
material such as zirconia. 
 

2.3.7 Nanoindentation experiments 
 
The mechanical properties of coatings can be probed by indenting the surface with a 
nanosized diamond tip and recording the response in terms of the displacement, h, as a 
function of the applied load, P. Knowledge of the indenter area function, which depends on 
the tip geometry and can be determined by calibration, allows to relate the indentation contact 
depth, hc, to a projected area A = f(hc). The hardness, H, and reduced elastic modulus, Er, of 
the film are derived from the load-displacement curves using the analysis procedure 
developed by Oliver and Pharr [222]. 

The hardness is calculated from the peak load, Pmax, as 

A
PH max=

 
(57), 

while Er is related to the initial unloading stiffness SP = dP/dh at peak load by 

A
SπE P
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(58) 

for any indenter that can be described as a body of revolution of a smooth function.  
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SP is determined by a least square fit of the unloading segment of the P-h curve to a power 
law function and subsequent differentiation. The elastic modulus, E, of the film can be 
calculated from the reduced modulus, which accounts for the non-rigidity of the indenter 
(with an elastic modulus of Ei) using the relationship 

( ) ( )
i

i

r E
ν

E
ν

E

22 111 −
+

−
=

 
(59), 

provided that Poisson’s ratio ν is known for the film and the indenter (νi). 

Nanoindentation experiments were performed at the Laboratory for Mechanics of Materials 
and Nanostructures (EMPA Thun) on PLD-grown ~700 nm thick YSZ films on sapphire 
substrates using a load-controlled nanoindenter XP (MTS Systems Corp.) equipped with a 
Berkovich diamond tip. The load-displacement curves were averaged over 20 measurements 
taken at different positions. Each measurement consisted of a single load sequence with a 
constant loading and unloading rate of 135 µN/s and a holding period of 10 s at the peak load 
to eliminate effects of time-dependent plasticity from the unloading segment. The maximum 
applied load was kept constant at 4 mN for all indentations corresponding to indentation 
contact depths in the range of 95-115 nm, i.e. ~15% of the total film thickness to warrant a 
negligible influence of the substrate. The fracture behaviour of the films was studied using a 
custom built indenter [223] equipped with a diamond cube corner tip, which is operated 
within a Zeiss DSM 962 scanning electron microscope for in-situ observation. Considerable 
loads in the range of ~30-250 mN had to be applied to induce crack formation. 
 

2.3.8 D.c. and a.c. electrical characterization techniques 

A setup for d.c. resistance measurements of thin films at high temperatures in defined gas 
atmospheres was developed (Fig. 42). An alumina encapsulated Pt filament resistive button-
style heater of 2” diameter with internal K-type thermocouple for temperature regulation 
(Heat Wave Labs) was installed on a home constructed water-cooled stainless steel base with 
vacuum compatible electrical feedthroughs (Vacom GmbH) and gas connections (Swagelok) 
at the bottom. A removable KF NW 63 one-end closed quartz tube (EVAC AG) could be 
tightened on top of the base with a rubber gasket, sealing a gas tight compartment around the 
heater. Different gas atmospheres may be realized in the chamber by purging with Ar, O2, H2 
or respective mixtures with mass flow controllers (MicroFlo®, Pneucleus Technologies LLC) 
installed for a defined continuous flux in the range of 0-100 sccm each. A zirconia-based  
pO2-sensor (Rapidox 2100, Cambridge Sensotec Ltd.) installed downstream detects  
the oxygen partial pressure. The heater is connected to a SM 18-50 power supply  
(Delta Elektronika) controlled by an ET-3504 temperature controller (Eurotherm).  
The heater allows a peak set point temperature of 800°C at a maximum heating rate of  
5 K/min. A guard, installed on the rear water cooling line, warrants a safe cooling of the 
system in the case of insufficient water cooling flux to avoid any damage to the heater by 
thermal shocking. The sample is connected electrically via Pt wires to a Keithley 2700 digital 
multi meter with an integrated Keithley 7700 multiplexing unit, which allows conducting two 
four point resistance measurements in one experiment. The Keithley 2700 allows for reliable 
resistance measurements in the range of ~10 mΩ - 100 MΩ. Higher resistances are detected 
by using a Keithley 6220 d.c. source in combination with a Keithley 6514 electrometer.  
The terminal insulation (specification: > 10 GΩ) of the multiplexing unit limits the maximum 
resistance that can reliably be measured to ~1 GΩ. 
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Fig. 42: Setup developed for d.c. electrical resistance measurements at high temperatures. 
 

A second thermocouple glued with Ag conductive paste on an identical substrate and placed 
on the heater beside the sample of interest was read out by the Keithley 2700 unit to 
determine the actual temperature at the surface. A LabView®-based software was developed 
that allows for user-definable temperature programs, gas flow control, data acquisition and 
system monitoring, communicating with the peripheral devices via serial or GPIB interface 
(compare Fig. 42). 

In addition to the setup described above, electrical measurements were performed using 
setups at the Institute of Nonmetallic Inorganic Materials, ETH Zurich, and  
Risø National Laboratory where the contacted samples were positioned in a tubular furnace, 
which allowed for the realization of different gas atmospheres. A Keithley 2400 respectively 
2700 source meter were employed for d.c. resistance measurements and a Hioki 3532-50 
frequency response analyzer for a.c. impedance measurements in the 42 Hz - 1 MHz 
frequency range. Comparatively large root mean square (rms) excitation amplitudes of  
0.5-1.0 V needed to be applied in the latter case to obtain an adequate signal to noise level. 
However, no changes of the impedance values were observed upon changing the rms 
amplitude. Impedance spectra were analyzed using the EIS Spectrum Analyzer software. 

The thin film samples were contacted either in two or preferably in four terminal ‘in-plane’ 
geometry (Fig. 43) by sputter coating parallel metallic (Pt or Ag) electrodes (10 x 0.5 mm) of 
about 400 nm thickness on top of the film using a contact mask. The spacing of the inner 
electrodes was 5 mm. The additional outer electrodes in the four point configuration were 
distanced 2 mm to the respective inner electrodes. 
 

 

Fig. 43: Scheme of electrical contacting of thin film samples in four terminal ‘in-plane’ geometry. 
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Pt wires were attached to the electrodes with conductive Ag or Pt paste (CL11-5100, Heraeus) 
and fixed after drying at 120°C for ~1 h in an electrical oven with ceramic glue (Feuerfestkitt, 
Intertechno FIRAG AG) at the substrate edges, which was hardened at 120°C for ~5 h 
subsequently. 

Cylindrical polycrystalline bulk samples (Ø: ~5 mm, length: ~30 mm), fabricated analogously 
to the PLD targets and contacted with Pt paste and wires, were investigated for comparison in 
a four point probe configuration. 

D.c. resistance data were acquired in a temperature range of 20°C to a maximum of 800°C at 
a heating/cooling rate of 3 K/min in different gas atmospheres (air, N2, Ar/O2 mixtures,  
H2 and humidified H2) at a continuous gas flux of 20 sccm over multiple temperature cycles. 
Impedance measurements were conducted at fixed temperatures in the range of 300-800°C 
after an equilibration time of 30 min each. 

The total electrical conductivities σ can be calculated from the measured resistance values, R’, 
according to 

A
d

R
σ ⋅

′
=

1
 

(60) 

taking into account the respective geometrical conditions of the sample with d as the distance 
between the voltage probe terminals and A as the cross-sectional area available to current 
conduction. For the case of the thin film samples, d corresponds to the inner electrode 
distance of 5 mm and A is derived as the product of the electrode length (10 mm) times the 
film thickness, t (compare Fig. 43). 
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3. Laser ablation characteristics of YSZ* 
 

The laser ablation process is the fundamental basis of pulsed laser deposition and generates 
the material for film growth. Knowledge about the ablation characteristics of a target material 
provides the key to an optimization of the laser parameters and target properties to eliminate 
the ejection of macro particles and achieve high quality films. Up to now, the few studies on 
the laser ablation characteristics of zirconia-based ceramics focus mainly on micro structuring 
aspects [224, 225] or plasma diagnostics [226-228] and remain predominantly restricted to a 
single type of target, respectively laser source. The present work aimed at a comprehensive 
investigation of the ablation characteristics of YSZ with a particular emphasis on particle 
ejection to evaluate ablation conditions enabling the growth of particle-free YSZ films by 
conventional PLD or suitable process modifications. YSZ targets of different microstructure 
and dopant level as well as different laser sources with short respectively ultrashort pulses 
covering photon energies ranging across the optical band gap of the material were 
investigated. 

3.1 Laser ablation metrics 

The minimum laser energy density required to initiate ablation, i.e. the threshold fluence,  
and the amount of material removed as a function of the laser parameters, i.e. the ablation 
rate, are relevant quantities frequently determined as a first step in laser ablation or structuring 
studies. Plots of the depth of ablation cavities as measured by profilometry (compare  
section 2.1.2) versus the number of applied laser pulses (one example shown in Fig. 44) 
reveal a linear proportionality indicating constant material removal for the analyzed situation 
of more than 50 applied pulses. Ablation rates [nm/pulse] can be derived by linear regression 
and are presented in Fig. 45 for fully stabilized YSZ targets irradiated by different laser 
sources. The absolute values of the material removal rates for the UV lasers in Fig. 45 are in a 
range typically found for the UV laser ablation of dielectric ceramics [176, 224, 229].  
A reported systematic enhancement of the material removal by ultrashort pulses however 
cannot be confirmed in the case of YSZ [176, 224]. The comparison of the ablation rates 
obtained at a laser wavelength of 266 nm and different pulse durations reveals even slightly 
lower rates for the fs-UV pulses. Fs-NIR radiation on the other hand yields up to one order of 
magnitude larger ablation rates compared to ns-pulses in the deep UV, which can be 
explained by the larger optical penetration depth in the NIR spectral region, where the target 

                                                 
* Parts of this work have been published in: 

S. Heiroth, J. Koch, T. Lippert, A. Wokaun, D. Günther, F. Garrelie, and M. Guillermin, Laser ablation 
characteristics of yttria-doped zirconia in the ns- and fs-regime, J. Appl. Phys., 107 (2010), 014908. 
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material is intrinsically transparent (compare Table 8 and chapter 6.1). The ablation rates were 
derived from measurements in air, however, no fundamental changes are expected for vacuum 
environments [224]. 
 

 

Fig. 44: Plots of the depth of ablation cavities determined by profilometry versus the number of applied laser 
pulses (λ: 248 nm, τp: 20 ns) for an 8YSZ target and different fluences. Linear regression yields the ablation 
rates. 
 

 

Fig. 45: Ablation rates of fully stabilized zirconia for different laser sources (open symbols: experimental data 
for polycrystalline 8YSZ, closed symbols: experimental data for 9.5YSZ single crystal, dashed lines: fit of 
experimental data according to eq.(61)). 
 

The experimental data in Fig. 45 show a reasonable agreement with the blow-off model, well-
known for the ablation of organic polymers and tissue by pulsed (ultra)fast lasers [194, 230]. 
It predicts a logarithmic dependence of the ablation rate, g, on the fluence, F, according to 









⋅=

theff F
F

α
g ln1

 
(61). 
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Herein, αeff represents the effective absorption coefficient and Fth the ablation threshold 
fluence. The values deduced for αeff and Fth by linear fitting of the experimental ablation rates 
versus the natural logarithm of the laser fluence according to eq.(61) are summarized in  
Table 8. 
 

Table 8: Ablation threshold fluences and effective absorption coefficients as derived from linear regression of 
the experimental ablation rates vs. ln F according to eq.(61) and linear optical absorption coefficients from  
a UV-Vis-NIR transmission spectrum of a 500 nm thin, dense 3YSZ film on sapphire substrate (see chapter 6.1). 
 

λ [nm] τp target Fth [J/cm²] αeff. [103·cm-1] αopt. [103·cm-1] αeff/αopt. 

 

193 
 

25 ns 

 

3YSZ 
8YSZ 

9.5YSZ 

 

0.85 ± 0.10 
0.84 ± 0.10 
0.78 ± 0.11 

 

391 ± 23 
384 ± 21 
345 ± 33 

 

> 200 

 

< 2.0 
< 1.9 
< 1.7 

248 20 ns 8YSZ 0.94 ± 0.09 274 ± 16 9.6 29 

266 
5 ns 3YSZ 

9.5YSZ 
1.09 ± 0.07 
1.02 ± 0.07 

92 ± 6 
97 ± 8 

1.8 

51 
54 

150 fs 3YSZ 
9.5YSZ 

1.11 ± 0.08 
1.05 ± 0.07 

113 ± 8 
117 ± 6 

63 
65 

308 30 ns 8YSZ 1.35 ± 0.20* 52 ± 6 0.13 400 

795 150 fs 3YSZ 
9.5YSZ 

1.41 ± 0.15 
1.44 ± 0.10 

38 ± 2 
42 ± 2 0.03 1265 

1400 

*derived from a power law fit of the ablation rates at fluences ≤ 6 J/cm² 
 

 
Deviations from the blow-off model can be noted in Fig. 45 for the fourth harmonic of the  
ns-Nd:YAG above ~4 J/cm², where a dielectric breakdown in air occurred, and generally 
close to the extrapolated threshold fluence. In the case of 308 nm ns-radiation  
(XeCl excimer laser), the data points below ~6 J/cm² may better be described by a linear or 
power law dependency. An analogous behaviour has been reported for the ablation of pure 
ZrO2 by a ns XeCl excimer laser [224] and could be related to a change in the ablation 
mechanism, e.g. from material removal by thermomechanical fragmentation to vaporization 
or from surface to bulk evaporation, similar to observations for polymer ablation [230].  
As a result of the deviations from the blow-off model at low fluences, the determined 
threshold fluences in Table 8 have to be considered as an upper limit. Actual material removal 
has been observed at fluences, which are ~15% lower. 

The target microstructure and dopant level as well as the pulse duration (in the UV) do not 
affect the ablation metrics in Table 8 significantly. These are mainly determined by the laser 
wavelength as the ablation threshold increases continuously from ~0.8 J/cm² to ~1.4 J/cm² 
and the effective absorption coefficient decreases from ~3.8·105 cm-1 to ~4·104 cm-1 following 
a decreasing optical absorptivity from the deep UV (hν > Eg) to the NIR (hν << Eg).  
Table 8 reveals moreover that the effective absorption coefficient is systematically higher 
than the optical absorption coefficient, far beyond the experimental error. This suggests 
together with additional evidence, i.e. a visible darkening of the irradiated sites  
(compare Fig. 24) and an intensification of the material removal within the first 10 pulses,  
as detected by time-resolved imaging techniques (compare Fig. 61), a laser-induced formation 
of stable absorbing defects. In the case of YSZ these defects are most likely colour  
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centres [231, 232]. Incubation in terms of a permanent laser-induced change of the target’s 
optical absorptivity, which accumulates over the first pulses until steady-state conditions are 
reached, has been demonstrated to be essential for the laser ablation process of different 
oxides and glasses [174, 229] as well as polymers [233]. Incubation is particularly important 
at photon energies below the band gap energy, i.e. for λ ≥ ~220 nm in YSZ, where the 
material is intrinsically transparent and extrinsic defects are indispensible for single photon 
absorption (compare Fig. 16). Accordingly, the observed relative enhancement of αeff 
compared to αopt is largest for the longer wavelengths. Only the ArF excimer laser provides 
photons with an energy above the band gap of YSZ, which enables an electronic 
photoexcitation from the valence to the conduction band by single-photon absorption. 
However, it is important to note that, in addition to the residual modification of the optical 
properties, transient absorptivity changes during the laser impact due to absorption and 
scattering of the plasma plume contribute to the effective absorption. Time-resolved 
measurements revealed that energy losses by plume absorption and scattering of 50% and 
more are possible in ns-laser ablation [224]. 

Due to the high intensities, i.e. ~1013 W/cm², non-linear optical absorption has to be 
considered in addition for ultrashort pulses. The apparent weak enhancement of αeff by 
approximately 20% for fs- compared to ns-pulses observed at a wavelength of 266 nm  
(Table 8) could accordingly be related to multiphoton absorption. The actual contribution of 
multiphoton absorption might be significantly larger as the probability of defect formation 
processes and dielectric breakdown by avalanche ionization, which can be induced by single 
photons, decreases with diminishing pulse duration [224, 229]. However, the similarity of the 
ablation metrics at 266 nm for fs- and ns-pulses suggests a notable contribution of defect 
formation also for ultrashort UV pulses, as previously observed analogously for SrTiO3 [176]. 
Correspondingly, Ihlemann et al. [224] noted that differences in the laser pulse duration are of 
minor importance when the photon energy is similar to the band gap energy, Eg, allowing 
reasonably high single photon absorption. In this case, neither multiphoton absorption nor 
plasma effects would dominate the overall ablation characteristics. Multiphoton absorption is 
probably more dominant for the fs-NIR pulses (hν << Eg) considering the optical transparency 
of YSZ in this spectral region (compare chapter 6.1). However, time-resolved imaging gives 
evidence that incubation still plays an important role (see Fig. 61). 

 
 
3.2 ns-UV laser ablation of fully stabilized zirconia 

The ablation rates provide exclusively information about the quantity of removed material, 
but no details about the physical state of this material or the underlying mechanism,  
which can be investigated e.g. by time-resolved imaging techniques (compare section 2.1.3).  
Fig. 46 depicts a series of shadowgraphs illustrating the temporal and spatial evolution of the 
ablation process in ns-laser ablation of fully stabilized zirconia. 

A planar shockwave is released from the target surface practically instantaneously, i.e. during 
the pump pulse duration (the given delay times refer to the temporal position of the rising 
edges of the pump and probe laser pulse) with an initial velocity of 12-30 km/s depending on 
the fluence (compare Fig. 47 a). The shockwave front expands subsequently, compressing the 
surrounding air, which slows down its propagation speed to a few 100 m/s within a distance 
of 1 mm. During the expansion the shockwave undergoes a transition from the initial planar to 
a hemispherical geometry due to collisions with the surrounding gas [234]. 
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Fig. 46: Series of shadowgraphs for ns-laser ablation of a 9.5YSZ target (λ: 193 nm, τp: 25 ns, F: 4.0 J/cm²,  
10th pulse) recorded at different delays to the pump pulse. 8YSZ shows characteristics analogous to 9.5YSZ. 
 

   

Fig. 47: Propagation and velocity (logarithmic time scale) of a) the shockwave in the gas phase (left) and  
b) the material vapour front (right) generated by pulsed ns-laser impact (λ: 193 nm, τp: 25 ns) on a 8YSZ target. 
The data for 9.5YSZ and 3YSZ are comparable, i.e. within the experimental error. 
 

The shockwave propagation data of laser ablation experiments, given by the transit time t and 
the distance R to the origin of the explosion in direction of the surface normal, may often be 
described efficiently using the ideal blast wave model. Applying the approach by Zeldovich 
and Raizer [235] within this framework yields 

.t
ρ

ER q

q

⋅






 ⋅
=

2

0

0ζ  (62) 

for a strong point-like explosion in a homogeneous medium. Herein ζ denotes a constant 
depending on the specific heat of the expanding gas (1.175 for air and spherical  
expansion [236]), E0 is the energy released in the explosion and ρ0 the undisturbed 
atmospheric density. The exponent q is frequently related to the geometry of the shockwave 
expansion with theoretically expected values of q = 2/3 (planar geometry), q = 1/2 (cylindrical 
geometry) and q = 2/5 ((hemi)spherical geometry). 
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Fig. 48 shows the fluence dependent shockwave propagation data presented in Fig. 47 a) on a 
double logarithmic scale. The observed linearity suggests the applicability of the blast wave 
model. A systematic increase of the exponent q, derived as the slope of the linear fits in the 
double logarithmic plot, is found for decreasing fluences. This is observed analogously for all 
types of investigated YSZ targets as well as for fs-UV and fs-NIR pulses. Values close  
to q = 0.4, as expected from the ideal blast model for hemispherical geometry, are obtained 
only for the highest applied fluences. The significantly larger exponents at lower fluences, 
attaining q-values of up to 0.65, suggest a change in the geometry of the shockwave, but the 
shadowgraphs provide no evidence for a fluence dependent deviation from the hemispherical 
expansion geometry. It is more likely that the experimental conditions at the lower fluences 
do not satisfy the ideal blast wave model’s prerequisite of sufficient energy deposition to 
cause a strong shock. Jeong et al. [236] demonstrated that in this sense non-ideal laser 
ablation conditions yield in fact larger q parameter values. Accordingly, the exponent q is best 
treated as a free variable to describe the experimental shockwave propagation. 
 

 

Fig. 48: Shockwave propagation data for pulsed ns-laser impact (λ: 193 nm, τp: 25 ns) on an 8YSZ target in a 
double logarithmic representation for different fluences. The exponents q derived as the slope of the least square 
linear fits (solid lines) according to eq.(62) are included.  
 

A least square fit using eq.(62) can be used to calculate the energy fraction X of the incident 
laser pulse with a photon energy hν that couples to the shockwave expansion with  
X = E0/(2·hν). The factor of two in the denominator derives from the hemispherical geometry. 
The obtained values for X vary between ~15-55% within the investigated fluence  
range (1.5-10.5 J/cm²), increasing systematically with the laser pulse energy and the 
absorptivity at the employed laser wavelength (ns-ArF > fs-UV > fs-NIR). Although these 
values derived from the blast wave model are suspected to be overestimated [236],  
the observed qualitative trends illustrate that an increased energy deposited per volume unit 
leads to a higher conversion of the incident laser energy to the gas dynamical flow. 

The shockwave is followed by a second front ejected as well on a ns-time scale (see Fig. 46), 
which attains lower initial velocities of ~3-6 km/s (compare Fig. 47 b). It is slowed down 
completely to the level of Brownian motion within 500 µm in air. As a consequence,  
the contrast of the mushroom-like structure degrades continuously and it appears increasingly 
diffuse. Based on these characteristics, this second front is assigned to vaporized material,  
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as suggested previously [192, 236]. Assuming the vapour species to be of the composition 
ZrO2 (molar mass: 132.2 g/mol), their kinetic energy can be estimated from the initial 
velocities yielding fluence dependent values of 5-25 eV. Kinetic energies in this range are 
typically found for gas phase plume species in pulsed laser deposition. Condensed phase 
material is commonly ejected with a delay to the laser impact and reveals significantly lower 
kinetic energies [184].  

The propagation of the vapour front may be described by an exponential function of the type 















−−⋅=

τ
t BR exp1  (63) 

with B as a constant and a characteristic time constant, τ, which accounts for the collisional 
energy dissipation. UV-laser pulses yielded a time constant of 90 ± 10 ns irrespective of the 
fluence or pulse duration. The material vapour front is decelerated considerably slower with a 
time constant of 465 ± 30 ns for fs-NIR pulses (compare section 3.4), which is supposedly 
originating from the higher vapour density attained due to about one order of magnitude 
larger material removal rates (see Fig. 45). 

A third, important feature is noted in the ns-ablation of fully stabilized YSZ targets.  
They exhibit an expulsion of microscopic fragments, first observed 1-2 µs after the pump 
laser pulse and lasting for at least 100 µs, irrespective of the applied fluence (Fig. 46).  
The fragments with dimensions of 1-25 µm attain velocities in the range of 1-100 m/s. 

The ns-shadowgraphs allow a direct visualization of the fragment expulsion but they provide 
only limited information about their formation mechanism. The SEM micrographs in Fig. 49 
depict the target surface morphology of a polycrystalline 8YSZ target in the initial as-polished 
state (left) and after exposure to a single laser pulse (right). The laser impact causes the 
formation of a dense network of surface cracks observed for all fluences investigated within 
the ablation regime and even at low fluences close to the threshold of ablation as in the case 
of Fig. 49 b). At considerably lower energy densities ~350 mJ/cm², micron sized smooth 
globular features are observed, presumably formed by surface melting and re-solidification. 
 

   

Fig. 49: Surface morphology of an 8YSZ target a) as-polished prior to ablation (left) and b) after exposure to a 
single laser pulse (λ: 193 nm, τp: 25 ns, F: 0.8 J/cm²). 
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In the case of single crystalline fully stabilized YSZ targets, the cracks are aligned 
preferentially along the <011> crystallographic direction as shown in Fig. 50.  
Similarly, oriented cleavage effects have been reported by Constantini et al. [232] for YSZ 
(100) single crystals bombarded with energetic heavy ions. 
 

 

Fig. 50: Surface cracks, preferentially aligned along the <011> crystallographic direction, on a single crystal 
9.5YSZ (100) target after single pulse irradiation (λ: 193 nm, τp: 25 ns, F: 0.8 J/cm²). 
 

The damage accumulates with the number of applied pulses, which apparently causes a 
surface roughening and enables facile detachment of µm-sized random shaped ‘tiles’ for fully 
stabilized zirconia targets (Fig. 51). The single crystalline targets proved more prone to 
fragmentation, i.e. exfoliation, than their polycrystalline counterparts, which can be 
rationalized in terms of their inherently larger brittleness. 
 

 

Fig. 51: Surface morphology of an 8YSZ target after 100 pulses (λ: 193 nm, τp: 25 ns, F: 1.5 J/cm²). 
 

Laser-induced cracking of ceramic targets has been observed previously e.g. on SrTiO3 single 
crystals [176] or upon micro structuring of YSZ thin films [225]. It originates most probably 
from the thermomechanical stress generated in the material by repetitive temperature  
shocks caused by the pulsed laser irradiation. Heating rates as high as 1011 K/s have been  
reported [159]. The thermomechanical stress, s, which can be estimated by eq.(27),  
may easily exceed the fracture yield strength for a brittle refractory material such as YSZ 
having a large elastic modulus, E, of ~210 GPa and a large thermal expansion coefficient, α,  
of 10.5·10-6 K-1 in combination with an extremely high melting temperature Tm ~2,700°C.  
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The thermomechanical stress value of 5.5 GPa calculated for 8YSZ is comparable to tungsten 
and alumina, both known to be prone to exfoliation, and is e.g. two orders of magnitude larger 
than for fused silica. The substantial recoil pressure, which the expanding plasma exerts on 
the target surface, launching a shockwave in the solid, might assist the in the fragmentation 
mechanism. 
 
The layers grown by ablating a fully stabilized 8YSZ target in a PLD setup exhibited 
invariably an incorporation of µm-sized fragments of arbitrary shape (Fig. 52) irrespective of 
the selected laser parameters in the ns-regime, i.e. the fluence, repetition rate and  
wavelength (λ: 193 nm, 248 nm), which agrees with the ablation studies. EDX confirms that 
the chemical composition of the fragments is identical to the film and target (Fig. 52 right), 
proving the direct transfer of exfoliated target fragments to the growing film. The inset in the 
SEM image of Fig. 52 depicts a void in the YSZ coating, which is probably caused by the 
impact and detachment of such a micron sized fragment, illustrating the detrimental 
consequences these particles can have for solid electrolyte membranes. At fluences > ~2 J/cm² 
an increasing amount of spherical submicron particles is detected in addition to these  
µm-sized fragments (compare Fig. 57). 

 

   

Fig. 52: SEM top view and cross-sectional (inset) images of a ~500 nm thick YSZ film deposited by ns-PLD  
(λ: 193 nm, τp: 25 ns, d: 40 mm, pO2: 1.0 Pa, T: room temperature) from an 8YSZ target at a fluence of  
1.5 J/cm² (left). The coloured crosshairs in the SEM top view image mark the positions of EDX  
measurements (right) on the film matrix (red) and an incorporated fragment (blue). 
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3.3 ns-UV laser ablation of partially stabilized zirconia 

Fig. 53 depicts a series of shadowgraphs for ns-UV laser ablation of a partially stabilized 
3YSZ target using the same conditions as in Fig. 46. 
 

 

Fig. 53: Series of shadowgraphs for ns-laser ablation of a 3YSZ target (λ: 193 nm, τp: 25 ns, F: 4.0 J/cm²,  
10th pulse) recorded at different delays to the pump pulse. 
 
 
The initial gas dynamic processes of shockwave formation and vapour expansion are 
observed analogously to the ablation of fully stabilized zirconia (FSZ). However, as a major 
contrast to FSZ, the shadowgraphs in Fig. 53 reveal no ejection of µm-sized fragments on the 
µs time scale. This was found to be a general characteristic for ns-UV laser ablation of 3YSZ 
in the investigated fluence range (1.5-10.5 J/cm²). 

Accordingly, the partially stabilized 3YSZ targets show a different morphology after multi 
pulse laser irradiation, revealing only shallow cracks and no indication of severe surface 
roughening and break-off damage (Fig. 54) when compared to the situation for fully stabilized 
targets (Fig. 51). 
 

 

Fig. 54: Surface morphology of a 3YSZ target after 100 pulses (λ: 193 nm, τp: 25 ns, F: 1.5 J/cm²) in direct 
comparison to Fig. 51. The visible small dark cavities are due to a residual porosity of the sintered ceramic 
target. 
 

Apparently the material is able to sustain the thermomechanical stress imparted by the pulsed 
laser irradiation without fragmentation. The superior fracture toughness versus fully stabilized 
targets can be attributed to a laser-induced partial phase transformation from the initial 
tetragonal to the monoclinic phase, which is evidenced by the Raman spectra in Fig. 55. 
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Fig. 55: Raman spectra obtained on a) a sintered 3YSZ target prior to ablation (bottom), b) ZrO2 powder as a 
reference for the monoclinic phase (centre), c) the 3YSZ target after laser ablation with an ArF excimer laser  
(λ: 193 nm, τp: 25 ns, F: 1.5 J/cm², ~250,000 pulses) (top). The vertical lines mark the peak positions expected 
for the tetragonal (solid lines) respectively monoclinic (dashed lines) phase as reported in literature [216, 237]. 
 

The target consists initially of the tetragonal crystallographic phase revealing six 
characteristic Raman modes. After irradiation a phase mixture of the tetragonal and the 
monoclinic phases is detected. Micro cracks generated e.g. by the shockwave launched into 
the solid that can reach pressures of several Mbar [162], could trigger the transformation, 
which is associated with a considerable volume change by +3-5% causing a compressive 
stress field around the crack that impedes further propagation (compare Fig. 13).  
This behaviour corresponds to the conventional transformation toughening observed for 
partially stabilized ZrO2, which is induced by applying external mechanical stress to the 
material (compare chapter 1.3.3.2). An analogous process is not possible for higher doped 
fully stabilized zirconia as no metastable transformable tetragonal phase is present. 
Accordingly, no laser-induced phase changes are detected. The Raman spectra of 8YSZ and 
9.5YSZ targets acquired before and after laser irradiation correspond to the cubic phase with a 
single broad band ~617 cm-1. 

The superior fracture toughness of partially stabilized zirconia targets allows to deposit 
particle-free YSZ thin films by PLD at moderate fluences (1.2-1.5 J/cm²) using ns-UV laser 
pulses (Fig. 56) in obvious contrast to the situation for film growth from fully stabilized 
targets (Fig. 52). For optimized process parameters (compare chapter 4) uniform, dense and 
smooth layers (inset in Fig. 56) with a roughness Rq of ~4-5 Å and a chemical composition 
very close to the target can be obtained. 
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Fig. 56: SEM top view and cross-sectional (inset) images of a ~500 nm thick YSZ film deposited by ns-PLD (λ: 
193 nm, τp: 25 ns, d: 40 mm, pO2: 1.0 Pa, T: room temperature) from a 3YSZ target at a fluence  
of 1.5 J/cm². 
 

At higher fluences an increasing amount of spherical droplets is found in the deposited  
films (Fig. 57), probably originating from splashing of an extended liquid surface layer 
formed on the target. This evidence corresponds to the quantitative particle analysis in laser 
generated aerosols, which reveals a steady increase of the total amount of ejected submicron 
particles for fluences > ~2 J/cm² upon ns-UV laser ablation of YSZ (compare section 3.4). 
 

 

Fig. 57: SEM top view image of a ~500 nm thick YSZ film deposited by ns-PLD (λ: 193 nm, τp: 25 ns,  
d: 40 mm, pO2: 1.0 Pa, T: room temperature) from a 3YSZ target at a fluence of 3.4 J/cm². 

 

The excitation UV wavelength (λ: 193 nm and 248 nm) had no principal effect on the particle 
ejection as well as the ns-PLD film growth in agreement with the similar ablation metrics at 
both wavelengths (compare Table 8), which originate from incubation effects.  
Accordingly, Sanchez et al. [227] find no important differences in the dynamics and 
composition of the ablation plume studying the ablation of single crystalline YSZ by ns-ArF 
and KrF excimer lasers. 
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3.4 Laser ablation of YSZ in the fs-regime 

The potential of ultrashort laser pulses to ablate materials at a significantly lower thermal load 
on the target, as demonstrated mainly for metals (compare chapter 1.4.2), was the stimulus to 
investigate the laser ablation of YSZ using fs-pulses since the thermomechanical stress was 
identified as the origin of the undesired target fragmentation for ns-pulses. 

In fact, shadowgraphy investigations show no visible ejection of µm-sized fragments for  
fs-NIR as well as fs-UV pulses irrespective of the applied fluence or type of YSZ target.  
Fig. 58 depicts as an example a series of shadowgraphs obtained on a 9.5YSZ target upon 
irradiation with fs-NIR pulses at a fluence of 10.5 J/cm². The release of an initial shockwave 
and the successive gas dynamic flow of the material vapour are observed similarly to the case 
of ns-pulses. The shockwave reveals distortions along the optical axis upon the transition 
from planar to hemispherical geometry, which might be related to instabilities in the 
surrounding medium caused by the high power pulse. 
 

 

Fig. 58: Series of shadowgraphs for fs-laser ablation of a 9.5YSZ target (λ: 795 nm, τp: 150 fs, F: 10.5 J/cm²,  
10th pulse) recorded at different delay times with respect to the pump pulse. 8YSZ and 3YSZ targets show 
similar behaviour. 
 

Fig. 59 indicates that no significant differences among the investigated YSZ targets are 
ascertained. The attained shockwave velocities are slightly lower than for ns-ArF pulses at a 
comparable fluence, which is observed as well for fs-UV pulses (5-15 km/s at fluences of  
1.5-5.6 J/cm²) and can be accounted for by the lower absorptivity at the longer laser 
wavelengths. 
 



88 | Laser ablation characteristics of YSZ 

   

Fig. 59: Propagation and velocity (logarithmic time scale) of a) the shockwave in the gas phase (left) and  
b) the material vapour front (right) generated by pulsed fs-NIR laser impact (λ: 795 nm, τp: 150 fs,  
F: 10.5 J/cm²) on different YSZ targets. 
 

The material vapour is denser and clearly visible over an extended period of time in Fig. 58 
compared to the ablation by ns-pulses (see Fig. 45), confirming a more efficient material 
removal by the ultrashort pulses in the NIR. In accordance, the vapour front is decelerated 
considerably slower with a time constant of 465 ± 30 ns according to eq.(63) as Fig. 59 b) 
illustrates. The relatively low effective absorptivity for fs-NIR pulses (Table 8) limits the 
attained kinetic energies of the vapour, corresponding to velocities reaching a maximum of  
~1.7 km/s. On the contrary, the vapour propagation obtained for fs-UV pulses is comparable 
to the case of ns-pulses with on average ~15% lower velocities. 

As discussed above, no µm-sized particles could be detected for fs-ablation of YSZ by 
shadowgraphy (compare Fig. 58). However, an adequate contrast for the visualization of 
particles is obtained in shadowgraphy only for large particles (µm-range) or a sufficiently 
dense packaging of smaller ones. Light scattering can be employed as a complementary 
technique to visualize in particular submicron particles. The light scattering images in Fig. 60 
indicate a strong directional ejection of submicron particles upon fs-laser ablation.  
The process starts shortly after the laser pulse and lasts up to several 10 µs. 
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Fig. 60: Time-resolved scattering images visualizing a strong submicron particle ejection from a 9.5YSZ target 
upon fs-laser ablation (λ: 795 nm, τp: 150 fs, F: 5.5 J/cm², 10th pulse). The same behaviour is observed for fs-UV 
pulses. The images have been inverted for a better representation and comparison to the shadowgraphs shown 
above. 
 

The amount of fine particles ejected increases within the first 10 pulses as depicted in Fig. 61. 
 

 

Fig. 61: Scattering images of the volume directly above a 9.5YSZ target taken 4,800 ns after the ablating laser 
pulse (λ: 795 nm, τp: 150 fs, F: 5.5 J/cm²) as a function of the number of pulses applied to the same spot.  
The same behaviour is observed for fs-UV pulses. The images have been inverted for a better representation and 
comparison to the shadowgraphs shown previously. 
 

Shadowgraphy reveals a simultaneous rise of the shockwave intensity and amount of released 
material vapour, suggesting that the efficiency of the laser energy coupling to the target 
material accounts mainly for this phenomenon. As discussed already in the context of the 
ablation metrics (compare section 3.1), this evidences that defect-related incubation 
contributes to the laser ablation of YSZ even for ultrashort pulses in the NIR. Moreover, a 
roughening of the surface or an increasing quantity of debris might contribute to an intensified 
particle ejection. 
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The quantification of the generated amount of 
particles by use of a high sensitivity laser 
aerosol spectrometer (compare section 2.1.4) 
confirms that the intense ejection of submicron 
particles is an exclusive feature characteristic to 
the ablation of YSZ with ultrashort laser pulses 
(Fig. 62), which aggravates with increasing 
fluence. The comparison illustrates that         
ns-pulses at a wavelength of 193 nm yield      
on the contrary only a negligible amount         
of submicron particles with the total volume    
of ejected submicron particles found to           
be minimum below fluences of ~2 J/cm²       
and increasing towards higher fluences.              
The analysis of the aerosol particle size 
distributions normalized to the laser spot size 
area, A, and the bin width dR (Fig. 62), i.e. the 
finite size range covered by an individual 
spectrometer channel, confirms that the 
submicron particle formation for ultrashort 
pulses is not affected by the laser wavelength 
or the microstructure and dopant level of the 
YSZ target. The particle size distributions in 
the fs-regime are trimodal with maxima around 
diameters of 80, 150 and 700 nm, while         
the ns-pulses yield a unimodal distribution 
dominated by particles < 100 nm in diameter. 

The potential of ultrashort pulses to eliminate laser-induced cracking in ceramics,  
which is assigned to nonthermal ablation conditions, has been reported e.g. for SrTiO3 [176],  
but cannot be confirmed in the case of YSZ. The SEM micrographs in Fig. 63 clearly indicate 
the formation of surface cracks for exposure of a 3YSZ target to a single fs-UV respectively  
fs-NIR pulse. In addition, re-deposited submicron particles and smooth holey ripple  
(Fig. 63 a) respectively splashing structures (Fig. 63 b, lower left corner), indicative of surface 
melting and re-solidification, are detected.  
 

   

Fig. 63: Surface morphology of a 3YSZ target a) after exposure to a single fs-UV pulse (λ: 266 nm, τp: 150 fs,  
F: 2.0 J/cm²) (left) and b) after exposure to a single fs-NIR pulse (λ: 795 nm, τp: 150 fs, F: 4.4 J/cm²) (right). 

 

Fig. 62: Volumetric aerosol particle size 
distributions normalized to the laser spot size  
area, A, and the spectrometer bin width, dR,  
for different YSZ targets and laser sources at a 
fluence of ~5 J/cm²: a) 9.5YSZ (λ: 193 nm,  
τp: 25 ns, b) 9.5YSZ (λ: 266 nm, τp: 150 fs),  
c) 9.5YSZ (λ: 795 nm, τp: 150 fs), d) 8YSZ  
(λ: 795 nm, τp: 150 fs), e) 3YSZ (λ: 795 nm,  
τp: 150 fs). The inset represents a magnification  
of a). The apparent peak ~200 nm is an 
instrumental artefact originating from a change 
of gain settings and bin size at this channel 
according to manufacturer declarations. 
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These effects roughen the sidewalls and bottom of the ablation cavities that however expose 
well defined edges without an extended heat affected zone in the surrounding area, which is 
important for laser microstructuring applications (Fig. 64 a). The amount of droplets  
re-deposited at the cavity bottom (Fig. 64 b) increases with the number of pulses applied. 
 

   

Fig. 64: Ablation cavity (left) and surface morphology at bottom of the crater (right) after laser ablation of a 
9.5YSZ target with 100 fs-NIR pulses (λ: 795 nm, τp: 150 fs, F: 8.8 J/cm²). 
 

The total evidence indicates that thermal effects are not negligible for fs-ablation of YSZ 
considering the surface cracking and melting effects. However, as seen above, the exfoliation 
of µm-sized fragments remains restricted to ns-laser irradiation. An explanation could be that 
in the case of the ultrashort pulses, incubation limits crack formation to the first pulse(s).  
The initial low absorptivity is insufficient to cause ablation in this case, which suggests that 
the deposited energy will be converted entirely to heat. The observed strong expulsion of 
submicron particles could be the result of an explosive decomposition via a liquid phase as 
found e.g. also for the fs-ablation of LiF [177]. These findings show that material properties 
need to be taken into account also for ultrashort laser pulses and that a truly nonthermal 
ablation regime is not warranted a priori for the ultrashort laser-material interaction time. 

In agreement with the ablation results, pulsed laser deposition using fs-pulses yielded layers 
free of µm-sized fragments generated by exfoliation (Fig. 65 left). The deposited material 
consists of agglomerated sub-µm particles (Fig 11 d) irrespective of the employed YSZ target 
or fluence, resulting in porous and rough (Rq: several 10 nm) films (Fig. 65 right). 
 

   

Fig. 65: SEM top view and cross-sectional (inset) images of a ~500 nm thick YSZ film deposited by fs-PLD  
(λ: 795 nm, τp: 200 fs, d: ~40 mm, pO2: 1.0 Pa, F: 1.7 J/cm², T: room temperature) from an 8YSZ target. 
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This indicates that the strong formation of sub-µm particles detected by the ablation studies in 
air for ultrashort laser pulses occurs basically independent of the ambient pressure.  
The qualitative agreement of the particle sizes, which constitute the fs-PLD layers with the 
aerosol particle size distributions moreover suggests that a formation or growth by collision-
mediated aggregation in the plume [238] is negligible for YSZ. All experimental evidence 
suggests a direct ejection of the nanoparticles upon laser-target interaction. Fs-ablation of 
YSZ appears therefore more suitable to nanoparticle synthesis than the deposition of coherent 
thin films. Higher quality YSZ layers suitable to solid electrolyte applications might  
however be accessible by fs-laser ablation applying more sophisticated approaches, e.g. an 
optimization by adaptive temporal pulse shaping [239] or multiple pulse arrangements [178]. 
 

 
3.5 Elimination of particle transfer by PLD modifications 

Modifications to the conventional PLD setup have also been evaluated to prevent a transfer of 
the µm-sized fragments, ejected upon ns-laser ablation in the case of fully stabilized YSZ 
targets (compare section 3.2), to the growing film. 

Fig. 66 shows the surface of a 8YSZ layer deposited by conventional PLD (left) in direct 
comparison to a YSZ layer deposited under the same laser and chamber parameters,  
but employing a synchronized supersonic N2O gas pulse (right), which is crossed with the 
ablation plume (PRCLA, compare chapter 2.2.3). The same angular offset between the 
substrate and the plume main axis (compare Fig. 31) was used in both experiments. 
 

   

Fig. 66: SEM top view and cross-sectional (inset) images of ~250 nm thick YSZ films deposited by  
ns-PLD (λ: 193 nm, τp: 25 ns, d: ~40 mm, F: 4.0 J/cm², pO2: 0.1 Pa, T: room temperature) from a 8YSZ target  
a) by conventional PLD (left) and b) using a synchronized N2O gas pulse in crossed-beam configuration 
(PRCLA, right). 
 

The detrimental transfer of µm-sized fragments to the substrate, clearly evidenced by the 
incorporated fragments in the film deposited by conventional PLD, can be eliminated 
completely in the PRCLA mode. The layers deposited in the gas pulse configuration reveal 
moreover only a negligible amount of submicron particles and are uniform and  
dense (inset in Fig. 66). These results can be rationalized in terms of the different effects of 
the gas pulse on the individual species produced by laser ablation. The condensed phase 
particles experience a momentum transfer by the supersonic gas expansion, while atomic and 
molecular vapour species are subject to non-directional scattering by multiple collisions on an 
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atomic scale, which broadens the angular distribution of the plume. The former macroscopic 
effect of the gas pulse directs the particle trajectories to the main axis of the gas pulse,  
i.e. away from the substrate surface. The thicknesses of both layers agreed within an 
experimental error of 5 %, revealing that the additional gas pulse does not affect the 
deposition rate. 

In a second modification to the PLD process, the substrate was positioned with its surface 
aligned parallel to the plume main axis (‘off-axis’ PLD, compare chapter 2.2.3).  
Fig. 67 reveals that the transfer of macroscopic fragments can be successfully eliminated in 
this configuration.  
 

 

Fig. 67: SEM top view image (inset: magnified view) of an YSZ film deposited by off-axis PLD (λ: 248 nm,  
τp: 20 ns, dcenter: 60 mm, pO2: 40 Pa, F: 4.0 J/cm², T: room temperature) from an 8YSZ target. The film thickness 
varied from ~20 µm (substrate edge oriented to the target) to ~2 µm (substrate edge facing away from the target). 
The gradient might be minimized by a continuous rotation of the substrate. 
 

The directional particles do not reach the substrate surface, while the atomic and molecular 
species gain a flux component directed to the surface by collisional scattering with the 
background gas species as illustrated in Fig. 32. However, the latter process requires a 
sufficiently high background gas pressure (compare Fig. 17). In the case of YSZ, pressures in 
excess of 20 Pa were required to obtain reasonable growth rates comparable to conventional 
PLD, which results invariably in porous film structures (clearly visible in the inset of Fig. 67) 
as discussed in detail in chapter 4. Ablation for 1 h at a pressure of 1 Pa yielded no detectable 
material deposits in this configuration. Off-axis PLD appears for these reasons rather 
attractive for the deposition of porous structures, e.g. for metal/YSZ cermet thin films as 
SOFC anodes, than for the growth of dense YSZ electrolyte layers. 
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3.6 Conclusions 

Laser-induced incubative defect formation, which causes residual changes of the target 
absorptivity plays an important role for ns- but also fs-laser ablation of YSZ enabling efficient 
material removal also at sub-band gap photon energies. The ablation metrics are mainly 
governed by the laser wavelength, while pulse duration respectively target microstructure and 
dopant level have only a minor or no effect at all. 

YSZ is prone to particle ejection in laser ablation, which compromises the quality of  
PLD-grown films. The intrinsic brittleness of fully stabilized zirconia (8YSZ, 9.5YSZ) 
inevitably causes severe thermomechanical cracking and an expulsion of µm-sized fragments 
from the target surface on a µs to ms time scale for the entire range of laser parameters 
investigated in the ns-regime. The fragments impact on the growing film in PLD and create 
voids or they are incorporated in the films. Therefore, completely particle-free 8YSZ films 
cannot be obtained by ns-laser ablation without additional measures. The implementation of a 
synchronized supersonic gas pulse, crossed with the ablation plume in the PRCLA mode is 
particularly attractive for eliminating the transfer of macroscopic particles to the substrate and 
to obtain dense high quality coatings of fully stabilized YSZ. Partially stabilized 3YSZ 
withstands the thermomechanical stress generated by pulsed ns-laser irradiation without 
exfoliation. Its superior fracture toughness can be attributed to a laser-induced partial 
transformation of the metastable tetragonal to the stable monoclinic phase. This allows,  
in contrast to the higher doped fully stabilized YSZ, the growth of particle-free, dense and 
smooth 3YSZ films by conventional ns-PLD at moderate fluences (1.2-1.5 J/cm²).  
Ablation by ultrashort laser pulses prevents the ejection of micron sized fragments as well, 
but yields a large amount of submicron particles irrespective of the YSZ target and laser 
wavelength or fluence. Their formation seems to be independent of the ambient pressure and 
is probably related to a violent phase explosion. Accordingly, PLD using fs-NIR laser 
radiation yields only rough and porous YSZ layers consisting of agglomerated submicron 
particles. 
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4. Microstructure and chemical composition of PLD-
grown YSZ films* 

 

The physical properties of ceramic thin films depend on their microstructure and chemical 
composition and may deviate from the pure material characteristics of an ideal single crystal. 
A comprehensive understanding of the factors controlling e.g. the electrical transport 
properties in yttria-zirconia layers is still missing, and an intensive discussion of the partly 
contradictory data is ongoing (compare section 1.3.4). A controlled modification of the thin 
film microstructure and chemical composition represents the key to a meaningful 
investigation of the interrelation to the film properties and the identification of processing 
conditions suitable to the application of YSZ layers as a solid electrolyte.  
Fundamental interest arises in addition from the field of thin film growth mechanisms.  
The substrate temperature and deposition pressure represent the most important factors beside 
the laser parameters to determine the film growth mode in pulsed laser deposition.  
The laser parameters are restricted to a narrow range in the case of YSZ (compare chapter 3). 
The effect of a variation of the substrate temperature and the deposition pressure on the film 
microstructure, phase composition and chemical composition was established in a wide range 
within this work. PLD has been used previously to grow YSZ films in a wide parameter range  
(T: 25°C-900°C, pO2: < 10-7 Pa - 50 Pa, different ns-UV lasers, i.e. KrF and ArF excimers,  
and Nd:YAG lasers at 266 nm using fluences from ~1-7 J/cm²) mainly as a high k dielectric 
or buffer layer on Si substrates [113, 240-243]. However, only a few reports dedicated to the 
structural control by variation of the process conditions are available [109, 112, 141, 244]. 
These may provide rough guidelines for microstructural engineering, but the large number of 
process variables and the constructional differences among individual PLD setups interferes 
with the transferability of growth conditions.  

 
  

                                                 
* Parts of this work have been published in: 

S. Heiroth, T. Lippert, A. Wokaun, and M. Döbeli, Microstructure and electrical conductivity of YSZ thin films 
prepared by pulsed laser deposition, Appl. Phys. A, 93 (3) (2008), 639. 

S. Heiroth, T. Lippert, A. Wokaun, M. Döbeli, J. L. M. Rupp, B. Scherrer, L. J. Gauckler, Yttria-stabilized 
zirconia thin films by pulsed laser deposition: Microstructural and compositional control,                                   
J. Eur. Ceram. Soc., 30 (2) (2010), 489. 
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4.1 Chemical composition 

The chemical composition of the PLD-grown YSZ layers was analyzed by a combination of 
Rutherford backscattering spectrometry (RBS) and particle induced X-ray emission 
spectroscopy (PIXE) as described in section 2.3.2. Fig. 68 shows the derived stoichiometry 
factors, normalized to the sum of cationic mole fractions, for a series of 3YSZ films deposited 
at different oxygen background pressures. 
 

 

Fig. 68: Stoichiometry factors normalized to the sum of the cations as determined by RBS and PIXE for  
500 ± 50 nm thick films deposited by PLD from a 3YSZ target (λ: 193 nm, τp: 25 ns, F: 1.5 J/cm², d: 55 mm,  
T: 600°C) plotted as a function of the oxygen background pressure. The horizontal dashed line represents the 
oxygen stoichiometry expected for the bulk composition. 
 

Hafnium is detected as the only element in addition to Zr, Y and O, on a level of 1.0-2.0 wt.% 
in agreement with a laser ablation inductively-coupled mass spectrometry (LA-ICP-MS) 
analysis of the YSZ ablation targets (Table 9). Hafnium is commonly present in commercial 
Zr-compounds [88], unless purified for neutron reflection purposes, due to the highly similar 
chemical properties of the elements. Therefore its impact on the electrical properties is 
considered to be negligible. Siliceous impurities, which are known to degrade the ionic 
conductivity of YSZ by segregation and the formation of insulating grain boundaries [150], 
are not present in significant amounts as shown in Table 9. 

The cationic stoichiometries in Fig. 68 scatter statistically around mean values closely 
matching the chemical composition of the ablation target (Table 9), which indicates a 
congruent transfer within the PLD process. The oxygen content however, depends clearly on 
the background pressure and approaches the stoichiometric value of the bulk compound only 
for pressures above ~5 Pa. Towards lower pO2 an increasing oxygen deficiency is ascertained, 
attaining a stoichiometry factor as low as 1.77 at 0.1 Pa. In total, the determined composition 
of the 3YSZ layers can be denoted as Zr0.926±0.004Y0.062±0.004Hf0.012±0.001O1.77-1.97±0.06.  
An analogous behaviour, i.e. congruent transfer of the cationic elements and an oxygen 
deficiency towards lower pO2, is observed for 8YSZ layers, with compositions of 
Zr0.837±0.004Y0.153±0.004Hf0.010±0.001O1.75-1.92±0.06. The Y-concentration in the films is ~4% lower 
than expected for the nominal composition of 8YSZ, i.e. 16 at.% YO1.5. However, the  
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LA-ICP-MS analysis (Table 9) reveals that the ablation target actually contained only  
15.2 at.% YO1.5, i.e. already less than the nominal Y-content. 
 

Table 9: LA-ICP-MS analysis results of the YSZ laser ablation targets (standard: NIST SRM 610 referenced to 
Y as internal standard), balance: oxygen. The calculated cationic stoichiometry factors, x, are based only on the 
main elements Zr, Y and Hf. 
 

Element 3YSZ target 8YSZ target 

Zr 
72.3 ± 3.4 wt.% 

x(Zr): 0.933 
65.9 ± 3.1 wt.% 

x(Zr): 0.840 

Y 
4.32 wt. % 
x(Y): 0.057 

11.6 wt.% 
x(Y): 0.152 

Hf 
1.42 ± 0.11 wt.% 

x(Hf): 0.010 
1.22 ± 0.10 wt.% 

x(Hf): 0.008 

Na 59 ± 8 ppm 210 ± 21 ppm 

Si < 50 ppm < 70 ppm 

Al 115 ± 20 ppm 45 ± 15 ppm 

Fe 69 ± 7 ppm 45 ± 7 ppm 

Other < 10 ppm < 10 ppm 

 

The observed pressure dependence of the oxygen content in the thin films can be interpreted 
in terms of the availability of oxygen background gas species as an additional source of 
oxygen in the film growth process. Moreover, light elements, such as oxygen, tend not to 
‘stick’ to the surface or they are preferentially sputtered from the growing film by arriving 
highly energetic species present in a low pressure environment due to the absence of 
collisional moderation. In contrast to the oxygen background pressure, the substrate 
temperature (25-700°C) was found to have no effect on the chemical composition of the  
as-deposited YSZ layers, i.e. differences among samples deposited at the same pO2,  
but different temperatures were within the experimental uncertainty of the RBS and PIXE 
analysis. 

Fig. 69 shows the normalized oxygen stoichiometry of 8YSZ layers, which were annealed 
after deposition for 20 h in air at different dwell temperatures. The data were derived by 
elastic recoil detection analysis (ERDA) enabling a more precise quantification of the light 
element oxygen with an uncertainty of ~1% versus 2-3% for RBS, which is significant 
considering the small magnitude of the expected changes. 
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Fig. 69: Normalized oxygen stoichiometry factors determined by ERDA of ~200 nm thick 8YSZ films grown by 
PLD at 25°C (λ: 248 nm, τp: 20 ns, F: 1.5 J/cm², d: 40 mm, pO2: 1.0 Pa) as a function of the post-annealing 
temperature (20 h isothermal dwell in air). The dashed horizontal line represents the oxygen content expected for 
the fully oxidized bulk material. The determined stoichiometry factors of the annealed layers are systematically 
slightly higher than the oxygen content expected for the fully oxidized bulk material, which could be due to a 
systematic error in the ERDA analysis or the incorporation of small amounts of H2O. 
 

The as-deposited oxygen deficient layers are completely oxidized attaining a stoichiometry 
factor of ~1.92, characteristic for the non-deficient material, within the thermal post-treatment 
at temperatures as low as 200°C. This is not unexpected considering the relatively fast, 
thermally activated oxygen exchange and diffusion kinetics of the solid electrolyte  
material [245] and sub-micrometer diffusion lengths in thin films. In this context it is worth 
noting that the local change of the colour at the surface of YSZ targets from white to black, 
which is induced by repetitive pulsed laser ablation and can be attributed to the formation of 
oxygen vacancy-based colour centres [232], is reversible by annealing at ~200°C in  
air (Fig. 70). This confirms a sufficient defect mobility and oxygen surface exchange rate at 
moderate temperatures for a complete re-oxidation. A meaningful comparison of electrical 
properties among samples of different microstructures or between thin films and bulk relies 
on an identical, defined oxygen content as the latter is directly associated with the 
concentration of oxygen vacancies, the majority charge carrier species. 
 
 

 
 

Fig. 70: 3YSZ ablation target, a) after ~100,000 pulses in PLD experiments and b) after subsequent annealing at 
200°C (3 h) in air. 
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The use of ion beam techniques for thin film compositional analysis has numerous 
advantages, but is expensive and time-consuming, resulting in a search for alternative 
methods, particularly for probing light elements such as oxygen in thin layers. Fig. 71 a) 
depicts micro Raman spectra in the region of the Eg mode ~260 cm-1 for the PLD-grown 
3YSZ layers analyzed in Fig. 68 by RBS and PIXE. A systematic red shift of the peak 
maximum is observed with increasing oxygen deficiency, i.e. lower oxygen stoichiometry 
factor x(O). An analogous, but significantly smaller shift by ~1.5 cm-1 was obtained for the 
asymmetric Zr-O-Zr stretching mode at ~640 cm-1, while the bands at ~330, 470 and 605 cm-1 
revealed no characteristic shifts associated with the oxygen content for excitation wavelengths 
of 632.8 nm and 442 nm. Similarly, selective shifts of the bands at ~640 cm-1 and, more 
sensitive, at ~260 cm-1 were detected by Capel et al. [246] who investigated the influence of 
TiO2 doping on the Raman spectra of 3YSZ. The selectivity was attributed to the close 
coupling of the mentioned vibration modes to the Zr-O bond length. 
 

   

Fig. 71: a) Left: Shift of the Eg mode ~260 cm-1 in micro Raman spectra (λ: 632.8 nm) of 500 ± 50 nm thick 
3YSZ films with the oxygen content x. Intensity differences are due to different relative focus positions.  
The grey solid lines represent least square peak fits by a Voigt function. The dashed line is a guide to the eye.  
b) Right: Correlation of the Raman peak maxima (Eg mode) and the crystallographic film densities derived from 
corresponding XRD patterns to the oxygen stoichiometry factors determined by RBS. 
 

The quantitative correlation of the peak positions derived from the spectra in Fig. 71 a) with 
the oxygen content from the RBS analysis (Fig. 71 b) exhibits a linear dependence for  
x(O) ≤ 1.90 with deviations towards higher x(O) values. The crystallographic density 
determined from X-ray diffraction patterns of these films reveals the same trend as the Raman 
shift, i.e. it decreases proportional to the oxygen deficiency. These findings can be 
rationalized considering that the oxygen deficiency is the result of a reduction according to 
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OO
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′

→ ••+  (64). 

The associated generation of vacancies in the anionic sublattice lowers the material density. 
Secondly, the valence change from Zr4+ to Zr3+ for a fraction of the cations reduces the 
average charge per volume ratio in the lattice and as a consequence also the inner energy, 
which is, in the case of ionic crystals, a measure of the binding energy. The energy of the 
lattice modes probed by Raman spectroscopy is coupled to the binding energy among the ions 
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participating in an individual vibration. In the case of molecules a simple oscillator model 
predicts a square root dependence of the resonance frequency, being proportional to the 
Raman shift υ~∆ , on the binding force. Although the treatment of lattice modes is much more 
complex, involving energy band calculations, these arguments help to understand 
qualitatively the observed red shift of the Raman modes with increasing oxygen deficiency in 
the YSZ films. This effect could be used for a quantitative determination of the film oxygen 
content with micro Raman spectroscopy as a fast, low cost alternative to e.g. ion beam 
analytical techniques. 
 

 
4.2 Film microstructure and phase composition 

4.2.1 Crystallinity and phase composition 

The crystallinity and crystallographic phase composition of the PLD-grown YSZ layers were 
analyzed by X-ray diffraction (compare chapter 2.3.4). Fig. 72 depicts an example of 
diffraction patterns for 8YSZ thin films deposited at room temperature respectively at a 
substrate temperature of 600°C. 
 

 

Fig. 72: X-ray diffraction patterns, normalized to the most intense reflection, of ~500 nm thick 8YSZ films 
deposited on sapphire (0001) at 25°C respectively 600°C (λ: 193 nm, τp: 25 ns, F: 1.5 J/cm², d: 55 mm,  
pO2: 1.0 Pa). The (0006) reflection of the substrate is marked with an asterisk. The diffraction pattern of  
c-8YSZ powders as listed in the PDF-2 database of the International Centre for Diffraction Data (ICDD) is 
included as a reference. 
 

The absence of any distinct reflections in addition to the substrate peak at a 2θ angle of 
41.685° indicates an amorphous nature of the layer deposited at room temperature, which was 
confirmed for the complete investigated pressure range (0.1-50 Pa). The XRD patterns reveal 
only very weak and broad (FWHM ~5°) film signals (‘amorphous halo’), which originate 
from the near-range order in the amorphous state. This evidence agrees with reports about the 
growth of amorphous YSZ layers on Si substrates by PLD [113, 247]. Other authors observe 
contrarily the formation of nanocrystalline YSZ coatings for low temperature PLD, which 
could be caused by the higher fluences of ~4 J/cm² employed in these studies [110, 141].  
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Zhu et al. [113] claim that amorphous YSZ layers are thermally stable up to at least 400°C, 
which, however, is not supported by our data (compare also chapter 5). 

The films deposited at a substantially higher temperature, e.g. 600°C as shown in Fig. 72, 
exhibit reflections in addition to the substrate signals, which can be attributed to a long range 
lattice order in these layers. The patterns consistently agree with the cubic fluorite structure as 
expected for 8 mol% Y2O3 stabilized zirconia (compare section 1.3.3.2). The comparison to 
powder diffraction data in Fig. 72 illustrates moreover a pronounced texture of the PLD 
coatings. A preferential (111) orientation with a variable fraction of additional (100) 
orientation is obtained in agreement with recently published results [108]. Rocking curves of 
the (111) reflection reveal a large FWHM of ~2.5°, which confirms the imperfect epitaxy and 
polycrystalline nature. The formation of crystalline films at elevated substrate temperatures 
can be attributed to the enhanced surface mobility of adatoms during the growth process and 
emphasizes the significance of the temperature as a control parameter for the order on the 
atomic scale. 

The effect of the PLD process parameters on the resulting crystallographic phase composition 
of the films deposited from a partially stabilized 3 mol% Y2O3 stabilized ablation target is 
illustrated in Fig. 73. Exemplary X-ray diffraction patterns of three films deposited at 
different substrate temperatures and oxygen background pressures are presented on a 
logarithmic intensity scale for a clearer visualization of the structure of the weaker reflections.  
 

 

Fig. 73: X-ray diffraction patterns of ~500 nm thick 3YSZ films deposited on sapphire (0001) at different 
substrate temperatures and oxygen background pressures on a logarithmic scale (λ: 193 nm, τp: 25 ns,  
F: 1.5 J/cm², d: 55 mm). Reflexes from the sapphire substrate are marked with an asterisk. The diffraction 
patterns of t-3YSZ and c-8YSZ powders as listed in the ICDD PDF-2 database are included as references.  
The abrupt rising edges of the most intense peaks are an artefact of the Ni filter used. 
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Analogous to 8YSZ, deposition at room temperature yields irrespectively of the background 
pressure amorphous layers. Polycrystalline films are obtained at the substantially higher 
substrate temperature of 600°C. At background pressures ≥ 1 Pa the diffraction patterns match 
the reference pattern for the tetragonal t´ phase of ZrO2 with a characteristic doublet splitting 
of the cubic (X00) lines at 2θ angles ~35° and 72-75°. However, at the lowest investigated 
pressure, i.e. an oxygen partial pressure of 0.1 Pa, the diffraction pattern consists only of 
singlet peaks, suggestive of a cubic symmetry, and reveals a strong preferential (111) and 
(100) orientation as observed for the 8YSZ layers. Accordingly, the axial ratio, c/a, of the 
pseudo-cubic lattice parameters, which is a measure for the tetragonal distortion of the cubic 
fluorite structure, is found to decrease systematically with the applied pressure and drop to 
unity, i.e. no distortion, below a pO2 of 1 Pa (Fig. 74). 
 

 

Fig. 74: Variation of the pseudo-cubic lattice parameters and the axial ratio, c/a, as a function of the oxygen 
background pressure applied for the deposition of crystalline ~500 nm thick 3YSZ films (λ: 193 nm, τp: 25 ns,  
F: 1.5 J/cm², d: 55 mm, T: 600°C). Lines are included to guide the eye. 

 
Apparently contradictory, the micro Raman spectrum of the film deposited at 0.1 Pa (Fig. 75) 
exhibits, equally to the 3YSZ layers grown at higher pO2, in the spectral region of  
200-800 cm-1 five characteristic bands at 255, 328, 470, 607 and 640 cm-1, which are 
indicative of a tetragonal phase [216, 237]. The comparison to the reference spectra obtained 
on bulk YSZ samples indicates that the Raman spectrum of cubic zirconia on the other hand 
consists of a single broad peak at ~617 cm-1. 
 
As pointed out in the introduction, the Y2O3-ZrO2 system exhibits, in addition to the cubic 
fluorite phase, a pseudo-cubic phase with a tetragonal symmetry, which is induced by oxygen 
displacements along the c-axis (t´´ metaphase, compare Fig. 12). Both phases have a c/a ratio 
of unity. X-ray diffraction provides no means to distinguish between these phases owing to 
the small scattering factor of oxygen atoms and the resulting insensitivity to oxygen 
displacements. The diffraction pattern will invariably suggest cubic symmetry with singlet 
peaks. Raman spectroscopy as a probe to local bond distances and angles is particularly 
sensitive for the discrimination of zirconia polymorphs (compare also section 2.3.5) and 
allows detecting the subtle displacements in the oxygen sublattice [90, 93]. The total evidence 
of a tetragonal symmetry detected by Raman spectroscopy and an axial ratio c/a of unity,  
as deduced from the X-ray diffraction pattern, allows therefore identifying the phase formed 
by PLD of 3YSZ at low oxygen background pressure unambiguously as the t´´ metaphase. 
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As the phase diagram (Fig. 11) 
illustrates, the t´´ phase is stabilized by 
dopant concentrations well in excess of 
3 mol% Y2O3 and is normally detected 
for 7 to 9 mol% Y2O3 in YSZ [90]. 
However, a shift of the tetragonal-cubic 
phase boundary to smaller dopant 
concentration has been noted for 
decreasing oxygen content in the system 
ZrO2-CeO2 [91]. The strong oxygen 
deficiency detected for films deposited 
in the low pressure regime (compare 
Fig. 68) may therefore be the origin    
for the formation of the t´´ phase in      
layers containing just 3 mol% Y2O3. 
Additionally, the non-equilibrium 
conditions in pulsed laser deposition 
(compare section 1.4), in particular the 
high kinetic energy of the ablated 
species at low background pressure, 
favour the growth of metastable      
phases [248]. 

No secondary phases were detected by X-ray diffraction or micro Raman spectroscopy for all 
studied YSZ thin films. 
 

4.2.2 Microstructure 

The subsequent discussion of the dependence of the film microstructure on the PLD growth 
parameters, i.e. the substrate temperature and the background pressure, will focus on the data 
for 3YSZ films. However, no principal differences in the growth of 8YSZ layers were 
observed and consequently the presented results are transferable if not stated otherwise. 

As the X-ray diffraction experiments revealed, the YSZ layers deposited at room temperature 
were amorphous irrespective of the background pressure. The SEM micrograph in Fig. 76 a) 
indicates that these layers exhibit for low deposition pressures of up to ~2.5 Pa  
(shown: 1.0 Pa) a dense and uniform microstructure without any visible fine structure,  
which is consistent with their isotropic amorphous nature. The surface roughness is on the 
order of the roughness of the blank substrate, i.e. Rq is ~2 Å.  

Amorphous 3YSZ layers grown at higher pressure reveal an increasing porosity, growing in 
columnar structures around 100 nm in diameter, which are separated by voids (Fig. 76 b).  
The columns consist of agglomerated small spherical particles with a diameter of typically 
10-20 nm at 7.5 Pa. These particles are probably formed by nucleation and growth in the 
plume at elevated pressures [249] as discussed below (compare also chapter 1.4.4). 
 

 

Fig. 75: Micro Raman spectra of a crystalline ~500 nm 
thick 3YSZ film deposited at 600°C and 0.1 Pa  
(λ: 193 nm, τp: 25 ns, F: 1.5 J/cm², d: 55 mm) and,  
for comparison, of sintered bulk t-3YSZ and c-8YSZ 
samples. Raman bands of the sapphire substrate are 
marked with an asterisk. 
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Fig. 76: SEM top view and tilted angle cross-sectional (insets) images of ~500 nm thick 3YSZ films deposited 
by PLD (λ: 193 nm, τp: 25 ns, F: 1.5 J/cm², d: 55 mm) at a) 25°C and 1.0 Pa, b) 25°C and 7.5 Pa, c) 600°C and 
1.0 Pa, d) 600°C and 7.5 Pa. 
 

A similar pressure dependence of the film porosity is seen for the polycrystalline layers 
obtained at an elevated substrate temperature of 600°C, forming dense columnar 
microstructures for pressures < ~2.5 Pa (Fig. 76 c). The columns grow highly oriented along 
the direction of the surface normal and extend throughout the complete film.  
The mean column width shows a narrow size distribution for pO2 ≤ 1 Pa and increases with 
pressure from ~10 nm (at 0.1 Pa) to ~20 nm (at 1.0 Pa) and to ~50 nm with interspersed 
smaller ~20 nm sized grains (at 2.5 Pa) as shown in Fig. 77. 
 

 

Fig. 77: SEM top view images of ~500 nm thick crystalline 3YSZ films deposited by PLD (λ: 193 nm, τp: 25 ns, 
F: 1.5 J/cm², d: 55 mm, T: 600°C) at an oxygen background pressure of a) 0.1 Pa, b) 1.0 Pa, c) 2.5 Pa. 
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Simultaneously the surface roughness rises from Rq < 0.5 nm at 0.1 Pa to reach ~3.3 nm at  
2.5 Pa. The micrograph of the layer grown at 2.5 Pa indicates a transition to a bimodal size 
distribution observed as well for 8YSZ layers, which however generally consisted of larger 
grains with a width of 20-30 nm (at 0.1 Pa), 50-80 nm (at 1.0 Pa) and ~120 nm, interspersed 
with smaller (20-30 nm) grains (at 10 Pa). The mean free pathway of the ablated species is 
several times larger than the target to substrate distance at 0.1 Pa (compare Fig. 17).  
This suggests that almost no collisions between the background O2 gas molecules and ablated 
species occur, resulting in high kinetic energies and a narrow distribution of incident angles of 
the species arriving at the surface, yielding smooth and uniform surfaces. With increasing 
pressure, scattering has to be taken into account, resulting in a loss of kinetic energy available 
to the nucleation process and a wider distribution of incident angles, which induces 
shadowing effects on the growing film [190]. Both effects promote the formation of rougher 
surfaces with larger features. 

At higher pressures of 7.5 Pa the columns are growing in a disordered manner (Fig. 76 d). 
Intercolumnar voids are clearly visible, indicating an evolving porosity although the latter is 
less pronounced than for the amorphous layer deposited at the same pressure (Fig. 76 b). 
Again, a bimodal size distribution is observed with comparatively large (100-300 nm) sharp, 
spike-like features penetrating a matrix of smaller columns (~20 nm width). 

Spherical particles with a size in the range of several 10-100 nm covering the porous layer 
surface are found upon a further increase of the pressure to 50 Pa (Fig. 78). 
 

 

Fig. 78: SEM image (tilt angle: 15°) of spherical particles on the surface of a 3YSZ layer deposited at 600°C  
and 50 Pa (λ: 193 nm, τp: 25 ns, F: 1.5 J/cm², d: 55 mm). The agglomerates have a size in the range of  
several 10-100 nm. 
 

The bimodal feature size distributions and the nanoparticle formation originate probably from 
condensation during the transfer to the substrate in the plume. High background pressures can 
confine the plume and moderate the energetic species by multiple collisions,  
enabling nucleation and the growth of clusters in the gas phase (compare section 1.4).  
The formed clusters impinge on the surface of the substrate, where they may grow further, 
and represent therefore a pathway of material deposition in competition to the film growth 
from vapour species. At small sizes the cluster may be incorporated into the growing film, 
yielding the observed larger features in the bimodal microstructure (compare Fig. 77 c).  
The condensation culminates in the formation of nanoparticles at the highest investigated 
pressures, which are only weakly attached to the surface (compare Fig. 78). Spherical droplets 
ejected within the laser ablation process from a molten target surface would have a larger size, 
i.e. typically several hundred nm to micrometers (compare Fig. 57). 
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The dense columnar microstructures of crystalline films obtained at pO2 ≤ 1 Pa agree to a  
zone 2 type structure in the microstructural model established by Thornton [190]  
(compare section 1.4.4), which can be expected for the maximum applied deposition 
temperatures of 600-700°C corresponding to a reduced temperature, Tr, of ~0.3.  
The energetic contribution of the plume species to the growth process diminishes with 
increasing pressure and shadowing becomes significant, resulting in a gradual transition to 
porous fibrous structures (zone 1 structure type) with intercolumnar voids observed in the 
range of 2.5-7.5 Pa. Similarly, Infortuna et al. [141] found a transition from dense (transition 
zone type T) to porous fibrous (zone 1 structure type) structures for the growth of 8YSZ and 
Gd-doped ceria PLD films at a threshold pressure of ~5 Pa. The PLD-specific growth of 
clusters in the plume above this threshold pressure prevented the formation of dense 
microstructures even at high substrate temperatures of 900°C. Fig. 76 b) illustrates that this 
effect is particularly important for the deposition of amorphous layers under kinetically 
impeded growth conditions. The low adatom surface mobility prevents a significant structural 
reorganization of the material deposited on the substrate such as a ‘dissolution’ of the clusters. 
The growth of non-porous amorphous layers requires therefore stringently low pressure 
environments in which no clustering occurs in the gas phase and shadowing is negligible. 
Recently, Di Fonzo et al. [250] related the density of PLD-grown amorphous alumina 
coatings to the kinetic energy of the impinging flux, which depends in addition to the 
background pressure, p, on the target to substrate distance, d, for fixed laser ablation 
parameters. They proposed an empirical scaling law of p0.5·d with a transition from 
homogeneously dense layers for values < 0.08 Pa0.5·m to columnar microstructures and 
eventually to porous cluster-assembled films for values > 0.4 Pa0.5·m. The experimental data 
of the present work yield a closely related value of ~0.34 Pa0.5m for the transition to porous 
cluster-assembled amorphous YSZ films, which suggests that this scaling law for 
microstructural growth characteristics is at least also valid for chemically similar systems. 
 

 
4.3 Conclusions 

The derived qualitative dependence of the YSZ film characteristics on the PLD process 
parameters can be summarized in a pressure-temperature map (Fig. 79). The most essential 
information that can be extracted from this plot is that with regards to the intended growth of 
dense layers for solid electrolyte applications only the low pressure domain (≤ ~2.5 Pa)  
is eligible. Herein, the selection of the substrate temperature enables to deposit either  
isotropic amorphous or polycrystalline oriented nanocolumnar sub-µm 3YSZ films of the  
t´ or t´´ phase, respectively 8YSZ films of the cubic fluorite phase. The mean column width in 
the polycrystalline layers can be adjusted between ~10 and ~45 nm for 3YSZ respectively  
~20 to ~80 nm for 8YSZ films by variation of the pressure within this domain. The inevitable 
oxygen deficiency induced in the low pressure regime can be cured by annealing at moderate 
temperatures of 200°C in air. 
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Fig. 79: Map of the characteristics of as-deposited YSZ films in the p-T working plane for growth by  
PLD (black squares) and PRCLA (red squares). The dashed red rectangle marks the domain, which is of interest 
for the deposition of dense layers for solid electrolyte applications. 
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5. Crystallization of amorphous YSZ layers* 
 

Thermal post-annealing provides an additional option to control a) the chemical  
composition [110] (compare chapter 4.1) and b) the microstructure of ceramic thin films.  
Amorphous films can be crystallized by post-annealing, frequently resulting in 
microstructures, which are very different to the direct deposition of a crystalline layer at 
elevated temperature. The evaluation of suitable processing conditions that produce thermally 
stable microstructures, without inducing chemical degradation reactions or mechanical failure 
due to thermal stress, is of paramount importance for thin film based high temperature devices 
such as micro SOFCs. Knowledge on the crystallization characteristics and the thermal 
microstructural evolution is thus essential for the development of ‘soft’ thin film deposition 
routes and effective microstructural engineering.  

The crystallization characteristics of YSZ have been studied intensively only for gels and 
powders derived by wet chemistry techniques, revealing a phase transformation from the 
amorphous state to nanocrystalline microstructures (Dg < 100 nm) at 400-500°C [251-256]. 
However, an inconsistent mechanistic view ranging from interpretations suggesting  
a three [252, 254] or two dimensional [256] diffusion controlled growth to a diffusionless 
transformation with interfacial control [253] exist. These differences are predominantly 
related to the different incorporated chemical species and varying agglomeration and near 
range order within the amorphous precursors prepared by the distinct precipitation  
routes [257]. 

Investigations on the crystallization of amorphous YSZ films are scarce and focus mainly on 
the effect of thermal post annealing on the electrical properties of the layers [110, 113, 247], 
although finite size and interface effects may cause fundamentally different mechanistic 
behaviour compared to three dimensional macroscopic samples. For instance,  
Kiguchi et al. [258] report rare mechanistic insights observing heterogeneous nucleation close 
to the film surface and subsequent grain growth with strain accommodation at the 
film/substrate interface for YSZ/Si and YSZ/SiOx/Si systems by high temperature  
in-situ TEM. Self-limited grain growth stabilizing nanocrystalline microstructures, differing 
from classical curvature-driven growth in bulk polycrystalline materials, was observed for 
spin coated 8YSZ films [259] and chemically related ceria-based thin films prepared by spray 
pyrolysis [260]. The inhibition of grain coarsening was attributed to elastic strain in 
amorphous phase residuals and to carbon impurities detected up to 1,000°C [151, 152]. 

                                                 
* To be published: 

S. Heiroth, R. Frison, J. L. M. Rupp, T. Lippert, E. Barthazy, E. Müller, M. Döbeli, K. Conder, A. Wokaun, and 
L. J. Gauckler, Crystallization and grain growth characteristics of yttria-stabilized zirconia thin films grown by 
pulsed laser deposition, in preparation. 
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In total, a detailed and systematic investigation of the crystallization and grain growth 
characteristics of YSZ thin films, in particular a quantitative analysis of the kinetics, is clearly 
missing so far. Amorphous thin films prepared by physical vapour techniques such  
as PLD (compare section 4.2.1), which are solvent-free and contain only a low level of 
impurities, are envisioned as ideal model systems to study the crystallization and grain growth 
behaviour of the pure material. This work aimed at a detailed investigation of the phase, 
microstrain and grain size evolution upon thermal post-annealing of amorphous PLD-grown 
YSZ films. The in-situ hot stage XRD technique (compare section 2.3.4) provides a powerful 
tool for a quantitative analysis of the crystallization kinetics. The experimental results are 
assessed from the perspective of microstructural engineering and device integration for 
substrate supported solid electrolyte membranes in comparison to other thin film deposition 
techniques employed within the collaborative NANCER project. 
 

5.1 Crystallization temperature, phase composition and stress 

Fig. 80 gives an overview of X-ray diffraction patterns for PLD-grown 8YSZ films exposed 
to an isothermal post-annealing of 20 h duration at different peak temperatures. 
 

 

Fig. 80: X-ray diffraction patterns of 1.2 µm thick PLD-grown 8YSZ films (λ: 248 nm, τp: 20 ns, F: 1.5 J/cm²,  
d: 40 mm, T: 25°C, pO2: 1.0 Pa), post-annealed ex-situ at different temperatures for an isothermal dwell time  
of 20 h. Intensities are normalized to the (111) reflection. Reflections of the sapphire substrate are marked with 
an asterisk. The individual patterns are offset and the dominant Al2O3 (0006) reflection at 2θ = 41.685° is cut for 
clarity. Miller indices, peak positions and relative intensities for an 8YSZ powder reference sample  
(ICDD PDF card #030-1468) with cubic fluorite-type structure are included for comparison. 
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As discussed previously in section 4.2.1, the as-deposited layers are amorphous for growth at 
ambient temperature, missing any distinct film reflections indicative of long-range lattice 
order in the diffraction experiments, which exhibit exclusively reflections of the sapphire 
substrate. These layers show only a weak and broad ‘halo’ (FWHM ~5°) in the 2θ regions 
where distinct reflections are expected for the cubic fluorite structure of zirconia,  
which can be attributed to the near-range order in the amorphous state [261]. No changes can 
be observed in the film diffractograms up to an annealing temperature of 200°C,  
i.e. the amorphous nature is preserved.  

Distinct film-related sharp peaks appear in addition to the substrate reflections for layers 
annealed at higher temperatures in the range of 250-1,000°C, indicating a crystallization of 
the deposited material. Their diffraction patterns agree with the ICDD powder reference for 
the cubic fluorite type phase (space group Fm3m) commonly found for fully stabilized 
zirconia [88] and reveal a preferential (111) orientation with respect to the surface normal of 
the sapphire substrate, which is particularly favoured above 400°C. This is consistent with the 
observed texture of the as-deposited crystalline 8YSZ thin films grown by PLD at elevated 
temperatures (compare chapter 4.2.1) and indicates comparatively low interfacial and surface 
energies of (111) oriented grains [262]. The film diffractograms in Fig. 80 revealed no 
reflections due to impurities or secondary phases, proving that interfacial reactions of the YSZ 
films with the alumina substrate and cation interdiffusion are negligible up to temperatures  
of 1,000°C. 

The X-ray diffraction patterns for temperatures ≥ 250°C in Fig. 80 match unambiguously with 
the cubic fluorite-type phase of zirconia, revealing e.g. no evidence for a splitting of  
the (X00) reflections to a doublet peak structure, which would be indicative of a tetragonal  
phase (compare section 4.2.1). However, the complexity of the Y2O3-ZrO2 phase  
diagram (compare section 1.3.3.2) requires the complementary use of Raman spectroscopy as 
a sensitive probe also for light elements such as oxygen for a reliable identification of the 
crystalline phase [90, 93]. Fig. 81 presents Raman spectra of PLD-grown YSZ films annealed 
at different temperatures.  
 

 

Fig. 81: Background corrected micro Raman spectra (λ: 632.8 nm) of as-deposited and annealed  
(different peak temperatures, 20 h isothermal dwell time) ~1.2 µm thick YSZ films grown by PLD  
(λ: 248 nm, τp: 20 ns, F: 1.5 J/cm², d: 40 mm, T: 25°C, pO2: 1.0 Pa). A spectrum of the uncoated LaAlO3 (110) 
substrate is included as a reference. The vertical lines mark the positions of the Raman bands reported for  
a) tetragonal (dashed lines) and b) cubic (solid line) bulk YSZ [216]. 
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The as-deposited film exhibits only a very weak and broad Raman signal ~550-600 cm-1 in 
addition to the sharp peak at 489 cm-1 as the single mode of the LaAlO3 substrate in the 
investigated spectral range [217]. Differently, the layer crystallized at 300°C reveals a strong 
asymmetric Raman signal with a maximum at 620 cm-1 and a pronounced low frequency 
shoulder. A systematic blue shift of this mode and the appearance of additional  
bands ~257 cm-1, 325-370 cm-1, 470-480 cm-1 are observed towards higher annealing 
temperatures (≥ 500°C). 

Table 10 summarizes the observed Raman shifts and FWHM in comparison to reference data 
for microcrystalline YSZ powder samples of the cubic respectively tetragonal phase and 
provides assignments of the individual modes in accordance with the literature.  
 

Table 10: Raman shifts, FWHM and assignment of the modes observed in the spectra of annealed YSZ thin 
films (Fig. 81) in comparison to reference data of sintered microcrystalline YSZ samples of the cubic 
respectively tetragonal phase (Fig. 40). 
 

Material 
T20 h  
[°C] 

Raman shift  
[cm-1] 

FWHM 
[cm-1] 

Mode assignment 

LaAlO3(110) - 489.9 4.5 Eg bending mode (LAO) [217] 

microcryst. YSZ 
(cubic phase) 

- 617.2 54.3 F2g symmetric O-Zr-O stretching mode [216] 

microcryst. YSZ 
(tetragonal phase) 

 256.5 30.3 Eg OII-Zr-OII stretching mode [216, 246] 

 318.2 29.8 B1g bending & stretching mode [216, 246] 

 460.7 27.4 Eg bending & stretching mode [216, 246] 

 603.4 51.4 A1g symmetric O-Zr-O stretching mode [216] 

 640.0 23.8 Eg asymmetric O-Zr-O stretching mode [216] 

YSZ film 

as-dep. 
489.9 
568.5 

4.8 
50.5 

Eg (LAO) 
O-Zr-O stretching (amorphous YSZ) 

300 
490.2 
620.0 

5.0 
78.0 

Eg (LAO) 
F2g (c-YSZ) 

500 

257.0 
358.5 
490.2 
626.1 

42.6 
41.3 
5.0 

59.5 

Eg (t-YSZ) 
B1g (t-YSZ) 
Eg (LAO) 

F2g (c-YSZ) + A1g & Eg (t-YSZ) 

800 

252.6 
343.1 
484.4 
628.8 

40.4 
72.7 
37.4 
52.8 

Eg (t-YSZ) 
B1g (t-YSZ) 
Eg (t-YSZ) 

F2g (c-YSZ) + A1g & Eg (t-YSZ) 

1,000 

257.3 
326.6 
472.0 
632.9 

49.7 
53.7 
33.4 
55.1 

Eg (t-YSZ) 
B1g (t-YSZ) 
Eg (t-YSZ) 

F2g (c-YSZ) + A1g & Eg (t-YSZ) 
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The single peak at 620 cm-1 in Fig. 81 is due to the triply degenerate F2g symmetric O-Zr-O 
stretching mode, characteristic for the cubic modification of zirconia [216, 263], which proves 
the exclusive formation of this phase at low annealing temperatures (300°C).  
The lower symmetry of tetragonal zirconia results in a larger number of Raman-active modes,  
i.e. an Eg stretching mode ~259 cm-1, two coupled Zr-O bending and stretching modes  
at ~322 cm-1 (B1g) respectively ~464 cm-1 (Eg), and the symmetric (A1g) and asymmetric (Eg) 
O-Zr-O stretching modes at ~606 cm-1 respectively ~642 cm-1 [216, 246]. These peaks are 
observed, partly slightly shifted, for annealing temperatures ≥ 500°C in addition to the F 2g 
mode and evidence thus the transition to a phase mixture of cubic and tetragonal zirconia.  
The systematic blue shift of the peak ~620 cm-1 towards higher annealing temperature can be 
accounted for by the superposition of the F2g band of the cubic phase (620 cm-1) and  
the A1g (606 cm-1) and dominant Eg (642 cm-1) bands of the tetragonal modification indicating 
an increasing fraction of the tetragonal phase. 

The total evidence of Raman spectra revealing tetragonal zirconia while the corresponding  
X-ray diffractograms (Fig. 80) show cubic symmetry allows an unambiguous identification of 
the t´´ metaphase (compare section 1.3.3.2 and 4.2.1), which is thus formed in the YSZ layers 
at annealing temperatures ≥ 500°C. Yashima et al. [90, 93], who studied the tetragonal-cubic 
phase boundary in rare earth oxide stabilized zirconia intensively, concluded that the t´´ phase 
is favoured compared to the formation of the cubic modification for dopant levels  
of 14-18 mol% (see also the phase diagram, Fig. 11), which corresponds to the PLD film 
composition with on average 15.3 ± 0.4 mol% Y2O3 as measured by PIXE. However, as seen 
above, crystallization of the YSZ films at low to intermediate temperatures results in the 
exclusive (300°C) or preferential (500-800°C) formation of the cubic phase.  
A structural similarity between the cubic phase and the initial amorphous state has been 
suggested to explain analogous results for YSZ gels and films deposited by wet chemical  
techniques [255, 264]. The transformation to more stable, but simultaneously more complex 
phases of lower symmetry seems to require a higher thermal activation. 

The weak broad Raman signal at 550-600 cm-1 of the as-deposited YSZ layer can be 
attributed to O-Zr-O stretching vibrations in the structurally disordered amorphous state.  
An analogous red shift of the F2g stretching mode was observed for amorphous versus 
crystalline CeO2 thin films [265].  

Generally, the position, width and shape of Raman and XRD peaks are affected by defects 
and stress in the films [214, 266, 267]. Following Ortiz et al. [268] residual stresses can be 
classified to their active domain dimensions with i) macroscopic stress e.g. by mechanical  
or thermal treatments, ii) intergranular or interphase stress on the µm-level and  
iii) intragranular microstrain by lattice defects on an atomic level such as dislocations or 
stacking faults.  

Stresses of the category i) or ii) induce global variations of the lattice spacing, resulting in a 
peak shift and possibly an asymmetric peak shape. For instance, Tanaka et al. [269] reported a 
linear dependence of the Raman peak position of the asymmetric O-Zr-O stretching mode for 
tetragonal YSZ on macroscopic uniaxial stress with a proportionality factor of 25 cm-1·GPa-1. 
They find that compressive stress translates to a blue shift in the Raman peaks.  
Accordingly, the observed blue shift of the peak positions in the spectra of the PLD-grown 
YSZ films versus the microcrystalline reference data (Table 10), e.g. 620 cm-1 (film annealed 
at 300°C) versus 617.2 cm-1 (microcrystalline cubic YSZ) for the F2g mode, suggests 
considerable compressive stress in the layers.  
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This is supported by a quantification of the residual strain, εr, from the XRD peak positions by 
the relative change in the lattice spacing, d, i.e. 

00

0

d
Δd

d
ddεr =

−
=  (65), 

where d0 represents the reference value of the unstrained lattice [270]. 

The inset in Fig. 82 shows a magnified view of the 2θ-region around the (200) reflection for 
the diffraction patterns of the annealed YSZ films revealing a peak shift towards larger Bragg 
angles with increasing annealing temperature. The relative changes of the out-of-plane lattice 
spacing calculated from the film diffraction peak positions according to eq.(65) for several 
reflections, using the values of the ICDD database for cubic 8YSZ powder as a reference (d0), 
are plotted in Fig. 82. Consistently negative strain values are observed, which indicates a 
compressive stress component in the film along the direction of the surface normal. 
Accordingly, cubic lattice parameters, a, in the range of 5.12(2) to 5.13(2) Å, which are 
consistently smaller than the reference value of 5.139 Å for stress-free microcrystalline 
powder can be calculated from the peak positions in the film X-ray diffraction patterns. 
Compressive stress may e.g. result from the mismatch of the thermal expansion coefficients 
between substrate and film, Δα ~6.5·10-6 K-1, upon cooling of the plasma-heated surface in the 
deposition process or from intergranular stress induced within the crystallization step.  
 

 

Fig. 82: Relative changes of the lattice plane spacing for different Bragg peaks for ~1.2 µm thick YSZ films 
grown by PLD (λ: 248 nm, τp: 20 ns, F: 1.5 J/cm², d: 40 mm, T: 25°C, pO2: 1.0 Pa) as a function of the annealing 
temperature. The inset shows the (200) reflection for several annealing temperatures. The patterns are offset and 
normalized for a better comparison. 
 

Fig. 82 suggests an increase of the strain for temperatures above 600°C in the out-of-plane 
direction. However, an analysis of the net stress needs to consider its tri-axial character 
requiring more sophisticated X-ray techniques than symmetric scans, e.g. pole figure 
measurements, to gain information on the in-plane lattice parameters [271] or, alternatively, 
Raman spectroscopy. As Table 10 reveals, the Raman peak positions approach the values of 
the stress-free powder reference with increasing annealing temperature, shifting for instance 
from 358.5 cm-1 (500°C) to 343.1 cm-1 (800°C) and 326.1 cm-1 (1,000°C) for the B1g mode of 



Crystallization of amorphous YSZ layers | 115 

the tetragonal phase with a reference value of 318.2 cm-1. This evidence indicates that the net 
compressive stress relaxes upon heat treatment of the thin films. 

Microstrain, i.e. stress of category iii) in Ortiz’s classification, leads to a variation of the 
lattice spacing around its mean value, causing a peak broadening. Microstrain-related Raman 
peak asymmetry and broadening was e.g. shown for ceria thin films and nanocrystalline 
powders [265, 272]. The FWHM of the F2g mode was reported to increase with the lattice 
disorder from ~9 cm-1 for microcrystalline CeO2 powder, to ~15 cm-1 for crystalline thin films 
and ~25 cm-1 for amorphous layers [265]. These values are small compared to YSZ with a 
FWHM of e.g. 54.3 cm-1 observed for the same mode in the case of a microcrystalline sample 
of the cubic modification (Table 10). However, unlike the situation for undoped metal oxides 
like ceria, the large FWHM and asymmetry of the Raman peaks in YSZ such as the low 
frequency shoulder of the band ~620 cm-1 are induced and dominated by the structural 
disorder associated with the high level of oxygen vacancy point defects introduced to the 
ZrO2 lattice by the yttria dopant [237, 263] according to eq.(21). An additional microstrain-
related contribution to peak broadening can be expected from the Raman spectra for the YSZ 
films since they reveal by tendency larger FWHM values than the corresponding 
microcrystalline reference samples (Table 10), e.g. a maximum of 78 cm-1 for the F2g mode of 
the layer annealed at 300°C. 

A quantification of the microstrain present in the annealed films is possible by a detailed 
analysis of the angular variation of the peak width for the X-ray diffraction data (compare 
section 2.3.4). Fig. 83 displays representative Williamson-Hall plots for 8YSZ layers exposed 
to different annealing temperatures from which the average grain size, Dg, and microstrain, ε, 
can be determined according to eq.(46).  
 

 

Fig. 83: Williamson-Hall plots for ~1.2 µm thick YSZ films grown by PLD (λ: 248 nm, τp: 20 ns, F: 1.5 J/cm²,  
d: 40 mm, T: 25°C, pO2: 1.0 Pa) and annealed at different temperatures. The microstrain is deduced from the 
slope of the linear regression fits while the grain size is related to the y-axis intercept according to eq.(46). 
 

Grain sizes derived from the y-axis intercept were consistently > 100 nm, i.e. beyond the size 
limit for a reliable precise determination via XRD [214]. Consequently, the major source  
of peak broadening was found to be the microstrain, derived from the slope of the  
Δ(2θ)c·cosθ versus sinθ plots.  



116 | Crystallization of amorphous YSZ layers 

Fig. 84 shows that the microstrain decreases continuously with increasing annealing 
temperature as the lattice defects ‘heal’ out, similar to findings by Dura et al. [261] on 
mechanically alloyed YSZ powders. The absolute values of ε (~0.1-0.4%) are comparable to 
those obtained for thin films grown by other PVD techniques, e.g. sputtering [273].  
They are about an order of magnitude smaller compared to thin films deposited by wet 
chemistry techniques like spray pyrolysis [260], indicating the higher structural order 
obtained in the as-deposited amorphous layers by solvent-free PVD techniques. 
 

 

Fig. 84: Microstrain of 1.2 µm thick PLD-grown 8YSZ films (λ: 248 nm, τp: 20 ns, F: 1.5 J/cm², d: 40 mm,  
T: 25°C, pO2: 1.0 Pa), ex-situ post-annealed for 20 h at different peak temperatures. 
 

The crystallization temperature of 200-250°C determined via XRD and Raman spectroscopy 
for the amorphous PLD-grown YSZ layers, as described above, is remarkably low compared 
to the higher values consistently in the range of 400-500°C, which have been reported  
for amorphous YSZ powders and gels prepared by co-precipitation or sol-gel  
processes [253-255, 274] and thin films deposited by spray pyrolysis [264].  
On the other hand, similar to the results of this work, Kiguchi et al. [258] report a relatively 
low crystallization temperature of ~300°C for amorphous 8 mol% yttria-doped zirconia layers 
deposited by PLD on Si substrates, unfortunately not mentioning details of the process 
parameters. The apparent disparity between the crystallization temperatures of amorphous 
YSZ material prepared by PVD respectively non-vacuum methods is probably related to the 
fundamentally different energetic conditions of the deposition techniques. In the wet 
chemistry based techniques only the thermal energy of kT (on the order of 0.1 eV) is available 
to nucleation and growth processes during deposition, whereas highly energetic  
species (1-100 eV) are present in pulsed laser deposition even at low substrate temperatures 
due to the significant contributions of the kinetic energy and electronic excitation [163]. 
Amorphous structures obtained by low temperature PLD attain accordingly a closer structural 
relation to the equilibrium crystalline state compared to thermal deposition techniques,  
which displays also in the lower level of microstrain as discussed above.  
Subcritical nuclei requiring only a small thermal activation for crystallization to a well 
ordered lattice upon post-annealing can be expected in the case of amorphous films prepared 
by PVD techniques. Moreover, solvent residuals, which are omnipresent in the metal oxide 
films deposited by a wet chemistry approach, may inhibit the crystallization  
process [265, 275]. 
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5.2 Isothermal crystallization kinetics 

The isothermal crystallization kinetics of the YSZ thin films were investigated using the  
in-situ hot-stage XRD technique (compare section 2.3.4) for film thicknesses of 200 nm and 
1.2 µm in the temperature range of 200-400°C. Fig. 85 presents examples for the temporal 
evolution of the (111) reflection as recorded during isothermal dwells at annealing 
temperatures of 275 and 325°C. 
 

   

Fig. 85: In-situ X-ray diffractograms of initially amorphous, as-deposited ~200 nm thin 8YSZ layers (λ: 248 nm, 
τp: 20 ns, F: 1.5 J/cm², d: 40 mm, T: 25°C, pO2: 1.0 Pa) at isothermal dwell temperatures of 275°C (left) 
respectively 325°C (right) showing the temporal evolution of the (111) reflection. 
 

In the case of the film annealed at 275°C, a weak signal starts to appear after ~45 min 
indicating the onset of the crystallization process, which proceeds continuously until after  
~3 h a constant peak intensity is reached, marking the completion of the phase transformation.  
At the depicted temperature of 325°C the crystallization process starts practically 
instantaneously and advances on a minute time scale as evidenced by increasing peak 
intensities. In this case the process is accomplished after 5-10 min, resulting in a constant 
integrated peak intensity. Remarkably, the FWHM does not change significantly during the 
transformation process indicating a fast and abrupt formation of large grains with  
dimensions > 100 nm, i.e. the intermediate nanocrystalline state, which would result in 
pronounced XRD peak broadening, is short lived and not stable (compare also section 5.3).  
Analogously, Nichtova et al. [276] report about a rapid formation of large grains and a 
negligible population of nm-sized crystallites during the crystallization of TiO2 films prepared 
by magnetron sputtering. 

The peak maxima in Fig. 85 shift continuously to larger Bragg angles with annealing time, 
which is indicative of a densification. The temporal evolution of the crystallographic film 
density, calculated according to eq.(44), is plotted on a logarithmic time scale for all 
investigated temperatures in Fig. 86. 
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Fig. 86: Crystallographic density as a function of dwell time at different peak temperatures for initially 
amorphous, as-deposited 8YSZ films of 200 nm and 1.2 µm thickness (λ: 248 nm, τp: 20 ns, F: 1.5 J/cm²,  
d: 40 mm, T: 25°C, pO2: 1.0 Pa). The vertical arrow illustrates the change of the density upon cooling to room 
temperature due to thermal contraction, yielding density values within the range marked by the hatched region. 
The horizontal dashed line indicates the density of cubic 8YSZ (20°C) calculated from the powder reference 
pattern (ICDD PDF card #030-1468), which is included as a reference. 
 

A major, sharp increase of density is ascertained in the initial phase attributed to the 
crystallization in each case, except for 350°C, where the process is almost accomplished 
already during the heating ramp. A slow, steady further increase of the density is observed 
after the accomplishment of the crystallization process. This can be rationalized in terms of an 
ordering of the crystal lattice, i.e. the ‘healing’ of defects, which advances with increasing 
temperature (compare Fig. 84) but also progressing dwell time. The overall change in density 
after 20 h annealing time translates to a mean volumetric contraction of the film  
by 2.0 ± 0.2%. This value is rather low compared to volumetric changes of ~15% reported for 
the crystallization of wet chemistry based metal oxide thin films [151], which can be 
attributed to the enhanced near range order and the absence of solvent residuals for the 
amorphous PLD-grown films. A small volumetric change is important from an application 
perspective as it minimizes the associated stresses that may cause rupture of the film upon 
crystallization. The mean linear thermal expansion coefficient, α, of the YSZ films can be 
deduced from the density change upon cooling to room temperature, indicated by the dashed 
vertical arrow in Fig. 86, yielding a value of α = (11.1 ± 0.7)·10-6 K-1, which is close to the 
value reported for the bulk material of 10.5·10-6 K-1 [277]. The crystallographic density of the 
as-deposited amorphous YSZ films can be estimated to be 5.86 ± 0.1 g/cm³ taking into 
account the thermal contraction. This value is only slightly smaller than the density of  
a 8 mol% Y2O3-doped zirconia single crystal (5.99 g/cm³ [278]) confirming the high packing 
density in the amorphous PLD-grown YSZ layers. Packing densities considerably lower than 
the theoretical density are typically reported for amorphous wet chemistry based metal oxide 
thin films [265]. 

Quantification of the crystallized volume fraction from the transient diffraction patterns in 
Fig. 85 relies on the determination of the fully transformed state. The peak intensities attain a 
time-constant intensity, which might be seen as a first indication that the transformation 
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process is completed since the amount of crystalline material is proportional to the integral 
peak intensity. However, it is possible that a certain fraction of amorphous phase is retained at 
a fixed annealing temperature [152, 279]. In this case, an additional thermal input,  
i.e. exposure to a higher temperature, should shift the phase distribution in favour of the 
crystalline phase causing an increase in the diffraction peaks. The multistep in-situ XRD 
experiment depicted in Fig. 87 was utilized to verify the completion of the crystallization 
process in the 8YSZ PLD layers. 
 

 

Fig. 87: Diffraction patterns of an as-deposited PLD-grown 8YSZ layer (t: ~200 nm) in the 2θ-range of  
29.5-30.5° as obtained in a multiple step in-situ XRD experiment. Initially the layer is amorphous as evidenced 
by the absence of any diffraction peaks (A). Crystallization occurs during an isothermal dwell at 250°C as shown 
by the pronounced peak of the (111) reflection detected at the end of the 20 h dwell period (B) and  
cooling down (C). A subsequent isothermal dwell at a significantly higher temperature of 400°C does not 
increase the peak intensity anymore (D) indicating that the crystallization process was accomplished within the 
dwell period at the lower temperature. 
 

Starting from the amorphous state (A) yielding no diffraction peak, the sample was heated to 
250°C, the lowest applied temperature where crystallization was observed. After 20 h of 
isothermal dwell at 250°C a time-constant peak is obtained (B). A subsequent 5 h isothermal 
dwell at a significantly larger temperature of 400°C (D) caused a peak shift due to 
densification, but did not affect the integral peak area, i.e. the crystallization must have been 
accomplished already during the heat treatment at the lower temperature. It is therefore 
justified to use the integral area of the fluorite structure (111) reflection obtained after 20 h of 
isothermal dwell at each temperature as a reference value (Af) for the fully crystallized state. 
The volume fraction x(t), which is transformed from the amorphous to the crystalline phase 
within the time t, i.e. the film’s degree of crystallinity, can be deduced from the ratio of the 
detected integrated peak area for the given time, A(t), to the reference value of complete 
crystallization [253] 

fA
A(t)x(t) =  (66). 

The transformed volume fraction of the films calculated according to eq.(66) from the  
(111) reflection in the experimental transient in-situ diffractograms is plotted in Fig. 88 on a 
logarithmic time scale for all investigated films and annealing conditions.  
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Fig. 88: Degree of crystallinity calculated according to eq.(66) from the integrated intensity of the  
(111) reflection in the in-situ XRD patterns as a function of the dwell time at different peak temperatures for 
initially amorphous, as-deposited 8YSZ films (λ: 248 nm, τp: 20 ns, F: 1.5 J/cm², d: 40 mm, T: 25°C, pO2: 1.0 Pa) 
of 200 nm and 1.2 µm thickness. 
 

In accordance with the ex-situ annealing experiments in air, no crystallization is observed 
within the in-situ XRD experiments in vacuum at temperatures below 250°C up to 20 h dwell 
time, while at temperatures ≥ 350°C the phase transformation is completed already during the 
heating ramp. In the temperature range of 250-325°C the curves reveal a characteristic 
sigmoidal shape. At the lower temperatures the process starts only after a thickness-
independent induction period, which exhibits a strong temperature dependency increasing 
from ~5 min (300°C) over ~25 min (275°C) to ~3 h (250°C), whereas at T ≥ 325°C the 
process starts instantaneously. The induction period is related to the nucleation process [280], 
which may be treated thermodynamically in analogy to the nucleation in film growth from the 
gas phase (compare 1.4.4) if an additional retarding term describing the elastic strain, ε, 
induced to the film matrix by the volume change of the phase transition, is introduced to 
eq.(29). The change of Gibbs free energy, ΔG, follows thus as [258] 
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with θ as the contact angle and r as the radius of a nucleus. 

The chemical potential difference between the amorphous and crystalline phase (ΔGc < 0) acts 
as the driving force of the phase transformation, while the surface energy, γ > 0, imposed by 
the formation of a new internal interface and the elastic strain energy, ε > 0, represent 
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retarding terms in eq.(67). As a result, only nuclei above a critical size are thermodynamically 
stable and grow spontaneously.  

The formation of critical nuclei is a thermally activated process with an activation energy, 
ΔG*, of [258] 
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The observed induction period can be attributed to the formation of critical nuclei from 
subcritical seeds present in the original material, which is kinetically impeded below 325°C. 

Fig. 88 reveals moreover a systematically slower phase transformation for the thicker films. 
This behaviour is expected for (preferential) heterogeneous nucleation at the interface(s) as 
the volume fraction of the interfacial region decreases with increasing total film thickness. 
Heterogeneous nucleation is energetically favoured by the geometrical term S(θ) in eq.(67), 
which lowers the activation barrier for the formation of critical nuclei in eq.(69) for contact 
angles < 180° (homogeneous nucleation: θ = 180°). Additionally, the density of defects acting 
as nucleation sites is commonly higher at interfaces than in the bulk of a phase,  
which promotes interfacial nucleation in thin film systems. On the contrary, no thickness 
dependence of the degree of phase transformation would be expected in the case of 
homogeneous nucleation since the process could start within the whole volume of the initial 
amorphous film. Wang et al. [281] showed for instance that homogenous nucleation prevails 
for the crystallization of amorphous NiTi thin films (t > ~600 nm) and find a thickness 
independent crystallization rate. 

The Johnson-Mehl-Avrami-Kolmogorov (JMAK) model [282-284] has been developed in the 
late 1930’s to early 1940’s to describe the kinetics of isothermal phase transitions proceeding 
via nucleation and growth. It considers an infinite system of a metastable phase A 
transforming to a more stable phase B for (locally) uniform and random nucleation.  
The grain growth of phase B stops at points of impingement and continues elsewhere 
unimpeded. The JMAK model has been applied to numerous different systems including 
metals, alloys, glasses, ceramics, polymers and liquid solutions in bulk and thin  
film form [280, 285, 286] as well as in surface science [287].  

According to its basic formula, the transformed volume fraction as a function of the dwell 
time, x(t), follows as 

( ) ( )nkttx  exp1 −−=  (70), 

where k is a rate constant and n, the Avrami exponent, an integer or half integer, both 
depending on the nucleation and growth mode. 

A transformation of eq.(70) yields 

 
The linear behaviour in the corresponding plot of ln[-ln(1-x)] versus ln t (Fig. 89) for the 
experimental data presented in Fig. 88 confirms thus that the crystallization of the 8YSZ films 
can be described by the JMAK model with a time-independent rate constant k. 

( )( )[ ] tnktx ln ln 1lnln ⋅+=−−  (71). 
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Fig. 89: JMAK plots and linear least square fits for the crystallization kinetic data shown in Fig. 88 at different 
isothermal dwell temperatures for PLD-grown amorphous 8YSZ layers (λ: 248 nm, τp: 20 ns, F: 1.5 J/cm²,  
d: 40 mm, T: 25°C, pO2: 1.0 Pa) with thicknesses of 200 nm respectively 1.2 µm. 
 

The values of the rate constant, k, and the Avrami exponent, n, calculated from the y-axis 
intercept respectively the slope of the linear regression fits according to eq.(71) are 
summarized in Table 11. 
 

Table 11: Avrami exponents, n, and rate constants, k, calculated from the least square linear fits in the  
JMAK plot (Fig. 89) according to eq.(71). 
 

 205 ± 5 nm thick films 1210 ± 10 nm thick films 

T [°C] n k [s-n] n k [s-n] 

250 3.25 2.7·10-15 2.68 2.9·10-13 

275 2.92 8.4·10-12 2.83 6.4·10-12 

300 3.00 1.4·10-9 2.60 6.1·10-9 

325 1.76 1.6·10-4 1.81 4.9·10-5 

 

The Avrami exponent is close to n = 3 (200 nm thick films) respectively slightly lower,  
n ~2.7 (1.2 µm thick films), for annealing temperatures in the range of 250-300°C. 
Significantly lower values of n ~1.8 are obtained for annealing at a higher temperature  
of 325°C. The absolute values of the Avrami exponent are frequently interpreted with respect 
to the crystallization mechanism, in terms of the dimensionality of the transformation or the 
nature of a diffusion-controlled process. For instance a three dimensional (hemi)spherical 
growth is expected to yield n = 4 in the case of continuous nucleation respectively n = 3 in the 
case of initial seeding [254, 285]. However, in the case of thin films, a simple mechanistic 
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interpretation is not possible without further evidence, e.g. from TEM studies, as finite size 
effects lead to deviations from the ideal model. Weinberg et al. [288] demonstrated that finite 
size effects and non-uniform nucleation generally cause a decreasing transformation rate and 
a reduction of the Avrami exponent. Nevertheless, relative changes of n may serve as an 
indicator to alterations in the crystallization mechanism. Hence, the pronounced change of the 
Avrami exponent between 325°C and 300°C (compare Table 11) is attributed to a transition 
from initial, instantaneous nucleation for T > 300°C to continuous nucleation at lower 
temperatures (250-300°C) for which a change by Δn = +1, as experimentally observed, would 
be expected theoretically. Such behaviour would be rational as the fraction of nuclei with 
sufficient energy to pass the activation barrier and reach the critical size for ongoing 
spontaneous growth increases with the temperature until all available seeds are activated 
practically instantaneously. This interpretation is supported by the coincidence with the 
previously discussed alteration of the induction behaviour from an immediate start of 
transformation (T ≥ 325°C) to finite induction periods increasing towards lower  
temperatures (250-300°C). 

The rate constant k increases systematically with the temperature (Table 11) and exhibits an 
Arrhenius-type behaviour according to 







 −⋅=
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where Ea represents the activation energy, k is Boltzmann’s constant and A is a  
pre-exponential factor. The plot of ln k versus T-1 in Fig. 90 includes only data up to 300°C 
due to the observed change of mechanism at higher temperature. 
 

 

Fig. 90: Temperature dependency of the rate constants k (Table 11) for the crystallization of as-deposited 
amorphous PLD-grown films (λ: 248 nm, τp: 20 ns, F: 1.5 J/cm², d: 40 mm, T: 25°C, pO2: 1.0 Pa) with 
thicknesses of 200 nm respectively 1.2 µm for T ≤ 300°C in an Arrhenius plot. 
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From the slope of the least square linear fits activation energies of 6.8 ± 0.7 eV (200 nm thick 
films) respectively 5.1 ± 1.3 eV (1.2 µm thick films), indicative of a strong thermal activation, 
are determined. Activation energies in the range of a few eV are characteristic for bulk 
diffusion controlled processes, whereas surface or grain boundary diffusion control typically 
yields lower values in the range of 0.1-1 eV. In the case of yttria-stabilized zirconia, oxygen 
vacancies are intrinsically present in a high concentration, imparting the mobility of anions.  
It is therefore reasonable to assume that the diffusion of the cations represents the rate 
determining step. Chien and Heuer [289] report an activation energy of 5.3 ± 0.1 eV for the  
Zr diffusion in single crystalline YSZ via point defects. This value agrees well with the data 
for the PLD-grown YSZ layers supporting the suggested mechanism of a cation bulk 
diffusion controlled phase transformation. Lower activation energies in the range  
of 2.4-3.5 eV are commonly observed for the crystallization of YSZ powders and  
gels [254, 255], which illustrates the influence of the sample preparation on solid state defect 
chemistry. The situation in a PLD-grown YSZ film is certainly closer to a single crystal than 
to gels and powders derived by wet chemistry techniques, which contain solvent residuals and 
a higher degree of structural disorder. This is confirmed by the determined microstrain and 
packing densities values as discussed above. 

 
 
5.3 Grain growth 

Transmission electron microscopy can provide important mechanistic insights to the 
crystallization process, allowing e.g. to localize the sites of nucleation and to directly 
visualize the growth mode [258] or to detect and quantify residual amorphous phases [152]. 

An amorphous PLD-grown film, which was prepared for the TEM analysis in a conventional 
way (Ar ion energy for thinning of the sample: 4.3 keV) revealed a fairly high density of 
crystallites up to several tens of nm in size embedded in an amorphous matrix. In contrast,  
the X-ray diffraction data showed a purely amorphous phase for the original film.  
This suggested that crystallization is induced by the TEM specimen preparation, which 
appears very probable considering the remarkably low phase transformation temperature 
observed for the YSZ layers.  

Fig. 91 a) shows a bright-field TEM image obtained on an as-deposited 8YSZ layer,  
which was prepared in a modified procedure using ‘soft’ conditions (Ar ion energy: 3.0 keV) 
and a minimum beam irradiance with completely defocused electron beam. The film is dense 
and appears mostly homogeneous; however, a weak contrast is visible at some locations.  
The corresponding diffractogram (inset in Fig. 91 a)) reveals that the main part of the 
intensity is allocated to diffuse rings, although a small number of singular spots is also 
observed. These observations indicate that the as-deposited film is predominantly amorphous, 
but a few small crystallites with dimensions up to 5-10 nm are present. 
 
Fig. 91 b) illustrates the effect of a short exposure of the film to the electron beam focused on 
a spot with ~300 nm diameter centred on the depicted part of the film. Grains with average 
dimensions of ~20 nm are clearly visible throughout the film as dark regions while the 
corresponding diffractogram (inset in Fig. 91 b) reveals a significant increase in the number 
and intensity of diffraction spots with a weaker diffuse background remaining.  
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Fig. 91: Bright field transmission electron micrographs of ~200 nm thick 8YSZ layers grown by PLD  
(λ: 248 nm, τp: 20 ns, F: 1.5 J/cm², d: 40 mm, T: 25°C, pO2: 1.0 Pa): a) as-deposited layer; image taken with a 
completely defocused electron beam at minimum irradiance and without previous exposure of the site,  
b) as-deposited layer after focusing the electron beam to a diameter of ~300 nm on the film. The insets in  
images a) and b) represent the corresponding electron diffractograms. 
 

These observations clearly indicate an electron beam induced crystallization and confirm the 
high sensitivity of the as-deposited PLD-grown 8YSZ layers, which require only a weak 
stimulus to initiate the phase transition. This suggests that the initial layer is purely 
amorphous and the small crystallites detected in Fig. 91 a) originate from the low electron 
beam irradiance for imaging. Electron beam induced crystallization of amorphous metal oxide 
films is well documented in the literature. Shimizu et al. [290] observed for instance that 
amorphous anodic alumina barrier layers, which are thermally stable up to 700°C, crystallize 
under electron beam irradiance in a TEM at room temperature. Roddatis et al. [291] report on 
the high sensitivity of thin zirconia films towards beam induced crystallization,  
which proceeds within 1 minute at room temperature and only somewhat slower even  
at 4.2 K, using 200 keV and 400 keV electrons. 

Fig. 91 b) shows that the formed crystallites are dispersed randomly across the film, 
indicating homogeneous nucleation, while the in-situ XRD data suggested a preferential 
nucleation for the thermally induced phase transformation. Electron beam induced 
crystallization is likely to differ significantly from thermal activation since it is not a simple 
heating effect, but dominated by the damage imparted by knock-on collisions [292, 293]. 
These may actively create defects as nucleation sites in the irradiated area whereas thermal 
crystallization relies on the present defects originating from the previous sample preparation 
steps. As observed within this work, electron beam irradiance typically induces the formation 
of comparatively small, randomly oriented polycrystals [291-293], e.g. 5-10 nm in size versus 
10-50 nm grains for thermal crystallization in the case of zirconia layers [291]. 

The sensitivity of the PLD-grown 8YSZ layers to electron beam induced crystallization even 
under ‘soft’ imaging conditions prevents the application of TEM to obtain reliable additional 
mechanistic insights to the thermal crystallization process for fully or partially amorphous 
films. On the other hand, the investigation of annealed, completely crystallized layers is 
unproblematic. 
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Fig. 92 depicts a TEM bright field image of an initially amorphous 8YSZ film, which was 
crystallized at 500°C for 20 h in air prior to imaging. The film exhibits large equiaxed grains 
with dimensions on the order of the film thickness and shapes that suggest a predominantly 
isotropic 3D growth mode. This would be compatible with the observed Avrami exponents if 
the depression of n by finite size effects is considered. Many grains extend across the  
entire film thickness and are separated by distinct boundaries. The layer is dense and  
without any discernible pores. No indication of amorphous residuals was found, i.e. a fully  
crystalline state is attained in the 8YSZ layers by annealing at moderate temperatures.  
The grain morphology suggests a heterogeneous nucleation process confirming the evaluation 
of the in-situ XRD data. Heterogeneous nucleation appears possible at both film interfaces. 
Kiguchi et al. [258] directly observed the nucleation in nanometric amorphous YSZ layers by 
in-situ TEM and located the onset of the thermal phase transformation close to the film 
surface. However, this is not related to an energetically advantageous situation inherent to the 
film/air interface, but a defect-rich surface layer that formed during TEM sample preparation. 
 

 

Fig. 92: Bright field transmission electron micrograph of a ~200 nm thick initially amorphous 8YSZ layer  
grown by PLD (λ: 248 nm, τp: 20 ns, F: 1.5 J/cm², d: 40 mm, T: 25°C, pO2: 1.0 Pa) and ex-situ annealed at  
500°C (20 h) in air. 
 

The top view SEM image of a 8YSZ film annealed at 1,000°C in Fig. 93 a) confirms that 
large faceted grains are formed rapidly, i.e. within the crystallization process (< 1 minute 
duration at 1,000°C), which is in agreement with the Williamson-Hall analysis (compare 
section 5.2). The broad grain size distribution can be approximated by a logarithmic normal 
function. It shifts only slightly towards larger grain sizes with prolonged annealing  
time, e.g. from an average grain size of 230 nm after 1 minute (Fig. 93 a)) to 264 nm  
after 20 h (Fig. 93 b)). This shows that thermal grain coarsening is negligible once the 
crystallization process is completed even at the upper limit of the investigated temperature 
range. The main contrast in the visual impression of Fig. 93 a) and b) derives from an  
increase of the root mean square surface roughness, Rq, with progressing annealing time from  
4.1 ± 0.3 nm after 1 minute to 10.1 ± 1.2 nm after 20 h as verified by atomic force 
microscopy. The roughness varies by a factor of up to 5 among single grains. 
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Fig. 93: SEM top view images of ~200 nm thick initially amorphous PLD-grown 8YSZ layers (λ: 248 nm,  
τp: 20 ns, F: 1.5 J/cm², d: 40 mm, T: 25°C, pO2: 1.0 Pa) annealed at 1,000°C for a) 1 minute and b) 20 h and 
corresponding grain size distributions (bottom). The solid lines represent least square fits to a logarithmic 
normal function. 

 

The observed behaviour differs clearly from classical curvature-driven grain growth, which is 
commonly observed for bulk polycrystalline metals and ceramics and follows a power law 
time dependency [294] 

ktDD nn
g =− 0  (73). 

Herein, Dg represents the mean grain size at a time t, D0 is the initial average grain size  
and n the growth exponent with experimental values in the range of 2-10 [260] while the 
proportionality constant k is related to the grain boundary mobility and energy. 

In contrast to eq.(73), grain growth of the 8YSZ thin films ceases once the mean grain 
dimensions approach the order of the layer thickness. This well-known specimen thickness 
effect, frequently observed for the grain growth in thin film systems [262, 295], has been 
related to a drag force of grain boundary grooves formed at the film surface by Mullins [296] 
and commonly results in close to log normal grain size distributions [262, 297].  
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An et al. [295] presented a three stage model of the grain size evolution in thin films based on 
Monte Carlo simulations taking into account the thickness effect. In stage 1 normal grain 
growth proceeds unimpeded as the average grain size is well below the film thickness.  
Grain growth slows down with the formation of columnar grains that extend through the 
entire film and intersect the surface (stage 2). In stage 3 all grains extend through the film and 
growth almost stops except for the straightening of grain boundaries and the consumption of 
small grains by adjacent larger grains via Ostwald ripening. In the case of the PLD-grown 
YSZ films, large grains with dimensions of the film thickness are formed rapidly during the 
crystallization without a stabilization of intermediate nanocrystalline states, i.e. stage 2 is 
attained. The observed minor changes of the grain size distribution after completion of the 
phase transformation relate to the processes characteristic to stage 3. 

Differently, self-limited grain growth yielding metastable nanocrystalline microstructures 
with grain dimensions well below the film thickness was reported for the heat treatment of 
initially amorphous metal oxide films prepared by precipitation based methods such as spray 
pyrolysis [151, 260, 264] or spin-coating [259, 298]. The inhibition of grain coarsening  
was attributed to a stabilization of nanocrystallites by a grain-size dependent solute  
drag [259, 279], elastic strain in amorphous phase residuals and to carbon impurities detected 
up to 1,000°C [151, 152]. The comparison to this work suggests in particular that the  
non-equilibrium deposition conditions in PLD that favour atomic scale ordering and the 
absence of solvent impurities result in a lower density of nucleation sites incorporated by 
vacuum deposition processes, which promotes the growth of larger grains. 

 

5.4 Comparison to other deposition techniques 

The crystallization and grain growth of 8YSZ layers prepared by different thin film deposition 
techniques was investigated within the collaborative NANCER project. This section will 
briefly compare the PLD results described in detail previously (chapters 5.1 to 5.3) to the 
characteristics of layers grown by r.f. sputtering and spray pyrolysis. 

The SEM images in Fig. 94 illustrate the resulting microstructural differences of 200 nm thick 
8YSZ layers annealed at 1,000°C (20 h) for the three deposition techniques.  

The r.f. sputtered and spray pyrolysed films yield nanocrystalline microstructures with  
narrow size distributions in contrast to PLD, where a fast formation of large grains  
(Dg: ~100-500 nm) with a wide size distribution is observed. The grain shape for the 
nanocrystalline microstructures is rather globular compared to the faceted contours  
obtained in the case of the PLD-grown layers annealed at temperatures above ~600°C.  
As Fig. 94 c) depicts, the films prepared by spray pyrolysis exhibit pores originating from the 
evaporation of the solvent incorporated in the as-deposited layer in contrast to the dense 
structures obtained from the PVD techniques (Fig. 94 a and b). These pores are detrimental 
for applications as solid electrolyte membranes since they compromise the required gas 
impermeability of the layer. Consequently, the vacuum techniques can be identified as more 
suitable to the fabrication of sub-µm thin solid electrolyte membranes. 
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Fig. 94: SEM top view images of ~200 nm thick initially amorphous/nanocrystalline 8YSZ layers deposited by 
different deposition techniques, i.e. a) PLD, b) r. f. sputtering and c) spray pyrolysis, after annealing at 1,000°C 
for 20 h in air. The plot at the bottom depicts the deduced corresponding grain size distributions. R.f. sputtering 
and spray pyrolysis data are provided by courtesy of R. Frison and B. Scherrer. 
 
 
The crystallization and grain growth characteristics of 8YSZ layers prepared by the three 
investigated thin film deposition techniques are summarized in Table 12. 

The differences in the crystallization temperature are noteworthy. Temperatures in the range 
of 400-500°C are necessary to initiate the crystallization process in the as-deposited 
amorphous spray pyrolysed 8YSZ layer. The sputter deposited layers contain already 
nanocrystals in an amorphous matrix, but require temperatures in excess of 500°C to induce a 
slow conversion of the amorphous to the crystalline phase. The PLD-grown layers require by 
far the lowest thermal activation for the phase transformation, which proceeds rapidly after an 
induction period at temperatures ≥ 250°C. 
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Table 12: Comparison of 8YSZ thin films (t: ~200 nm) and their crystallization and grain growth characteristics 
for different deposition techniques investigated within the NANCER project. 
 

 PLD R.f. sputtering1 Spray pyrolysis2 

as-deposited amorphous (25°C) 
nanocrystalline,  

poorly crystallized amorphous 

crystallization fast and abrupt slow up to 900°C moderate rate 

crystallization temperature Tcryst 200-250°C > 500°C > 370°C 

phase composition, texture 
cubic (111) 

+ t´´ (≥ 500°C) 
cubic (110) cubic, equiaxed 

grain size range 
(Tcryst-1,000°C, tmax: 20 h) 

100-500 nm 10-100 nm 3-130 nm 

grain morphology 
globular (< 600°C) 
faceted (≥ 600°C) 

globular globular 

film morphology dense dense pores 

1 R. Frison, Laboratory of Development and Methods, PSI, on-going Ph.D. thesis 
2 B. Scherrer, Institute of Nonmetallic Inorganic Materials, ETH Zurich, on-going Ph.D. thesis 

 

Fig. 95 provides a schematic overview of the array of 8YSZ film microstructures that are 
accessible via the investigated deposition techniques.  
 

 

 
Fig. 95: Scheme of the array of 8YSZ thin film microstructures accessible by the deposition techniques 
investigated within the NANCER project (R.f.: Radio frequency sputtering, SP: Spray pyrolysis, PLD: Pulsed 
laser deposition). 
 

Spray pyrolysis and PLD without substrate heating yield amorphous layers, which may be 
crystallized by subsequent thermal annealing. In the case of spray pyrolysis the 
transformation proceeds with a moderate rate and biphasic films with a defined fraction  
of the crystalline phase can be prepared. Complete crystallization results in  
polycrystalline microstructures consisting of nanometric equiaxed grains of globular shape. 
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The PLD-grown amorphous layers crystallize significantly faster and yield microstructures of 
equiaxed coarse grains with sizes on the order of the film thickness, which differ significantly 
from the highly oriented nanocolumnar structures that are obtained by pulsed laser deposition 
performed at substantially elevated substrate temperatures, e.g. 600°C (compare  
chapter 4.2.2). The considerably lower number density of grain boundaries per volume unit in 
the coarse grained microstructure compared to the nanocolumnar respectively nanocrystalline 
films is particularly important for the electrical transport properties (compare chapter 6.3).  
R.f. sputtering yields as-deposited biphasic films containing nanocrystals (5-20 nm) in an 
amorphous matrix as shown by TEM analysis. Thermal post-treatment provides access to 
nanocrystalline microstructures similar to those obtained by spray pyrolysis, but without the 
presence of pores. 
 

 
5.5  Soft processing route for free-standing YSZ solid electrolyte 

membranes 

The extraordinary low crystallization temperature ascertained for PLD-grown amorphous  
8YSZ films suggests an application for the processing of sub-µm thin solid electrolyte 
membranes for miniaturized electroceramic devices under ‘soft’ conditions. The moderate 
processing temperature, the observed small volume contraction upon crystallization and the 
remarkable stability of the resulting 
crystalline microstructure versus grain 
growth are envisioned to minimize 
thermally induced degradation reactions 
respectively thermal and elastic stresses, 
which may cause failure of the thin film 
heterostructures. 

Fig. 96 illustrates schematically the PLD-
based process, which was used to fabricate 
Si-substrate supported free-standing 8YSZ 
membranes with a minimized thermal load 
imposed by the fabrication.  

In a first step a 500 µm thick Si wafer was 
coated on both sides with an insulating    
450 nm thick layer of Si3N4 by plasma 
enhanced chemical vapour deposition 
(PECVD). The nitride layer was removed at 
the bottom side of the wafer selectively at 
photolithographically defined areas by 
reactive ion etching. Subsequently, the 
underlying Si was chemically etched from 
the backside at the opened positions in   
20% KOHaq at 90°C to the exposure of the 
Si3N4 layer on the opposite wafer side.  
This pre-structured wafer was cut into        
10 mm x 10 mm pieces each containing               
16 Si3N4 membranes (200 x 200 µm²).  

 
 

 

 
Fig. 96: Scheme of the PLD-based ‘soft’ processing 
route used for the fabrication of free-standing 8YSZ 
membranes. Si wafer microfabrication by R. Tölke, 
Institute of Nonmetallic Inorganic Materials,  
ETH Zurich. 
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These pre-structured substrates were coated with a ~700 nm thick amorphous 8YSZ layer by 
PLD at 25°C (λ: 248 nm, τp: 20 ns, F: 1.5 J/cm², d: 40 mm, pO2: 1.0 Pa). The subsequent 
conversion to a stable crystalline microstructure was achieved by thermal annealing at 250°C 
for 20 h in air. In the next step the Si3N4 support at the membrane positions was removed by 
chemical backside etching in KOH, protecting the YSZ layer from the top with a resin. 
Subsequent stripping off the resin yielded free-standing ~700 nm thick 8YSZ membranes 
supported by the Si-substrate. It is important to note that the maximum temperature the 
substrate was exposed to within the sequence of process steps did not exceed 250°C. 

As a representative example, one of the 
obtained membranes is depicted in Fig. 97. 
The membrane is crack-free, in contrast to 
the direct deposition of crystalline layers 
by PLD at elevated temperature (600°C), 
which caused invariably catastrophic 
rupture of the membranes. However, a 
strong buckling (compare Fig. 97) was 
observed for all fabricated membranes.  

The buckling results from the thermal 
stress, σt, on the thin film structure, 
originating from the mismatch of the 
thermal expansion coefficients (TECs) 
between 8YSZ and the supporting Si/Si3N4 
substrate, Δα ~7·10-6 K-1, given by 

ν
ΔTEΔασt −
⋅⋅

−=
1

 
(74). 

Herein, E, ν, and ΔT are the elastic modulus, the Poisson ratio of the film, and the temperature 
difference to ambient conditions, respectively. If the thermal stress exceeds a critical value σc, 
determined by the membrane dimensions, buckling results. Tang et al. [46] derived the 
expression 
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(75), 

for the critical stress of a radial membrane, wherein t represents the membrane thickness and 
R its radius. They calculated maximum lateral dimensions of ~50 µm for a 1 µm thick YSZ 
membrane on Si/Si3N4 exposed to a temperature difference of 250°C to avoid buckling.  
The lateral dimensions of the fabricated membranes (Fig. 97) are 4 times larger,  
which explains the observed buckling despite of the low applied processing temperatures. 

Possible strategies to overcome the membrane buckling, which is problematic for the 
realization of micro SOFC thin film heterostructures (step 5 in Fig. 96) could be a reduction 
of the lateral membrane dimensions, while keeping the film thickness constant (see eq.(75)). 
However, a smaller size decreases the power output of an individual cell, which is 
unfavourable from a design perspective. Alternative solutions could be the integration  
of a TEC-matching, possibly compositionally graded buffer layer, suitable support  
structures [48-50, 147], or corrugated membrane structures [46, 55]. 

 
 
 

Fig. 97: Optical micrograph of a Si-substrate 
supported free-standing ~700 nm thick 8YSZ 
membrane fabricated according to the PLD-based 
‘soft’ processing route outlined in Fig. 96. 
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5.6 Conclusions 

The activation of the crystallization process in amorphous PLD-grown 8YSZ thin films 
requires only a small stimulus, e.g. in the form of heat or energetic particles.  
The phase transformation is induced at exceptionally low temperatures of ~250°C compared 
to crystallization temperatures typically above 400°C in analogous films prepared  
by other thin film deposition techniques, such as sputtering or spray pyrolysis.  
The isothermal crystallization kinetics of the PLD-grown 8YSZ layers can be described 
quantitatively within the framework of the JMAK model. The experimental evidence 
indicates a 3D isotropic grain growth with preferential heterogeneous nucleation under bulk 
diffusion control and a strong thermal activation (Ea: 5.1-6.8 eV). A mechanistic change from 
continuous nucleation with a temperature dependent induction period for the  
formation of critical nuclei (250-300°C) to initial seeding (T ≥ 325°C) is observed.  
The phase transformation, associated with a volume contraction of ~2.0%, proceeds on a 
seconds to hours time scale in the investigated temperature range (200-400°C) and is 
completed after a maximum of 20 h. Large equiaxed grains (Dg > 100 nm) are formed rapidly 
during the crystallization process. Intermediate nanocrystalline states are not stabilized,  
in contrast to sputtered and spray pyrolysed 8YSZ films. Grain growth of the resulting fully 
crystalline films is negligible, being limited by the specimen thickness effect, which results in 
microstructures with a remarkable thermal stability. The combination of the three thin film 
deposition techniques, PLD, r.f. sputtering and spray pyrolysis, yields access to a wide array 
of distinct microstructures, which may be controlled by variation of the deposition parameters 
and the thermal post-treatment. The low thermal activation barrier for crystallization of the  
PLD-grown 8YSZ layers has been utilized to devise a ‘soft’ processing route for the 
fabrication of Si-substrate supported free-standing 8YSZ membranes to minimize thermal 
stress during the preparation. Dense and crack-free membranes have been obtained.  
However, buckling is consistently observed for the selected dimensions and requires adequate 
modifications to the geometry or support structure. 
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6. Physical properties of PLD-grown YSZ thin films* 
 

The controlled modification of thin film microstructures in a wide range (chapters 4 and 5) 
enables a detailed investigation of the microstructural dependency of the physical properties. 
A particular focus of this study was to gain a clearer understanding of the factors that govern 
the ionic conductivity of YSZ thin films, elucidating the significant scatter of published  
data (compare section 1.3.4) and to evaluate the data for micro SOFC applications.  
In this context the mechanical layer properties play also an important role for the integrity of 
thin film membranes (compare also section 5.5). The optical properties of thin films are  
of interest due to their potential for fast diagnostics on the film microstructure.  
However, a comprehensive study exploring the effects of the microstructural parameters on 
the optical and mechanical properties of 3YSZ and 8YSZ thin films in amorphous and 
crystalline state, is clearly missing until now, as existing reports remain limited to a single 
type of microstructure imposed by the respective deposition technique [103, 299-303].  
A comparison to bulk data and a critical review of previous reports is presented within this 
work in an effort to rationalize e.g. the large deviations among published optical band gap 
values for YSZ covering a range of 4-6 eV [103, 231, 300, 304-308]. 
  

                                                 
* Parts of this work have been published in: 

S. Heiroth, T. Lippert, A. Wokaun, and M. Döbeli, Microstructure and electrical conductivity of YSZ thin films 
prepared by pulsed laser deposition, Appl. Phys. A, 93 (3) (2008), 639. 

S. Heiroth, T. Lippert, A. Wokaun, M. Döbeli, J. L. M. Rupp, B. Scherrer, L. J. Gauckler, Yttria-stabilized 
zirconia thin films by pulsed laser deposition: Microstructural and compositional control,                                   
J. Eur. Ceram. Soc., 30 (2) (2010), 489. 

S. Heiroth, R. Ghisleni, T. Lippert, J. Michler, and A. Wokaun, Optical and mechanical properties of amorphous 
and crystalline yttria-stabilized zirconia thin films prepared by pulsed laser deposition, to be submitted             
to Acta Mater. 
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6.1 Optical properties 

Fig. 98 illustrates the effect of the deposition conditions and the related microstructural 
characteristics (compare section 4.2) on the optical transmittance spectra in the UV-Vis 
spectral range for 3YSZ films. Qualitatively analogous results are obtained for 8YSZ layers. 
The amorphous layers exhibit a high degree of transparency down to a wavelength of  
~300 nm. Below 300 nm the amorphous layers show a weak onset of absorption followed by 
a sharp absorption edge that shifts from ~245 nm for dense layers (pO2: 1.0 Pa) to ~215 nm for 
porous layers (pO2: 7.5 Pa), which can be explained by the lower effective absorption of a 
porous medium of the same physical thickness. 
 

 

Fig. 98: Transmittance spectra in the UV-Vis region for amorphous and crystalline 3YSZ films  
(t: 400-500 nm) deposited by PLD (λ: 193 nm, τp: 25 ns, F: 1.5 J/cm², d: 55 mm, T: 25°C or 600°C)  
on sapphire at different oxygen background pressures. Transmittance spectra of an uncoated sapphire substrate 
and a 9.5YSZ single crystal are included as reference. The spectra of 8YSZ films are similar and exhibit the 
same qualitative characteristics. 
 

Moreover, the amplitude of the interference fringes decreases significantly in the case of 
porous layers, which is also true for the crystalline films. This evidence indicates qualitatively 
a lower refractive index for the porous coatings (compare also the quantitative results  
in Fig. 99), since the oscillation amplitude relates to the difference in the refractive indices of 
substrate and film. 

The polycrystalline films reveal in comparison to the amorphous films the development of a 
broad shoulder of diminished transmittance in the spectral region of 220 nm up to 500 nm. 
The intensity of the shoulder increases towards higher deposition background pressure and is 
accompanied by a transition from transparent to opaque visual appearance. The attenuation of 
the incident light can be caused by absorption and/or scattering with no means to  
distinguish both contributions by transmission mode measurements only. A change in the 
film’s optical absorptivity would require a major variation in the chemical composition.  
The only detected systematic alteration in the film composition represents an  
increasing oxygen deficiency towards lower deposition pressures (compare section 4.1).  
However, this reduction would yield an opposite trend promoting absorption in the visible 
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with decreasing pO2 (compare also Fig. 70) and may therefore not explain the observations in 
Fig. 98. The missing analogous depression of transmittance in the spectral region  
of 220-500 nm for the amorphous layers rather suggests that scattering at grain boundaries 
could be responsible for these optical losses. The effect aggravates with the applied deposition 
pressure due to the increasing disorder observed in the columnar film structures,  
which has been attributed to shadowing effects and cluster formation in the  
plume (compare chapter 4.2.2). Rayleigh theory applicable to sizes of the scattering  
defects much smaller than the wavelength moreover predicts a λ-x (x: 1-3) dependence of the 
scattering coefficient kscat [309], i.e. the scattering contribution to the extinction coefficient. 
This accounts qualitatively for the enhancement of the observed optical losses towards shorter 
wavelengths. Similar observations have been reported for nanocrystalline ceria coatings, 
which exhibit a depression of transmittance below a wavelength of 450 nm for increasing 
annealing temperatures [298, 309]. 

The sharp absorption edge, which is attributed to the electronic transition from the valence to 
the conduction band, is found at ~220 nm for the crystalline YSZ coatings independent of the 
deposition conditions. The absorption edge appears at a much higher wavelength of ~325 nm 
in the case of the bulk 9.5YSZ single crystal, which is included as a reference in Fig. 98.  
This apparent difference in the absorption edge position suggests a major difference in the 
band gap energy, but in fact originates from the different sample dimensions in combination 
with the limited dynamical range available in conventional UV-Vis spectrophotometers as 
discussed in detail later. 

Fig. 99 presents the dispersion of the refractive index as derived from the analysis of the 
interference patterns according to the procedure described in detail in section 2.3.6 for a 
selection of dense (pO2: 1.0 Pa) and porous (pO2: 7.5 Pa) amorphous respectively crystalline 
YSZ films. The data for the 9.5YSZ single crystal has been calculated from the transmittance 
in the transparent region > 400 nm using eq.(49). 
 

 

Fig. 99: Dispersion of the refractive index, n, of amorphous and crystalline 3YSZ respectively 8YSZ  
films (t: 400-500 nm) deposited on sapphire substrates by PLD (λ: 193 nm, τp: 25 ns, F: 1.5 J/cm²,  
d: 55 mm, T: 25°C or 600°C) at an oxygen background pressure of 1.0 Pa (dense films) respectively  
7.5 Pa (porous films). The solid lines represent least square fits according to n(λ) = A + B/λ + C/λ2. 
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Consistently, the refractive index is almost constant in the IR region, increases slightly  
within the visible spectral range by ~5% and significantly more pronounced in the UV.  
The decrease of the refractive index with increasing wavelength can be described  
by an expression of the type n(λ) = A + B/λ + C/λ2 with A, B and C as fitting constants.  
This trend has previously been observed qualitatively as well on YSZ layers deposited by 
different techniques such as spin coating [103] or CVD [119] and represents the expected 
dispersion in the vicinity of the absorption band ~220 nm. 

The comparison of the refractive index data of the dense films, i.e. those deposited at 1.0 Pa, 
and the 9.5YSZ single crystal reference data in Fig. 99 shows moreover that n decreases with 
increasing Y2O3 content which agrees with previous reports [301, 310]. This finding can be 
rationalized by considering that oxygen vacancies are incorporated in the lattice in proportion 
to the stabilizer concentration according to eq.(21), which lowers the material’s density and 
thereby the refractive index with increasing Y3+ concentration.  

The absolute values of n closely match data published for dense bulk YSZ. For instance, 
indices of 2.23 ± 0.02 (crystalline 3YSZ film), 2.18 ± 0.02 (crystalline 8YSZ film) and  
2.17 ± 0.02 (9.5YSZ single crystal) are obtained at a wavelength of 600 nm, which are similar 
to reference values of 2.20 [301], 2.19 and 2.18 [310]. The amorphous dense YSZ layers 
exhibit consistently slightly lower refractive indices as their crystalline counterparts,  
which can be assigned to the lower packing density on an atomic level in the glassy state and 
has been observed analogously for thin films of different metal oxides [311-313].  
The refractive index data derived for the investigated thin films are summarized together with 
the optical band gap energies in Table 13. 
 

Table 13: Surface roughness, Rq, and optical properties (refractive index at a wavelength of 600 nm, n600 nm, and 
band gap energy Eg) for 400-500 nm thick YSZ films as a function of the yttria dopant level, crystallinity and 
oxygen partial pressure during PLD. The crystalline layers have been grown at a substrate temperature of 600°C, 
the amorphous layers at 25°C. 
 

Material (crystallinity) pO2 [Pa] Rq [Å] n600 nm Eg [eV] 

3YSZ (crystalline) 0.1 4.1 ± 0.3 2.23 ± 0.02 5.72 ± 0.03 

3YSZ (crystalline) 1.0 5.2 ± 0.8 2.23 ± 0.02 5.71 ± 0.03 

3YSZ (crystalline) 2.5 6.9 ± 0.7 2.18 ± 0.02 5.73 ± 0.03 

3YSZ (crystalline) 7.5 56.5 ± 11.3 1.98 ± 0.02 5.71 ± 0.03 

3YSZ (amorphous) 1.0 6.2 ± 0.5 2.21 ± 0.02 5.50 ± 0.03 

3YSZ (amorphous) 7.5 73.5 ± 11.5 1.95 ± 0.02 5.92 ± 0.03 

8YSZ (crystalline) 1.0 5.1 ± 0.7 2.18 ± 0.02 5.69 ± 0.03 

8YSZ (amorphous) 1.0 5.7 ± 0.7 2.18 ± 0.02 5.51 ± 0.03 

* for comparison Rq (substrate): 4.3 ± 0.4 Å 
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Fig. 99 and Table 13 indicate a significant decrease of n with increasing deposition 
background pressure to yield values of 1.95-2.0 at a wavelength of 600 nm for a deposition 
background pressure of 7.5 Pa. This decrease of n can be attributed to an increasing film 
porosity (compare Fig. 76 b) and d)). The effective refractive index of a porous medium, n(λ), 
can be described by a simple mixture rule assuming a volume fraction of the dense  
film, (1-P), with a refractive index corresponding to the dense bulk material, nd(λ), and the 
volume fraction of the pores, P, with n = 1 (air). Diaz-Parralejo et al. [314] demonstrated that 
among the commonly used analytical expressions based upon this model, the equation given 
by Yoldas [315] 
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is the most accurate to estimate the porosity in thin films employing optical transmittance 
data. The porosities calculated by eq.(76) are included in Fig. 100 for 3YSZ films and 
illustrate that above a deposition pressure of 1.0 Pa a transition from dense to porous 
microstructures occurs. This threshold pressure is lower than the value of ~2.5 Pa derived on 
the basis of an evaluation of SEM images. It is difficult to detect a small fraction of pores by 
SEM analysis especially if the pores are finely dispersed or buried within the film. The optical 
transmission measurements provide a more sensitive probe and allow tracing the porosity of 
thin films also for small porous fractions in the lower percentage range. The maximum layer 
porosities are ~30% within the investigated range of microstructures. 
 

 

Fig. 100: Refractive index, n, and estimated porosity, P, of amorphous (closed squares) and crystalline  
(open circles) 400-500 nm thick 3YSZ coatings as a function of the oxygen background pressure during PLD  
(λ: 193 nm, τp: 25 ns, F: 1.5 J/cm², d: 55 mm, T: 25°C or 600°C). 
 

The close agreement of the refractive indices to the bulk reference data for background 
deposition pressures ≤ 1.0 Pa indicates that the YSZ layers deposited in the low pressure 
regime approach the theoretical density. This proves that PLD enables access to high index 
YSZ coatings even for the growth at room temperature. Refractive index data published so far 
for YSZ coatings deposited by a variety of techniques, i.e. spin coating [103], electron beam 
evaporation [301] and CVD [119, 299] are typically lower (n600nm: 1.8-2.1), indicating an 
inherent film porosity. Boulouz et al. [316] reported a high refractive index of 2.20 and a 
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packing density of ~0.98 for 8YSZ coatings deposited by magnetron sputtering at a substrate 
temperature of 400°C. However, the refractive index decreased significantly towards lower 
deposition temperatures in contrast to the PLD films. 

Fig. 101 depicts the wavelength dependence of the linear absorption coefficient αopt derived 
according to eq.(54) as outlined in section 2.3.6, from the transmittance spectra of 3YSZ thin 
films in the UV-range. The absorption coefficient of amorphous PLD-grown YSZ layers 
remains negligible above ~300 nm and shows a strong increase to values on the order  
of 105 cm-1 below a wavelength of ~240 nm. The apparent blue shift for the layers deposited 
at 7.5 Pa is related to the observed film porosity, which causes not only a lower effective 
refractive index, but also a lower effective absorptivity compared to dense film of comparable 
thickness. 
 

 

Fig. 101: Linear optical absorption coefficient, αopt, of amorphous and crystalline 3YSZ films (t: 400-500 nm) 
deposited at different oxygen background pressures (λ: 193 nm, τp: 25 ns, F: 1.5 J/cm², d: 55 mm,  
T: 25°C or 600°C) as a function of the wavelength. 8YSZ films exhibit a similar behaviour. 
 

In the case of the crystalline coatings the principal increase of αopt to values of ~105 cm-1 is 
sharper than for the amorphous films and occurs at a fixed wavelength of ~220 nm.  
However, significant optical losses can be noted for deposition pressures ≥ 1.0 Pa in a broad 
spectral region > 220 nm. As discussed previously these losses originate not from absorption 
but from scattering at grain boundaries, promoted by a pressure-induced disorder in the 
columnar structures and a surface roughness increasing with the deposition pressure. 

Values of αopt on the order of 105-106 cm-1 are typical for interband transitions. In this case, 
the strong increase of absorption below ~240 nm can be attributed to the photoexcitation of 
electrons from the O 2p valence band (VB) to the Zr 4d conduction band (CB). The functional 
dependence of the absorption coefficient on the energy of the incident photon (hν) in the 
region of a VB-CB transition is given by eq.(56) with q = 1/2 for a direct band gap insulator 
such as YSZ. The band gap energy, Eg, may accordingly be determined by extrapolation of 
the linear section of a plot (αopt·hν)2 versus hν to the abscissa as shown in Fig. 102 for dense 
amorphous and crystalline YSZ layers with 3 mol% and 8 mol% Y2O3 content. 
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Fig. 102: Plot of (αopt·hν)² versus hν for amorphous and crystalline 3YSZ and 8YSZ films (t: 400-500 nm) 
deposited at an oxygen background pressure of 1.0 Pa (λ: 193 nm, τp: 25 ns, F: 1.5 J/cm², d: 55 mm,  
T: 25°C or 600°C). The optical band gap is given by the intersection of the extrapolated linear section of the 
curve with the abscissa. The inset shows the change of the band gap of the as-deposited amorphous 8YSZ layer 
upon annealing in air at subsequently increased peak temperatures (dwell time: 20 h at each peak temperature). 
 

The different slopes in Fig. 102 suggest a different distribution and density of the electronic 
states in the involved bands. The band gap energies derived from the intercepts with the 
abscissa do not depend on the dopant level within the accuracy of the analysis, which is 
consistent with previous reports [300]. However, Eg is affected by the film crystallinity 
increasing from an average value of 5.51 ± 0.03 eV for the amorphous films to 5.72 ± 0.05 eV 
for the as-deposited crystalline layers (compare also Table 13). A corresponding shift of Eg  
by ~0.2 eV is observed moreover upon thermal annealing of initially amorphous 8YSZ layers 
at temperatures of 200-250°C (inset in Fig. 102) indicating the onset of crystallization in 
agreement with X-ray diffraction data (compare chapter 5). The smaller band gap for the 
amorphous films can be attributed to the broader distribution of binding angles and distances 
resulting in a widened range of binding energies present in the glassy state, which can be 
regarded as a strongly disturbed crystal lattice.  

Nevertheless, there is no general understanding concerning the effect of the lattice order on 
the electronic structure. Nguyen et al. [317] and Sian et al. [318] found lower Eg values for 
the amorphous state comparing c-Si to a-Si:H clusters respectively amorphous and crystalline 
molybdenum oxide films. Modreanu et al. [319] report a band gap of 5.51 eV for amorphous 
HfO2 increasing upon thermally induced crystallization to 5.85 eV, which is very similar to 
the values for YSZ layers. This is not surprising, considering the close chemical and physical 
affinity of hafnia and zirconia (compare also section 4.1). Kosacki et al. [306] on the other 
hand reported a band gap of 5.62 eV for microcrystalline YSZ coatings increasing by up to 
0.25 eV in nanocrystalline films with a grain size as low as 1 nm. A blue shift of the band gap 
for the amorphous state e.g. in PbZrO3 or SrTiO3 thin films has also been noted [311, 312] 
and interpreted in terms of a quantum-size effect. However, Petrovsky et al. [309] showed 
that an apparent blue shift of Eg could also be an artefact of the film porosity. This effect 
explains the deviating Eg value of 5.92 ± 0.03 eV for the amorphous 3YSZ film deposited at a 
deposition pressure of 7.5 Pa in Table 13, considering the layer porosity of ~30%. 
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There is moreover a significant discrepancy among optical band gap data reported for zirconia 
and YSZ in the literature ranging from ~4-6 eV, which is beyond an acceptable scattering due 
to different sample preparation or analytical techniques, microstructure or varying purity and 
dopant level. Several authors have interpreted the rise of the absorption at photon energies in 
the range of 3-5 eV in terms of an interband transition [103, 231, 307, 308], which is highly 
questionable due to the corresponding low absorption coefficients on the order of 100 cm-1. 
Calculation of the band gap yields low values (< 5 eV) in these cases. Bulk samples or thin 
films deposited on not completely transparent substrates were employed in these cases.  
The analysis of the transmittance data of the 9.5YSZ single crystalline reference sample used 
in this work shows an apparent absorption edge at a wavelength of ~325 nm (see Fig. 98), 
which would result analogously in a low band gap value of 4.2 ± 0.1 eV. Additional diffusive 
reflectance measurements on sintered 3YSZ and 8YSZ pellets yielded Eg values of  
4.5-4.7 eV. However, the limited dynamic range of conventional spectrophotometers renders 
bulk or thick film (µm- to mm-range) samples inadequate for measurements in the high 
absorption region. Contrary, thin films enable a reliable determination of the true optical band 
gap in transmission mode. The derived value of ~5.7 eV for the crystalline YSZ layers grown 
by PLD agrees accordingly well with optical band gap data published previously for 
crystalline YSZ thin films ranging from 5.45 to 5.8 eV [300, 304, 306], which is close to the 
experimental value of ~6 eV derived by photoelectron spectroscopy [305]. 

Significant absorption with αopt > 100 cm-1 is found for the YSZ layers already at sub-band 
gap photon energies of 4.0-5.0 eV. In the absence of significant scattering or porosity the 
films reveal Urbach-type behaviour with an exponential increase of the absorption coefficient 
according to 

)](exp[  0 gopt Ehνβα~α −  (77) 

as verified by the linear dependence seen in the semi-logarithmic representation of Fig. 103. 
In eq.(77) α0 is a constant, β denotes the Urbach slope and hν is the photon energy. 
 

 

Fig. 103: Semi-logarithmic plot of the linear absorption coefficient versus the photon energy in the spectral range 
corresponding to sub-band gap energies for dense amorphous YSZ films without significant scattering losses  
(λ: 193 nm, τp: 25 ns, F: 1.5 J/cm², d: 55 mm, T: 25°C) and a 9.5YSZ bulk single crystal. 
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Urbach-type behaviour is attributed to a structural or thermal disorder causing an 
exponentially decaying density of localized states at the band edges (‘band tailing’) and has 
been noted previously for YSZ [300, 304]. Structural disorder is induced by the Y2O3 
stabilizer and the large concentration of charge compensating oxygen vacancies VO

˙˙ 
introduced to the zirconia lattice. The additional Y 4p and Y 4d states, which are due to the 
dissolved Y3+ ions, are energetically well below the O 2p valence band respectively above the 
Zr 4d conduction band as VUV spectroscopy and valence band XPS results indicate,  
and may therefore not be responsible for absorption at sub-band gap photon energies.  
On the other hand oxygen vacancies are supposed to introduce defect bands in the valence 
band as well as localized states in the vicinity of the conduction band edge [305].  
Energy minimization favours the formation of more complex point defects than bare oxygen 
vacancies such as in its simplest form a defect pair. FA centres, meaning a complex of  
an F+ centre, i.e. a singly ionized VO

˙˙, detected in YSZ [232], and Y3+ were suggested in 
particular to be responsible for sub-band gap absorption. The latter was assigned to a 
photoelectronic excitation from the valence band to localized FA

* excited states  
centred 0.73 eV below the conduction band [231]. Although the data in Fig. 103 do not allow 
inferences about the precise nature of the absorbing species, a comparison reveals that the 
obtained Urbach slopes β decrease with increasing Y2O3 concentration as found also by 
Nicoloso et al. [300]. This means that the extent of the band tailing increases with the amount 
of oxygen vacancies incorporated to the lattice, which supports their involvement in the 
absorption mechanism. 

The previously discussed evidence is summarized in the energy level diagram for YSZ 
depicted in Fig. 104. The band gap separating the O 2p valence and the Zr 4d conduction 
bands depends on the distribution of local bonding environments in the zirconia lattice, 
 which increases from ~5.5 eV for a broad distribution in the amorphous state to ~5.7 eV for 
the narrowly defined conditions in the crystalline state. It may be considered as intrinsic to the 
zirconia lattice and gives rise to the fundamental interband transition at photon energies ≥ Eg. 
Extrinsic defects, introduced by the doping, e.g. FA centres, yield localized states in the gap 
close to the conduction band edge, which are responsible for the notable absorption at  
sub-band gap photon energies ≥ ~4 eV. 
 

 
 

Fig. 104: Energy level diagram of YSZ and photoelectronic transitions: a) interband transition due to the 
fundamental intrinsic absorption (dashed arrow) and b) transition to localized intragap defect states,  
i.e. disorder-induced extrinsic absorption (dotted arrow). 
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6.2 Mechanical characteristics 

Scotch tape tests revealed a low adhesion to the substrate for the YSZ layers deposited at 
background pressures of ≥ 7.5 Pa, especially in the case of amorphous layers. This can be 
attributed to the attained open microstructures that consist of loosely agglomerated clusters 
(compare chapter 4.2.2). Films deposited at lower deposition pressure exhibited a strong 
adhesion to the substrate and were not removed or damaged in the tests, in agreement with a 
dense, coherent film structure (see chapter 4.2.2). 

The characterization of the mechanical properties by nanoindentation experiments (compare 
chapter 2.3.7) focused on YSZ films with a dense microstructure, i.e. grown in the low 
pressure regime (here: 1.0 Pa). This allows a comparison between amorphous and crystalline 
as well as 3 versus 8 mol% Y2O3 containing layers without additional obscuring effects from 
varying sample porosity. Experiments on porous YSZ films revealed a significantly degraded 
hardness and lower Young’s moduli as it is expected from previous findings [302].  
Fig. 105 shows representative load-displacement curves for the investigated dense amorphous 
and crystalline YSZ coatings. 
 

 

Fig. 105: Load-displacement (P-h) curves of dense amorphous and crystalline 3YSZ and 8YSZ layers  
(t: 685-740 nm) deposited on sapphire substrates (λ: 193 nm, τp: 25 ns, F: 1.5 J/cm², d: 55 mm,  
T: 25°C or 600°C, pO2: 1.0 Pa). 
 

The crystalline 3YSZ (tetragonal t´ phase) and 8YSZ (cubic phase) films exhibit a practically 
identical mechanical response (see Fig. 105). Accordingly, the hardness and reduced elastic 
moduli values deduced from the P-h curves using eq.(57) respectively eq.(58) are very similar 
for the crystalline films with differences smaller than the statistical error, which is included in 
terms of the standard deviation in Table 14. The mean hardness of 16.0 ± 2.0 GPa and the 
reduced elastic modulus of 277.9 ± 40.4 GPa do not depend on the Y-dopant concentration  
or the crystallographic phase composition. This is in agreement with reports from  
Kondoh et al. [320] and Sakuma et al. [321], who find a negligible variance of Young’s 
modulus with the Y-concentration respectively an almost constant hardness of ~14.5 GPa  
for ≥ 3 mol% Y2O3 in bulk YSZ polycrystals. The derived mean hardness agrees well to 
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nanoindentation data published for single crystalline YSZ with a hardness in the range  
of 15.3-18.3 GPa depending on the crystal orientation [322] respectively a value of  
16.1 ± 4.6 GPa reported by Stollberg et al. [303] for dense YSZ films of comparable thickness 
deposited by combustion CVD. The mean reduced elastic modulus of 277.9 ± 40.4 GPa found 
for the crystalline YSZ layers is slightly larger than the Er values of 214-237 GPa reported by 
Kurosaki et al. [323] for YSZ single crystals. The obtained reduced elastic moduli Er are 
included in Table 14. 
 

Table 14: Maximum indentation contact depths dindent, hardness values, H, and reduced elastic moduli, Er, of the 
YSZ films with a thickness t investigated in the nanoindentation experiments. 
 

Material Structure t [nm] dindent. [nm] H [GPa] Er [GPa] 

3YSZ crystalline (t´ phase) 740 ± 9 98 16.0 ± 2.1 260.9 ± 36.0 

3YSZ amorphous 713 ± 9 112 11.5 ± 0.6 229.4 ± 14.3 

8YSZ crystalline (cubic phase) 696 ± 17 97 16.0 ± 1.9 294.8 ± 44.8 

8YSZ amorphous 684 ± 7 115 12.2 ± 0.4 232.4 ± 10.0 

 

The reduced elastic modulus, Er, accounts for the compliance of the indenter as can be seen 
from its definition, eq.(59), 
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with Ei and νi as the elastic modulus and Poisson’s ratio of the indenter  
(1140 GPa respectively 0.07 in the case of diamond). The elastic modulus of the film, E, can 
be calculated in principle according to eq.(59), if its Poisson ratio ν is known.  
However, Fujikane et al. [322] demonstrated a large anisotropy of Poisson’s ratio with values 
ranging from -0.07 to +0.80 depending on the orientation of YSZ single crystals.  
The common use of an average value in the case of polycrystalline samples is therefore not 
encouraged regarding the large possible error committed in the calculation of E. 
Consequently, the reduced elastic moduli should preferably be used for comparisons.  
In this case a meaningful comparison relies on an identical indenter material, which however 
in practically all cases is diamond. If nevertheless an averaged value of ν = 0.32 is used, as 
suggested by Selcuk and Atkinson [324] or Jang et al. [302], elastic moduli ~15% higher than 
the Er values listed in Table 14 are obtained. 

The larger displacements in Fig. 105 for the amorphous films at identical peak  
load translate to ~25% lower hardness values, i.e. 11.5 ± 0.6 GPa (3YSZ) respectively  
12.2 ± 0.4 GPa (8YSZ), compared to the crystalline films. The reduced elastic moduli  
as deduced from the upper part of the purely elastical unload segment, of  
229.4 ± 14.3 GPa (3YSZ) respectively 232.4 ± 10.0 GPa (8YSZ), are 12-20 % smaller than 
for the crystalline films. No reference data on the mechanical properties of amorphous YSZ 
coatings are available, however a significant reduction of hardness and elastic modulus 
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compared to the crystalline state is well known for amorphous alumina films [325].  
This is most probably related to the lower order and atomic packing density in the amorphous 
state following the argument by Lian et al. [326]. They explain the observed easier yielding of 
grains boundaries by their highly defective lattice structure relative to the grain interior. 

In-situ indentation experiments using a cube corner indenter (compare section 2.3.7) at a load 
of approximately 30 mN showed substantial differences in the deformation mechanisms of the 
amorphous and crystalline films (Fig. 106). The amorphous YSZ films are plastically 
deformed by shear bands formation (Fig. 106 a) and b)), a typical deformation mechanism of 
amorphous materials [327, 328], while the crystalline films exhibit brittle behaviour,  
i.e. accommodation of the load by cracking (Fig. 106 c) and d)). 
 

 

Fig. 106: Cube corner imprints: a) 23 mN maximum load (700 nm penetration depth) on an amorphous 8YSZ 
film (t: 685 nm), b) 32 mN maximum load (880 nm penetration depth) on an amorphous 3YSZ film (t: 715 nm), 
c) 30 mN maximum load (710 nm penetration depth) on a crystalline 8YSZ film of the cubic phase (t: 700 nm), 
and d) 39 mN maximum load (860 nm penetration depth) on a crystalline 3YSZ film of the tetragonal  
t´ phase (t: 740 nm). The cracks in c) have a length of ~1.5 µm starting from the imprint corners.  
The crystallographic orientation of the sapphire substrate is included for c) and d). 
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Hoop cracks, confined to the film, are visible at the edges of the imprints for both crystalline 
films (Fig. 107). 
 

 

Fig. 107: Hoop crack at the edge of an imprint on a ~700 nm thick crystalline 3YSZ layer (maximum  
load: 39 mN). The crack propagation inside the film is indicated by the arrows. The level of the interface to the 
substrate is marked by the inset hatched triangle. 
 

At 30-40 mN maximum load only the crystalline 8YSZ film revealed additional cracks, which 
start from the indentation corners pointing radially outwards (Fig. 106 c)). These cracks are 
indicative of Palmqvist-type surface cracking [329] found previously to be the prevailing 
cracking mode of polycrystalline bulk YSZ upon indentation [330]. 

A reliable quantitative determination of the fracture toughness from the radial crack 
dimensions [331] requires in the case of thin films a maximum indentation depth, which does 
not exceed 10% of the total layer thickness [332]. The loads that had to be applied to the YSZ 
thin films to induce radial cracking however resulted in indent depths on the order of the film 
thickness, which allows only a qualitative interpretation of the data. Since the cracks are 
influenced by the sapphire substrate and the strength of sapphire is strongly dependent on its 
crystal orientation [333], the exact in-plane crystallographic orientation of the c-cut sapphire 
substrates with respect to the indenter imprints were determined by electron backscatter 
diffraction (EBSD) analysis. EBSD confirmed that the side of the indent imprint had the same 
orientation with respect to the sapphire lattice for the samples coated with the crystalline 
3YSZ and 8YSZ films (compare Fig. 106 c) and d)), which is a prerequisite to a meaningful 
qualitative comparison of the films fracture toughness. The crystalline 3YSZ films sustains a 
more than 4 times larger mechanical load of 132 mN (1.9 μm penetration depth) as depicted 
in Fig. 108 a) without the formation of radial cracks compared to the crystalline 8YSZ films 
(Fig. 106 c)). This implies a significantly higher fracture toughness, which can be attributed to 
the well-known stress-induced phase transformation from the tetragonal to the monoclinic 
phase in partially stabilized 3YSZ that counteracts crack propagation [94, 320, 321] (compare 
also section 1.3.3.2). Accordingly, an enhanced fracture toughness value of 9.3 MPa m1/2 is 
reported for bulk polycrystalline 3YSZ [334] compared to values in the range of  
1.5-2.3 MPa m1/2 for 8YSZ [320, 321, 335, 336]. 
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Fig. 108: Cube corner imprint on a ~700 nm thick crystalline 3YSZ film with a) 132 mN maximum load  
(1.9 µm penetration depth) and b) 245 mN maximum load (3.0 µm penetration depth). The white arrows in b) 
mark the radial cracks formed within the film. 
 

Increasing the maximum load further to 245 mN (3 µm penetration depth) finally induces the 
appearance of radial oriented cracks in the 3YSZ film, however, the cracks do not originate at 
the imprint corners but at a small distance from the imprint (Fig. 108 b)). It is therefore likely 
that the cracks in the film originate from tensile stresses caused by flaws propagating in the 
sapphire substrate. At these high loads, i.e. indentation depths larger than the film thickness, 
the major part of the load is sustained by the substrate. 
 

 
6.3 Electrical transport properties 

Polycrystalline bulk samples sintered from high purity 3YSZ and 8YSZ powders were used as 
a reference for the evaluation of the thin film electrical conductivity data throughout  
this work. Moreover they were employed - in addition to test resistors and other  
well-defined samples - to verify the functionality and reliability of the developed  
d.c. resistance measurement setup (compare section 2.3.8). Fig. 109 depicts the measured 
conductivities, σ, for the bulk 3YSZ and 8YSZ reference samples in comparison to  
literature data. 

The observed linear dependence in the log σ versus 1/T plot indicates an Arrhenius-type 
thermal activation of the electrical conduction according to 







−⋅=

T
Eσσ a

k
exp0  (78) 

with σ0 as a constant, Ea as the activation energy of the conduction mechanism and k as 
Boltzmann’s constant. The Arrhenius-type behaviour is attributed to a thermally activated 
hopping mechanism of oxygen vacancies responsible for the ionic conduction in YSZ [10]. 
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Fig. 109: Electrical conductivity of sintered polycrystalline bulk 3YSZ and 8YSZ samples as measured in air. 
Literature data for bulk YSZ samples are included for comparison [105, 108, 337]. 
 

The fully stabilized 8YSZ sample reveals a consistently higher electrical conductivity than the 
lower doped, partially stabilized 3YSZ material in the investigated temperature range due to 
the higher concentration of charge carriers, i.e. oxygen vacancies, introduced by the yttria 
dopant to the zirconia lattice (compare eq.(21)). The experimental conductivity data for the 
bulk YSZ samples agree well to literature data (see Fig. 109), which confirms a reliable 
operation of the developed setup. The activation energies, determined from the linear slopes, 
of 1.04 ± 0.02 eV (8YSZ) and 0.92 ± 0.02 eV (3YSZ) are slightly smaller than the values 
reported elsewhere with 1.07 eV [108] respectively 1.1 eV [105] for 8YSZ and 0.98 eV for 
3YSZ [337]. 

The reproducibility of thin film conductivity data is an important issue considering the 
enormous scatter of literature data (compare chapter 1.3.4). Fig. 110 depicts the electrical 
conductivities of three 8YSZ thin film samples, prepared and measured individually using the 
same experimental conditions. 

The individual electrical conductivities, σ, at selected temperatures and the activation energies 
derived by linear regression of the data in Fig. 110 are listed in Table 15. A reasonable 
experimental reproducibility of the electrical conductivities with standard deviations on the 
order of 10% is verified. The uncertainty of the activation energy with a standard deviation of 
~1% is significantly lower since this quantity relies on relative changes of σ, eliminating 
errors in the determination of the geometrical factor in eq.(60), which affect the absolute 
conductivity values. 

The thin films, used to measure σ in Fig. 110, were deposited in the amorphous state and 
subsequently crystallized by isothermal annealing at 1,000°C (20 h). The obtained absolute 
conductivities and activation energy of 1.04 ± 0.02 eV are closely matching the values 
measured for the microcrystalline 8YSZ bulk sample (compare Fig. 110). 
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Fig. 110: In-plane electrical conductivity as measured in air for three 220 ± 10 nm thick 8YSZ thin films 
deposited on sapphire (0001) substrates by PLD and subsequently annealed at 1,000°C for 20 h in air  
(λ: 248 nm, τp: 20 ns, F: 1.5 J/cm², d: 40 mm, pO2: 1.0 Pa). The samples were prepared individually using the 
same processing conditions to evaluate the reproducibility and experimental uncertainty of the resistance 
measurements. The conductivity data of a polycrystalline 8YSZ bulk sample is included for comparison. 
 

Sapphire served as insulating support throughout the investigations of the electrical transport 
properties of the YSZ thin films due to its chemical inertness and low electrical conductivity 
being about 3 orders of magnitude smaller compared to 8YSZ [144]. Impedance spectroscopy 
was evaluated as well for the analysis of YSZ thin films, but yielded no additional 
information to d.c. measurements, analogous to CGO thin films (compare section 7.1). 
 

Table 15: Electrical conductivities at selected temperatures and activation energies deduced for the film samples 
in Fig. 110. The average values and standard deviations calculated on the basis of the individual values are 
included. 
 

Sample σ400°C [mS/cm] σ500°C [mS/cm] σ600°C [mS/cm] Ea [eV] 

Film A 0.050 0.55 3.30 1.05 

Film B 0.065 0.60 3.77 1.03 

Film C 0.064 0.66 3.83 1.05 

Average 0.060 0.60 3.65 1.04 

Standard deviation [%] 13.9 9.2 8.5 1.1 
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A reliable direct characterization of the electrical conduction properties of PLD-grown 
amorphous YSZ layers is not possible due to the high ohmic resistances at low temperatures 
and the crystallization, which is induced upon heating to relevant higher temperatures 
(compare chapter 5). Nevertheless, indirect inferences can be made based on time and 
temperature dependent d.c. conductivity measurements in the crystallization regime.  
Fig. 111 depicts for instance the development of the electrical conductivity of an initially 
amorphous 8YSZ film during thermal cycling between 300°C and 580°C, showing a  
steady increase of the absolute conductivity attained at a given temperature.  
Moreover, time-dependent monitoring of σ during isothermal dwells results accordingly in a 
steady slow increase. This evidence suggests a lower conductivity for the original amorphous 
state. Such a behaviour can be expected considering the arguments of Mogensen et al. [82], 
predicting maximized ionic conductivity for an ideally undistorted fluorite lattice, since the 
amorphous state resembles a strongly distorted lattice. 

The inset Arrhenius plot in Fig. 111 reveals that the absolute conductivity attained after 
complete crystallization of the initially amorphous 8YSZ film by an isothermal hold of  
700 min at a temperature of 580°C remains significantly lower than for an as-deposited 
crystalline 8YSZ film grown by PLD at a comparable temperature (see also the discussion of 
as-deposited crystalline films later in this section). For instance, values of 1.2 mS/cm and  
2.3 mS/cm, respectively, are reached at a temperature of 600°C. The difference relates 
probably to a higher degree of lattice order reached for the as-deposited crystalline layer since 
the energetic plasma conditions enhance the surface mobility of adatoms, which favours their 
incorporation at equilibrium lattice sites during the high temperature PLD film growth.  
As seen in chapter 5, thermal annealing at higher sintering temperatures ‘heals’ defects in the 
crystal lattice and increases the lattice order. Accordingly, an enhancement of the electrical 
conductivity to e.g. ~3.65 mS/cm (600°C) for an annealing temperature of 1,000°C is 
observed (see Table 15).  
 

 

Fig. 111: Development of the in-plane electrical conductivity upon thermal cycling as measured in air for a  
150 nm thick as-deposited amorphous 8YSZ thin film deposited on a sapphire (0001) substrate by PLD  
(λ: 248 nm, τp: 20 ns, F: 1.5 J/cm², d: 40 mm, pO2: 1.0 Pa, T: 25°C). The inset compares the electrical 
conductivity of the initially amorphous layer after thermal stabilization at 580°C for 700 min to a ~150 nm thick 
as-deposited crystalline 8YSZ layer grown by PLD at 600°C. 
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A comparison of the electrical conductivity data obtained for initially amorphous 8YSZ layers 
grown by different deposition techniques, i.e. PLD, r.f. sputtering respectively spray 
pyrolysis, and crystallized by post-annealing at 1,000°C, yielding distinct characteristic 
microstructures (see chapter 5.4), is shown in Fig. 112 together with bulk and literature data.  
 

 
 

Fig. 112: In-plane electrical conductivity as measured in air of ~200 nm thick as-deposited amorphous 8YSZ 
thin films grown on sapphire (0001) substrates by a) PLD (this work), b) r.f. sputtering [273] and  
c) spray pyrolysis [338], and subsequently crystallized at 1,000°C (20 h, air) each. Conductivity data of sintered 
polycrystalline bulk samples and literature data [105] claiming a nanoscale enhancement of the ionic conduction 
are included for comparison. The average grain size and the derived activation energy are denoted for each set of 
data. 
 

The similar nanocrystalline microstructures of the layers produced by sputtering and spray 
pyrolysis with a grain size of 20-60 nm result in comparable electrical transport properties. 
The absolute values of σ are about half an order of magnitude smaller than for the sintered 
microcrystalline bulk 8YSZ reference sample. On the other hand, the crystallized PLD film 
with ~250 nm large grains approaches bulk conductivity values. The observed trend of a 
decreasing electrical conductivity for smaller grain sizes is in obvious contrast to some reports 
in the literature claiming an enhancement of the ionic conductivity in 8YSZ thin films by 
more than one order of magnitude for nanocrystalline microstructures (see section 1.3.4), 
associated with a reduction of the activation energy. The data of Kosacki et al. [105] for a 
spin coated nanocrystalline film with an average grain size of 20 nm, yielding an  
activation energy of 0.93 eV, is included in Fig. 112 as one example for comparison.  
The activation energies of the investigated 8YSZ films deposited by the different methods 
within the NANCER project scatter within a range of 1.05-1.1 eV, which is typically found 
for bulk 8YSZ [105, 108, 144]. In total, the data presented within this work provide no 
evidence for a nanoscale enhancement of the ionic conductivity in agreement with recent 
studies [104, 108, 141]. 
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The observed contrary effect of a lower conductivity for smaller grain sizes can be explained 
by the associated increased ratio of interfacial grain boundary area/grain volume adapting the 
bricklayer model [138] (Fig. 113). 

 

Fig. 113: Bricklayer model illustrating the different electrical conduction pathways in a polycrystalline material. 
 

In a polycrystalline sample two principal electrical conduction pathways exists. Pathway A 
conducts the current via the grain boundaries and is preferred if the latter exhibit a low 
resistivity. Pathway B, where the charge carriers migrate through the grain interior and only 
cross the interconnecting grain boundaries, is favoured in the case of high resistive, blocking 
grain boundaries. Space charge models for acceptor doped metal oxides such as YSZ or CGO 
predict a depletion of holes and oxygen vacancies in the grain boundaries as a result of a 
positive space charge potential increasing the grain boundary resistance relative to the grain 
interior [136, 138]. Moreover, impurities such as SiO2 have been shown to yield highly 
resistive grain boundaries by segregation in YSZ [150]. An increasing density of grain 
boundaries induced by smaller grain sizes can thus be expected to lower σ. 

The electrical conductivity data of as-deposited crystalline YSZ thin films of different dopant 
concentration and crystallographic phases, which were grown by PLD at a temperature of 
600°C (see section 4.2.1) are compared to corresponding sintered bulk samples in Fig. 114. 
 

 

Fig. 114: In-plane electrical conductivity as measured in air of ~400 nm thick as-deposited crystalline YSZ thin 
films grown on a sapphire (0001) substrate by PLD (λ: 193 nm, τp: 25 ns, F: 1.5 J/cm², d: 55 mm, T: 600°C):  
a) 8YSZ film of the cubic fluorite phase (pO2: 1.0 Pa), b) 3YSZ film of the tetragonal t´ phase (pO2: 2.0 Pa) and  
c) 3YSZ film of the t´´ metaphase (pO2: 0.1 Pa). The conductivity data of sintered polycrystalline bulk samples is 
included for comparison. 
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The conductivities of the investigated samples at selected temperatures of 400°C and 600°C 
as well as the derived activation energies are summarized in Table 16. 

The 8YSZ film shows a factor of ~2 smaller conductivity compared to bulk 8YSZ,  
which is probably caused by the high number density of grain boundaries as a result of the 
nanosized columnar grains (compare Fig. 76 c)) analogous to the nanocrystalline films 
obtained by r.f. sputtering or spray pyrolysis (see discussion of Fig. 112). 

The conductivity of the 3YSZ film consisting of the t´ phase and the corresponding bulk 
sample are similar, and as expected consistently lower compared to 8YSZ samples in the 
investigated temperature range (compare also discussion of Fig. 109). The difference 
increases towards higher temperatures due to the lower activation energies of 0.84 ± 0.02 eV 
for the t´ phase 3YSZ film, respectively 0.92 ± 0.02 eV for bulk t´-3YSZ, compared to values 
of 1.08 ± 0.02 eV and 1.04 ± 0.02 eV found for the 8YSZ counterparts of the cubic phase. 
 

Table 16: Electrical conductivities at selected temperatures and activation energies for the investigated  
as-deposited crystalline YSZ films grown by PLD at 600°C and bulk samples. 
 

Sample σ600°C [mS/cm] σ500°C [mS/cm] σ400°C [mS/cm] Ea [eV] 

3YSZ bulk (t´ phase) 1.2 0.32 0.03 0.92 

3YSZ film (t´ phase) 1.1 0.28 0.04 0.84 

3YSZ film (t´´ metaphase) 1.9 0.54 0.09 0.77 

8YSZ bulk (cubic phase) 4.9 0.70 0.07 1.04 

8YSZ film (cubic phase) 2.3 0.39 < 0.03 1.08 

 
 
The 3YSZ film consisting of the t´´ metaphase, which is stabilized by the large oxygen 
deficiency at a low background deposition pressure of 0.1 Pa (compare section 4.1 and 4.2.1), 
exhibits an enhanced electrical conductivity of e.g. 0.09 mS/cm at 400°C compared to the  
t´ phase as shown in Table 16. Similar or even higher conductivities than for 8YSZ bulk 
samples are obtained in the low temperature domain up to ~500°C due to the small activation 
energy of 0.77 ± 0.02 eV. The conductivity of the t´´ phase film is stable upon thermal cycling 
indicating that the enhanced electrical conductivity is structure-related and not a trivial effect 
of the pronounced initial oxygen deficiency as the latter is cured by oxygen uptake above 
~200°C (compare section 4.1). The temperature-dependent d.c. conductivity of t´´ phase films 
has been measured in different gas atmospheres (air, N2, H2, and humidified H2).  
The reversibility upon gas exchange and the reproducibility of the conductivity data over 
multiple heating-cooling cycles confirm the stability of the t´´ phase over a large oxygen 
partial pressure range. 

Fig. 115 illustrates the oxygen partial pressure dependency of the electrical conductivity for 
t´´ phase 3YSZ films revealing a slight decrease of σ towards lower pO2. This shift is 
associated with an increase of the activation energy from 0.77 ± 0.02 eV at a pO2 of 0.21 atm 
to 0.90 ± 0.02 eV at a pO2 of 10-22 atm. A decrease of the electrical conductivity at low pO2 
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was also observed by Kosacki et al. [105] who postulated a change in the mechanism of 
charge carrier compensation, which reduces the charge carrier concentration. An increase of 
the conductivity towards low pO2 would be expected for an electronic contribution induced by 
a reduction of the material (compare eq.(22) and (23)). This is not observed in the YSZ films 
investigated, which proves a predominantly ionic conduction. 
 

 

Fig. 115: Oxygen partial pressure dependence of the total in-plane electrical conductivity of ~400 nm thick  
as-deposited crystalline t´´ metaphase 3YSZ thin films grown on a sapphire (0001) substrate by PLD  
(λ: 193 nm, τp: 25 ns, F: 1.5 J/cm², d: 55 mm, pO2: 0.1 Pa, T: 600°C). 
 

The electrical transport properties of 8YSZ have been studied intensively in the past (compare 
section 1.3.4). Its superior ionic conductivity at high temperatures (700-1,000°C) renders it 
the state-of-the-art solid electrolyte material in conventional SOFCs and pO2 sensors.  
To date, published conductivity data on partially stabilized 3YSZ is comparatively scarce and 
limited to bulk samples [337] as the lower dopant concentration imparts an inferior electrical 
conductivity in the classical range of operation temperatures. However, the data of this work, 
discussed above, suggest that 3YSZ thin films and in particular those consisting of the  
t´´ phase can be applied as solid electrolyte membranes with an electrical performance 
comparable or even better than for 8YSZ in the low temperature range up to ~500°C 
(compare Fig. 114). The required minimum conductivity for a targeted area specific resistance 
of 0.25 Ω·cm² in a micro SOFC, calculated by eq.(14), yields a value of 0.2 mS/cm for a  
500 nm thick solid electrolyte membrane (see section 1.2), which is feasible for the 3YSZ 
films at temperatures ≥ ~450°C (see Fig. 114). The superior fracture toughness of partially 
stabilized 3YSZ films (see section 6.2) could prove a particular asset to fabricate more rigid 
membranes and prevent thermal cracking by the mismatch of thermal expansion coefficients 
of the different materials [109]. Moreover the material provides beneficial characteristics for 
growth by pulsed laser ablation (compare chapter 3.3). Concerns exist about a conductivity 
ageing [339] and a mechanical degradation by hydrothermal induction of the tetragonal-
monoclinic phase transformation at the anode side where water is produced [340]. In the latter 
case an electrolyte bi-layer structure with an additional water blocking layer of e.g. 8YSZ or 
CGO at the anode side could be favourable. 
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6.4 Conclusions 

Mechanical and optical characteristics of sub-µm PLD-grown YSZ layers can be efficiently 
deduced from nanoindentation experiments respectively spectrophotometric transmission data 
and are found to be intimately coupled to the film microstructure. 

The amorphous coatings are optically homogeneous and highly transparent at wavelengths 
above 300 nm. Their crystalline counterparts exhibit the development of a broad shoulder of 
depressed transmission in the spectral range of 220-500 nm connected with a transition from 
transparent to opaque visual appearance upon the increase of surface roughness and structural 
disorder induced by rising background deposition pressures. These optical losses originate 
from scattering at grain boundaries. Weak Urbach-type absorption prevails at sub-band gap 
photon energies in the range of 4-5 eV and has been related to extrinsic defect states in the 
zirconia lattice such as oxygen vacancy-based colour centres. It is shown that a reliable 
determination of the true optical band gap energy of the fundamental interband transition in 
YSZ by transmittance measurements requires thin film samples. The optical band gap data 
deduced for the PLD-grown YSZ layers shows a characteristic shift from 5.51 ± 0.03 eV in 
the case of the amorphous state to 5.72 ± 0.05 eV for crystalline films, but proves to be 
independent of the Y2O3-dopant level. The refractive index, which can be deduced from an 
analysis of the interference patterns is sensitive to the film macro porosity and may be used 
for quantification of the latter. High refractive indices with n600nm in the range of 2.18-2.23, 
close to single crystal reference data, were obtained for layers grown in the low pressure PLD 
regime confirming their dense nature. Within these boundaries the refractive index decreases 
with increasing Y2O3-content and is consistently slightly smaller for amorphous layers 
compared to the crystalline ones of the same composition, which can both be accounted for by 
a lower atomic packing density. The gradual decrease of the refractive index for layers 
deposited at background pressures above a threshold of ~1 Pa marks the development of pores 
in the form of intercolumnar voids with attained film porosities of up to ~30% in the 
investigated microstructural range. 

The hardness and elastic moduli were found to be invariant with respect to the Y2O3-dopant 
level, but dependent on the microstructure attaining values of 16.0 ± 2.0 GPa respectively 
277.9 ± 40.4 GPa for dense crystalline YSZ layers, similar to data published for bulk YSZ, 
while the amorphous films yield up to 25 % lower mean values of 11.9 ± 0.5 GPa respectively  
230.9 ± 12.2 GPa. Major differences exist moreover in the films’ fracture behaviour. While 
the amorphous films deform plastically by shear bands upon indentation, the crystalline YSZ 
layers reveal brittle behaviour and accommodate the load by the formation of hoop and 
surface cracks. The crystalline 3YSZ films exhibit significantly higher fracture toughness than 
the 8YSZ films. This is consistent with the well-known toughening effect of the stress-
induced transformation from the tetragonal to the monoclinic phase in partially stabilized 
zirconia. 

The electrical conductivity of 8YSZ thin films improves with the lattice order and approaches 
maximum values close to data for sintered microcrystalline bulk samples for coarse grained 
(mean grain size: ~250 nm) microstructures annealed at high temperatures with an activation 
energy of 1.04 ± 0.02 eV and a conductivity of 0.6 mS/cm² at 500°C. The observed decrease 
of the electrical conductivity for nanocrystalline microstructures, which exhibit an increased 
number density of grain boundaries, is in accordance with space charge models predicting a 
blocking nature of the grain boundaries in YSZ. No evidence for a nanoscale enhancement of 
the ionic conductivity, as reported previously [105, 145], is seen. 
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PLD-grown crystalline thin films of partially stabilized 3YSZ reveal comparable or higher 
electrical conductivity versus the state-of-the-art solid electrolyte material 8YSZ in the low 
temperature range up to 500°C, which can be attributed to the lower activation energy in the 
range of 0.77-0.90 eV. The conductivity is enhanced by a factor of ~2 in layers of the  
t´´ phase, which is stabilized at low deposition pressures ~0.1 Pa, as compared to the t´ phase. 
The pO2 dependence of σ indicates purely ionic conduction and a stability of the films over a 
wide range of oxygen partial pressures of 0.21-10-22 atm. The targeted conductivity value of 
0.2 mS/cm for a 500 nm thick solid electrolyte membrane is feasible for 3YSZ films at 
temperatures ≥ ~450°C. These characteristics suggest a high potential of 3YSZ layers for 
solid electrolyte membranes in low temperature micro SOFCs. The additional superior 
fracture toughness of partially stabilized 3YSZ films (compare section 6.2) could prove a 
particular asset to fabricate more rigid membranes and prevent thermal cracking caused by a 
mismatch of the thermal expansion coefficients in SOFC thin film heterostructures. 
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7. Ceria-based PLD-grown thin films as alternative 
solid electrolyte* 

 

Ceria forms oxygen ion conductive solid solutions with aliovalent oxides such as Gd2O3 
(gadolinia-doped CeO2, CGO) in analogy to YSZ. These ceria-based solid solutions exhibit an 
enhanced oxygen ion conductivity compared to YSZ, but are more prone to reduction at high 
temperatures in atmospheres with low oxygen partial pressure, which imparts  
n-type electronic conduction that diminishes the efficiency in SOFC applications  
(see chapter 1.3.3.1). Ceria-based solid electrolytes are therefore mainly considered for low 
temperature (~500°C) applications where the electronic conductivity is negligible [29, 341]. 
The electrical transport properties reported for CGO thin films vary within a wide range,  
e.g. from 3.4·10-3 mS/cm [342] to 7·mS/cm [343] at a temperature of 500°C, and may deviate, 
as well as the stability under reducing conditions, considerably from bulk values.  
This work evaluated the potential of moderate temperature (400°C) PLD growth of CGO thin 
films with suitable dense microstructures and physical properties for solid electrolyte 
applications as an alternative to the YSZ system. 

7.1 Film microstructure 

The RBS analysis (see section 2.3.2) confirmed a congruent transfer of the target 
composition, including the oxygen content, to the films for the selected deposition conditions 
(see section 2.2). The determined average layer composition is Ce0.90 ± 0.005Gd0.10 ± 0.005O2.0± 0.1. 
X-ray diffraction measurements revealed that the CGO thin films deposited at the moderate 
temperature of 400°C are polycrystalline and grow in the cubic fluorite structure with a  
(111) texture. The relatively large FWHM of the Bragg peaks indicated nanocrystalline 
microstructures with grain sizes in the range of 10-50 nm. The topographical AFM images of 
CGO thin films with different thicknesses in Fig. 116 confirm the presence of nm-sized 
grains. 

                                                 
* Parts of this work have been published in: 

K. Rodrigo, S. Heiroth, M. Lundberg, N. Bonanos, K. M. Kant, N. Pryds, L. Theil Kuhn, V. Esposito,                  
S. Linderoth, J. Schou, and T. Lippert, Electrical characterization of gadolinia doped ceria films grown by 
pulsed laser deposition, submitted to Appl. Phys. A 

K. Rodrigo, S. Heiroth, N. Pryds, L. Theil Kuhn, V. Esposito, S. Linderoth, J. Schou, and T. Lippert,          
Pulsed laser deposition of gadolinia doped ceria layers at moderate temperature – a seeding approach, in 
preparation 
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Fig. 116: Topographical AFM pictures of PLD-grown (λ: 248 nm, τp: 20 ns, F: 1.1 J/cm², d: 68 mm, pO2: 1.0 Pa, 
T: 400°C, substrate: Si(100)) CGO films with different thicknesses of a) 80 nm, b) 220 nm, and c) 435 nm. 
Bottom: Evolution of the average lateral grain size, Dg, and the surface roughness, Rq, with the film thickness, t. 
Lines are included as a guide to the eye. 
 

The average lateral grain size determined from the top view images increases with the  
film thickness from ~11 nm (t: 22 nm) to ~37 nm (t: 435 nm). Simultaneously, the surface 
roughness, Rq, increases systematically from 2.4 ± 0.2 Å to 8.8 ± 0.6 Å within this thickness 
range. 

The grains grow columnar as Fig. 117 illustrates, however, the microstructure appears 
disordered when compared to the YSZ layers deposited at a higher temperature of 600°C 
(compare Fig. 76 c)). In the case of the YSZ layers the highly oriented nm-sized grains are 
almost monodisperse and reveal a constant column width along the layer thickness.  
The alignment of the columns perpendicular to the surface is less perfect and the mean 
column width increases with the distance to the substrate interface for the CGO films.  
The increase of the column diameter with the layer thickness is consistent with the AFM 
results and related to a simultaneous decrease of the number density of grains and grain 
boundaries. As a consequence, a gradient of the number density of grains and grain 
boundaries exists perpendicular to the surface with a high density of small nuclei at and close 
to the substrate interface. Roughness-mediated shadowing effects may shield individual 
grains from the incident vapour flux, which prevents their further growth and continuously 
reduces the number of actively growing grains as the film becomes thicker during the 
deposition.  
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Fig. 117: Cross-sectional SEM image (left) of a PLD-grown CGO film (λ: 248 nm, τp: 20 ns, F: 1.1 J/cm²,  
d: 68 mm, pO2: 1.0 Pa, T: 400°C, substrate: Si(100)) and schematic representation of the microstructure (right). 
The dashed white lines in the SEM image mark the interfacial region with a high number density of grain 
boundaries and high degree of structural disorder. This region corresponds to the 20 nm thick layer investigated 
by d.c. resistivity measurements.  
 

The formation of this disordered columnar structure with a density gradient in the growth 
direction is promoted by the comparatively low substrate temperature, which does not allow 
for significant structural re-organization. The dense, ordered columnar structures obtained for 
the YSZ layers at a higher temperature of 600°C could be classified according to Thornton’s 
structural model as zone type 2 structures (compare section 4.2.2). The CGO films show 
characteristics of the transition zone T type with a dense network of disordered fibrous grains, 
as expected for the lower deposition temperature. The CGO layers appear dense under SEM 
inspection and do not reveal visible voids between the columnar grains or open porosity in the 
top view mode. However, an internal porosity is possible due to the disordered structure and 
the described growth mode. Whether these buried pores affect the gas tightness of the layer 
negatively cannot be determined conclusively without membrane gas leakage tests. 
 

7.2 Electrical transport properties 

The in-plane electrical transport properties were investigated for CGO films of 430 and 20 nm 
thickness as shown in an Arrhenius plot (Fig. 118) in accordance with eq.(23). The thicker 
film yields conductivities and an activation energy very similar to a microcrystalline bulk 
CGO reference sample as shown in Table 17. A factor of ~4-15 times higher conductivities 
are obtained compared to YSZ (see chapter 6.3) in the temperature range of 400-600°C,  
e.g. a value of 13.5 mS/cm at 600°C. The difference increases towards lower temperatures 
due to the smaller activation energy of 0.76 ± 0.02 eV for CGO compared to ~1.1 eV  
for 8YSZ. The observed conductivity values are up to ~40% larger than values reported 
previously for PLD-grown CGO layers [344, 345], e.g. ~8 mS/cm at 600°C in the study by 
Joo et al. [345]. However, a higher doped material containing 20 mol% Gd2O3 was employed 
in these investigations, which limits the comparability. Measurements in different gas 
atmospheres indicate a predominantly ionic conductivity of the CGO layers down to oxygen 
partial pressures as low as 10-26 atm at 500°C. 
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Fig. 118: D.c. in-plane electrical conductivity as measured in air for PLD-grown (λ: 248 nm, τp: 20 ns,  
F: 1.1 J/cm², d: 68 mm, pO2: 1.0 Pa, T: 400°C, substrate: MgO(100)) CGO films of 20 nm and 430 nm thickness 
in comparison to data for microcrystalline bulk samples of CGO and 8YSZ. Data derived from a.c. impedance 
spectroscopy (Fig. 119) are included for the 430 nm thick CGO layer. 
 
 
These characteristics demonstrate the potential of the PLD-grown CGO layers for solid 
electrolyte applications. The targeted conductivity of 0.2 mS/cm, calculated for a reasonable 
electrolyte area specific resistance, assuming a 500 nm thick membrane (compare eq.(14)),  
is reached already at temperatures below 400°C. This indicates that from the perspective of 
the electrolyte a further reduction of the operation temperatures in thin film based SOFCs 
below 400°C should be possible without pronounced performance losses. The development of 
more active electrocatalysts to overcome the limitations of the sluggish electrode reaction 
kinetics in this temperature range remains a challenge to materials scientists. 
 

Table 17: D.c. electrical conductivities at selected temperatures and activation energies for the investigated  
CGO films of different thicknesses, which were grown by PLD at 400°C. Data for a microcrystalline bulk 
sample of the same chemical composition is included for comparison. 
 

Sample σ600°C [mS/cm] σ500°C [mS/cm] σ400°C [mS/cm] Ea [eV] 

CGO film (t: 20 nm) 6.1 0.7* n.a. 1.01 

CGO film (t: 430 nm) 13.5 4.3 0.90 0.76 

CGO bulk 13.2 4.0 0.65 0.79 

* from a.c. impedance measurement (not shown) 
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The 20 nm thin CGO film exhibits significantly smaller electrical conductivities,  
e.g. 6.1 mS/cm at 600°C, and a larger activation energy of 1.01 ± 0.04 eV as compared to the 
thick layer (Fig. 118 and Table 17). The thinner film corresponds to the interfacial region 
highlighted by the horizontal dashed lines in Fig. 117 with a large number density of small 
nuclei and grain boundaries. In the case of the thick layer the interfacial region represents 
only a small fraction of the total layer volume and the average density of grain boundaries is 
therefore significantly lower. The current direction in the in-plane measurement geometry is 
perpendicular to the main axis of the columnar grains, which implies a high sensitivity to 
grain boundary effects. The depression of the electrical conductivities for a higher number 
density of grain boundaries in the CGO layers indicates a blocking nature of the grain 
boundaries in agreement with previous results [346]. An analogous behaviour is observed for 
the YSZ films and can be attributed to the depletion of oxygen vacancies at the grain 
interfaces due to a positive space charge potential in these acceptor doped fluorite-type solid 
solutions [347] (compare section 6.3). 

The CGO films were investigated by impedance spectroscopy in addition to the d.c. resistance 
measurements described above. In the case of polycrystalline bulk samples the a.c. electrical 
response allows a separation between the contributions of the grain interior, grain boundaries 
and the electrodes to the total conductivity [146]. The distinct time constants of the processes 
result in separated multiple semicircles in Nyquist plots. However, the impedance spectra of 
the CGO thin films reveal only one semicircle (Fig. 119), which can be modelled by an 
equivalent circuit of a single RC element. The capacitance value of ~10-11 F is on the order of 
the stray capacitance of the measurement setup and is therefore not considered as a film 
characteristic. The information content of the impedance spectra is consequently limited to 
the total resistance of the film obtained from the intercept with the real axis.  
The conductivities deduced from the impedance spectra are included in Fig. 118 and 
correspond closely to the d.c. resistance measurements. No further impedance measurements 
were performed as no extra information can be derived from the time-consuming  
a.c. technique in this case. The incapability of impedance spectroscopy to distinguish between 
grain boundary and bulk processes in thin solid electrolyte films has been noted  
previously [345] and can be ascribed to similar time constants for the given geometry. 
 

 

Fig. 119: Nyquist plot of impedance spectra measured in air for a 430 nm thick PLD-grown (λ: 248 nm, τp: 20 ns,  
F: 1.1 J/cm², d: 68 mm, pO2: 1.0 Pa, T: 400°C, substrate: MgO(100)) CGO film at different temperatures.  
The solid lines represent fits for an equivalent circuit consisting of a single RC element. 
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7.3 Conclusions 

Polycrystalline CGO thin films can be grown by PLD at a moderate substrate temperature of 
400°C under retention of the target stoichiometry. The resulting columnar structures exhibit a 
density gradient along the growth direction. The interface to the substrate is strongly 
disordered, containing a large number of nm-sized nuclei and therefore a high density of grain 
boundaries. The number density of grains decreases due to shadowing effects with increasing 
distance to the substrate interface, while the width of those columnar grains that are exposed 
to the vapour flux during film growth, increases simultaneously. No open porosity is detected 
in these films. The thickness dependent film microstructure affects the electrical transport 
properties. While ~400 nm thick layers show bulk-like characteristics, the layer resistivity 
increases significantly for ~20 nm thin layers with a high density of small grains.  
This indicates a blocking nature of the grain boundaries as confirmed also for the YSZ films. 
A factor of 4-15 larger electrical conductivities compared to 8YSZ are demonstrated for the 
CGO layers in the low temperature range of 400-600°C, where reduction at low partial 
pressure proves to be negligible. 
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8. Sm-Sr-Co-oxide layers by low temperature PLD 
 

Pulsed laser deposition is well suited for the fabrication of dense sub-µm layers for solid 
electrolyte applications as shown in the previous chapters. Further active layers imposing 
different microstructural requirements, i.e. anode and cathode (compare section 1.3.1  
and 1.3.2), are needed for a working high temperature electrochemical device such as a  
micro SOFC. The focus of this study was to evaluate the potential of the PLD technique for 
the growth of thin film structures ranging from dense model systems, desirable for the 
investigation of the fundamental physical properties, to highly porous gas-permeable layers as 
suitable electrodes. The ‘soft’ processing aspect (compare section 5.5) was considered, aiming 
at a comprehensive microstructural engineering by adjustment of the target-substrate distance 
and pressure only, while keeping the substrate at room temperature. Sm0.5Sr0.5CoO3 (SSC) 
was selected as material due to its high catalytic activity and selectivity towards the oxygen 
reduction reaction [70] and fast oxygen exchange and diffusion kinetics [64, 348] resulting in 
a mixed ionic-electronic conduction with a large electronic conductivity ≥ 1,000 S/cm [65] 
(compare Table 3). These characteristics render SSC attractive as SOFC cathode material in 
dual as well as in single-chamber designs. 

8.1 From dense model systems to porous electrodes 

Thin films were deposited on Si (100) substrates at room temperature by pulsed ns-laser 
ablation of a Sm0.5Sr0.5CoO3 (SSC) target. The oxygen background pressure in the PLD 
chamber, pO2, and the target-substrate distance, d, were varied systematically in a wide  
range (compare Table 7) to study their effects on the resulting film microstructure.  
The cross-sectional SEM images in Fig. 120 provide an overview of the obtained 
microstructures and clearly illustrate a transition from highly porous to completely dense 
structures for decreasing pressure. The substrate-target distance has a comparatively small 
effect on the film density. Similar results were obtained for the PLD growth of alumina films 
and attributed to an alteration of the kinetic energies of the plume species arriving at the 
substrate as a function of the background pressure and target-substrate distance [250] 
(compare also section 1.4.4). 

At the maximum investigated pressure of 100 Pa highly porous films with columnar 
structures are obtained (Fig. 120 a) and b)). The deposited sponge-like material is only weakly 
bound to the substrate resulting in poor adhesion. The open columnar structures develop as a 
consequence of roughness-mediated shadowing, while the weak agglomeration is caused by 
the collisions of the plasma species at high background pressures, which results in nucleation 
and growth of clusters in the plume and low kinetic energies of the species arriving at the 
substrate (compare also chapter 4.2.2). The structures densify when the pressure is decreased 
to 20 Pa yielding less voluminous intercolumnar voids (Fig. 120 c) and d)). 
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Fig. 120: Cross-sectional (tilt angle: 3°) SEM images of SSC thin films grown by PLD (λ: 248 nm, τp: 20 ns,  
F: 1.5 J/cm²) at room temperature on Si (100) substrates using different oxygen background pressures (see row 
labels on the left) and target-substrate distances (see column header). The number of applied laser pulses was 
kept constant at 72,000 (60 mm working distance) respectively 36,000 (30 mm working distance). 
 

A dense, visually non-porous film structure is obtained at the lower pressure of 5 Pa  
for a target-substrate distance of 30 mm (Fig. 120 e)). Under these conditions the plume  
species experience significantly less gas phase collisions on their way to the  
substrate (compare Fig. 17), which yields higher kinetic and excitation energies.  
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This enhances the adatom surface mobility in the film growth process and allows a significant 
structural re-organization. The number of gas phase collisions increases proportional to the 
target-substrate distance and induces lower energies of the arriving species at a larger working 
distance. This is responsible for the consistently higher degree of porosity attained for the 
layers grown at the larger working distance of 60 mm (Fig. 120 b), d) and f)) compared to 
those grown at the same background pressure and a shorter distance (Fig. 120 a), c) and e)). 
The effect is particularly visible comparing Fig. 120 f), which reveals an evolving, still 
imperfect layer densification with a dense region close to the substrate, that gradually 
becomes more porous with increasing distance to the substrate-film interface, to the 
previously discussed Fig. 120 e). At background pressures ≤ 1 Pa collisional moderation is 
negligible within the complete range of working distances (compare Fig. 17), resulting in the 
formation of smooth and dense isotropic layers as depicted in Fig. 120 g) and h). 

The mass deposition rates illustrated in Fig. 121 were measured using a quartz micro  
balance (QMB) sensor (compare section 2.2.4) as a function of the deposition parameters pO2 
and d. The deposition rates decrease systematically with increasing pressure and are found to 
follow a d-2 dependence for pressures ≤ 50 Pa in accordance with previous reports [164].  
This result can be rationalized by a fixed amount of ablated material ejected into the space at a 
fixed solid angle and a negligible impact of the subsequent collisions with the background gas 
molecules on the spatial flux distribution of the plasma species. The latter precondition is not 
satisfied anymore for higher pressure environments, which cause deviations from the  
d-2 dependence as observed for pO2 > 50 Pa in the case of SSC laser ablation (Fig. 121). 
 

 

Fig. 121: Mass deposition rates measured with a quartz micro balance for ablation of a SSC target  
(λ: 248 nm, τp: 20 ns, F: 1.5 J/cm²) in the PLD chamber as a function of the target-probe distance, d, for different 
oxygen background pressure values. The main axis of the plume was aligned to the centre of the quartz crystal. 
The solid lines represent least square fits to a d-2 power law function. 
 

The QMB as well as additional RBS measurements both provide a mass density per unit area, 
which can be converted to a volumetric mass density if the physical layer thickness is 
determined independently (compare sections 2.2.4 and 2.3.1). In the case of the SSC layers 
the physical film thickness was obtained from SEM cross-sections (Fig. 120).  
The derived volumetric film mass densities are plotted in Fig. 122 versus the oxygen 
background pressure during deposition for the two different applied working distances. 
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Fig. 122: Density of the PLD-grown SSC thin films (compare Fig. 120) as a function of the oxygen background 
pressure for working distances of 30 and 60 mm. The density was calculated from QMB and RBS data,  
which provide an areal mass density [g/cm²], in combination with the physical layer thickness from SEM  
cross-sectional analysis. 
 

Film densities of ~5 g/cm³ are consistently determined for the low pressure growth regime. 
These values are considerably lower than the theoretical density of 6.84 g/cm³ for 
Sm0.5Sr0.5CoO3. Since dense microstructures are obtained in this pressure domain (compare 
Fig. 120) this evidence is attributed to a lower packing density on an atomic scale, which is 
reasonable for the as-deposited amorphous state (compare XRD pattern, Fig. 124).  
The decrease of the film density above a pressure of ~1 Pa (d: 60 mm) respectively  
~5 Pa (d: 30 mm) indicates the transition to porous microstructures. A quantitative estimation 
of the film porosity is possible based upon Fig. 122 yielding values ≥ 90% for the layers 
deposited at the highest investigated pressure of 100 Pa. At a pO2 of 20 Pa, which results in 
layers with a better adhesion to the substrate, film porosities of 67 % (d: 30 mm) respectively 
88 % (d: 60 mm) are calculated from the QMB data. 

The chemical composition of the SSC thin films was analyzed by RBS and is summarized in  
Fig. 123. An almost congruent transfer of the target composition Sm0.5Sr0.5CoO3 is only 
ascertained at the lowest investigated pressure of 0.01 Pa, yielding films of the average 
composition Sm0.45±0.02Sr0.48±0.02Co1.0O2.9±0.1. Significant deviations from the target 
stoichiometry are detected for higher deposition pressures, i.e. a pronounced Sr deficiency at 
the upper end of the investigated pO2 range and oxygen contents exceeding the nominal limit 
of x(O) = 3 for the bulk SSC perovskite. The latter result can be explained by data of 
additional ERDA measurements, which revealed the incorporation of a considerable amount 
of hydrogen, i.e. up to 21 at.%. This evidence indicates the incorporation of water or 
hydroxide formation within the SSC layers, which increases the oxygen content in the film. 
The porosity and large surface area per volume in the layers deposited at higher background 
pressures may promote the uptake of H2O from air. 
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Fig. 123: Stoichiometry factors normalized to the cobalt content as derived by RBS measurements for the SSC 
thin films grown by PLD (λ: 248 nm, τp: 20 ns, F: 1.5 J/cm², T: 25°C) on Si (100) substrates, plotted as a 
function of the deposition pressure. The open and closed symbols represent data for a target-substrate distance of 
30 and 60 mm, respectively. The increasing film roughness and porosity prevented the acquisition of meaningful 
RBS spectra for the films grown at higher pressures. 
 

For the investigation of the electrical transport properties, dense film microstructures with 
well defined geometry are necessary, which means that only low pressure deposition could be 
applied (compare Fig. 120). Considering the results of the RBS analysis (Fig. 123), deposition 
conditions favourable for the retention of the target stoichiometry were selected,  
i.e. a pO2 of 0.01 Pa and a working distance of 60 mm. 
 

8.2 Electrical transport properties 

Fig. 124 shows X-ray diffractograms of SSC thin films post-annealed at a temperature of 
400°C and 600°C, respectively. The absence of any distinct reflections in addition to the 
substrate signals for the film annealed at 400°C confirms its amorphous nature, which is a 
direct consequence of the low deposition temperature. The thermal activation is sufficient to 
induce crystallization of the film at an annealing temperature of 600°C. The distinct 
diffraction pattern agrees with the reference data for a Sm0.5Sr0.5CoO3 reference powder 
(orthorhombic, space group: Pnma, included in Fig. 124), which confirms the formation of the 
distorted perovskite-type crystal structure. The relatively large peak width resulting partly 
from a superposition of individual adjacent reflections indicates a defective lattice order.  
No pronounced texturing is observed in contrast to the YSZ layers (compare chapter 5.1).  
The amorphous SiOx layer at the surface of the Si substrates is expected to prevent a 
substrate-induced crystallographically oriented growth of crystallites. 
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Fig. 124: X-ray diffraction patterns of ~350 nm thick SSC films deposited by PLD (λ: 248 nm, τp: 20 ns,  
F: 1.5 J/cm², d: 60 mm, pO2: 0.01 Pa, T: 25°C) on Si (100) substrates and post-annealed at temperatures of 400°C 
respectively 600°C for 2 h in air. The ICDD reference diffraction pattern for Sm0.5Sr0.5CoO3 powder  
(PDF card #053-0112) is included for comparison. 
 

In accordance with the XRD results, the electrical transport properties of amorphous SSC 
layers can be investigated up to a temperature of 400°C, where no phase transformation is 
induced. Fig. 125 a) presents the total electrical in-plane conductivity of ~350 nm thick 
amorphous SSC films deposited by PLD at room temperature on insulating, chemically inert 
sapphire substrates. The absolute conductivities are low, with a maximum of 27 S/cm at a 
temperature of 380°C compared to values > 1,000 S/cm reported for sintered polycrystalline 
bulk samples [65]. The film conductivities decrease towards lower pO2 and reveal 
semiconductor-type temperature dependence. 
 

 

Fig. 125: Total electrical in-plane conductivity in different gas atmospheres for ~350 nm thick SSC films 
deposited by PLD (λ: 248 nm, τp: 20 ns, F: 1.5 J/cm², d: 60 mm, pO2: 0.01 Pa, T: 25°C) on sapphire (0001) 
substrates, a) as-deposited (amorphous film), and b) after annealing at a temperature of 600°C for 20 h in air 
(crystallized film). 
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Crystallization by post-annealing at 600°C yields electrical conductivities, which are a factor 
of 4-6 larger than for the amorphous films (Fig. 125 b)). The increase in lattice order enhances 
apparently the electrical conduction. The still relatively poor crystallinity obtained by 
annealing at a moderate temperature of 600°C (compare Fig. 124) compared to high 
temperature sintered specimens, may account for the persisting difference to bulk reference 
data [65]. Nevertheless, conductivities ≥ 100 S/cm, which are required for effective current 
collection in SOFC applications, are obtained at temperatures above ~400°C for the 
crystallized SSC thin films. 

The pronounced hysteresis between heating and cooling cycle in Fig. 125 b) is probably 
related to a kinetically impeded equilibration of the defect chemistry, which depends on the 
oxygen partial pressure and the temperature. SSC is a mixed ionic-electronic conductor with 
oxide ions as the minority, and holes as the majority charge carriers [86]. The electronic 
conduction is attributed to Co3+-Co4+ transitions via the small polaron mechanism.  
The CoIII/CoIV ratio is therefore decisive for the electronic contribution to the total 
conductivity. At high pO2 the charge introduced to the SmCoO3 lattice by the lower valent 
SrO dopant is compensated electronically by the formation of Co4+ ions resulting in a large 
charge carrier, i.e. hole, concentration. Lowering the oxygen partial pressure favours ionic 
charge compensation by the reversible loss of oxygen and the associated formation of 
vacancies in the lattice, i.e. the equilibrium described by eq.(79) shifts to the right [349]. 
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This shift causes a reduction of the CoIV content, i.e. also the hole concentration, as can be 
seen from eq.(79). The total conductivity, which is dominated by the electronic contribution 
decreases therefore upon lowering the pO2 of the gas atmosphere, as is confirmed 
experimentally and shown in Fig. 125 a) and b). 
 

8.3 Conclusions 

The case study on SSC reveals that columnar porous to isotropic dense thin film 
microstructures of potential SOFC electrode materials are accessible by PLD at low 
temperature by adjusting the deposition pressure and the working distance. The gradual 
densification towards lower applied pressures and target-substrate distances can be attributed 
to the higher kinetic energies of the vapour species arriving at the substrate surface,  
which promotes the structural re-organization of the growing film. The film densities can be 
effectively quantified by a combination of quartz microbalance or RBS measurements and the 
determination of the physical layer thickness by SEM cross-sectional analysis. At the highest 
investigated pressure of 100 Pa, film porosities > 90% were attained. The analysis of the 
chemical composition shows that a congruent transfer of the material is only possible in the 
low pressure regime. The as-deposited amorphous layers reveal poor electrical conductivity 
with a maximum of 27 S/cm for a temperature of 380°C in a 20% O2-Ar mixture. 
Crystallization at a moderate temperature of 600°C enhances the conductivity by a factor of  
4-6 and yields values > 100 S/cm, which are relevant for SOFC electrode applications,  
for temperatures in excess of ~400°C. The pO2 dependence of the total electrical conductivity, 
i.e. a decrease of σ for lower oxygen partial pressure, can be explained by a reversible shift of 
the defect equilibrium in the material. 
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9. Conclusions and outlook 
 

This dissertation covers the growth of ionic and mixed ionic-electronic conductive metal 
oxide thin films by pulsed laser deposition and modifications of the process.  
These electroceramic layers are of interest for the development of miniaturized high 
temperature solid state electrochemical devices such as micro solid oxide fuel cells,  
which are envisioned as attractive mobile power supply solution, e.g. for portable electronic 
applications. Existing Si-based micro fabrication processes are not compatible with 
conventional high temperature ceramic processing [350]. The potential of the PLD technique 
for a controlled deposition of high quality thin films with appropriate microstructures for 
micro SOFC membranes under ‘soft’ to moderate conditions is demonstrated. The accessible 
microstructures range from ideally dense to highly porous, meeting the distinct requirements 
imposed by the different layer functionalities. The process optimization necessitates a 
comprehensive investigation on the fundamental laser ablation characteristics of  
yttria-stabilized zirconia as the solid electrolyte material of choice. The obtained insights are 
valuable in a wider field beyond thin film growth, including laser machining and laser 
ablation based analytics such as laser ablation inductively-coupled mass spectrometry.  
Post-annealing is presented as an additional option for microstructural control and allowed an 
investigation of the thermally-induced nucleation and growth processes, which are scarcely 
studied in metal oxide thin films. The array of distinct accessible microstructures is the basis 
for studying the interrelation with the films’ physical (electrical, mechanical, optical) 
properties. 
 

Laser ablation characteristics of YSZ 

The laser ablation process is the fundamental basis of pulsed laser deposition and generates 
the material for film growth. YSZ proves to be prone to the ejection of condensed phase 
particles in addition to vaporization upon pulsed laser ablation, which compromises the 
quality of PLD-grown films. 

The intrinsic brittleness of fully stabilized zirconia (8YSZ, 9.5YSZ) inevitably causes severe 
thermomechanical cracking and an expulsion of 1-25 µm large fragments from the target 
surface on a µs to ms time scale as evidenced by shadowgraphy. These fragments are 
observed for the entire range of laser parameters investigated in the ns-pulse regime.  
The fragments, attaining velocities up to 100 m/s, impact on the growing film in PLD and 
may create voids, which are detrimental for solid electrolyte applications that rely on a gas 
impermeable layer. Modifications to the conventional PLD process have been devised to 
eliminate the transfer of these fragments. The implementation of a synchronized supersonic 
gas pulse, crossed with the ablation plume, in the so called pulsed reactive crossed-beam laser 
ablation mode is particularly attractive for eliminating the transfer of macroscopic particles to 
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the substrate. As a result, highly dense coatings of fully stabilized YSZ are obtained.  
Off-axis PLD with the substrate oriented parallel to the plume main axis results also in 
particle-free but highly porous films, which could be interesting for the fabrication of 
YSZ/metal cermet anode structures. 

Partially stabilized 3YSZ withstands the thermomechanical stresses generated by pulsed  
ns-laser irradiation without exfoliation. Its superior fracture toughness can be attributed to a 
laser-induced partial transformation of the metastable tetragonal to the stable monoclinic 
phase, as confirmed by micro Raman spectroscopy. As a consequence particle-free, dense and 
smooth 3YSZ films can be grown by conventional ns-PLD at moderate fluences  
of 1.2-1.5 J/cm² in contrast to the higher doped fully stabilized YSZ. At higher  
fluences ≥ 2.0 J/cm² an increasing amount of sub-µm sized spherical droplets is ejected from 
the molten target surface. 

Ablation by ultrashort laser pulses prevents the ejection of micron sized fragments but yields 
an extensive amount of submicron particles irrespective of the YSZ target and laser 
wavelength or fluence as shown by time-resolved imaging in pump-probe light scattering 
experiments. Their formation is independent of the ambient pressure and probably related to a 
violent phase explosion. Accordingly, PLD using fs-NIR laser radiation yields rough and 
porous YSZ layers consisting of agglomerated submicron particles, which are not suitable for 
SOFC applications. 

Laser-induced incubation results in defect formation, which causes residual changes of the 
target absorptivity, and which is important for ns- and fs-laser ablation of YSZ, enabling an 
efficient material removal also at sub-band gap photon energies. The ablation rates,  
the threshold fluence, and the effective absorption coefficient are mainly governed by the 
laser wavelength, while pulse duration respectively target microstructure and dopant level 
have only a minor or no effect at all. Kinetic energies of 5-25 eV are estimated from the 
vapour release velocities of 3-6 km/s observed by time-resolved imaging experiments for  
ns-UV laser ablation. These high kinetic energies promote the surface diffusivity and hence 
enable significant structural re-organization during the PLD film growth, even at low 
substrate temperatures. 
 

Composition and structure of PLD-grown YSZ films 

The combination of different ion beam analytical techniques, i.e. Rutherford backscattering 
spectrometry, particle-induced X-ray emission spectroscopy and elastic recoil detection 
analysis enables a comprehensive analysis of the film stoichiometry. The cationic 
composition of the targets is found in the films, while a pronounced oxygen deficiency is 
detected for deposition pressures < ~5 Pa, which increases for lower pO2. However, these 
films can be completely oxidized by thermal post-annealing in air at a moderate temperature 
of 200°C due to the fast oxygen exchange and diffusion kinetics of YSZ. HfO2, which is 
omnipresent in zirconia compounds, is detected as the only impurity in the YSZ layers on a 
level of 1-2 wt.%. Hafnia behaves chemically and physically very similar to zirconia and has 
no significant effect on the film properties. Characteristic selective shifts of Raman modes 
correlated with the lattice oxygen content are observed, which suggests the use of Raman 
spectroscopy as a low cost alternative to ion beam analytical techniques for probing the 
oxygen content of the films. 
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The lattice order of the YSZ layers depends mainly on the substrate temperature during the 
film growth. Deposition at room temperature yields amorphous films, while substantially 
higher adatom mobilities at temperatures of 400-700°C result in long-range lattice order. 
Polycrystalline layers of the cubic fluorite-type structure (8YSZ) respectively the tetragonal  
t´ zirconia phase (3YSZ) with a strong (111) texture are obtained. At the lowest investigated 
pressure of 0.1 Pa the 3 mol% Y2O3 doped material grows in the pseudo-cubic t´´ metaphase 
with periodic dislocations in the anionic sublattice, which induce the tetragonal symmetry. 
The formation of the t´´ phase is most probably favoured by the pronounced oxygen 
deficiency in these films. 

A transition from dense to porous film microstructures with increasing deposition pressure 
occurs at a threshold pressure of ~2.5 Pa. In the low pressure regime dense, isotropic and 
smooth amorphous layers respectively dense columnar structures in the case of the 
polycrystalline layers are formed. The columnar grains grow highly oriented along the 
direction of the surface normal, extending across the complete layer. The column width 
increases with the pressure and can be adjusted in a range of 10-50 nm (3YSZ) and  
20-100 nm (8YSZ), respectively. In the high pressure regime the kinetic energies of the 
plasma species arriving at the substrate are lowered significantly by collisions with 
background gas species, resulting in kinetically impeded growth conditions, which yield 
porous columnar structures. In addition, pressure-induced cluster nucleation and growth 
processes in the plume result in the formation of several 10-100 nm sized distinct spherical 
agglomerates, which are incorporated in the growing layers. For solid electrolyte applications 
the low pressure regime is of prime interest to obtain the required dense layer structures for 
gas impermeable membranes. The prevailing high kinetic energies of the vapour species 
under these conditions enable the growth of dense films at low to moderate temperatures. 
 

Crystallization characteristics of amorphous YSZ films 

The crystallization of amorphous PLD-grown 8YSZ thin films is induced at exceptionally low 
temperatures of ~250°C compared to crystallization temperatures of typically > 400°C in 
analogous films prepared by other thin film deposition techniques, such as r.f. sputtering or 
spray pyrolysis. The isothermal crystallization kinetics of the PLD-grown 8YSZ layers can be 
described quantitatively within the framework of the Johnson-Mehl-Avrami-Kolmogorov 
model. The experimental evidence indicates a 3D isotropic grain growth with preferential 
heterogeneous nucleation under bulk diffusion control and a strong thermal  
activation (Ea: 5.1-6.8 eV). A mechanistic change from continuous nucleation with a 
temperature dependent induction period for the formation of critical nuclei (250-300°C) to 
initial seeding (T ≥ 325°C) is observed. The phase transformation, associated with a volume 
contraction of ~2.0%, proceeds on a second to hour time scale in the investigated temperature 
range (200-400°C) and is completed after a maximum of 20 h. Large equiaxed grains  
with dimensions on the order of the layer thickness are formed rapidly.  
Intermediate nanocrystalline states are not stabilized, in contrast to sputtered and spray 
pyrolysed 8YSZ films. Grain growth of the resulting fully crystalline films is negligible, 
being limited by the specimen thickness effect, which results in microstructures with a 
remarkable thermal stability. The low thermal activation barrier for crystallization of the 
PLD-grown 8YSZ layers has been utilized to devise a ‘soft’ processing route for the 
fabrication of Si-substrate supported free-standing 8YSZ membranes, which minimizes 
thermal stress during the preparation. Dense and crack-free membranes have been obtained by 
this process. However, buckling is consistently observed for the selected dimensions and 
requires suitable modifications to the geometry or support structure of the membranes. 
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Physical properties of YSZ thin films 

The optical, mechanical and electrical properties are coupled to the microstructure and 
composition of the prepared thin films and are of interest for various applications of YSZ. 

The amorphous coatings are entirely transparent at wavelengths above 300 nm, while 
scattering at grain boundaries reduces the optical transmission in the spectral range of  
220-500 nm for polycrystalline microstructures. The band gap energy shows a characteristic 
shift from 5.51 ± 0.03 eV in the case of the amorphous state to 5.72 ± 0.05 eV for crystalline 
films, but proves to be independent of the Y2O3-dopant level. High refractive index layers 
with n600nm in the range of 2.18-2.23, which is close to single crystal reference data,  
are obtained in the low pressure PLD regime. The decrease in the refractive index for YSZ 
layers grown at background pressures > 1.0 Pa can be used for a sensitive quantification of 
the porosity. 

The hardness and reduced elastic moduli were found to be invariant to the Y2O3-dopant level, 
but dependent on the microstructure attaining values of 16.0 ± 2.0 GPa and 277.9 ± 40.4 GPa, 
respectively, for dense crystalline YSZ layers, which is similar to data published for  
bulk YSZ. Amorphous films yield up to 25 % lower mean values of 11.9 ± 0.5 GPa and  
230.9 ± 12.2 GPa, respectively. Major differences exist moreover in the films’ fracture 
behaviour. While amorphous films deform plastically by shear bands upon nanoindentation, 
the crystalline films reveal brittle behaviour and accommodate the load by the formation of 
hoop and surface cracks. Crystalline 3YSZ films exhibit significantly higher fracture 
toughness than 8YSZ films. This can be attributed to the toughening effect of the  
stress-induced phase transformation from the tetragonal to the monoclinic phase in partially 
stabilized zirconia. 

The electrical conductivity of 8YSZ thin films improves with the lattice order and approaches, 
for coarse grained (mean grain size: ~250 nm) microstructures obtained by annealing at  
high temperatures, values close to data for sintered microcrystalline bulk samples.  
The observed decrease of the electrical conductivity for nanocrystalline microstructures, 
exhibiting an increased number density of grain boundaries, is in accordance with space 
charge models predicting a blocking nature of grain boundaries in YSZ. No evidence for a 
nanoscale enhancement of the ionic conductivity, as reported in [105, 145] is obtained. 

3YSZ films reveal comparable or higher electrical conductivity to the state-of-the-art solid 
electrolyte material 8YSZ in the low temperature range (< 500°C). The conductivity is 
enhanced by a factor of ~2 in layers consisting of the t´´ metaphase as compared to the  
t´ phase. The dependence of the electrical conductivity on the oxygen partial pressure 
indicates purely ionic conduction and a stability of the films over a wide range of oxygen 
partial pressures of 0.21-10-22 atm. The targeted conductivity value of 0.2 mS/cm  
for a 500 nm thick solid electrolyte membrane is reached for 3YSZ films at  
temperatures ≥ ~450°C. These characteristics suggest a high potential of 3YSZ layers for 
solid electrolyte membranes in micro SOFCs operating at ~500°C. The superior fracture 
toughness of partially stabilized 3YSZ films could prove a particular benefit to fabricate more 
rigid membranes and prevent thermal cracking caused by the mismatch of thermal expansion 
coefficients in SOFC thin film heterostructures. 
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Ceria-based thin films as an alternative for solid electrolyte applications 

Polycrystalline CGO thin films devoid of open porosity can be grown by PLD at a  
moderate substrate temperature of 400°C under retention of the target stoichiometry.  
The resulting columnar structures exhibit a density gradient along the growth direction.  
The thickness dependent film microstructure affects the electrical transport properties with 
bulk-like characteristics for a few hundred nm thick layers and a significant increase of the 
layer resistivity for thin layers with a high number density of nm-sized grains. This indicates a 
blocking nature of the grain boundaries as confirmed also for the YSZ films. A factor of  
4-15 times larger electrical conductivities compared to 8YSZ is demonstrated for the CGO 
layers in the low temperature range of 400-600°C, where reduction at low partial pressures 
proves to be negligible. These high ionic conductivities could enable efficient micro SOFC 
operation even at temperatures below 400°C provided that more active electrocatalysts that 
promote the sluggish electrode kinetics become available in the future. 
 

Sm0.5Sr0.5CoO3 thin films 

Sm0.5Sr0.5CoO3 was studied as a perovskite-type MIEC material with promising 
characteristics for SOFC cathode applications. Highly porous (porosity > 90%) to isotropic 
dense thin film microstructures, as required for SOFC electrodes, respectively for model 
systems to investigate the film’s physical properties, are accessible by PLD at low 
temperature (25°C) by adjustment of the deposition pressure and the distance between target 
and substrate. These parameters effectively vary the kinetic energies of the vapour species 
arriving at the substrate, which results in a gradual densification towards lower applied 
pressures and target-substrate distances. 

The as-deposited amorphous layers reveal a poor electrical conductivity with a maximum of  
27 S/cm attained at a temperature of 380°C in a 20% O2-Ar mixture. Crystallization at a 
moderate temperature of 600°C enhances the conductivity by a factor of 4-6 and yields  
values > 100 S/cm, relevant for SOFC electrode applications, at temperatures in excess  
of ~400°C. The pO2 dependence of the total electrical conductivity can be explained by a 
reversible shift of the defect equilibrium in the material. 
 

Outlook 

The superior potential of PLD compared to e.g. wet chemistry based deposition techniques for 
the growth of dense sub-µm thick solid electrolyte layers devoid of macroscopic defects, 
which compromise the gas impermeability is demonstrated in this work. 3YSZ films were 
identified as an attractive alternative to the state-of-the-art 8YSZ solid electrolyte for  
micro SOFCs operating at low temperatures of ~500°C and guidelines for a PLD-based  
‘soft’ processing of SOFC membranes have been established. The suggested next step is to 
integrate the PLD-grown thin films in a micro SOFC and test their performance under 
operation conditions, which represents work in progress at the Institute of Nonmetallic 
Inorganic Materials, ETH Zurich. 

The observed blocking nature of grain boundaries, reducing the ionic conductivity in 
polycrystalline films, suggests the application of single crystalline layers devoid of any grain 
boundaries. Single crystalline films provide perfect model systems to investigate the  
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cross- and in-plane transport properties of the ion conductors without the influence of grain 
boundaries. Recent reports about a drastic increase of the ionic conductivity in such 
heteroepitaxial systems [148, 149] indicate that interfacial stress could have an important 
effect on the transport properties, which needs to be studied in detail. The selection of the 
substrate material and crystallographic orientation can be envisioned to allow a systematic 
variation of the interfacial stress by the distinct lattice mismatch. Moreover, single grain 
boundary model systems are accessible by heteroepitaxy on bi-crystal substrates and could 
help to improve the fundamental understanding of the grain boundary effect on the transport 
properties. 

The observed highly oriented growth of nano-sized columnar structures in polycrystalline 
PLD films might allow the realization of interesting unusual microstructural modifications.  
In the utilized common configuration with the vapour flux incident perpendicular to the 
substrate, the columnar grains are aligned along the surface normal. Deposition at oblique 
vapour incidence angles could be used to grow films with inclined orientation of the columnar  
grains [187]. Multiple variation of the incidence angle within one deposition could enable  
zig-zag grain boundary structures. These structures could be useful to improve the 
degradation resistance of solid electrolyte thin films providing no straight pathways for a fast 
metal diffusion from the electrodes. Diffusion processes in thin film heterostructures may 
efficiently be studied using dynamic secondary ion mass spectrometry (SIMS) available in 
our laboratory. SIMS depth profiling is moreover attractive for determination of the oxygen 
self diffusion coefficient D* and surface exchange coefficient k of bulk and thin film samples 
in 18O tracer experiments (compare Appendix). These characteristics are important for the 
assessment of effective oxide ion conductors and active electrocatalysts. Layered MIEC 
perovskites of the AA’B2O5+x type revealing high k and D* values at extraordinary low 
temperatures relevant to micro SOFC operation are suggested to be studied in more detail as 
potential thin film cathode. PLD might be particularly useful in the growth of these materials 
due to its potentially congruent transfer of even complex materials and a possible systematic 
variation of the lattice oxygen content, which affects the transport properties.  
The off-axis geometry demonstrated in this work provides an interesting alternative to the 
conventional PLD configuration for the deposition of porous cathode and anode film 
structures. Metal/YSZ or CGO cermet anodes could favourably be obtained by co-deposition 
from a metal and a ceramic target allowing also for compositionally graded films.  
A multi target carousel system including a LabView®-based control software for the 
automated growth of thin film heterostructures by PLD was developed within this work and 
could simplify the fabrication of an all laser ablation based micro SOFC. 
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Appendix 

Probing oxygen transport in metal oxides by isotope exchange 

The characterization of oxygen transport in solids is of paramount significance for  
O2- ion conducting oxides, i.e. ceramic electrolyte materials and mixed ionic electronic  
conductors (MIECs). The ionic conductivity is directly related to the oxygen self diffusion 
coefficient, D, by the Nernst-Einstein equation while the surface exchange coefficient, k,  
can be considered as a measure for the catalytic activity towards reactions involving oxygen 
species such as the oxygen reduction reaction, eq.(3). Knowledge on D and k allows the 
prediction of a material’s performance in solid state electrochemical applications and  
defining target criteria for a systematic material development (compare chapter 1.3.2).  
Within this work, experimental approaches for a reliable determination of D and k based on 
the equipment of the laboratory were to be established and discussed in terms of their 
applicability and limitations with reference to the literature. 
 

Theoretical background 

Tracer diffusion experiments with stable isotopes (17O, 18O) represent the most direct and 
accurate way to investigate the oxygen transport in condensed matter. It requires an analysis 
technique capable of distinguishing the chemically identical isotopes as a function of position 
within the solid such as secondary ion mass spectrometry (SIMS) [62, 351, 352] or nuclear 
reaction analysis [353]. These experiments yield the tracer diffusion coefficient, D*, and 
surface exchange coefficient, k, which result from the random motion of the constituent ions 
with no net flow of vacancies or atoms due to the absence of a chemical potential gradient. 
Time-consuming relaxation techniques may be applied to measure the diffusion rate in the 
presence of a chemical potential gradient, which is the situation of practical importance, 
yielding the chemical diffusion coefficient, Dchem, and surface exchange coefficient,  
kchem [67, 354]. However, the chemical and tracer coefficients are related by the 
thermodynamical factor, 
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accessible via thermogravimetry, which allows a convenient calculation of Dchem and kchem 
from the tracer experiments according to [67] 
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An oxygen tracer diffusion experiment consists of two major steps. First, the solid is exposed 
to a large gas volume highly enriched with the stable isotope (commonly 18O) under well 
defined conditions (T, p). 
 

 

Fig. 126: Situation at the solid/gas interface during oxygen isotope exchange. 

 
The difference in the 18O isotope fraction between the gas phase (cg) and the surface of  
the solid (cs) causes an isotope exchange, i.e. 18O is incorporated into the solid and  
substitutes 16O, which enters the gas phase (Fig. 126). The net isotope flux crossing the 
gas/solid interface, which is proportional to cs-cg, equals the 18O flux diffusing away from the 
surface into the solid, i.e. [355] 
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The one dimensional solution to Fick’s second law of diffusion for a semi-infinite medium 
under the boundary condition of eq.(82) has been given by Crank [356] as 
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Herein, c’(z,t) and c(z,t) represent the normalized respectively experimentally measured 
18O isotope fraction in the solid and cg the respective concentration in the gas phase while cbg 
is the natural background level of 18O (0.2%). Eq.(83) describes the 18O concentration in the 
solid as a function of the isotope exchange anneal time, t, and the distance from the surface, z. 

The experimental analysis of the diffusion profile, i.e. the determination of c(z,t) ensues the 
isotope exchange as the second major step, most commonly performed by secondary ion mass 
spectrometry. SIMS has originally been developed and is still widely applied for trace level 
analysis of dopant and impurity distributions in the semiconductor industry. It is a powerful 
tool for direct analysis of the elemental and isotopic composition of solids and thin  
films with high sensitivity (ppm-ppb level), depth resolution (≤ nm possible) and lateral 
resolution (~50 nm to ~100 µm, depending on the ion source) [357]. Fig. 127 illustrates  
the principles of the technique. A focused beam of energetic (0.25-30 keV) primary  
ions (O2

+, N2
+, noble gas such as Ar+, Xe+, metals like Cs+, Ga+ or molecules/clusters, 

e.g. C60
+) bombards the analyte surface. The energy is dissipated by multiple collisions with 

the atoms of the matrix (‘collision cascade’) resulting in significant atomic relocations (‘ion 
beam mixing’) within the primary ion penetration depth (ca. 0.5-30 nm) that depends on the 
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projectile, its initial energy, the target material and incident angle and can be calculated  
e.g. by the SRIM software [358]. As a consequence of the energy and momentum transfer a 
fraction of the target atoms situated within the first 2-3 monolayers will be sputtered,  
escaping the surface to the gas phase with kinetic energies on the order of a few eV.  
The sputtered material consists mainly of neutral atoms, molecules and clusters, but a fraction 
will be emitted as charged species. These secondary ions (positively or negatively charged) 
can be separated and detected according to their mass to charge ratio, m/z, by a mass 
spectrometer such as a quadrupole, time-of-flight or sector field (Fig. 127) instrument 
providing information on the elemental and isotopic composition of the solid. 
 

 

 

 

Fig. 127: Schematic illustration of the SIMS experiment (left) and the physical processes upon ion beam 
bombardment of a solid (right). Adapted from [359]. 
 

True monolayer sensitivity is achieved in static SIMS, which utilizes a very low primary ion 
dose (< 1013 ions/cm²) that prevents significant ion beam mixing. In the dynamic SIMS 
regime, i.e. at higher primary ion fluxes, the target surface is continuously eroded by the ion 
bombardment with the sputter time defining a depth scale. In this case, the beam-induced 
mixing limits the depth resolution approximately to the range of the primary ions in the target. 

A drawback of SIMS as a UHV technique is the low throughput. More seriously, elemental 
quantification of the experimental data proves difficult. The measured intensities,  
Ii [counts/s],  

rAcTI iiii ⋅⋅⋅⋅= α  (84), 

depend on the analyzed area, A, the sputter rate, r, as well as the ionization probability, αi,  
the secondary ion transmission coefficient, Ti, and the concentration, ci, of the element i.  
The ionization probability for each element is strongly matrix dependent, varies with the 
primary ion species, energy and incident angle and cannot be predicted theoretically with 
accuracy, which requires a calibration with matrix-matched standards under identical 
experimental conditions [359].  
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On the contrary, the quantification of isotope fractions is straightforward since αi and Ti are 
practically identical for isotopes of the same chemical element. Accordingly, the 18O isotope 
fraction, c(z,t), can be deduced directly from the intensities of signals related to suitable  
16O and 18O species as 

( ) ( )
( )OO)(

O, 1816

18

II
Itzc
+

=  (85). 

The tracer diffusion coefficient and the surface exchange coefficient can thus be determined 
by a nonlinear least square fit of eq.(83) to the experimental 18O diffusion profile. 

Specific issues this work addresses are: 

• identification of the (optimum) signals available for 18O tracer diffusion analysis 
• feasibility of reliable quantitative 18O depth profiling with the SIMS equipment of the 

laboratory using reference samples with known constant isotope fraction and 
measuring diffusion profiles on samples of YSZ and LSM for which literature data is 
available 

• determination of the achievable sputter rates 
• application ranges and limitations of different geometries and SIMS analysis modes 
• potential alternatives to SIMS for oxygen isotope depth profiling 

 

Experimental 

The isotope exchange was conducted in a custom built setup comprised of a sealed tubular 
furnace connected to a gas distribution system that allowed to adjust the partial pressures of 
research grade 16O2 (99.995%) and 18O2 (97.9%, balance: 16O2) individually after previous 
evacuation of the system. A coupled mass spectrometer allowed determining the exact gas 
phase composition. The samples were heated to the targeted temperature of the exchange 
anneal with a rate of 5 K/min and cooled after the specified dwell time with the same rate.  
An effective duration of the exchange, which takes into account the finite heating and cooling 
rate, was calculated using the method described by Killoran [360] for the fitting of the 
experimental diffusion profiles to eq.(83). Table 18 summarizes the exchange conditions 
applied for the different samples investigated in this study.  
 

Table 18: Investigated samples and isotope exchange conditions applied within this tracer diffusion study. 
 

Sample T [°C] t [h] cg(18O) [%] 

9.5YSZ(100) single crystals* 600 100 
57.7 
31.1 
0.2 

9.5YSZ(100) single crystal 600 5 97.9 

polycrystalline sintered pellet of 
La0.7Sr0.3MnO3-δ (LSM) 900 2 97.9 

*reference samples with constant equilibrium 18O isotope fraction (= cg) in the solid 
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The long term (100 h) annealed YSZ samples attain the isotope equilibrium, i.e. the  
18O isotope fraction in the solid is constant and corresponds to the gas phase. These specimens 
served as reference standards whereas diffusion depth profiles were measured for the short 
term annealed YSZ and LSM samples. 

The SIMS measurements were conducted in a UHV chamber with a base pressure  
of ~10-10 mbar using a 5 keV Ar+ primary ion beam, which was focused on the sample surface 
at an incident angle of 45°. Co-bombardment by low energy (~300 eV) electrons prevented 
specimen charging. The sputtered secondary ions were detected with an EQP analyzer,  
which was positioned in 30 mm distance to the sample in direction of the surface normal.  
The instrument was adjusted for optimum transmission and detection efficiency of atomic 
oxygen species. A positive (negative) extractor voltage was set for analyzing the negative 
(positive) secondary ions. Specifications of the instrumentation utilized for the SIMS 
experiments are summarized in Table 19. 
 

Table 19: Specifications of the employed SIMS instrumentation. 
 

Instrument Specifications 

IG 20 ion gun (Hiden Analytical) 

gas primary ion source with electron impact ionization 
Gases: O2 or inert gases (Ar, Kr, Xe) 

Eion: 0.5-5.0 keV, Imax: 800 nA 
Beam spotsize in focus (FWHM): 100 µm 

FG40A1 electron gun (Prevac Ltd.) Emax: 500 eV, Imax: 100 µA 

EQP Analyzer (Hiden Analytical) 
Sector field ion energy analyzer (Ekin: 0-100 eV) 

Quadrupole MS (Δm/m: 510 amu) 

 

Different measurement modes were applied. Mass spectra were detected in a m/z range  
of 0.1-150 amu to identify the emitted secondary ion species.  

Sputter depth profiles were obtained by rastering the ion beam continuously over  
a pre-defined area and detecting the signals at selected m/z values as a function of the sputter 
time. Synchronization of the beam rastering and the detection by electronic gating ensured 
that signals were only acquired from a central part of the sputtered area (square with ~20% 
edge length compared to the raster area) to avoid crater edge effects (compare Fig. 128).  
The sputter rates, which are required for a conversion of the sputter time to a depth scale, 
were derived from 3D profilometric maps of the resulting craters (Fig. 128) considering the 
average height difference between the analyzed central area of the crater and the surrounding 
virgin surface as the erosion depth. 
 



184 | Appendix 

   

Fig. 128: Profilometric map (left) of a SIMS crater on a 9.5YSZ single crystal (5 keV Ar+, 600 nA,  
sputter time: 90 minutes, raster area: 1.0 mm²) and cross-section (right) along the dashed horizontal line in the 
map. The SIMS data were only acquired from the central square of 200 x 200 µm² (dashed square, left image) 
corresponding to the crater bottom (dashed vertical lines, right image). 
 

The YSZ specimen, isotope exchanged for 5 h, was mechanically bevelled using a tripod 
polisher (Model 590, South Bay Technology Inc.) in combination with diamond coated plastic 
foils (grain size: 15-0.25µm) for dry polishing. Fig. 129 shows that this procedure enables the 
precise preparation of shallow bevels with a constant slope, no pitch and a smooth surface. 
 

 

Fig. 129: Profilometric linescans on a mechanically bevelled 9.5YSZ(100) single crystal (10 x 10 x 0.5 mm³), 
which was isotope exchanged in 18O2 (97.9%) at 600°C (5 h). The inset shows the geometry including the bevel 
angle α, which was determined from the slope as 2.11° ± 0.01°. 
 

The bevel translates the vertical diffusion profile (z-direction) to the lateral bevel  
axis (x-direction) with a magnification, M, given by 

α1tan−==
z
xM  (86), 

e.g. a factor of 27 for the bevel angle α of 2.11° ± 0.01° in the case of the YSZ sample.  
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Each distance on the bevelled surface in x-direction to the edge of the original surface (x = 0) 
corresponds to a certain depth (z) in the initial exchanged sample. A SIMS depth profile was 
thus obtained by a point-to-point linescan across the sample in x-direction. To this end,  
the specimen mounted to a manipulator was moved in incremental steps of 100 µm with 
respect to the stationary ion beam and SIMS spectra were acquired for 45 s each to obtain 
stable steady-state signals. 

Micro Raman spectra were measured on the isotope exchanged YSZ samples utilizing a 
LabRAM Series Raman microscope (Horiba Jobin Yvon) with a He-Ne excitation  
laser (λ: 632.8 nm, output power: ~10 mW), which was focused to probe an analyte volume of 
~1 µm³. 
 

Results and discussion 

Fig. 130 shows mass spectra of the negatively and positively charged secondary ions ejected 
from an 18O exchanged 9.5YSZ reference sample. The negative SIMS spectrum is dominated 
by the atomic oxygen species at m/z values of 16 and 18 (16O-, 18O-) while the signals of the 
singly charged diatomic oxygen species (16O2

-, (16O18O)-, 18O2
-) remain comparatively weak.  

Moreover, weak signals of metal(oxide) species of the series M(Zr,Y)On
- (n: 0-3) are 

observed at higher m/z values and reveal complex multi peak patterns due to the different 
isotope combinations of 16O and 18O with Zr (5 stable isotopes between mass 90 and 96)  
and 89Y. The SIMS spectra of the positive ions show only signals of the atomic oxygen 
species at m/z values of 16 and 18 (16O+, 18O+), Zr4+ (m/z ~ 22.5) and the primary ion beam 
species, Ar+ (m/z of 40). The intensities of the atomic oxygen signals are about three orders  
of magnitude lower compared to the SIMS spectra of the negatively charged ions.  
The high intensities and the simplicity of the signals corresponding to the negatively charged 
atomic oxygen species clearly suggest using their intensities for the quantification  
of the 18O isotope fraction according to eq.(85) to obtain the maximum sensitivity.  
The alternative utilization of the other mentioned signals is disadvantageous due to lower 
intensities respectively interferences.  
 

   

Fig. 130: Mass spectra of a) left: negative secondary ions and b) right: positive secondary ions emitted  
upon sputtering (5 keV Ar+) of a 9.5YSZ(100) single crystal, which was isotope exchanged at 600°C  
for 100 h (cg(18O): 57.7%). 
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The absence of a significant signal at m/z = 17 is moreover an important indicator that there is 
no notable amount of residual water present in the analysis chamber since else a strong signal 
due to 16OH- would be expected at this m/z value. The presence of significant amounts of 
water could increase the signal at m/z = 18 by isobaric ionized H2

16O species and thereby 
falsify the quantification of the 18O isotope fraction. The contribution of 17O species to the 
SIMS spectra is negligible due to the low natural abundance of the isotope (0.037%) [352]. 

Fig. 131 shows depth profiles of the normalized 18O isotope fraction, which was calculated 
from the intensities of the 16O- and 18O- SIMS signals according to eq.(85), for the three long 
term isotope exchanged YSZ reference samples. After an increase within the first ~ 5nm 
constant isotope fractions of 0.18%, 30.4% respectively 58.7% are attained, which correspond 
closely to the equilibrium concentrations in the solid expected from the gas phase analysis 
during the exchange (compare Table 18). This finding verifies a reliable SIMS-based 
quantification of the oxygen isotope fractions by the procedure described above.  
The initial increase of the 18O isotope fraction in Fig. 131 can be explained by a surface layer 
of atmospheric contaminants, e.g. H2

16O adsorbates. 
 

 

Fig. 131: SIMS depth profiles of the normalized 18O isotope fraction calculated from the intensities of the 
negatively charged atomic oxygen species (16O-, 18O-) according to eq.(85) for the three 9.5YSZ(100) reference 
samples, which were isotope exchanged at 600°C for 100 h at different cg(18O) (compare Table 18). 
 

The sputter rates required for calculation of the depth scale in Fig. 131 from the sputter time 
were determined analyzing the resulting craters by profilometry (see experimental section).  
Fig. 132 depicts the dependency of the sputter rates of 9.5YSZ single crystals on the area, A, 
eroded by a rastered 5 keV Ar+ primary ion beam. The sputter rates are comparatively low, 
i.e. in the range of a few nm, and increase approximately proportional to A-2 towards smaller 
sputtered areas since the incident ion current density increases. The low sputter rates provide 
a high depth resolution limited by beam-induced mixing. On the other hand, this  
causes comparatively long experiment durations for depth profiles on the µm-range.  
One option to increase the sputter rate would be to decrease the eroded area, however, the use 
of crater areas < 1 mm² is strongly discouraged as the crater shape degrades and edge effects 
obscure the SIMS signals.  
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Fig. 132: Sputter rates, r, for 5 keV Ar+ primary ion bombardment of 9.5YSZ(100) single crystals as a function 
of the square area, A, rastered by the ion beam. The dashed line represents a least square fit of the experimental 
data to the theoretically expected r ~ A-2 dependency. 
 

Alternatively, the type of primary ion source could be modified to increase r. The use of  
an O2

+ primary ion beam is not reasonable for SIMS oxygen isotope determination.  
Thus the choice would be limited to heavier noble gases such as Xe with the installed ion gun. 
However, only a minor variation of the sputter rate with the inert gas projectile mass is 
expected. Finally, the ion gun was already operated at the maximum specified acceleration 
voltage of 5 keV, which prevents enhancing the material removal by an increase of the 
primary ion energy. In total, the achievable sputter rates are limited to values of a few nm/min 
with the given instrumentation. Assuming a reasonable maximum experimental time of 10 h 
for the acquisition of a SIMS depth profile, yields an upper limit of ~5 µm for the depth range 
that would be accessible via the depth profiling method. The application of the SIMS depth 
profiling technique is anyway restricted by more fundamental reasons, i.e. crater edge effects 
and beam-induced roughness to shallow sputter depths < 5 µm [352], which thus presents an 
upper limit for the measurable diffusion profile depth. The minimum profile depth,  
which yields a reasonable resolution, can be assumed to be ~50 nm taking into account the 
effects of ion-beam mixing. The diffusion length, LD, given by 

tDLD
*2=  (87), 

with D* as the tracer diffusion coefficient and t as the duration of the isotope exchange anneal 
provides a measure for the extension of an 18O diffusion profile. Eq.(87) allows a calculation 
of the range of diffusion coefficients, which can be investigated by the SIMS depth profiling 
technique taking into account the boundary conditions for LD discussed above and reasonable 
limits for t. Assuming a minimum annealing time of 30 minutes to avoid significant 
uncertainties induced by the heating and cooling periods and a maximum practicable time of 
one week one estimates a D* range of 2·10-17-7·10-11 cm²/s that is measurable by the depth 
profiling technique (compare Table 20). Oxygen self diffusion coefficients in this range are 
typically found for low temperatures or poor ionic conductors. 
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Fig. 133 depicts as an example for this regime the normalized 18O concentration profile 
measured by the SIMS depth profiling technique for the isotope exchanged polycrystalline 
LSM sample (see Table 18). If only the data within the first 400 nm are considered, fitting to 
eq.(83) results in a good agreement between theory and experiment. A diffusion coefficient of 
(7.3 ± 0.5)·10-14 cm²/s and a surface exchange coefficient of (3.1 ± 0.4)·10-8 cm/s, comparable 
to the values of 1.6·10-14 cm²/s respectively ~9·10-9 cm/s reported by De Souza et al. [355] for 
La0.8Sr0.2MnO3+δ ceramics at 900°C, are obtained.  
 

 

Fig. 133: Depth profile of the normalized 18O isotope fraction measured by SIMS depth profiling (5 keV Ar+,  
A: 1.0 mm²) on a polycrystalline La0.7Sr0.3MnO3-δ sample exchanged at 900°C for 2 h in 99.7% 18O2. 
 

However, the diffusion profile in Fig. 133 decays much slower than predicted by eq.(83) 
towards larger penetration depths. This pronounced ‘tailing’ has been observed previously 
and attributed to fast diffusion via the grain boundaries [62, 355]. A correction term to 
Crank’s equation has been suggested to account for these short circuiting diffusion pathways 
in polycrystalline ceramics [361]. The modified equation follows as  
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(88), 

where Agb and Zgb are the grain boundary tailing parameters. This function yields a reasonable 
agreement with the experimental SIMS depth profile of the LSM sample over the total 
investigated depth range as shown in Fig. 133. 

In the case of fast oxygen ion conductors deep diffusion profiles (LD > 5 µm) are commonly 
obtained, i.e. the depth profiling technique cannot be employed, requiring alternative 
approaches. Most frequently a linescan SIMS analysis on a cross-section of the isotope 
exchanged sample (see Fig. 135) is applied in this regime (5 µm < LD < 2 mm) [62, 351, 352] 
covering a D* range of ca. 2·10-13-1·10-5 cm²/s (compare Table 20). However, this technique 
requires a sufficient lateral resolution of the focused primary ion beam, e.g. provided by Cs+ 
or Ga+ sources [359]. 
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It has been shown that for a maximum error of 10% in the determination of k and D* the 
condition 

1.0≤
DL

FWHM
 (89) 

with FWHM as the full width at half maximum of the primary ion beam needs to be  
fulfilled [352]. The large FWHM of ~100 µm of the installed ion gun (compare Table 19) is 
hence incompatible for depth profiling via the cross-sectional linescan technique.  

Bevelling provides a strategy to overcome this limitation as the depth scale is translated to a 
magnified lateral scale according to eq.(86). In this case the depth profile can be acquired by a 
lateral linescan of the ion beam in x-direction across the bevelled surface (see Fig. 135).  
Fig. 134 shows the normalized 18O diffusion profile measured accordingly on the bevelled 
9.5YSZ sample, isotope exchanged at 600°C for 5 h. At a bevel magnification of ~27 times 
the boundary condition of eq.(89) is clearly fulfilled. The diffusion profile can reliably be 
fitted by Crank’s equation yielding a diffusion and surface exchange coefficient  
of (3.3 ± 0.4)·10-9 cm²/s respectively (1.7 ± 0.2)·10-7 cm/s. Manning et al. [245] report a 
similar D* value of ~3·10-9 cm²/s for a 9.5YSZ single crystal at 600°C, but a significantly 
smaller k value of ~5·10-10 cm/s. De Souza et al. [362] report a comparable tracer diffusion 
and surface exchange coefficient of ~1·10-9 cm²/s respectively ~8·10-10 cm/s (600°C) for 
dense nanocrystalline samples of YSZ finding no evidence for an enhancement of oxygen 
transport by nanocrystalline microstructures, which confirms this work’s conclusions from the 
electrical properties of YSZ thin films (compare section 6.3). The surface exchange 
coefficient is very sensitive to the surface state [62] and may e.g. be affected by the 
segregation of impurities or dopants [363], which could account for the observed differences 
of the k values. 
 

 

Fig. 134: Depth profile of the normalized 18O isotope fraction measured with SIMS by a linescan along the bevel 
direction of the mechanically bevelled 9.5YSZ(100) sample exchanged at 600°C for 5 h. The solid line 
represents a least square fit according to eq.(83). 
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Magnifications by a factor of up to 800 are feasible by the bevelling approach [364, 365], 
which yields according to eq.(89) a lower limit for the diffusion profile depth of ~1 µm for a 
meaningful linescan SIMS analysis by a primary ion beam with the given FWHM of 100 µm. 
The upper limit can be estimated from restrictions to the sample size to be ~1000 µm.  
This allows an estimation of the range of diffusion coefficients that can be measured using the 
bevel approach according to eq.(87) yielding D* boundary values of 8·10-15 respectively  
3·10-6 cm²/s (compare Table 20). In combination with a higher lateral instrumental resolution 
the bevelling approach enables depth profiling with nm-resolution, which is particularly 
interesting for thin film structures [365]. 

Fig. 135 A)-C) provides a schematic overview of the different geometries and measuring 
modes for SIMS tracer depth profiling, i.e. sputter depth profiling, the vertical linescan 
technique on a cross-section and lateral linescanning along a bevelled surface.  
Table 20 summarizes the application ranges of these methods.  
 

 

Fig. 135: Overview of the different geometries and measuring modes for SIMS oxygen isotope depth profiling  
in general (A-C) and special geometries dedicated to the investigation of oxygen tracer diffusion in thin  
films (D+E). 
 
 

Table 20: Application ranges of the different geometries and measuring modes for SIMS isotope depth profiling 
calculated for the instrumentation of the laboratory (boundary conditions: see discussion). 
 

 Depth profiling Linescan on  
cross-section 

Linescan on  
bevelled surface 

Profile depth range (LD) 50 nm - 5 µm 5-2000 µm 1-1000 µm 

Dmin
* [cm²/s] 2·10-17 2·10-13 8·10-15 

Dmax
* [cm²/s] 7·10-11 1·10-5 3·10-6 

Comments limited by crater edge 
effects & roughening 

requires high lateral 
resolution (≤ few µm), 
i.e. not applicable with 

installed ion source 

lower LD and Dmin
* 

values accessible for 
higher lateral resolution 
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In principle these techniques can be used for the investigation of bulk ceramics as well as thin 
films. However, in case of thin films very shallow diffusion profiles are required to prevent a 
saturation of the complete layer with the tracer. This is very difficult to achieve in particular 
for fast oxygen ion conductors. Special geometries have been proposed to aid the 
investigation of oxygen isotope diffusion in thin films (Fig. 135 D)-E)). The top surface of the 
film may be sealed against oxygen exchange by a gold cap layer [351, 366]. Hence 18O can 
only enter the film at its edges oriented perpendicular to the substrate surface, resulting in 
diffusion profiles in the direction parallel to the substrate surface where the film extends over 
macroscopic dimensions. Detection of the isotope diffusion profile is therefore possible by a 
lateral linescan. Fleig [367] suggested the application of a voltage between a dense thin MIEC 
top and a bottom counter electrode to assist the incorporation of the 18O tracer into oxide thin 
films. The voltage enhances the oxygen surface exchange yielding an effective exchange 
coefficient that is proportional to the electrical current and may thus be adjusted 
independently from the temperature and duration of the isotope exchange anneal providing 
access to shallow tracer diffusion profiles also for fast ion conductors. A combination of both 
approaches could be interesting to study the oxygen diffusion in epitaxial films of highly 
anisotropic oxygen conductive materials such as layered perovskites or La2NiO4+δ [366] 
(compare section 1.3.2).  

Micro Raman spectroscopy represents an interesting alternative to SIMS for oxygen isotope 
depth profiling in solids [368]. The fundamental basis is an isotope shift of the Raman  
peak position towards lower υ~∆  values proportional to the 18O isotope fraction for  
bands of Raman-active vibrations that involve the motion of the oxygen atoms.  
Correspondingly, Fig. 136 shows the calibration of the F2g mode peak position with YSZ 
reference samples of known 18O isotope fraction (compare Table 18), which yielded the linear 
relationship 

[%]O)()0115.03625.0()4.05.617(][cm~ 181  c ⋅±−±=∆ −υ  (90). 
 

 

Fig. 136: Isotope shift of the F2g Raman band position for 9.5YSZ(100) reference samples with different  
18O isotope fraction after the exchange reaction at 600°C for 100 h. 
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The calibration, eq.(90), was used to calculate the diffusion profile from Raman spectra 
recorded by a point-to-point linescan with a step increment of 100 µm in bevel direction on 
the bevelled YSZ sample, which was isotope exchanged at 600°C for 5 h (Fig. 137).  
The diffusion profile can be fitted well with eq.(83) yielding a tracer diffusion and  
a surface exchange coefficient of (2.6 ± 0.5)·10-9 cm²/s respectively (1.4 ± 0.3)·10-7 cm/s.  
These values are closely matching those obtained by the SIMS technique (compare Fig. 134). 
 

 

Fig. 137: Depth profile of the normalized 18O isotope fraction calculated from the F2g peak positions of Raman 
spectra (inset), which were measured at locations corresponding to different depths along the bevel direction of 
the bevelled 9.5YSZ(100) sample, which was isotope exchanged at 600°C for 5 h. 
 

The micro Raman approach offers a high lateral resolution with a probe volume as small  
as 1 µm³, which would enable isotope depth profiling also in the cross-sectional linescan 
mode for LD > 10 µm. Moreover, depth profiling analogous to the geometry in Fig. 135 A) 
could be accomplished for transparent materials in a confocal setup by acquiring Raman 
spectra at different depth level from the surface, shifting the relative position of the focal 
plane. The comparison of Fig. 134 and Fig. 137 reveals that the accuracy and resolution of  
the 18O isotope fraction determination by SIMS is superior to Raman spectroscopy,  
which however does not affect the deduced D* and k values as long as the 18O enrichment in 
the solid differs significantly from the natural background level. In this case micro Raman 
spectroscopy offers an attractive alternative to SIMS for oxygen isotope depth profiling since 
it is a non-destructive technique operated under atmospheric conditions allowing a higher 
throughput and may readily be applied to electrically insulating samples. 
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Glossary 

Latin symbols 

 
Symbol Unit Description 

A cm² (Integrated peak) Area 

a 
Å 

mol/cm³ 
Lattice parameter 
Activity 

b nm Mean electrode particle-particle distance 

bi - Branching ratio for X-ray line i 

c 
mol/cm³ 

- 
Molar concentration 
Isotope fraction 

d nm Distance, lattice spacing 

D nm Particle size 

D* cm²/s Tracer diffusion coefficient 

Dchem cm²/s Chemical diffusion coefficient 

Dg nm (Average) Grain size 

Dt cm²/s Thermal diffusivity 

E 
Pa 
V 

Elastic modulus 
Cell voltage 

E0 V Open circuit voltage 

E0 J Laser pulse energy 

E00 V Standard reaction potential 

Ea eV Activation energy 

Eg eV Optical band gap energy 

Ei eV Particle energy (species i) 

Ekin eV Kinetic energy 

Ephoton eV Photon energy 

Er Pa Reduced elastic modulus 

Etheo Wh/kg Theoretical specific energy density 

F J/cm² Fluence (laser energy density) 
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f Hz Frequency, laser repetition rate 

Δf Hz Frequency shift 

Fth J/cm² Threshold fluence for laser ablation 

g nm/pulse Ablation rate 

Gt - Goldschmidt tolerance factor 

ΔG J/mol Gibb’s free enthalpy 

ΔG* J/mol Activation energy for the formation of critical nuclei 

H Pa Hardness 

h nm Displacement (nanoindentation) 

ΔH J/mol Reaction enthalpy 

ΔHf J/mol Enthalpy of formation 

i A/cm² Current density 

I 
W/m² 

A 
Counts/s 

Light intensity 
Current 
(Signal) Intensity 

j0 A/cm² Chemical interfacial exchange current density 

k 
cm/s 

- 
s-n 

Surface exchange coefficient 
Optical extinction coefficient 
Rate constant for phase transformation (JMAK model) 

K - Kinematic factor 

kchem cm/s Chemical surface exchange coefficient 

KIC Pa·m1/2 Fracture toughness 

LD m Diffusion lenght 

Lt m Thermal diffusion length 

m/z amu Mass to charge ratio 

M 
g/mol 

- 
Molar mass 
Magnification 

Mi amu Atomic mass (species i) 

Δm g/cm² Mass load change 

n 
- 
- 

Refractive index (real part) 
Avrami exponent (JMAK model) 

ñ - Complex refractive index 

N* cm-3 Density of critical nuclei 

ni cm-2 Charge carrier concentration 

Ø mm Diameter 

p Pa Pressure 

P 
Pa 
- 

Load 
Porosity 
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px Pa Partial pressure of gas x 

Q counts Detected intensities (RBS) 

R 

Ω·cm² 
- 

nm 
µm 

(Area specific) Ohmic cell resistance, electrolyte resistance 
Reflectivity 
Radial propagation (shockwave and vapour expansion) 
Membrane radius 

r 
nm 

nm/s 
Cluster aggregate size 
Sputter rate 

r* nm Critical radius 

R’ Ω Electrical resistance 

Rc Ω·cm² Cell area specific resistance 

ri Å Ionic radius 

Rq nm Root mean square surface roughness 

S - Supersaturation 

s 
- 

Pa 
Refractive index (real part) of the substrate 
Thermomechanical stress 

SP Pa/m Stiffness 

T 
K 
°C 
- 

Absolute temperature 
Temperature on Celsius scale 
Optical transmission 

t 
nm 
s 

Layer thickness; 
Time 

Δt s Delay time 

Ti - Secondary ion transmission coefficient (of element i) 

Tm K Melting temperature 

Tr K Reduced temperature 

u - Order of diffraction 

v m/s Velocity 

w cm-1 Surface area per unit volume 

X - Fraction of laser pulse energy coupled to shockwave expansion 

x 
m 
- 
- 

Distance 
Stoichiometry factor 
Transformed volume fraction 

y nm Mean electrode particle size 

Y cm-2 Formula units per cm² 

z 
- 
m 

Charge per ion 
Depth 

Z - Atomic number 

Zuc - Number of formula units per unit cell 
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Greek symbols 

 
Symbol Unit Description 

α 
K-1 

deg. 
Thermal expansion coefficient 
Bevel angle 

αeff cm-1 Effective absorption coefficient 

αi - Ionization probability (element i) 

αopt cm-1 Linear optical absorption coefficient 

β - Fraction of fuel utilization 

γ N/m Surface tension 

Г0 - Thermodynamical factor 

ε - Microstrain 

εr - Residual strain 

ηel - (Electrical conversion) Efficiency 

ηx V Electrochemical overpotential 

θ radians Scattering respectively diffraction angle 

θc radians Contact angle 

λ nm Wavelength 

λp cm Mean free pathway 

μi cm²/(V·s) Charge carrier mobility 

ν 
s-1 

- 
Radiation frequency 
Poisson’s ratio 

ξ - Fractional porosity 

ρ g/cm³ Density 

σ 
S/cm 
cm² 

Electrical conductivity 
Ionization cross section 

σc Pa Critical thermal stress (Membrane buckling) 

σel S/cm Electronic conductivity 

σi S/cm Ionic conductivity 

σp cm² Scattering cross section 

σt Pa Thermal stress 

τ 
- 
s 

Tortuosity 
Time constant for vapour expansion in air 

τp s Laser pulse duration 

ω s-1 Radiation angular frequency 

ωi - Fluorescence yield for X-ray line i 
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Physical constants 

 
Symbol Value Unit Description 

F 96,485 As/mol Faraday’s constant 

R 8.314 J/(K·mol) General gas constant 

e 1.602·10-19 As Elementary charge 

k 1.381·10-23 J/K Boltzmann’s constant 

h 6.626·10-34 m²·kg/s Planck’s constant 

c 2.998·108 m/s Speed of light 

NA 6.022·1023 mol-1 Avogadro’s constant 

 

 
List of abbreviations 

 
Index Description 

a.c. Alternating current 

AFC Alkaline fuel cell 

AFM Atomic force microscopy 

ALD Atomic layer deposition 

ASR Area specific resistance 

BE Backscattered electrons 

BSCF Ba0.5Sr0.5Co0.8Fe0.2O3-δ 

CB Conduction band 

CCD Charge coupled device 

CGO Gadolinia-doped ceria 

CHP Combined heat and power 

CPA Chirped pulsed amplification 

CVD Chemical vapour deposition 

d.c. Direct current 

DMFC Direct methanol fuel cell 

EBSD Electron backscatter diffraction 

EDX Energy dispersive X-ray spectroscopy 

ERDA Elastic recoil detection analysis 

EVD Electrochemical vapour deposition 

FSZ Fully stabilized zirconia 

FWHM Full width at half maximum 
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GPIB General purpose interface bus 

HAZ Heat affected zone 

ICAO International Civil Aviation Organization 

ICDD International Centre for Diffraction Data 

IT Information technology 

LA-ICP-MS Laser ablation inductively-coupled mass spectrometry 

LFM Lateral force microscopy 

LPG Liquefied petroleum gas 

LSC La0.5Sr0.5CoO3 

LSCF La1-xSrxCo1-yFeyO3-δ  

LSF La1-xSrxFeO3-δ 

LSGM La1-xSrxGa1-yMgyO3-δ 

LSM La1-xSrxMnO3 

MBE Molecular beam epitaxy 

MCFC Molten carbonate fuel cell 

MIEC Mixed ionic and electronic conductor 

MOCVD Metal organic chemical vapour deposition 

MOS Metal-oxide-semiconductor 

NiMH Nickel - metal hydride battery 

NIR Near infrared (spectral range) 

OCV Open circuit voltage 

ORR Oxygen reduction reaction 

PAFC Phosphoric acid fuel cell 

PBI Polybenzimidazole 

PDF Powder diffraction file 

PECVD Plasma enhanced chemical vapour deposition 

PEFC Polymer electrolyte fuel cell 

PEN element Positive-electrolyte-negative element 

PIXE Particle induced X-ray emission 

PLD Pulsed laser deposition 

ppb Parts per billion 

ppm Parts per million 

PRCLA Pulsed reactive crossed-beam laser ablation 

PS Plasma spraying 

PSD Position sensitive detector 

PSZ Partially stabilized zirconia 

PVD Physical vapour deposition 
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QMB Quartz micro balance 

r.f. Radio frequency 

RBS Rutherford backscattering spectrometry 

Rms Root mean square 

SC Spin coating 

SE Secondary electrons 

SEM Scanning electron microscopy 

SIMS Secondary ion mass spectrometry 

SOFC Solid oxide fuel cell 

SOFC/GT Solid oxide fuel cell - gas turbine hybrid 

SPM Scanning probe microscope 

SSC Sm1-xSrxCoO3-δ 

TEC Thermal expansion coefficient 

TOF Time-of-flight 

tpb Triple phase boundary 

TZP Tetragonal zirconia polycrystals 

UHV Ultra high vacuum 

USB Universal serial bus 

UV Ultraviolet (spectral range) 

VB Valence band 

XRD X-ray diffraction 

YSZ Yttria-stabilized zirconia 

3YSZ 3 mol.% Y2O3 stabilized ZrO2 

8YSZ 8 mol.% Y2O3 stabilized ZrO2 
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